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FOREWORD 


Tuts, the 22nd Volume of the TRANSACTIONS of the Institute of Metals Division 
of the American Institute of Mining and Metallurgical Engineers, exemplifies the 
continued growth of research in the field of physical metallurgy, resulting in the 
largest number of pages yet to be published in a Division Volume. The number of 
man-hours that have gone into the investigations and the preparation of the manu- 
scripts by the various authors is a glowing tribute to their interest in metallurgy and 
an accompanying desire to disseminate knowledge among their fellow workers. Con- 
tinued scientific progress can be achieved only through the cooperative efforts of 
many investigators and the stimulation offered by the publication and discussion of 
technical papers in such a volume as this. 

Almost all branches of physical metallurgy, both theoretical and practical, are 
represented in these papers, and their high technical caliber places this Volume in 
the forefront of metallurgical literature. The Institute of Metals Division lecture by 
_Dr. Cyril Stanley Smith is of special interest to workers in the classical field of 
microstructures of metals and alloys, offering as it does many new ideas and con- 
cepts on what might be considered as commonplace. This lecture takes its place 
among the many outstanding scientific contributions that have characterized this 
series of lectures over the past twenty-seven years. 

A great many papers are devoted to the fundamental study of the common non- 
ferrous metals such as copper, aluminum, and magnesium, but a number of the less 
abundant elements, such as molybdenum, chromium, bismuth, selenium, and 
zirconium, are included. Some of these latter elements have possibilities for con- 
siderable industrial growth in the future as their technology is advanced and new 
uses and applications are developed. The Powder Metallurgy Committee, under the 
capable chairmanship of R. P. Seelig, held an interesting symposium on various 
aspects of powdered metals, and the six papers are included in this Volume. 

At the February meeting of the Board of Directors, the Institute of Metals and 
Tron and Steel Divisions were authorized to include technical notes in Metals Tech- 
nology and the Transactions; this practice was started with the June issue of Metals 
Technology, and several are included in this Volume. This section permits publi- 
cation of short technical items of general interest which, by their nature, do not 
justify a formal technical paper. It was also authorized, at the same Directors’ 
meeting, to include all physical metallurgy—both ferrous and nonferrous—in the 

‘Institute of Metals Division, so this will be the last Volume devoted primarily to 
the nonferrous field. It is hoped that this change will further enhance the high 
standing in the field of physical metallurgy which these Transactions have enjoyed. 
The officers and members of the Division wish to express their sincere thanks to 
the Publications Committee, under the chairmanship of E. W. Palmer, for the long 
hours and painstaking care that its members have given in order to make these 
Transactions a success. The Programs Committee, under the chairmanship of 
Dr. H. L. Burghoff, also deserve the special thanks of the Division for their com- 
" petent arrangements for the various technical sessions. 
A. A. SmiTH, JR., Chairman 
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Grains, Phases, and Interfaces: An Interpretation of Microstructure 


By Cyr STANLEY SuitH,* MremBer AIME 
(Institute of Metals Division Lecture, New York Meeting, February 1948) 


THE art of metallography is mature and 
the forms in which various micro-constitu- 
_ ents appear are well known. Investigations 
almost without end have disclosed the 
importance of the exact manner of distribu- 
tion of phases on the physical properties 
and usefulness of an alloy. Surprisingly, 
however, relatively little attention has been 
paid to the forces that are responsible for 
the particular and varied spatial arrange- 
ments of grains and phases that are 
observed. Like the anatomist, the metal- 
lurgist has been more concerned with form 
and function than with origins. 
In this paper it is proposed to develop 
the simple concept that many microstruc- 
tures result from an attempted approach 
to equilibrium between phase and grain 
interfaces whose surface tensions geometri- 
cally balance each other at the points and 
along the lines where they meet. From this 
follows a number of principles which may 
' prove to be of interest to the metallographer 
and of practical use in explaining failures 
and in designing alloys for particular 
service. In general, the discussion will be 
limited to structures obtained after full 
annealing. The simple principles do not 
apply to structures resulting from Widman- 
statten mechanisms in precipitation, or to 
other structures not in local equilibrium 
and in which lattice coherency is a deter- 
mining factor. 


INTERFACIAL TENSION 


Much has been written by physical 
chemists about the free energy of surfaces, 


Manuscript received at the office of the 
Institute March 15, 1948. aoe ms DP 2387 
in METALS TECHNOLOGY, June 19 

* Director, Institute for the che of Metals, 
University of Chicago. 
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which manifests itself as a measurable 
surface tension. Two- and_ three-phase 
interfaces in fluids seek a condition of 
minimum energy and approach. a geo- 
metrical] configuration in which the various 
forces are in vectorial balance.* Measure- 
ment of the angles established between the 
interfaces when in equilibrium provides a 
quantitative value for the relative value of 
the surface forces involved. The case of two 
fluids meeting at the surface of a solid (of 
great importance in connection with the 
flotation of minerals) has often been 
studied, but there have been few investi- 
gations of the equally definite interface 
between two or more crystals of a single 
solid phase, or the more complex cases 
where crystal grains of more than one phase 
are involved. 

The principles are best illustrated by 
considering first the case of two and three 
immiscible liquids. If, as in Fig 1, a 
liquid, 2, is dropped into a less dense liquid, 
1, it will form a sphere—if gravity and 
viscosity can be ignored—for in this shape 
the interface has the smallest possible 
area, If these two phases should together 
encounter a third phase in which they are 
both immiscible, the geometry will change 
to become that which gives the lowest total 
energy for all three interfaces. Thus, if the 
spherical drop of liquid, falling through r, 
eventually reaches the interface between 
liquids 3 and 1 (we are assuming that the 
density of 3 is greater than 2, and 2 than 1), 
it will assume the shape of a lens, the angle 


*N. K. Adams: Physics and Chemistry of 
Surfaces (Oxford, Clarendon Press, 1941), 
provides a readable and complete description 
of surface phenomena and their interpretation. 
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at the edge being that needed to establish 
equilibrium between the tensions in the 
three different interfaces. The angle is 
exactly the same as that established by 
three strings passing from a knot indi- 


= MUTE 


ae — 


ume and to the limitations imposed by 
other junctions and by the external boun- 


daries of the system. Gravity will distort | 


the shapes unless the volumes or the density 
differences concerned are very small. 


Fic 1—INTERFACE EQUILIBRIUM BETWEEN THREE IMMISCIBLE LIQUIDS AND MECHANICAL ANALOGY 
WITH TRIANGLE OF FORCES. 


vidually over pulleys and carrying weights 
in the same ratio as the interface tensions. 
This is shown diagrammatically on the 
right of Fig 1. It follows from elementary 
mechanics that any one of three forces in 
equilibrium is equal in value and opposite 
in direction to the resultant of the other 
two. In Fig 1, ¥12, Yi3, and 723 represent the 
various interface tensions at the three- 
phase junction, and 6;, 62, and 63 the angles 
occupied by phases 1, 2, and 3 where they 
meet. By the use of the triangle of forces we 
then have the relations 


The three interfacial tensions are therefore 
in the same ratio as the sines of the angles 
subtended by the phase opposite each 
particular interface. These angles will be 
attained at every point along the line of 
junction and must be measured in a plane 
normal to it. In most real systems the sur- 
faces away from this line will be curved in a 
manner to attain minimum total surface 
energy with due regard to the fixed vol- 


If one of the phases is rigid and plane, 
and the other two are fluid, as in Fig 2, the 
resultant of the tension of the fluid-fluid 


interface acting in the plane surface must be ~ 


equal to the difference between the inter- 
facial tensions of the two liquids against the 
solid, that is, ¥i3 —. 33. = Vie. cos Oo. 

This equation cannot be satisfied if y12 
is less than yi3 — Y2s. When this occurs, 
phase 2 spreads indefinitely over the surface 
of the solid and entirely displaces phase 1. 
This is the case of complete wetting. In a 


capillary or in a porous medium or powder, ~ 


liquid 2 will displace 1 when @; is less than 
90° because of the curvature introduced 
by opposing faces. Metallurgists are fa- 
miliar with this effect in the spreading of 
solder. For example, Parker and Smolu- 
chowski! have shown that silver will not 
spread indefinitely on a plane iron surface 
(where it has apparently a small but posi- 
tive contact angle) but will spread on a 


grooved surface—more readily the more: 


acute the angle at the root of the grooves. 


1 References are at the end of the paper. 
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Copper, with zero contact angle, spreads 
indefinitely over a steel surface. It is the 
contact angle that aliows molten metal to 
rest on a sand mold, but causes water to be 


Phase | 
(fluid) 


Phase 3 
(solid) 


eat 8 


13 23 
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irrelevant to the conclusions though it 
would determine the rate of attainment of 
equilibrium. Three possible means have 
been suggested: diffusion of atoms in the 


Phase 2 


23 


57008 6. 


Fic 2—INTERFACE EQUILIBRIUM BETWEEN TWO LIQUIDS AT A SOLID SURFACE. 


drawn in rapidly; oil will soak into sand- 
stone but water will entirely replace it. 
Many molten metals will be soaked up into 
a loose compact of another metal powder of 


- higher melting point, because of low con- 


tact angle, but this is not invariably the 
case. The success of the porous nickel cups 
used in the safety switch in the new 
proximity fuses? is probably due to the fact 
that the contact angle of mercury against 


nickel is slightly more than go°, so that, 
although it will. not penetrate the rela- 
tively large pores of the nickel compact 
~ under 


ordinary conditions, the extra 


_ pressure provided by centrifugal force on 


_ firing the shell causes it to do so. 


Let us now ‘consider the situation where 


_ three solid phases meet in a manner similar 


to the fluids of Fig 1. If the solids are truly 


rigid, clearly there will be no change in 


shape, but if adjustment can occur, how- 
_ ever slowly, the three phases will eventually 
réach the configuration dictated by the 


balance of the interfacial tensions. It is a 


basic assumption in what follows that in 


solid metals at a sufficiently high tempera- 


’ 


A. 


c 


ture, displacement of matter can and does. 


occur, and that this proceeds until local 


equilibrium is established wherever grains 


and phases meet. The mechanism whereby 
this adjustment of angle is achieved is 


normal way through the crystals under the 
influence of the different escaping tenden- 
cies of atoms on differently curved faces; 
rapid diffusion along the interfaces; and 
creep, that is, actual plastic deformation 
occurring under the influence of unbalanced 
surface forces. 

In liquids, phase boundaries provide the 
only possible interfaces. In. the case of 
solids, however, there is the important 
distinction that it is possible to have a 
definite interface between two regions of 
the same phase—the grain boundary be- 
tween two crystals differing only in 
orientation. This boundary behaves in the 
same manner as a normal interface be- 
tween different phases; it is extendable, 
continuous, and has a definite free energy 
associated with each unit of area. It might 
be expected that the energy would be 
strongly dependent on the orientation 
difference across the boundary. However, 
the shape of the grain boundaries in most 
metals suggests that there is actually only a 
relatively small effect of orientation, 
except for the low energy associated with 
the highly critical matching of orientations 
corresponding to a twin. 

If the tensions of all grain boundaries are 
approximately equal, wherever three grains 
meet they will establish equilibrium with 
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their boundaries making equal angles of 
120° with one another. When four grains 
meet at a point, the four edges will make 
the tetrahedral angle of 109°20’ with one 


librium with the two interphase boundaries, 
and the angles, measured in the plane 
normal to the line of intersection, will be 
determined by the relative values of the 


oe 


2A 


FIG 3— EQUILIBRIUM BETWEEN A GRAIN BOUNDARY AND TWO EQUAL INTERPHASE BOUNDARIES, 
6 IS THE DIHEDRAL ANGLE. 


another. As Harker and Parker® have 
shown, the accidents of distribution in any 
real metal will result in the introduction of 
curvatures to reconcile the various random 
grain contacts with these angles—of which 
more later when we come to consider grain 
growth. 

Let us examine the more interesting case 
where interfaces between grains of different 
phases are concerned. In the absence of any 
crystal boundaries in either phase, the 
boundary of one phase when completely 
surrounded by another must eventually 
become a sphere, for this is the smallest 
surface to contain a fixed volume. Any 
departure from an exactly spherical equi- 
librium shape must be caused by a varia- 
tion of interface energy with orientation, 
and provides, indeed, a good way of deter- 
mining this seemingly small effect. If there 
are three interfaces present, regardless of 
whether these are interphase or inter- 
crystal boundaries, then equilibrium will 
be established at whatever configuration 
results in the minimum surface energy for 
the given conditions. If there are two 
crystals of one phase meeting with one 
crystal of a second phase, the one grain 
boundary will establish geometric equi- 


interfacial tensions. In Fig 3, assuming that 
the two interphase boundaries are not 
subject to crystallographic influences, so 


that Ya = Yas = Yas 
then . 


@ 
EVoR COSa= 


Yaia2 —-e 2t 


Fig 4 shows the value of the ratio of the 
two interfaces for angles @ between o and 
180°. It is obvious from this that if the 
interphase boundary tension is more than 
half that of the grain boundary in one 
phase, @ will be positive; if the tensions are 
equal, 6 will be 120°; and if the interphase 
boundary tension exceeds the grain bound- 
ary tension, 6 will be more than 120°. If the 
interphase tension energy is less than half 
that of the grain boundary, there is no 
value of @ that can satisfy the equation and 
the second phase will penetrate along the 
boundary indefinitely. Fig 5 shows in an 
idealized form the shapes, for various 
values of 6, that a small volume of a second 
phase must have if it appears at the corner 
of three grains. 

This angle @ will hereafter be called the 
dihedral angle, specifically in Fig 3 the 
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“B vs a/a dihedral angle.” The notation 
for other grain boundaries and phase inter- 
faces will be obvious. The dihedral angle is 
constant and reproducible for a given pair 


Scale A 
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where @ is the true dihedral angle, ¢ the 
observed angle on a plane of section whose 
normal makes an angle x with the line of 
intersection of the two planes, and where y 
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Fic 4—RATIO OF INTERPHASE BOUNDARY TENSION AND GRAIN BOUNDARY TENSION AS A FUNCTION 
OF DIHEDRAL ANGLE OF SECOND PHASE. 


_ of phases, for it is determined only by the 
_ relative values of interphase and _inter- 
_ grain boundary tensions. Depending on 
its value, an alloy with more than one 
_ phase will assume one or other of the 
types of microstructure familiar to the 
_ metallographer. 

_ Remember that the usual metallographic 
-microsample is a plane section cut at 
4 random through a three-dimensional struc- 
j ture, and that an angle between two planes 
may gpbeat on this section as any value 
_ between o° and 180°, though with greatly 
- differing Pee bi cies: The angle at any 
intersecting plane can be calculated by the 
formula given by Harker and Parker,! 


we 
3 Tan . 


2 sin 6 cos x 
sin? x(cos 2x — cos 8) + 2 cos 6 


is the angle that the projection of this 
normal makes with the bisectrix of 6 in the 
plane perpendicular to the line of inter- 
section—that is, x and wy are the latitude 
and longitude, respectively, of the point of 
intersection of the normal in a reference 
sphere. Curves derived from this formula, * 
using the graphical integration method 
proposed by Harker and Parker, are shown 
in Fig 6. They show for various dihedral 
angles the probability of obtaining on a 
random plane section an angle within +5° 
of the value plotted. These will be used for 
comparison with actual measurements 
given later. Note that, despite asymmetry 
except in the case 8 = 0°, the most 
probable angle is in every instance the true 
dihedral angle. There is no error in assum- 


* The author wishes to thank Mr. Daniel 
Orloff for making these calculations. 
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ing @ to be the angle most frequently 
observed. 

We are now ready to consider the appli- 
cation of these principles to microstructures 
actually observed in metals and alloys. 


MICROSTRUCTURES OF TWO-PHASE ALLOYS 


Fig 7 to 12 show some microstructures of 
several common types. Fig 7 shows the 


Fic 5—EFFECT OF DIHEDRAL ANGLE ON SHAPE OF SECOND PHASE FORMED AT LINE OF INTERSECTION BETWEEN THREE GRAINS. 


typical polygonal grain structure of a 
single metal phase—in this case annealed 


alpha iron. Fig 8 shows twinned grains of 


alpha brass after working and annealing. 
(The straight lines are twin boundaries and 
should be ignored for the present.) 

In Fig 9 (a Cu-Ag solid solution annealed 
just above the solidus’ and quenched) the 
dihedral angle is obviously zero, for the 
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second phase (liquid) has spread along all 


“grain boundaries and almost completely 
“isolates the grains. In Fig 10 to 14 (alpha- 


beta brass, alpha-beta bronze, and alpha- 
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Fig 16 is an interesting case. It shows the 
structure of an alloy of copper with 3 pct 
lead, cold rolled and annealed at 900°C. 
The small amount of lead, molten at the 
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Fic 6— THEORETICAL FREQUENCY OF “OBSERVED ‘ANGLES, @, ON RANDOMLY INTERSECTING PLANE 
' , AS A FUNCTION OF TRUE DIHEDRAL ANGLE, @. 


— iron) the tension of the boundary 


. between the grains of different phases is less 
_ than that of the alpha grain boundary but 


~ more than half. The grains of the second 


' phase are sharply pointed wherever they 
_ meet an alpha grain boundary, which they 
do at a clearly defined dihedral angle, 100° 
_ in the case of brass and go° with steel. In 


zZ Fig 15 (alpha iron plus cementite), the 


3 


_ second phase is more nearly spherical in 
es wi with slight projections where it 
meets a eo boundary. The dihedral 


angle is 115°. The difference between the 


3 


_ structures shown in the various micro- 
"graphs, Fig 7 to 15, is principally due to 
differences in the dihedral angles. Table 1 
records the measured dihedral angles of 
these and a number of other two- and three- 


_ phase alloys. 


a 
a . 
4 


time of anneal, has collected into little 
triangles at the grain corners, the dihedral 
angle being about 60° and very readily and 
reproducibly measured. Fig 17 shows 
clearly that a lead drop that is not asso- 
ciated with a grain boundary remains 
very nearly spherical—an indication, inci- 
dentally, that the surface energy of the 
crystal-liquid interface is not appreciably 
dependent on the orientation of the solid 
face. 

The reader must again be feniintted that 
the structures are three-dimensional and - 
that the metallographer’s microsection is 
a random two-dimensional slice. What 
appear in Fig 16 as small triangles at a 
three-grain corner are actually triangular 
prisms extending along the edges where 
three grains would otherwise meet (Fig 18). 
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Fic 7—(607-1) Potycon 


AL GRAINS IN ANNEALED IRON. (“‘PURON.’”’ ANNEALED 1,000 MIN., 850°C. 
NITAL ETCH. X 250.) 
Fic 8—(801-1) TWINNED POLYGONAL GRAINS IN ANNEALED ALPHA BRASS (70-30 Cu-ZN, 0.1 MM 
THICK, 0.12 MM GRAIN SIZE. AMMONIA AND PEROXIDE ETCH. X 100). 

Fic 9—(788-B3) PARTLY MELTED SILVER-COPPER ALLOY (15 PCT AG, QUENCHED FROM 850°C. 
DICHROMATE ETCH. X 250). 

Fic 10o—(874-1) ALPHA-BETA BRASS (60-40 CU-ZN ANNEALED 4 DAYS AT 700°C, QUENCHED. 

DICHROMATE AND FERRIC CHLORIDE ETCHES. X 100). 

Fic 11—(872-1) ALPHA-BETA BRASS (63-37 CU-ZN, ANNEALED 4 DAYS AT 700°C, QUENCHED. 

DICHROMATE AND FERRIC CHLORIDE ETCHES. X 100). 
Fic 12—(700-1) ALPHA-BETA BRONZE (79-21 Cu-SN, ANNEALED 2 HR AT 750°C, QUENCHED. 
DICHROMATE ETCH. X 250). 
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Fie 14 


Fic 16 


Fic 22 


"IG. Bog 1) ALPHA-BETA BRONZE (84-16 Cu-SN, ANNEALED 2 HR AT Pasa QUENCHED. 
: DICHROMATE ETCH. x 250). 
P a 14—(844-1) FERRITE + TRANSFORMED AUSTENITE (S.A.E. 1020 STEEL, ANNEALED 24 HR 
a AT 750°C, QUENCHED. NITAL ETCH. X 500). 
Fic 15—(863- 1) FERRITE + CEMENTITE. (S.A.E. 1020 STEEL ANNEALED I WEEK AT 680°C, 
q QUENCHED. NITAL ETCH. X 500). 
iG 16—(736-3A) CoPPER + LIQUID LEAD (97-3 CuU-PB, ANNEALED I HR AT 900°C. DIcHROMATE 
ETCH. X 500). 
IG 21—(848-1) IRon + LIQUID PHASE IN IRON-COPPER ALLOY (70-30 FE-CU; FORGED, ANNEALED 
I HR AT 1125°C, QUENCHED. AMMONIA AND PEROXIDE ETCH. X 500). 
1G 42—(793-1) ALPHA -+- LIQUID IN LEADED BRASS (67-30-3 Cu-ZN-PB. ANNEALED 16 HR AT 
750°C, QUENCHED, DICHROMATE ETCH. X Seo). 
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The prisms join smoothly into each other 
at four-grain junctions, always keeping the 
correct dihedral angle.» The conditions of 
stability of such prisms are not simple. A 


adjacent grain boundary tension, the 


resulting triangular shape becomes stable ~ 


at longer and longer lengths until, at a 


dihedral angle of 60° and below, the phase | 


TABLE 1—Experimental Values of Dihedral Angle in Two- and Three-phase Alloys 


¥ Ratio of 

No. Composition Treatment Dihedral Angle Interfacial 

Tensions 
A-920-C 60 Cu, 40 Zn 24 hr 600°C a vs. B/B 120° 1.00 
60 Cu, 40 Zn a 600°C B vs. a/a 100° 0.78 
A-920-K 60 Cu, 40 Zn ays 700°C a vs. B/B 120° 1.00 
60 Cu, 40 Zn S days 700°C B vs. a/a 100° 0.78 
A-918-B 63 Cu, 37 Zn 8 hr 700°C Bvs.a/a 70° 0.61 

\ 

A-2117 91 Cu, 9 Al 850° Furn.C., 48 hr 600°C B vs. a/a 90° 0.71 
A-2119 86 Cu, 14 Al 850° Furn.C., 48 hr 600°C B vs. y/y 110° 0.87 
A-391 79 Cu, 21 Sn 2 hr 700°C a vs. B/B 110° 0.87 
A-2105-A 79 Cu, 21 Sn 2 hr 750°C B vs. a/a 100° 0.78 
A-2105 84 Cu, 12 Sn 2 hr 750°C Bus. a/a 95° 0274 
A-2133-B | 79 Cu, 17 Sn, 4 Pb | 750° Furn.C., 24 hr 600°C a vs. B/B 120° I.00 
79 Cu, 17 Sn, 4 Pb | 750° Furn.C., 24 hr 600°C B vs, a/a 95° 0.74 
79 Cu, 17 Sn) 4 Pb | 750° Furn.C., 24 hr 600°C Pb vs. a/a 90° 0.71 
79 Cu, 17 Sn, 4 Pb | 750° Furn.C., 24 hr 600°C B 110° 0.87 


79 Cu, 17 Sn, 4 Pb 


750° Furn.C., 24 hr 600°C 


Pb vs. 
a/B vs. PbB vs. Pha 110, 120, 130 


A-2106-A 99 Cu, 1 Pb 2 hr 700°C Pb ws. a/a 65° 0.590 
A-2106-B 99 Cu, 1 Pb 1 hr go00°C Pb. vs, a/a@ 50° 0.55 
A-2106-G 99 Cu, 1 Pb 14 hr 600°C Pb vs. a/a 60° 0.58 
A-2172-C 97 Cu, 3 Pb 24 hr 600°C Pb vs. a/a 70° 0.61 
A-2145-A | 99 ae 14 Bi, 3%4 aS 16 hr 750°C Liq. vs. a/a 55° 0.56 
A-2151-C | 99 Cu, 44 Bi, % 16 hr 750°C Liq. vs. a/a 40° 0.53 
A-2144-A | 99 Cu, 34 Bi, A Pb 16 hr 750°C Liq. vs. a/a 30° 0.52 
A-2175-B | 95 Cu, 2 Zn, 3 Pb 24 hr 650°C Liq. vs. a/a 70° 0.61 
A-2176-B | 88 Cu, 9 raat 3 Pb 24 hr 650°C Liq. vs. a/a 80° 0.65 
A-2177-B | 78 Cu, 19 Zn, 3 Pb 24 hr 650°C Liq. vs. a/a@ 80° 0.65 
A-2153-B | 68 Cu, 29 Zn, 3 Pb 16 hr 750°C e Liq. vs. a/a 80° 0.65 
A-2155 49 Cu, 48 Zn, 3 Pb 16 hr 700°C Liq. vs. B/B 110° 0.87 
A-2113-C SAE rozo Steel 950° Furn.C., 1 wk. 690° Fe8C vs. a/a 115° 0.93 
A-2113-D SAE 1020 Steel 950° Furn.C., 48 hr 750° y vs. a/a 90° 0.71 
A-2069-B 70 Fe, 30 Cu Tor 1125°C Liq. vs. y/y 20 0.31 
A-2104-A | 90 Zn, 6 Cu, 4 Al 2 48 hr 375°C nus. e/e 115° 0.93 

n vs. B/B 120° 1.00 

€ vs. n/n 115° 0.93 

« vs. B/B 110° 0.87 

B vs. n/n 110 0.87 

Bus. e/e 95° 0.74 


In order to cause recrystallization, all alloys were rolled or forged at least 50 pct reduction before final heat 


treatment. Specimens were quenched 


at termination of anneal. 


Many of these alloys were heat treated for 


long periods to reach substantial equilibrium of grain and interphase boundaries. The angles are approximately 


the same after short anneals a are more diffi 
by rotation of the stage of a B and L 


cylinder supported on rings at its ends is 
not stable when acted, upon by surface 
tension if its length exceeds-its circum- 
ference, but it will break up into drops. If 
the second phase forming at a grain edge in 
an alloy has a dihedral angle against the 
grain boundaries of nearly 180°, it will, 
behave like a cylinder ‘and will certainly 
break up. Such a phase will appear as a 
chain of nearly spherical drops along the 
boundary—not unlike a string of dewdrops.. 
‘on a spider web. If, however, the inter- 

phase tension is low in comparison with the ° 


cult to measure because of curvature. The angles were measured 
metallograph to align the appropriate boundaries successively with a. 
fixed cross-hair. At least 100, usually 200, counts were made. 


a 


becomes stable in any Bei at a. grain 


edge. =: 
The precise shape in three dimensibns of 
the interface between a particle of a second 
phase and the various grain surfaces and 


edges is a matter of great complexity. The 


sphere of a second Phase which exists 
within the‘ ‘body of a grain, wheh it touches 
a plane boundary between two grains, be- 
comes a simple lenticulate body; in the 
absence of gravity the two surfaces become 
sections: of: spheres intersecting at the cor- 
rect dihedral angle at the edge. If a particle 
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occurs at a line where three grains meet, the 
three interphase edges (for example, edges 
where one 6 grain meets two @ grains) will 
- make equal angles with each other and 
each will be equally inclined to the single 


* 


j . @ 


_ ENT FIELD. X 1000.) 


where three @ grains meet) is given by the 
relation 


cos (180 — Y) = —— A 
: 3 tan > 
wy \ 

eo e@ 
2 


* 


Fic 17—(736-3D) Copper + Liquip LEAD. NOTE CIRCULAR CROSS-SECTION OF LIQUID DROPS IN 
CENTER OF GRAIN AND TRIANGULAR SHAPE AT GRAIN CORNER. (SAME SPECIMEN AS FIG 16; ‘DIFFER- 


fhese grain edge. The angle, X, in Fig 19 

_ between polyphase edges of one face at 

the apex of the second phase for a given 

tral angle, 6, is given by the relation 
xX I 


COS Beene 
2 2 sin 0. 


2 
7 


7 he angle, Y, between each polyphase edge 
and the single phase grain edge (that is, 


4a 18—SKETCH SHOWING DISTRIBUTION OF SECOND PHASE IN THREE DIMENSIONS. LEFT 9 = 
65°, RIGHT 06 = ABOUT 120°. 
ae (Drawing by... S. Barrett.) 


ABOUT 


Curves showing these relations are plotted 
in Fig 20. When @= 120°, X=Y= 
109°20’. This is the geometry of the corner 
of four grains of the same phase. When 
6 = 60°, X=o° and Y = 180°; the 
pyramid has become a triangular prism 
extending without limit. At any dihedral 
angle of less than 60° the phase will spread 
indefinitely along the grain edge (not, of 
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course, along the grain faces which requires 
6 = 0°), while with a dihedral angle of over 
60° the second phase will collect at grain 
corners and extend progressively less along 


— 


FIG 19—IDEALIZED APPEARANCE OF APEX OF 
SECOND PHASE FORMING AT THE JUNCTION OF 
THREE GRAINS. 


the boundary as @ increases, becoming more 
and more spherical. Complex curvature 
will be introduced to join up the various 
contacts and angles in a manner to give 
minimum total interface energy for the 
volumes concerned. Nevertheless, the di- 
hedral angle measured normal to the line of 
junction at any point will invariably be the 
true, simple dihedral angle called for by 
the relative interface tensions. 

A second phase will always show greatest 
preference for the points where four grain 
corners join, since it can then partially 


replace six surfaces, and there is progres- 

sively less decrease in total interface area 
as the second phase is associated with a 
three-grain edge and a two-grain surface. 
The gain in energy when phase and grain 
boundaries coincide becomes proportion- 
ately less as the dihedral angle increases, 
and phases of high interfacial tension show 
less preference for boundaries. Phases of 
low dihedral angles appear much more 
frequently in association with grain bound- 
aries and corners than do phases of high 
angles and interface energies. A phase of 
low interface energy cannot spheroidize 
when it is at a grain boundary of higher 
energy. The higher the dihedral angle, the 
more nearly spherical a particle of the 
second phase will be, and the less its 
change in shape and energy when it 
encounters a grain boundary. Conversely, 
whatever the initial distribution of a phase 
of low dihedral angle, it will spread out 
whenever it meets a grain boundary, and 
will be picked up by the latter as it mi- 
grates during grain growth. Once collected 
at a grain boundary, such a phase will 
move only with the boundary, and the 
boundary will move only with it. In a 
recrystallized solid solution annealed briefly 
just above the solidus, one sees liquid both 
as films at the grain boundaries and as 
drops inside the grains; annealing to 
double the grain size will show in some of 
the larger grains areas that have been 
swept free from liquid droplets by advanc- 
ing boundaries. Very long annealing, to 
cause the grains to grow to several times 
the original size and to allow transfer by 
diffusion, will result in grains* quite free 
from liquid drops, and with all the liquid 
phase collected at grain corners and 
boundaries, 

The behavior of a phase with high di- 
hedral angle is quite different. Not only 
does its mere geometry as small independ- 
ent near-spheres prevent coordinated 
action of a large amount of material, but 
the change of surface energy resulting from 
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the coincidence of grain and phase bound- 
ary is small. The grain boundary can pass 
fairly easily one at a time over a series of 
small spheres, the energy of the localized 


180 


aS 


i) 
° 


° 
° 


large difference in atom size or otherwise, 
two metals are immiscible when molten, the 
interfacial tension between the two liquids 
is high, and when one of them has solidified, 
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x 1 
ae See 2 Sin 


See Fig 19.) 


areas held back by surface energy forces 
being small compared with the whole area 


of the grain face concerned. 
5 


where extensive solid solutions or inter- 
_ metallic compounds occur and the liquid 
does not differ widely in composition from 
~ the solid, it seems to be invariably true 
_ that the liquid will “wet” the grains of the 
_ solid phase with which it is in equilibrium. 
This means that the interfacial tension of 
the solid/liquid interface is less than half 
that of the interface between two solid 
grains, and the dihedral angle of the liquid 
j 


s. grain boundary is zero. If, because of 
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Fic 20—ANGLES BETWEEN GRAIN EDGES AT POINT WHERE A GRAIN OF ONE PHASE MEETS THREE 
: . GRAINS OF A SECOND. 
(X = angle between adjacent 2-phase edges; Y = angle between i-phase and 2-phase edges. 


the solid/liquid interface tension may 
easily exceed half of that of the boundary 
between two solid grains. Thus, for exam- 
ple, while a partly melted copper-silver 
alloy (Fig 9) shows the grains with rounded 
corners completely surrounded by films of 
liquid, a partly melted lead-zinc alloy 
shows a normal grain structure and 
drops of lead almost at random through- 
out. The copper-lead alloy of Fig 16 is 
intermediate. 

It has long been known to practical 
metallurgists that overheating an alloy 
produces liquid with a great preference 
for the grain boundaries and with often 


disastrous effects on the properties. The 


hot-shortness of steels and many non- 


i 
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ferrous alloys with common impurities is 
directly attributable to the presence of 
liquid that wets grain boundaries. The easy 
penetration of mercury into brass under 
low stresses and the similar cracking of 
steel by molten brazing solder are related 
to this. The temperature at which extreme 
brittleness suddenly appears is a sensitive 
method of determining the solidus of an 
alloy. Nevertheless, many cases are known 
where liquids are not harmful, for example, 
lead in beta brass and fusible silicates (but 
not always sulphides) in steel. Lead added 
in reasonable amounts to copper or alpha 
brass will cause cracking on hot rolling but 
it does not make the metal sufficiently hot- 
short to interfere with extrusion, neither 
does it have much effect on the ductility 
and strength at room temperature. As can 
be seen from Fig 16 and 17, lead has a small 
but definite dihedral angle against grain 
boundaries in copper and forms, not 


harmful continuous layers of liquid, but’ 


little prisms at the grain edges. Certainly 
its effect as a stress-raiser is bad and the 
lack of hot rollability is not surprising, but 
the lead does not interfere with crystal-to- 
crystal cohesion. 

Table 1 contains data showing the 
change of behavior of lead with zinc con- 
tent in copper-zinc alloys. The observed 
distribution of angles can be seen in Fig 27. 
As zine increases, the dihedral angle of 
liquid lead vs. an alpha grain boundary in- 
creases, the corners of the lead areas become 
more blunt, and there is less tendency to 
form long prisms at the edges. With above 
1o pet zinc (8 = 80°) the grain corner 
prisms have become convex, there are many 
disconnected drops on boundaries away 
from corners, and a few drops appear 
entirely divorced from the boundaries, 
particularly after short annealing times 
(Fig 22). As a consequence, lead does not 
have a harmful effect on the mechanical 
properties of alpha brass at room tem- 
peratures. When beta appears, the distribu- 
tion of lead abruptly changes. The dihedral 


angle of molten lead vs. a beta grain 
boundary is about 110°, consequently the 
lead is found in smaller particles and occurs 
in discrete droplets, even at grain edges 
(Fig 23). From being slightly harmful, lead 
becomes completely harmless. This is a 
result solely of its spatial distribution, 
which in turn must follow from the geom- 
etry imposed by the little triangle of forces 
established’ by surface tension wherever 
grain boundaries and phase interfaces meet. 

The effect of bismuth in copper is an 
even more spectacular illustration of the 
significance of the dihedral angle of a liquid 
phase. Let us start with the lead-copper 
alloys mentioned above and add bismuth. 
To a first approximation, bismuth and 
lead can be regarded as being insoluble in 
copper at temperatures below goo°C, and 


the liquid to consist of lead and bismuth — 


in the proportions added. Starting with the 
65° triangles of lead, it is found that the 
dihedral angle becomes less as bismuth is 
added, the triangular prisms become 
sharper and sharper, until at somewhere 
above 75 pct bismuth, the angle becomes 
zero, the liquid spreads entirely around the 
grain boundaries, and the resulting metal 
is extremely brittle both hot and cold. 
This is clearly seen in the micrographs of 
alloys with 75 and too pct bismuth as the 
liquid phase (Fig 24 and 25). Experimental 
values of the angle, as determined in a 
series of rolled and annealed alloys, are 
shown in Fig 26. Distribution curves of the 
measured angles of two of these are given 


in Fig 27. The pure copper-bismuth alloy ° 


with lead was worked by compressing in a 
steel die for it could not be rolled suffi- 
ciently to produce recrystallization. One 
can ameliorate the brittleness in copper 
caused by bismuth by adding an equal 
quantity of lead—surely not a very promis- 
ing addition from any other point of view 
than that of surface energy modification. 

The dihedral angle is of great significance 
in connection with the penetration of a 
molten metal into a solid one of higher 
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Fic 24 


Fic 31 


Fic 34 


Fre 23—(843- 1) BETA ai LIQUID IN LEADED BRASS. (51-46-3 Cu-ZN-PB. ANNEALED 16 HR AT 
700°C, QUENCHED. DICHROMATE ETCH. X 250). 
ere-247~X703-2A) LiQuiID IN COPPER-BISMUTH-LEAD ALLOY (99-34-14 Cu-B1i-Ps. ANNEALED 16 HR 
: AT 750°C, QUENCHED. DICHROMATE ETCH. X 500). 
‘Fie 30 (666- 1) ALPHA + KAPPA COPPER-SILICON ALLOY. (95.6-5.4 Cu- St. ANNEALED I HR AT 
i 800°C, I MIN. AT 600°C, QUENCHED. ALKALINE PEROXIDE ETCH. X 250). 
Fic. 31—(136-20) CARLTON METEORITE, SHOWING TAENITE (7) PENETRATING BETWEEN GRAINS OF 
KAMACITE (a). (NITAL ETCH. X 50.) © 
Fic 32—(1020-1) ALPHA-BETA ALUMINUM BRONZE’ (89.5-10.5 CU-AL. ANNEALED 16 HR AT 650°C. 
DICHROMATE ETCH. X 500). 
‘Fic 34—(795-1) THREE PHASE ALPHA-BETA-LIQUID STRUCTURE (709- “17-4 Cu-Sn-Ps. ANNEALED 
24 HR AT 600°C. PEROXIDE AND DICHROMATE ETCHES. X%250). 
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melting point. If the solid metal is slightly 
soluble in the liquid, it will commence to 
dissolve, being attacked most rapidly at the 
grain boundaries. If the dihedral angle is 


Fic 25—(1017-2) CoppER + LIQUID BISMUTH (99-1 CU-BI. PRESSED IN DIE, ANNEALED 16 HR at 
750°C. DICHROMATE ETCH. X 250). 


greater than zero, penetration at the grain 
boundaries will stop as soon as the dihedral 
angle is reached and further solution must 
occur under conditions that will maintain 
this angle. However, if the dihedral angle 
is zero, penetration proceeds continuously 
along the grain boundaries and the liquid 
metal will be carried in by capillary action, 
_prying apart the grains and eventually 
completely disintegrating the solid. This 
action can be accelerated by stress and it is 
probable that a tensile stress can cause 
penetration even when @ is somewhat 
greater than zero. It should be noted that 
penetration will occur lineally along grain 
edges as long as @ is below 60° and will 
spread progressively over the grain faces as 
@ approaches zero. 

Fig 28 and 29 show strikingly the differ- 
ence between lead and bismuth in their 
action on the surface of polycrystalline 
copper. Lead has stopped its attack after 
opening up the grain boundaries to an angle 


rapidly rendered hopelessly brittle. Lead 


of about 65°, while bismuth has penetrated © 
between the grains and appears far below 
the surface, leaving thin films of extremely 
brittle material in place of sound bound- 


aries. If copper is heated in contact with — 
bismuth, or even with bismuth vapor, it is 


has no such effect and even if copper con- 
tains a small amount of lead it is not af- 
fected by being heated with bismuth, at 
least for reasonable annealing times. F 
It is apparent from Fig 26 that the ratio — 
of interface and grain boundary tensions in 
the case of pure bismuth-copper is very _ 
near 0.5, and from Fig 4 it can be seen that 
near this value a small change of energy — 
produces a large change in angle. Additions 
of phosphorus, zinc, oxygen, and probably : 
many other elements, render bismuth- r. 
copper ductile by changing the dihedral 
angle. There has been some excellent work — 4 
on this vexing and perplexing problem of i 
bismuth in copper. Blazey’ and particu- — e 
larly Voce and Hallowes® have described — i 
the phenomena in much detail, and Rhines® 
has suggested an explanation of the effect. ro 
of heat treatment based on _temperature-_ pa 
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dependence of the surface energy relations 
between the molten metal and the grain 
boundaries. 

The amounts of bismuth needed to cause 


Relative 
Interfacial 
Tension 


DIHEDRAL ANGLE 
PJ 
° 


° 0.2 0.4 
RATIO Bi 


rendered ductile by larger additions of 
phosphorus, contained the bismuth in the 
form of tiny triangles at the grain bounda- 
ries and not as films, exactly as required by 


Dihedral 
Angle 


0.6 0.6 1.0 


Bi+Pb 
Fic 26—DIHEDRAL ANGLE OF LIQUID PHASE IN COPPER-LEAD-BISMUTH ALLOYS AS A FUNCTION OF 


Liq. vg e/a 
70-30 Brass+¢ 3% Pb 


i) 30 60 120. 180 180 
x 


Bepetueness in copper are so small that 
"microscopic identification is difficult ; never- 
_ theless, Schofield and Cuckow’ did find 
‘grain boundary films in bismuth-embrittled 
copper and showed that such copper, when 
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3 pe .27——DISTRIBUTION OF MEASURED ANGLES OF LIQUID PHASE IN MICROSECTIONS OF COPPER 
7 ALLOYS CONTAINING LEAD. 


the above theory. It should be noted that 
the phosphorus is not acting as a deoxidizer 
but is modifying the surface energy. It is a 
physical, not a chemical, effect. 

In alpha-beta brass bismuth becomes 
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quite harmless, just as lead is when added 
to these brasses. Bismuth in alpha brass is 
far more tolerable than in copper and, if 
additions of phosphorus are also made, the 


Fic 28—(806-r1) ene THROUGH SURFACE OF COPPER HEATED IN CONTACT WITH LIQUID LEAD, es 4 
24 HR AT 700°C. (DICHROMATE ETCH. X 500.) 


Fic 29—(807-1) Seerow THROUGH SURFACE OF COPPER HEATED IN CONTACT WITH LIQUID BISMUTH 
24 HR AT 700°C. (DICHROMATE ETCH. X 500.) 


alloys become quite acceptable for all com- 
mercial use except hot working.® The ex- 
planation of these hitherto bafiling effects 
in terms of dihedral angle parallels exactly 


ry 


- 


that given for the behavior of lead in the 
same brasses, although the dihedral angle ' 
at a given composition is smaller, and the — 
difference more pronounced. 


The amount of bismuth in otherwise pure © 
copper that can be tolerated without pro- 
ducing brittleness increases with increasing ‘| 
annealing temperature, at least up to 
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800°C, where it is 0.01 pct.*> That there is 

-  not—as suggested by Rhines*—a large 
change in relative surface energies with 
temperature was shown in the related case 
___ of lead in copper by measurements of the 
dihedral angle, which was between 50 and 
65° (within experimental error) after an- 
nealing at temperatures of 600, 700, and 
goo°C. Indeed, one would rather expect a 
} decrease in 6 with temperature in a system 
like bismuth-copper where the copper con- 
tent of the liquid rapidly increases. More- 
over, if such a change in angle were 
responsible for improvements on quenching 
from high temperatures, then the amount 
of bismuth tolerable should increase rather 
suddenly above a: critical temperature. 
One is left, therefore, with a strong belief 
that any undissolved bismuth is harmful 
and that the increased toleration for bis- 

_ muth on quenching from high temperatures 
is caused solely by increased solid solubility 


systems the solubility does not increase 
with increasing temperature when the 
second phase is a liquid, this is by no means 
impossible. Two cases are already well 
substantiated—silver-lead and copper-cad- 
mium—and it is to be expected in many 
systems wherein the ratio between the 
concentrations of liquid and solid is large 
and where there is a large temperature 
interval between the solidus and liquidus. 
; Since the interface between solid bismuth 
__ and copper is probably of higher energy 
_ than that with liquid bismuth, it is unlikely 
that the equilibrium configuration of bis- 
_ muth in copper below the eutectic tem- 
__ perature would cause brittleness. However, 
the rate of diffusion is so low at this tem- 
perature that no change in shape or dis- 
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 prittle state during solidification, and if 
most of them later become ductile it is only 
because diffusion and surface forces re- 
_ shape the second phase subsequent to 
oe complete solidification. Very few alloys 


of bismuth in copper. Though in most alloy 


_ tribution can occur in reasonable time. 
Actually, all alloys are in an extremely — 
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containing a small amount of a brittle 
constituent are as brittle as bismuth cop-. 
per. The difference between harmless and 
harmful impurities (when present in a 
molten condition or as a brittle solid phase) 
is entirely one of the relation between 
the interfacial tensions concerned, and the 
resulting angles of equilibrium with the 
grain boundary at the lowest temperature 
at which adjustment could occur. 

When a eutectic occurs in small amount 
in an alloy its general effect on the mechani- 
cal properties will generally be greater if the 
composition of the eutectic itself is far 
removed from the primary constituent. The 
eutectic after solidification will then con- 
sist mainly of the second constituent. A 
“dilute”? eutectic on solidification will 
cause further growth of the primary 
crystals and the minor phase generally has 
plenty of opportunity to spheroidize. Thus, 
while iron sulphide eutectic in steel is very 
harmful and leaves strings of virtually pure 

-iron sulphide, copper sulphide in copper 
forms a relatively harmless eutectic con- 
sisting mostly of copper. 


SOLIDIFICATION OF MOLTEN ALLOYS 


There is an important corollary of the 
fact that the surface energy of a liquid/ 
solid interface may be less than that of an 
intercrystalline grain boundary. During 
solidification and as long as even a trace of 
liquid is left, surface tension will insure that 
all surfaces of a crystal are wet. As fast as 
liquid freezes, more will be brought in by 
capillary action. Thus even though two 
growing crystals meet each other and con- 
sume all the liquid originally between them, 
growth will continue by capillary feeding to 
the interface which will eventually become 
a grain boundary. One grain will not cohere 
to another even under light pressure as long 
as liquid is present. The progressive draw- 
ing-in of liquid and its solidification will 
push the growing crystals away from each 
other until they abut in a manner to block 
each other rigidly; even then the boundaries 
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will stay wet, and the subsequent progres- 
‘sive solidification will occur under condi- 
tions that will locally fully satisfy surface 
tension requirements. It has heretofore 
seemed puzzling that the interior equiaxed 
portion of a metal ingot should have grains 
approximating the shape demanded by sur- 
face tension—quite different from that 
which would result from uniform growth 
from randomly occurring nuclei—but this is 
exactly what would happen as long as grain 
boundaries are continually wet by the 
liquid. Quincke® even postulated that a 
foam structure of a second phase occurred 
in the liquid; actually it is the liquid itself 
that forms the surface tension foam and 
isolates all solid crystals, with the same 
effect on the geometry as if there had been 
two liquids. 

That crystals actually are pushed away 
from a wall and are free to fall or rise by 
gravity was conclusively shown by Wat- 
son.!° Grains growing under a steep tem- 
perature gradient will, of course, be held 
near the mold wall and will grow in a 
columnar fashion until they meet the ob- 
struction of interlocked grains growing 
from free nuclei. Further indication that 
the nuclei in the equiaxed portion really 
are free is to be found in the paper of 
Spretnak.!! He observed an abrupt change 
in slope of the curve showing thickness of 
shell of a steel ingot retained on dumping 
as a function of square root of solidification 
time. This change occurred at the end of 
columnar crystal growth, and strongly sug- 
gests that central crystals in relatively large 
amount were being poured out with the 
liquid when the mold was dumped. 


TWo-PHASE STRUCTURES IN SOLID ALLOYS 


The interface energy between two differ- 
ent solid phases is generally more than half 


the energy associated with the grain bound- - 


ary of either phase..Exceptions are the 
cases of exactly oriented interfaces between 
face-centered cubic and hexagonal struc- 
tures of identical atom spacing [a/k copper 
silicon alloys, (Fig 30) and a/8 cobalt] and 


possibly taenite and kamacite in meteorites 
(Fig 31), which have approached equilib- 
rium at temperatures lower than those 
possible in any laboratory experiment. The 
majority of interphase energies in the solid 
are higher than intercrystal energies—hence 
the prevalence of two-phase structures con- 
sisting of approximately spheroidized par- 
ticles—but many of the commercially 
important alloys lie in the range where the 
interphase energy is between 0.5 and 1.0 
that of the grain boundary. 

Let us consider the alpha-beta alloys of 
copper with tin, zinc, and aluminum, the 
microstructures of which have strong 
resemblance to each other. Photographs of 
typical structures are shown in Fig to to 
13 and 32. Note that a grain boundary in 
either alpha or beta phase is invariably 
in conjunction with an apex on the grain 
of the other phase that adjoins it. The 
entire microstructure is (neglecting twins) 
a simple pattern made up of a network of 
grains bounded by short arcs intersecting 
in vertices three at a time. This is identical 
with the network in a single-phase poly- 
crystalline material, but there is the impor- 
tant difference that the dihedral angle of 
120° in single-phase material is replaced at 
three-grain two-phase contacts with one 
angle less than 120° and two angles more 
than this. Three grains of the same phase, 
regardless of which one, meet at the 120° 
angle. The vertex of a beta grain balanced 
by an alpha boundary has a different 
dihedral angle from an alpha grain abutting 
against a beta boundary, though both are 
less than 120°. The actual values of the 
angles in the cases of alpha-beta structures 
as well as some others are shown in Table 
1. Some of the distribution curves on which 
these are based are given in Fig 33. 

In the alpha-beta microstructures con- 
taining approximately equal amounts of 
the two phases the two-phase boundary is 
generally curved, and the boundary be- 
tween two grains of the same phase is much 
straighter than usual in a single-phase 
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alloy. The alloy has solved the difficult 
integral equations and gives the minimum 
total surface energy; this clearly favors a 
smaller area and lower curvature of the 
high energy boundaries at the expense of 
the others. 
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The exact geometry depends upon the 
amount of the two phases, for the number 
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Fic 33— FREQUENCY CURVES OF OBSERVED ANGLES OF MICROCONSTITUENTS IN ALPHA-BETA COPPER 
ALLOYS. 


Because the beta vs. alpha/alpha di- 
hedral angle is smaller than that of alpha 


vs. beta/beta, the characteristic ‘‘Gothic 


arch” structure is frequent for alpha 
grains, while beta where it abuts against 


_alpha/alpha is like a section of a hollow- 


ground razor. 
Since the beta and alpha dihedral angles 


in a brass, for example, are both obtained 


_ by equilibrium against the same alpha/beta 


E alpha grain boundary (Yaa). 
_ of alpha to the beta boundary tensions is 


interface, a quantitative ratio of the two 
_ grain boundary energies is obtainable. With 
E O. = 


115° and 6g = go’, the interphase 
boundary (7g) is, from Fig 4, 0.93 of the 
beta grain boundary (ygg) and o.71 of the 
The ratio 


of single-phase and two-phase vertices and 
their spacings will depend on the relative 
amount of the two phases. Moreover, the 
whole structure will be affected by any 
deformation to which the piece may be sub- 
jected, and particularly if there are changes 
in solubility, by its entire thermal history. 

Though in a section of a single-phase 
alloy a four ray vertex is rare (again omit- 
ting twins), it is more common in two- 
phase alloys. Two grains of beta form a 
boundary between themselves of higher 
energy than an alpha/beta interface when 
two grains of a phase are surrounded by 
two grains of the other; the grain boundary 
therefore will tend to decrease, and may 
eventually reach a point where the adjacent 
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alpha grains are brought in contact. Fur- 
ther movement in either direction would 
increase the area of one or other of the 
high-energy single phase grain boundaries, 


TaBLE 2—Comparisons of Interfacial Tensions in Three-phase Cu-Sn-Pb Alloy 


Specimen A-2133. 79/17/4 Cu-Sn-Pb. Hot rolled, annealed 4 hr at 750°C, furnace cooled to 
600°C and held 24 hr at 600°C. Etched with potassium bichromate. Measured at 500X. 


Observed Dihedral Angles, 6 erived from 6 Relative Based on 
Interface Interface Measured 
Tension Angles No. 
(1) avs. B/B = 120° Yap = 1.0078 2 
(2) Buvs.a/a = 95° Yas = 9-740 Ve 3and 5 
(3) Pb vs. a/a = oof YaPb = 9: Rh Average 1.33 
P - = = 0.872 
(4) Pb 2s. B/B = 110 YBPb 7278 nad : 
(5) Three-phase corner es “aden 
(a) Pb vs.a/B = 110° Yap tame BPb ace 
(b) Bvs.a/Pb = 120° ee = : % Average 1.03 
/Pb é sin 110 sin 120 sin 130 ; 
(c) avs. B = 130 De Standard 
Yop _ YaPb ce YBPb 3 and 2 
0.940 0.866 0.766 5 
Average 0.04 
0.87 4and1r 
0.81 5 


hence the structure is in equilibrium with 
two grains of beta of different orientation 
meeting at a point with two grains of 
alpha, also different in orientation. Three- 
dimensionally the point becomes, of course, 
a line. 

One sees, then, that the determining fac- 
tor in equilibrium microstructures is the 
relation between the energy of the interface 
between crystal grains of one and the same 
composition and structure, and that be- 
tween crystal grains of different composi- 
tion and structure—that is, the relation 
between boundaries of a single-phase and 
two-phase nature. 


THREE-PHASE STRUCTURES 


On introducing a third phase into a two- 
phase alloy and allowing the structure to 
reach equilibrium, the third phase will dis- 
tribute itself in a manner to achieve the 
lowest total surface energy. Thus lead in 
alpha-beta bronze is to be found most fre- 


Ratio of Interface Tensions 


portant possibility of determining the ratio 


quently partially replacing an alpha-alpha 
grain boundary, less frequently along a 
beta-beta grain boundary, and still less 
frequently associated with an alpha/beta 


Computed Relative Interface Tensions 


eT ee ee ee ee eee en 


Average 0.84 


boundary (Fig 34). The energies and result- 
ing angles of the lead against the alpha and 
beta grain boundaries and of beta and 
alpha against the alpha-beta boundary are, 
of course, exactly the same as they would 
be in two phase alloys. In addition there are 
three phase corners with three interphase 
interfaces and no single-phase grain bound- 
aries. By measuring the appropriate angles 
formed by the various combinations of 
interfaces, one can directly relate all the 
surface energies to each other and obtain 
quantitative values of their ratios just as in 
two-phase alloys, but with the added im- 


of any two interface energies by two en- 
tirely independent routes. If the two values 
agree, it would be strong evidence that the 
angles really do result from equilibrium 
between surface forces. ae 
The actual angle measurements made on _ 
the sample of. leaded alpha-beta. brass 
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Fic 35—FREQUENCY CURVES OF OBSERVED ANGLES OF MICROCONSTITUENTS IN ALPHA-BETA-LEAD 
ALLOY (SEE Fic 34). 


: F MICROSTRUCTURE 
38 GRAINS, PHASES, AND INTERFACES: AN INTERPRETATION O 


shown in Fig 34 are given in Fig 35. The 
dihedral angles derived therefrom are the 
basis of the calculations summarized in 
Table 2. The calculations in Column 4 were 


quite independently for each of the inter- 
face energies are in reasonable agreement 
with each other. They may be made identi- 
cal by adjusting the observed values by less 


TaBLE 3—Comparisons of Interfacial Tensions in Three-phase Zn-Cu-Al Alloy 


Specimen A-2104-A. 90/6/4 Zn-Cu-Al, hot rolled, annealed 48 hr at approximately 375°C. 
Microsample etched with chromic acid and sodium sulfate. 


Observed Dihedral Angles, 9| Ratio of Interface Tensions 


Computed Relative Interfacial Tensions 


Based on Meas- 


Relative Inter- 
i ured Angles No. 


Interface face Tension 


(1) n us. €/e = 115° Yne = 9-93 %ee 
(2) 9 vs. B/B = 120° YnB = 1-007B8 
(3) evs. n/n = 115° Yne = 9:937 yy 
(4) evs. B/B = 110° veBins 0.87788 
(5) Bus. n/n = 110° YnB = 9-87Ynn 
(6) Bus. e/e = 95° eB = 9-74 Yee 


done in the following manner, using Yas = 
1.0 as the standard for intercomparison. 


directly from Eq 2 in Table 2. Alterna- 
tively, however, from Eq 3, 


rd YaPb 
Yaa = 0.707 
and, from Eq s, 
_ 0.866, 
YaPb = 0.940 Yap: 
Therefore 
" 0.866 =! 
1S 0.940 X 0.707 0.707 > bh 


The other values are computed in an 
analogous manner. The two values obtained 


mm I.00 Standard 
€€ 1.00 I and 3 
I.02 6, 4, 2, and § 
Average I.o1 
8B 0.87 2and 5 
0.85 4, 6, I and 3 
Average 0.86 
ae 0.93 3 
0.95 I, 6, 4, 2, and 5 
Average 0.94 
«B 0.74 6, 1, and 3 
0.76 4, 2, and 5 
Average 0.75 
Bn 0.87 5 
0.85 2, 4, 6, 1, and 3 
Average 0.86 


than 5°. One can surely conclude, therefore, 
that microstructures are not fortuitous, but 
that the surfaces arrange themselves as 
they must under the reaction of the various 
surfaces seeking to establish a minimum 
value of total energy. 

We now see the reason for the particular 
distribution of lead observed in the struc- 
ture in Fig 34. Although the alpha-beta 
interface is of nearly the same energy as 


the beta-beta boundary, lead drops are 


rarely found on the former for the differ- 
ence between the alpha-beta interface and 
the alpha-lead and beta-lead boundaries 
that replace it when a lead drop occurs at 
this point is less than if the lead replaces 
either an alpha-alpha or a_ beta-beta 
boundary (Yaa — YaPh = 0.39; Yes — Yerp 


‘aPb + 
= 0.29; and Yas — Yor Ser = o.11). 
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Fic 36—(1008-r) Reet a ZINC-COPPER-ALUMINUM ALLOY (g0-6-4 Gee: AL. ANNEALED 
48 HR AT 370°C. SPECIAL CHROMIC ACID ETCHES. X 500.) 
‘Fic 38—(852-3) EUTECTOID NODULE GROWING ISOTHERMALLY IN BETA ALUMINUM BRONZE AT 
545°C. (DICHROMATE ETCH. X 500.) 
Fic 39—(886-1) PEARLITE NODULE GROWING ISOTHERMALLY IN S.A.E. 1085 STEEL AT 690° C. 
(NITAL ETCH. X 1000.) 
_ Fic 40—(879-2) DISCONTINUOUS PRECIPITATION IN BERYLLIUM COPPER (98-2-CU-BE, QUENCHED — 
FROM 825°C, REHEATED 4 HR AT 450°C. DICHROMATE ETCH. X 1000.) 
Fic 45—(593P-4) JUNCTION OF TWIN AND GRAIN BOUNDARIES IN 70-30 BRASS. (ANNEALED I HR 
AT 700°C, AMMONIA AND PEROXIDE ETCH. X 735.) 
Fic 47—(1021-1) JUNCTION OF GRAIN BOUNDARIES WITH FREE SURFACE OF ALPHA BRASS. 
, Note that grain boundaries join the surface nearly perpendicularly. (70-30 brass annealed 24 
_hr at 650°C. Surface metallographically polished before tas copperplated thereafter and 


transversely sectioned. See Fig 43. Ammonia and peroxide etch. X too.) 
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As another example of the relation of the 
six possible interface energies in a three- 
phase alloy, consider Fig 36, a Zn-Cu-Al 
alloy not far from the compositions used in 
die castings. There are approximately 
equal quantities of three phases—n and € 
as in the copper-zinc system, and B (or f;) 
as in the aluminum-zinc system, all with 
small amounts of the third element in 
solid solution. It is easy to find any combi- 


nation of phase corners for measurement. - 


The angles and the calculated values of the 
various interfaces in terms of the energy of 
the grain boundary between two grains of 
zinc-rich solid solution are given in Table 
3. The calculations were made as in the 
following example: 

Using as a basis 


Ym = 1.00 arbitrary units, 
from (3) 
Yne = 9.93 Yan = 9.93- 


This can be calculated also by an entirely 
independent route, as follows: 


from (1), Yne = 0.903 Vee 
from (1) and (6) = 0.93 oh 
oO. 
from (1), (6) and (4) = $29 0.87yp8 
from (1), (6), (4) and (2) = ©9807 
YnB 
1.00 
0.93 X 0.8 
from (1), 6), (4), (2), (5) = S98 O° 
X 0.87 nn 
= 0.95. 


The.other interface values are obtained 
each by two routes, using the groups of 
arigle measurements shown in the table, 
and performing the calculations in the 
same way as in the example given with 
Yne- The good agreement of the two inde- 
pendent values again confirms the general 
validity of the concepts used. 


In an alloy with four or more phases the 
same principles will apply. There will be 
equilibrium at the appropriate angle when- 
ever three interfaces meet. A fourth grain 
(of whatever phase) appearing at a three- 
grain corner will establish the correct di- 
hedral angle with each interface. Because 
of the existence of common sides to the 
various triangles of force, the angles be- 
tween three interfaces are not disturbed by 
the introduction between them of a fourth 


_ grain; if extrapolated within the new grain, 


all the interfaces must intersect at a point 
at the correct angles. 

In a four-phase alloy there is a possibility 
of four phases meeting along a common 
grain edge. This could occur whenever dis- 
placement would expose a fifth interface of 
higher interfacial tension than the four 
already meeting in equilibrium. 


EFFECT OF SUREACE ENERGY ON TRANS- 
FORMATION STRUCTURES 


Throughout the above discussion it has 
been assumed that the two or more phases 
coexisted in compositional equilibrium and 
that the structures were produced by the 
migration of the grain and phase bound- 
aries to reach geometric equilibrium of 
surface forces. When an alloy is not in 
equilibrium, as for example when under- 
going precipitation or transformation, 
surface energy is of paramount importance 
in determining whether a nucleus can grow 
or not, but the elastic strain energy gen- 
erally causes the interfaces to be those on 
which lattice matching can most easily 


occur. These are determined by lattice 


geometry and spacing, and the interfaces 
are not free to adjust themselves according 
to the principles outlined above, which 
assume that the energy is independent of 
the orientation of the interface. Thus, in 
normal precipitation, Widmanstatten struc- 
ture and orientation relationship exist at 
the early stages, though incoherence occurs 
when the particles reach sufficient size, and 
after extremely long annealing the plates 
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and rods of precipitate will generally yield 
to surface forces and spheroidize. 

The case of a eutectoid transformation is 
quite different from precipitation. The 


4I 


unbalanced. The short plate, A, would be 
accelerated in growth, B would be retarded, 
while C is subject to forces tending to 
deflect it as it grows. The forces probably 


Fic 37—GROwWTH OF EUTECTOID COLONY (SCHEMATIC). 


interface between the eutectic or eutectoid 
nodule and the parent phase is incoherent; 
it is essentially a grain boundary, and the 


little triangle of forces will produce varying 


effects, depending on the relative values of 
the three interfacial tensions. 

Let us consider, as an example, the A; 
transformation in steel. A possible mecha- 
nism for the first stage would be the forma- 
tion of a small plate of cementite at an 
austenite grain boundary followed by the 
parallel formation of a plate of ferrite, 
which breaks up into fingers under the 
influence of surface tension, starting from 
the periphery and exposing lines of cement- 
ite.* Along the lines where three phases 
meet, each phase will have the dihedral 
- angle required by the balance of surface 
energies and this will be maintained 
throughout subsequent growth. If the 
_ boundary between the austenite and the 
transformation products were plane, it 
would advance uniformly and the spacing 
would stay the same and the plates parallel. 
If surface forces are taken into considera- 
tion, this cannot be the case. In the exam- 
ple sketched in Fig 37, if the interface had 
_ by chance reached a position such as shown 
by the dotted line, the surface tensions at a 
three-phase junction would be completely 


* Some eutectoid constituents grow as rods, 


a rather than plates, but the following con- 


clusions will apply equally well to this case. 


do not actually deflect the interfaces al- 
ready formed, but an incorrect curvature 
will influence the transfer of atoms to or 
from a surface and thus modify the relative 
rates of growth until a proper balance is 
obtained. The surface shown by the solid 
outline is in approximate local equilibrium 
as far as surface forces are concerned. The 
interface tensions tend continually to 
deflect the advance of the cementite plates 
at the sides of the mass into a direction 
normal to the average surface at this point. 
The actual spacing is, of course, dependent 
on the speed of growth, diffusion, available 
free energy and total surface energy as 
shown by Zener.!° As the spacing between 
the plates increases on continued growth 
there will be an increased chance of an 
accidental protuberance growing into the 
region of higher carbon content and, con- 
tinually ‘advancing, to become a ‘stable 

“branch. The microstructures of partly 
.grown pearlite nodules in steel and in 
aluminum bronze (Fig 38 and 39, respec- 
tively) are consistent with this picture The 
occasional appearance of plates nearly 
parallel to the boundary is probably a result 
of the random sectioning. 

This mechanism allows a _ reasonable 
degree of interdependence of orientation 
between the various phases (for there are 
some orienting forces acting across even an 
essentially incoherent boundary) and allows 
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both phases to be continuous and of uni- 
form orientation throughout a given 
colony. The exact shape of the two final 
constituents is found to depend, however, 
on the simple geometry required by the 
angles at the advancing interface between 
the parent phase and the two new ones. 
Any accidental local circumstance changing 
the interface energy between austenite and 
either of the other two phases would result 
in changing the direction of advance of the 
boundary. This could be an inclusion, or a 
local fluctuation of strain or composition. 
Crystallographic forces are not of primary 
significance, and idiomorphic crystals or 
Widmanstatten structures are rarely seen. 
Each plate would directly influence and be 
influenced by its neighbors, and all will tend 
to be.set normal to the grain boundary of 
the nodule. 

There are not necessarily three different 
phases involved in the three grains con- 
cerned with pearlitic growth. The three 
crystals may even be of the same phase 
differing only in orientation, the effective 
interface then being a grain boundary. The 
boundary adjacent to a strained lattice 
will probably have lower energy than with 
a perfect lattice, enabling two unstrained 
grains to grow into a strained matrix in 
recrystallization in a manner somewhat 
analogous to a eutectoid. Certainly the 
analogy is very close when two phases are 
involved, one of them being represented by 
two crystals of different orientation. This is 
actually the well-known case of discontinu- 
ous precipitation. As Gayler!®’ has shown, 


discontinuous precipitation occurs when . 


the decomposing solid solution is greatly 
supersaturated—supposedly because the 
change in parameter accompanying the 
process is large enough to render extensive 
coherency of the lattices impossible. It has 
been observed by Gayler,.as well as by the 
writer,!4 Burke,!® and others, that discon- 
tinuous precipitation is accompanied by 
recrystallization of the matrix. On ap- 
propriate etching, usually there can be seen 


a perfectly normal-looking grain boundary 
defining the area in which precipitation has 
occurred. There is a sudden change: in 
composition associated with such precipi- 
tation, which is’ nothing but a reaction 


occurring by local diffusion at an advancing 


front that is identical, as far as the surface 
forces are concerned, with that delineating 
a growing eutectoid colony. The alloy 
ahead of the boundary is unchanged except 
for local composition gradients; the area 
behind it consists of two phases in equilib- 
rium, growing edgewise in coordination at 
the boundary. In many alloys the process 
is competitive with continuous precipita- 
tion in which many nuclei, different in 


composition from the matrix, will be grow-. 


ing with a low-energy coherent interface. 
This second ‘‘phase” may grow, with 
gradual depletion of the parent lattice, 
until at some time supersaturation of the 
latter is no longer sufficient to maintain 
incoherence with the equilibrium matrix 
of the same phase growing in the nodule of 
discontinuous precipitation. The nodule 
will then cease growing. Excellent examples 
of this are found in aluminum-magnesium 
alloys'® and at both ends of the silver- 
copper system (see Gayler!’ and Smith and 
Lindlief!’). Fig 40 shows similar behavior 
in the case of beryllium-copper alloys (a 
well-known example) and Fig 41 shows 
partial pearlitic precipitation in an alloy of 
zinc with 2 pct copper. In the latter sample 
continuous precipitation and long over- 
aging have given rise to a well defined 
Widmanstatten pattern in those areas not 


consumed. by the pearlitic growth. In 


beryllium-copper the ‘‘pearlite”’ grows into 
continuously precipitated areas even after 
long overaging; this could not happen if the 
particles were of approximately the samé 
size and solubility as those growing in the 
pearlitic areas. 

Another interesting example is found in 
the copper-aluminum system. Beta gives a 
normal eutectoid structure of alpha and 
gamma on, holding just below its transfor- 


; 
j 
j 


a ee ee. en be elt aie ee ee al, ee 


te i CYRIL STANLEY SMITH 43 


mation bemperattire: If it is rapidly cooled martensite. If one chooses to call mar- 
to below 38 5 C it undergoes a diffusionless __ tensite supersaturated alpha, this is an- 
transformation to a form of martensite. As other case of discontinuous precipitation— 


Hs LA 
NC \: WAG ‘ 


‘Fic 41—(883-1) PEARLITIC AND WIDMANSTATTEN PRECIPITATION COMPETING IN ZINC COPPER 
;. Xie) 2 ZN-Cu. ANNEALED 24 HR AT 400°C, REHEATED 24 HR AT 250°C. PALMERTON ETCH. 
_ X 500 

. Fic 42—(882-1) JUNCTION OF TWO PHASES FORMED BY DIFFUSION: DEZINCIFIED SURFACE OF 
ze ALPHA-BETA BRASS (60-40 Cu-ZN. ANNEALED IN AIR, 24 HR AT 650°C. AMMONIA AND PEROXIDE 
_ETCHES. X 150). 

a Mack?# has shown, if such quenched alloys edgewise growth of equilibrium alpha and 
are annealed for prolonged periods at about gamma phases with their interfaces in local 
375°C, a pearlitic structure appears, ob+ equilibrium at a boundary advancing into 
pty exowing at the expense of the the martensite. The spacing of the resultant 
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alpha plus gamma is larger than it would be 
had they transformed directly from beta at 
the same temperature, for the available free 
energy is less. Otherwise, the structure is 
very similar. 

A freshly formed eutectoid structure will 
consist of plates or rods of one constituent 
in a matrix of the other. Both phases will be 
in continuous crystals of the same orienta- 
tion throughout a single colony. Because 
there are no grain boundaries in either 
phase, except at the colony boundary, the 
phase in smallest amount will tend to 
spheroidize. Because a plate is unstable 
only at the edges, while a rod is unstable 
whenever its length exceeds its diameter, a 
rod will spheroidize more rapidly. Spheroid- 
ization may occur even in the first parts to 
form while the colony is still growing, giving 
rise to a discontinuous structure. The 
eutectic or eutectoid structure does not 
result from discontinuous or alternate cry- 
stallization of the two phases. 

While continuous precipitation would 

tend to be crystallographically orientated, 
discontinuous precipitation, like eutec- 
toidal decomposition, is not so shaped. 
Thus platelets deposited by continuous 
precipitation should show a typical Wid- 
manstatten structure with changes of direc- 
tion at twin boundaries in the matrix, 
while those resulting from discontinuous 
precipitation, like those resulting from 
eutectoidal transformation, should ignore 
twins, and be sensitive only to grain 
boundaries. It is well known that pearlite 
in steel shows no influence of the austenite 
twins. 
If a particle of a precipitate forms at a 
grain boundary but grows into the body of 
the grain at an angle determined by strong 
orientation relationships, it may cause the 
grain boundary to follow it. This seems to 
be the reason for the jagged grain bounda- 
ries that are often observed in magnesium 
alloys on air cooling.!® 

The interface between two phases formed 
by gross diffusion from a plane surface will 


also be affected by the surface forces. It will 
not be plane, but will consist of a series of 
more or less curved faces joining the pointed 
apices formed wherever a grain boundary 
in either phase meets the interphase 


boundary (Fig 42). The dihedral angle will, 


of course, be the same as in a grossly uni- 
form alloy containing the same two phases. 


DEPENDENCE OF GRAIN BOUNDARY 
ENERGY ON ORIENTATION DIFFERENCE 


As Desch!* and others have shown, the 
geometry of the network of grain bound- 
aries in single phase metals and alloys 
does not differ greatly from that of a 
froth of soap bubbles. Thompson,?° Lewis,” 
Matzke,?? and others have shown that the 
cells in animal and vegetable tissue are also 
similar in many respects. Lewis shows 
drawings of cells in both elder pith and 
human fat that a metallurgist would 
immediately accept as sketches of isolated 
metal grains. In all three cases we are con- 
cerned with a similar system of forces 
and the geometry results from. the at- 
tempt to achieve minimum surface energy 
from the various intersecting and inter- 
acting surfaces. 

The fact that drops of liquid within single 
metal grains, as in Fig 17, are generally very 
close to spherical indicates that the crys- 
tal/ liquid interfacial tension does not vary 
much with orientation, at least in the case 
of metals of cubic structure. The lack of 
sudden changes of direction at grain bounda- 


ries in the typical annealed metal shows | 


that these, too, cannot be highly sensitive 
to orientation changes. There is, however, 
some effect of orientation and a quantitative 
study of it will prove to be a most powerful 
touchstone in determining the validity of 
various theories of the grain boundary. 
The spread of dihedral angles around 
120° is relatively large even with two 
dimensional grains grown entirely through 
the specimen, so that the true intersection 
is normal to the surface studied (see the 
frequency curves of Fig 43A). A random 
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section through a three dimensional sample 
also shows greater than the theoretical 
spread of measured angles for @ = 120° 
(compare Fig 6 and 43B). 
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SURFACE. 


The extremely small energy of the twin 
boundary in annealed face-centered cubic 
metals in relation to the grain boundary is 

deduced from the fact that a twin can meet 
a grain boundary at virtually any angle 
without much deviation of the latter. Were 
the twin to have even as little as one tenth 
the grain boundary energy, the junction 
would appear as at a in Fig 44, the angle 

between the two branches in the grain 
boundary there being 174°. This structure 
never occurs in metals that have annealing 
twins; indeed such a structure is obviously 
: unstable, for the twins would be drawn 
together without hindrance and would 
_ disappear. However, inspection of grain 
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boundaries does disclose a number of twin/ 
boundary intersections where the boundary 
slightly but sharply changes its direction. 
There are equal numbers of angles greater 
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Fic 43—FREQUENCY OF OBSERVED ANGLES AT GRAIN CORNERS IN SINGLE-PHASE ALPHA BRASS. 
_ A = GRAIN CORNER ANGLES MEASURED PARALLEL TO THE SURFACE IN A THIN SHEET (0.1 MM THICK, 
0.12 MM GRAIN SIZE); B = DISTRIBUTION IN RANDOM SECTION THROUGH CENTER OF SAMPLE (0.15 
_ MM GRAIN SIZE, 5 MM THICK); C = INCLINATION OF BOUNDARIES AT POINTS WHERE THEY JOIN THE 


and less than 180°, as illustrated in the 
micrograph, Fig 45, and diagrammatically 
at 6 in Fig 44. If we persist in applying the 
concept of a local triangle of forces between 
the interface tensions, the energy in the 
twin boundary in some of the junctions is 
negative, corresponding to a surface com- 
pression, which is clearly impossible. The 
difficulty is resolved, however, if we take 
the twin boundary itself to be of negligible 
energy but assume the grain boundary 
tension to vary slightly and smoothly with 
the orientations of the adjacent grains, 
perhaps in some such manner as in Fig 46. 
A boundary will then deviate slightly 
from the minimum-area position between 
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the grain edges concerned in order to 
approach the direction of minimum energy. 
It will show slight preference for certain 
directions, though this will not be notice- 


Fic 44—HvypoTHETICAL FORMS OF JUNC- 
TION OF TWIN BOUNDARIES WITH THE GRAIN 
BOUNDARY. 


able without careful measurements unless 
there is a discontinuity in the curve of 
energy vs. grain boundary direction for a 
pair of grains of fixed orientation difference. 
At those points where a twin in one grain 
joins the boundary there is a sudden 
change in grain alignment and the energy 
of the boundary does change discontinu- 
ously, for example, from a to b in Fig 43. 
There are forces deflecting the boundary in 
opposite directions on the two sides of the 
twin; the total energy is therefore less if the 
grain boundary adopts the zigzag course 
observed. 

This effect, small though it is, is actually 
of importance, for it is responsible for the 
very existence of annealing twins. If it did 
not exist, the twin boundaries would either 
stay where they were first formed until 
the boundary of a growing grain en- 
countered and engulfed them, or the twins 
would disappear under the influence of 
their own surface tension. The latter 
behavior is actually observed on annealing 
most metals that form deformation twins, 
for example, iron, zinc, and magnesium, A 
normal annealing twin that has once formed 
must lengthen with the movement of the 
boundary that it joins, otherwise it would 


form a new interface of high energy. It is 
also easy for a twin to grow in a direction 
normal to the twinning plane if its edges 
become unstable. If, as in Fig 44, the twin 
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W 

Fic 46—HyYPOTHETICAL VARIATION OF SUR- 
FACE TENSION WITH ORIENTATION OF A GRAIN 
BOUNDARY BETWEEN TWO GRAINS OF FIXED 
ORIENTATION NOT IN TWIN RELATIONSHIP. 
exposes a high energy face at the grain 
boundary, the twin boundary will be 
drawn in a direction to decrease the area of 
this surface. The twin, however, must 
maintain a plane surface and it is unlikely 
that it can continue to move transversely 
until it disappears at the side of the grain 
for it cuts many other faces of the grain and 
will establish a position of equilibrium 
where the total energy of all the faces con- 
cerned is a minimum. Because of the 
abrupt change in energy on moving from 
one face of a grain to another, there will be 
a tendency for twins to be associated with 
grain edges, more closely so as the direc- 
tions of the twin and edge approach each 
other. As grain faces and edges move during 


growth, the twins must move with them. 


It is well known that approximately the 
same number of twins per grain and the 
same general geometry are maintained in 
large grains as in small ones, a fact that cer- 
tainly suggests a mechanism such as the 
above where boundaries and twins grow 
proportionately together. If this view is 
correct, a spherical grain should have no 


mechanism for keeping its twins. The twin | 
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frequency is actually observed to be less in 
materials which have been annealed above 
the solidus to surround the grains by liquid 
and remove their sharp edges, as well as in 
annealed brasses of high zinc content where 
small grains of the alpha phase are entirely 
surrounded by large grains of beta phase, 
without grain boundaries. 


GRAIN GROWTH 


Let us consider the role of surface tension 
in grain growth in single phase alloys. The 
geometry of grain boundaries in a poly- 
crystalline metal is similar to that of a mass 
of soap bubbles. In both cases there is in- 
herent instability introduced by the curva- 
tures that are necessary to reconcile the 
edge and corner angles with the number of 
lines and points of contact in a random 
assembly of grains. This leads to growth 
whenever there is a mechanism whereby 
surfaces that are not plane can move to- 
ward their center of curvature. This was 
suggested by Harker and Parker,? al- 
though their model needs some amplifica- 
tion. They believed that a stack of rhombic 


_. or trapezoidal dodecahedra met their 


specifications for a stable shape: Actually 
only eight of the fourteen vertices of a 
dodecahedron are correct, and at the other 
six vertices there are six cells and twelve 
boundaries meeting at a point in the stack, 
a condition of manifest instability. The 
only truly stable shape of grain is the 
minimum-area tetrakaidecahedron (cube- 


plane four-sided faces and eight doubly- 
: curved hexagons of zero mean curvature. 
There are 36 edges of equal length (all 
curved) and 24 vertices, at each of which 
_ three edges meet. It will fill space on a 
_ body-centered-cubic packing. Four. cells 
‘meet at each vertex and the angles every- 
where meet the surface tension require- 


_ ments. A cross-section through a stack of 


such stable grains would not show all 
_ boundaries as straight lines. It is the mean 
curvature 1/7; + 1/72, where 7; and 72 are 


octahedron) of Lord Kelvin.?? This has six, 


the radii measured at right angles to each 
other at any point in the surface) that is 
significant in grain growth, not the appar- 
ent curvature in any one plane. 

Growth of bubbles in a froth is a result 
of the diffusion of gas through the walls of 
the smaller, more convex, high-pressure 
bubbles into their neighbors. This causes 
gradual readjustment until two adjacent 
faces are brought in contact at an unstable 
angle, whereupon there is rapid readjust- 
ment of the boundaries to conform to the 
new requirements. Growth in such a froth, 
and grain growth in metals, is a highly dis- 
continuous process, not a continuous one. 
In a soap froth the ideal structure from 
which no further growth will occur cannot 
be achieved unless the boundary of the 
mass has fixed ridges of the correct geom- 
etry to anchor the films in conformation to 
the ideal geometry of the uniform-sized 
tetrakaidecahedra. An incorrect number of 
edges to just one face of any one of the 
polyhedra renders the whole structure un- 
stable and movement will continue until 
the froth has been replaced by a few flat 
films between available boundary points. 

It is obvious from the discussion in the 
earlier part of the paper that an inclusion, 
particularly one of low dihedral angle, will 
tend to become attached to a grain bound- 
ary. If the inclusion is rigid and insoluble, 
it will effectively anchor the boundary 
locally. If a moving boundary encounters 
such a particle, it will locally cling to it, 
causing a dimple in the surface, until the 
motion elsewhere has proceeded sufficiently 
far to cause it to break away. If there is a 
sufficient number of particles, even a 
strongly curved boundary will be unable to 
move and it is easy to see that there must 
exist a definite relation between the number 
and size of inclusions and the minimum 
curvature that can move. Clarence Zener?! 
has treated this concept semiquantita- 
tively in the following manner. 

The driving force for grain growth is 
provided by surface tension and is quanti- 
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tatively equal to y/R, where R is the net 
radius of curvature of the grain boundary. 
The restraining force for each inclusion of 
radius r is 2mry sin w cos w where w is the 
angle between the average surface of the 
grain boundary and the surface at the 
point where it joins the inclusion. For a 
maximum restraining effect, w is 45° and 
sin w cos w, 14. The total restraining force 
acting on the boundary is the m,rry, where 
n, is the number of inclusions per unit area 
of grain boundary. Equating this to the 
driving force, we get as a condition for 
equilibrium that mu.rR = 1. The surface 
density, 7,, is approximately 2,7 where n, is 
the number of particles per unit volume, or 


(ari ona where f is the fraction of the total 
8 


volume occupied by inclusions. Combining 


these relations we then have 2 ~ i 

This, of course, is only an approximation, 
since inclusions are assumed to be spherical 
and of equal size and random distribution. 
It ignores the effect of inclusions located at 
grain edges and vertices, which must be 
more effective than at a surface. Neverthe- 
less, to a first approximation, one can 
anticipate a definite relation between 
curvature of boundary (virtually equal to 
the grain size), the size of the inclusions, 
and the fraction of the total volume occu- 
pied by the inclusions. If a metal contains 
one percent by volume of inclusions, the 
grains cannot grow to a size more than 
approximately a hundred times that of the 
inclusions. 

The only condition that would reduce the 
effect would be if the inclusions were angu- 
lar in shape and had all their surfaces 
inclined at angles greater than 45° to all 
grain boundaries. If an inclusion can 
change its shape and establish a dihedral 
angle lower than 180° where it joins the 
boundary, its effect will obviously be 
greater than a spherical one of the same 
volume. Moreover, particles that appear as 
a result of transformation or precipitation 


are likely to be concentrated at the grain 


boundaries. If inclusions are not absolutely 


rigid but can move somewhat, they will be 
collected on a grain boundary and move 
with it as it progresses. J. E. Burke has 
pointed out?® that in the case of slightly 
soluble inclusions those located at a grain 
boundary will tend to grow at the expense 
of the ones in the body of the grain. For 
this reason, if a grain boundary temporarily 
stops moving because of a change of its 
edge geometry or otherwise, it will require 
more force to move it again than if it had 
continued in motion. Any factor tending 
to encourage collection of minor constitu- 
ents of any kind at a grain boundary will 
decrease the grain size at which the bound- 
ary can no longer move 

On this picture, temperature does not 
change the relation between stable grain 
size and inclusion size although it does 
greatly affect the rate of approach to 
equilibrium. It will, however, have an 
effect on the rate of redistribution of inclu- 
sion material, and in many cases a higher 
temperature will result in complete solution 
of a material that had previously restricted 
growth. 

As curvatures become less as growth 
occurs, there is also higher possibility that 
boundaries may be hung up on the slight 
energy hills caused by variation of surface 
energy with orientation of the boundary. 
All these factors can combine to produce the 
slowing and eventual cessation of normal 
.growth when grains have reached a certain 
size, as observed by Beck,?* Burke,?® and 
others. Beck has also observed that grain 
growth stops when the grains have reached 
a size commensurate with the thickness of 
the piece being annealed. A decrease in 
growth rate would be expected on a two- 
dimensional basis because the curvatures 
are less and because there is a decreased 
number of edges on the average grain (6 
instead of 36) which can lead to instability 
of the adjacent faces on their disappearance. 

The behavior of grain boundaries at a 
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surface is striking evidence of the signifi- 
cance of surface energy and the general 
legitimacy of the analogy with soap films. 
A grain boundary always meets the surface 
of a piece of metal nearly perpendicularly 
(Fig 47) just as soap films meet a clean 
surface. Observed on the surface, the grains 
adopt a geometry not far from the ideal 
one in which boundaries join only at the 
true angle of 120°. This behavior can be 
seen in the distribution curves A and C 
of Fig 43. It is assumed that the slight 
deviations from ideal geometry result from 
variation of boundary energy with the 


_ orientations of the adjacent grains. 


SomE PRACTICAL APPLICATIONS 


Since the shape of microconstituents is a 
predominant factor in determining the 
physical properties of an alloy, it is obvious 
that there are almost no alloys in which 


_ surface tension is not of some importance. 
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The practical value of varying dihedral 


_ angles in connection with the control of the 
effect of impurities has already been indi- 


cated. The different behavior of various 
sulphides and oxides in steel can be ex- 
plained directly in terms of. surface energies 
and can be intelligently modified by 


proper understanding of the factors de- 


termining their distribution. 
The principles discussed should be of 
practical value to the powder metallurgist. 


Tt is well known that the interstices of a 


porous solid compact will be filled with a 
liquid if the surface contact angle is less 


than go°. The dihedral angle against a 


grain boundary is equally important. A 
mass of polycrystalline lumps will be dis- 


integrated, not sintered together, by a 
_ liquid of zero dihedral angle, though capil- 


lary action will hold the mass as a whole 
together. A liquid of positive dihedral 
angle will act very differently from one 
with @ =o. In the case of a two-phase 
solid alloy made by powder metallurgy 
methods, the area of contact across which 
diffusion can occur will vary greatly with 
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the dihedral angle. The chance for grain 
growth will be greatly affected by impuri- 
ties. The production of an alloy with con- 
nected channels, as in porous bearings, or 
with a continuous network of a given 
constituent, is possible only with the 
proper dihedral angle. It should be possible 
to produce porous bearings equivalent to 
the powder metallurgy product by dis- 
placing the liquid from a fine-grained 
alloy made by conventional casting meth- 
ods, or by annealing a fine-grained worked 
alloy above its solidus. 

The cracking of stressed metals in con- 
tact with molten solder or brazing solder is 
a direct result of low dihedral angle. Mer- 
cury will not crack steel as it does brass 
under stress, but brazing solder will crack 
either and molten lead neither. It should be 
possible to design a brazing alloy of high 
dihedral angle which would avoid com- 
pletely the dangers of intercrystalline pene- 
tration and cracking, although such an 
alloy may have somewhat impaired wetting 
properties. : 


CONCLUSION 


Despite the importance of surface tension 
effects in determining microstructure, it is 
not to be assumed that they are solely 
responsible for metal structures. Under 
many treatments time would be insufficient 
to achieve equilibrium of surface forces 
except in the immediate vicinity of the 
boundary. Concentration gradients will 
often intervene and inclusions will produce 
local distortion of the structures. The 
influence of residual strain in worked metals 
may also be significant. Though in alloys 
undergoing transformation, surface forces 
are of great significance, equilibrium 
dihedral angles are rarely obtained because 
coherency makes the surfaces strongly 
dependent on orientation. This effect, 
which has barely been discussed in the 
present paper, will certainly be found to be 
important in many cases, even including 
some two-phase alloys after working and 
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prolonged annealing. In fact, the structure 
of alpha-beta brass containing a small 
amount of beta (Fig ir) shows many 
straight boundaries and an abnormally low 
dihedral angle, a fact that can only indi- 
cate some such orientation dependence. A 
far more elaborate analysis than has: been 
given herein is necessary in elucidating such 
structures. 

The above discussion has been based on 
relative values of interfacial tensions. No 
absolute values are known even for the 
energies of a metal crystal in equilibrium 
with its vapor,,much less for grain and 
interphase boundaries, and no method at 
present available seems to be capable of 
determining this with any accuracy. Grain 
boundary surface energies are certainly 
small compared with those of free crystal 
surfaces. The ratio can be determined by 
measuring the dihedral angle of the groove 
formed where a grain boundary meets the 
surface. 

No attempt has been made to cite all 
the literature dealing with surface tension 
of metals. Many writers have considered 
the role of surface tension as a driving 
force in grain growth, and a few have even 
contended that it is not important. The 
preferential adsorption of constituents at a 
surface—well known in aqueous systems— 
must result in the composition at the grain 
boundary being somewhat different from 
the body of the grain and must modify the 
surface tension composition relations. The 
significance of this has been discussed at 
length by Benedicts?? who believed that 
such adsorption is the primary reason for 
the effect of impurities on grain growth 
behavior. 
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Preferred Orientations in Drawn and Annealed 70-30 Alpha Brass 
Tubes* 


By WALTER R. HipBarp, JR.,f JuNiIoR Memper AIME 
(Chicago Meeting, October 1947) 


ALTHOUGH extensive pole figure studies 
have been reported by Brick! and others?»® 
showing preferred orientations in rolled 
and annealed 70-30 alpha brass, and by 
Hermann and Sachs‘ in 70-30 alpha brass 
cups, comparatively little information 
has been published on textures in drawn 
70-30 alpha brass tubes. Crampton® re- 
ported a (110), [111] texture in drawn brass 
tubes based on selected individual X ray 
photograms following the method of 
Norton and Hiller,* but the extent and 
ease of developing this texture and the 


annealing texture have not been reported | 


and pole figures of these structures were 
not found in the literature. 

The present investigation was further 
stimulated by the possible influence of 
textures on the mercury stress-corrosion 
cracking of brass tubes. According to 
Snoek,’? iron-nickel alloy sheet with a 
strong cubic texture was more resistant to 
corrosion than a randomly oriented sheet. 
Crampton? reported that single crystals of 
70-30 alpha brass drawn into tubes did 
not crack after 24 hr in a standard mer- 
curous nitrate test. Edmunds}? found 
that single crystals of 70-30 alpha brass 
did not crack in a standard mercurous 
nitrate test but did crack when subjected 
to ammoniacal vapor. Wasserman! re- 
ported a similar failure of a single crystal 
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*From part of a dissertation presented to 
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lurgy, Yale University, New Haven, Conn, 
1 References are at the end of the paper. 
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of brass in ammonia. A tube with a strong 
texture might approach single crystal 
behavior and tend to resist mercury crack- 
ing if the differences in orientation between 
adjacent grains were sufficiently slight. 


PREPARATION OF SPECIMENS 


Crampton’s® tubes drawn 28 pct reduc- 
tion in area developed a slight degree of 
preferred orientation while in tubes drawn 
48 pct it was more marked. Based on this 
information, in order to obtain specimens 
with markedly different degrees of pre- 
ferred orientation but with the same 
final draw, two sets of 70-30 alpha brass 
tubes were made following the mill 
schedules shown in Table 1. The final 
draw involved a large reduction in outside 
diameter, and a ratio of reduction in area 
to reduction in outside diameter similar to 
that reported by Crampton,®!° to cause 
mercury cracking of brass tubes. The 
brass contained 71.31 pct copper, o.o1 pct 
lead, 0.01 pct iron and zinc by difference. 


DETERMINATION OF POLE FIGURES 


A 6-in. length from each tube was 


rotated rapidly by an electric stirrer in 


25 pct nitric acid until the gauge was 
reduced to 0.003-0.005 in. The tubes 
were carefully cut longitudinally and the 
walls gently flattened. They were further 
etched in 25 pct nitric acid to 0.0015 in. 
thickness and (111) pole figures were deter- 
mined using copper K-alpha radiation in 
the manner described by Brick.! 

The three general types of pole figures 
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obtained are shown in Fig 1 to 3. The 
texture in Fig 1 was found in tube 1-D 
after 24.5 pct reduction in area. After 
annealing, tube 1-A had a texture very 


AREA. 


similar to that of Fig 2 except for slightly 
smaller barren areas and blunter intense 
aréas in the drawing direction. After the 
final 43.6 pct reduction in area, a texture 
was found in tube 2-D very similar to that 


Fic 1—DRAWN 24.5 PER CENT REDUCTION IN 
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in the drawing direction extended nearly 
half way to the center of the figure. 

The texture shown in Fig 3 was de- 
veloped in tube 3-D after 70.3 pct reduction 


Fic 2—DRAWN 70.3 PER CENT REDUCTION 
IN AREA AND ANNEALED TO 0.040 TO 0.050 MM 
GRAIN SIZE. 


- See explanation under Fig 3. 


in area, and Fig 2 shows the texture after 
annealing, tube 3-A. After the final draw 
of 43.6 pct, the texture of tube 4-D was 
similar to Fig 3 and the same as that of 
tube 2-D. 


_ of Fig 3 except that the intense areas The orientations of these textures may 
% TABLE 1—Mill Schedule 
e- 
e- Outside | Inside 
“4 : : Area Re- 
- Sched-| Oper- Diam- Diam- Gauge , 
a ule ation eter, eter, Inches gaction Remarks 
b Inches Inches 
i A Annealed} 0.875 0.727 0.074 Commercial rill practice 
- Draw 0.750 0.620 0.065 ZATSe Weaees- 1-D 
o . _ | Annealed to 0.040—-0.050 mm. average diameter grain size I-A 
Taw: 0:563 0.465 0.049 43.6 24.9 _2-D 2 
Z B Annealed| 1.000 0.630 0.185 Commercial mill practice 
5 Draw 0.750 0.620 0.065_ Se 25.0 3-D 
F. _| Annealed to 0.040-0.050 mm. average diameter grain size 3-A 
4 Draw | 0.563 0.465 0.049 43.6 24.9 4-D 
= 
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54. PREFERRED ORIENTATIONS IN DRAWN AND ANNEALED 70-30 ALPHA BRASS TUBES 


best be rationalized from Fig 3, since Fig 1 
and 2 may be considered partly developed 
and partly randomized variations of it, 
respectively. In Fig 3, the solid triangles 


Fic 3—DRAWN 70.3 PER CENT REDUCTION IN 
E 


AREA. 

(ttt) Pole figures of drawn and annealed 
70-30 alpha brass tubes. Solid triangles are 
ideal (110), [111] orientations which with the 
solid connecting lines become the ideal [111] 
fiber. Solid squares are ideal (110), [oor] orienta- 
tions and open and solid circles are 45° rota- 
tions of the (110), [oor] orientations about the 
transverse [110] axis. DD indicates drawing 
direction. 
in the drawing direction and the heavy 
lines containing solid triangles indicate 
the ideal orientation for a [111] pole parallel 
to the drawing direction and a random 
orientation around this pole as: an axis. 
This orientation predominated the texture. 
The solid squares indicate the ideal (110), 
[oor] orientation, which was further con- 
firmed by intensity areas on the (002) 
Debye rings of photograms taken at 
angles covering the drawing direction. 
This was the secondary texture and, in 
addition, might be rationalized as the 100 
pole parallel to the drawing direction and a 
random orientation around this pole as an 
axis, if the secondary intensity regions 
along the zones connecting the three 
transverse solid squares are considered. 
In this latter interpretation, the tube draw- 


ing texture becomes the same as the wire 
drawing (fiber) texture as reported by 
Goler and Sachs,® with the [100] fiber about 
one-third as intense as the [111] fiber. This 
interpretation agrees with the findings 
of Norton and Hiller® in seamless steel 
tubes, where the wire texture was obtained 
when both the circumference and the gauge 
were about equally reduced. To complete 
the rationalization, the open circles and the 
solid circles were located by rotating the 
(110), [oor] orientation 45° about the trans- 
verse 110 axis, clockwise and counter- 
clockwise respectively. These rotations 
do not place any low index poles in the 
drawing direction or low index plane 
tangent to the tube surface, but were 
chosen in view of the mechanical angle 
involved and because they fit the texture. 


Mercurous NITRATE TESTS 


Although the attempt to develop two 
tubes with markedly different degrees of 
preferred orientation and the same final 
draw was unsuccessful, three 6-in. lengths 
were carefully cut from each of the hard 
tubes and, after deburring, were subjected 
to the standard mercurous nitrate test® 
for 5o hr. None of the tubes cracked in 
solution or developed cracks when dropped 
on the cement floor. In view of the heavy 
reductions in diameter involved, which 
should be conducive to mercury cracking, 
there is an indirect indication which leads 
to the speculation that the presence of a 
preferred orientation might have increased 
the resistance of the tubes to intergranular 
cracking. 

This evidence is further supported by 
Snoek’s’? experiments on iron-nickel alloys, 
Edmund’s™ test of a brass single crystal 
and Crampton’s® tests of single crystal 
brass tubes. It is also interesting to note 
that in Crampton’s investigations two 
drawn tubes (8 and ro) which developed 
preferred orientations did not crack in 
mercurous nitrate although this was 
explained on another basis in his paper. 
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This speculation leads to the hypothesis 
that the mercury-corrosion cracking re- 
_ quires a localized area, such as around a 
grain boundary, which is highly susceptible 
to concentrated corrosion attack. The 
resulting notch effect raises the unit 
internal stress in, this area above the 
- strength of the metal and causes cracking. 
If there are no grain boundaries (a single 
crystal) or if the orientations of adjacent 
grains are sufficiently similar (a marked 
preferred orientation) to minimize the 
susceptibility of the grain boundary area 
to localized corrosion attack, the tendency 
__ of such metal toward intergranular cracking 
might be reduced markedly. An investiga- 
_ tion of these indications in alloys subject 
_ to intergranular cracking of the mercury 
__ type might be of some interest. 
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2 SUMMARY 

Preferred orientations in drawn 70-30 
alpha brass tubing were rationalized on the 
basis of a double texture with the [111] 
pole and the [100] pole parallel to the draw- 
ing direction and a random orientation 
about these directions as an axis. This 
texture is similar to the fiber found in 
drawn alpha brass wire. Partially developed 
textures were found at 24.5 pct reduction 
in area and were fully developed at 43.6 pct 
- reduction in area. Annealing textures 
‘were found to be partly randomized 
variations of the drawing texture. 

Hard drawn tubes with well developed 
textures did not crack when subjected to 
the standard mercurous nitrate test in 
‘spite of heavy reductions in diameter 
thought to be capable of causing failure. 
On the basis of this and other evidence, 
some speculation is presented as to the 
role of preferred orientations in reducing 
‘the tendency of metals toward inter- 
_ granular cracking of the mercury type. 
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DISCUSSION 


(F. H. Wilson presiding) 


H. P. Crorr*—Professor Hibbard’s paper 
presents a very interesting theory concerning 
the influence of texture on the tendency of 
brass tube to stress-corrosion crack. I should 
like to present the result of some work done in 
1941 which may throw further light on the 
subject. 

In the first place, in regard to his review of 
the influences of grain boundaries, we not only 
confirmed the findings which he quoted, but 
also were unable to crack single crystals of 
beta brass in the standard mercurous nitrate 
test in 50 hr under loads up to 18,500 psi. 
Samples containing two or more crystals of 
beta brass always cracked at grain boundaries 
and generally followed the same pattern as for 
alpha brass, although cracking occurred sooner 
than in alpha brass under the same conditions. 
Such a specimen is shown in Fig 4. 

Second, at the possible risk of repetition, we 
should like to call attention to the reported role 
of grain size as influencing the tendency to 
stress-corrosion crack. This phenomenon, 
originally mentioned by Dr. Allan Morris in 
the Transactions, AIME, 1931, is illustrated in 
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Fic 4—Brass CONTAINING BETA GRAINS SHOWING CRACK AT GRAIN BOUNDARY. 


CRACKING TIME - SECONDS 


10 20 30 


EFFECT OF GRAIN SIZE ON CRACKING 
TENDENCY -1N MERCUROUS NITRATE 
OF BRASS WIRE COLD WORKED BY 
STRETCHIN 
ARE 


G. REDUCTION OF 
A = 21 PERCENT. 


40 50 * 60 70 


EXTERNAL LOAD - 1000 PS| 
Fic 5—EFFECT OF GRAIN SIZE ON CRACKING TENDENCY OF COLD WORKED BRASS. 


Fig 5, showing the effect of variations in grain 
size on the tendency of drawn brass wires to 
crack under load in the mercurous nitrate 
solution. This was taken from my work pub- 
lished in Proceedings A.S.T.M. 41, (1941), 905. 


Third, referring to the comparison of Pro- 
fessor Hibbard’s results with those of Dr. 
Crampton, I believe that analysis of some of 
the latter’s results will show why a tube men- 
tioned in the present author’s work did not 
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“crack. From Dr. Crampton’s work, it has been 
deduced that the greater the percentage of wall 
reduction in the drawing of any tube, as 
compared to the percentage of diameter reduc- 
tion, the less the tendency to crack. One series 
of results from his Table No. 5 in the 1930 


paper, is as follows: 


a ‘ a ade for 
iameter auge racking in 
pemple Pct. Pct — Mercurous 

Reduction Reduction Nitrate 

Solution 

B18 23 7 0.32 min. 
B19 23 19 0.35 min. 
B2 23 31 Over 150 hr 


_. From this and similar data, it has been con- 


cluded that if the pct reduction of the wall 


_ equals, or is greater than, the pct reduction of 


ed 


the outside diameter, the resistance to failure 
in the mercurous nitrate test will be quite high. 
This is brought out in Dr. Crampton’s sum- 
mary. In Professor Hibbard’s tables, the per- 
centage gauge reductions were practically the 
equivalent of the diameter reductions and, 
consequently, it is not surprising that failure 
did not occur in the mercurous nitrate test. 
In regard to the effect of preferred orienta- 
tion on the tendency to crack, some work on 


_ this was not included in my 1041 A.S.T.M. 


ws 


paper, but was recorded at that time as follows: 
Preferred orientation is best produced by 
extreme cold working, either with or without 
a final anneal. The structure which results from 
such treatment is with the (111), or octahedral, 
direction in the direction of drawing, and the 
(110), or rhombohedral, direction radially 
oriented. When the preponderance of the 
crystals is so oriented, the preferred orientation 


is indicated by the parallelism of a large num- 


ber of twins. 


This preferredness in the direction of the 
twins affords a means of quantitatively estimat- 
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‘ing the degree of preferred orientation. A 
micrograph of a large number of grains (200- 
400) is subjected to a statistical count in which 
the numbers of twins that lie between o and 1°, 

rt and 2°, and so on, up to 179 and 180° are 
plotted. Arbitrary divisions of intensity are 
scaled off, and the angles between which these 

intensities lie are plotted stereographically. A 
second micrograph, taken on a different plane 

of the metal, is taken and plotted in the same 
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way as the first. The one stereographic projec- 
tion is then rotated on the other according to 
the angle between the two planes of the two 
micrographs. 

However, in this study, the accuracy of the 
mercurous nitrate test is certainly not better 
than 10 pct, and probably not that. Conse- 
quently, the method which was adopted for 
determining the degree of preferred orientation, 
in this case, was one which lacks the accuracy 
of the above method, but may be considered 
sufficiently exact for this work. A large number 
of grains were counted (Table 2) and plotted, 
as shown in Fig 6. The number of grains 
counted, divided by the angular interval used, 
will give the number of grains per interval for 
randomly oriented material. The degree of 
preferredness can be calculated from the ‘‘inte- 
grated” height of the distribution curve above 
the randomly oriented basal line at those posi- . 
tions which would be expected from the known 
orientation. 

For this work, a billet of wire, analyzing: 
Copper—70.53, lead—o.o3; iron—o.o1, zinc 
(by difference)—29.41 pct, was extruded on 
0.625 in. and cut into three sections known as 
D, E, and F.-Coil F was to be the randomly 
oriented piece, and Coils D and E were to have 
as great a degree of preferredness as could be 
obtained by using commercial reductions and 
anneals. Since there has always been a question 
as to the properties obtained by drawing wire 
through successive operations continually from 
the same end, as against reversing the direction 
of drawing each time, Coil D was drawn always 
in the same direction, while the direction of Coil 
E was reversed for every draw. The reductions 
and physical properties of the drawn coils were 
as shown in Table 3. Coil F was intentionally 
drawn heavier after the last anneal, so as to 
insure that any difference in the tendency to 
crack, caused by slight variations in the final 
reduction, would err on the side of causing the 
randomly oriented Coil F to be more susceptible 
to cracking. Table 2 and Fig 6 give the orienta- 
tion count. 

Cracking times under standard testing con- 
ditions are illustrated in Fig 7. The chart shows 
that the wire having the preferred orientation 
has a greater tendency to crack than that 
which is randomly oriented. There is not 
enough difference between the properties and 
cracking times of Coils D and £ to indicate that 
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TABLE 2—Longitudinal Orientation Counis—Angle with Axis (+ —) 0.100 Wire 
Wire D 126/203—62.1 pct Wire E 163/251—64.9 pct Wire F 
244 Grains 277 Grains 227 Grains 
203 Twins:126 Preferred 251 Twins:163 Preferred 190 Twins 
Angle + | — |Angle}] + | — | Angle} + | — | Angle} + | — | Angle] + | — |Angle) + | — 
— 2... eS — 
0° 46° I I 0° 2 46° I O° 2 46° a 
I I I 47 I I 47 I 47 2 
2 48 2 I I 48 2 3 I I 48 I I 
3 I 49 I 3 I I 49 I 3 I I 49 2 
4 I 2 50 I 4 I I 50 I 4 I I 50 2 I 
5 I 51 5 I 51 5 I 2 51 
6 I 52 6 I 52 2 2 6 . 52 I 
7 Te 6s I 7 ry fae lea? ples: 7 53 I 
8 2 I 54 8 ve 2 54 8 I I 54 2 
9 I 2 55 2 9 2 I 55 I 9 AY) 2 I 
10 2 56 10 I 56 I 10 I 50 2 
II 57 s2 Il I 3 57 II 3 ST I I 
12 I 4 58 12 I 58 I 2 12 2 I 58 2 
13 I 3 | 59 13 I I 59 I I 13 I 59 I 
14 x. I 60 I I 14 I 60 14 I I 60 2 
15 6r 15 61 I 15 I 61 2 
16 62 I 16 62 x I 16 I ma 62 I x 
17 I 63 17 63 I 17 3 I 63 2 2 
18 64 18 I 64 18 3 I 64 x I 
19 65 19 65 19 I 65 I 
20 I 66 20 2 I 66 20 3 I 66 2 I 
21 I I 67 21 67 21 I 67 I 
22 2 3 68 I 22 I 68 22 I 68 I 
23 3 69 23 I 69 23 69 2 
24 : 70 24 iF 2 70 2 24 3 I 70 Ir I 
25 3 71 25 2 71 25 I 71 2 I 
26 3 2 72 I 26 2 3 72 I 2 26 I 2 72 3 2 
27 6 I 73 27 I 73 I 27 I 3 73 I 2 
28 2 2 74 28 74 28 I 74 I n 
29 3 75 29 75 2 I 29 I 75 I 
30 I 2 76 I I 30 76 I 30 I I 76 I 
31 77 Eile oe! 77 I I 31 I 77 2 I 
32 I I 78 2 32 78 2 32 2 I 78 2 
33 I 79 I 33 79 5 = 2 79 I 
34 I 80 3 2 34 80 2 2 34 80 I I 
35 4 81 4 3 35 81 3 3 35 it I 81 1 
36 2 I 82 Agro 36 82 10 5 36 2 82 I I 
37° 3 I 83 I 5 37 83 9 3 37 I 2 83 
38 I 2 84 3 2 38 84 9 4 38 84 3 I 
39 I 85 Bul 4ulh 30: 85 8 5 39 3 85 2 I 
40 I 3 86 4 7 40 86 7 2 40 3 86 3 3 
4I I 87 4 2 41 87 6 2 AI I 2 87 I 
42 I 5 88 8 2 42 88 4 5 42 5 z 88 I 
43 I 89 6 43 890 8 I 43 I 80 I 
44 90 7 44 90 II "44 2 I 90 2 
45 2 I 45 45 3 I 


the direction of drawing has any marked effect 
upon these. 

Similar tests carried out on wire of 65 pct 
copper, 35 pct zinc, show similar results, but 
show more scattering, due, probably, to the 
fact that the grain size was less constant; that 
is, the ratio of maximum to average grain diam- 
eter was greater than that in the 70/30 wires, 
where this figure was quite low. 


GrerRALD Epmunps*—The author has at- 
tempted to determine whether a brass tube 
might tend to resist mercury cracking if the 
differences in orientation between adjacent 


* American Brake Shoe Co., Mahwah, N. J. 


: 


grains were sufficiently slight. None of his 
tubes cracked when tested with mercurous 
nitrate, nor should mercury cracking have been 
anticipated with the drawing schedule that was 
used. Had stress measurements been made, it is 
probable that the residual stresses would have 
been found to have been below the threshold 
stress for mercury cracking. ? 

The author goes on to say: ‘‘In view of the 
heavy reductions in diameter involved, which 
should be conducive to mercury cracking, 
....? Is there evidence to indicate that 
heavy reductions in diameter are conducive to 
mercury cracking? 

It seems to have been amply demonstrated 
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that mercury cracking of cartridge brass re- 
quires a stress, either residual or applied, in 
excess of a threshold value. This threshold value 
is increased by cold rolling; at least a part of 
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of this particular subject not related to the 
corrosion cracking but having to do with pre- 
ferred orientations developed in tubes, and in 
this particular case in copper tubes. Dr. Hib- 


WIRE D 
244 GRAINS 


WIRE €£ 
277 GRAINS 


135 


WIRE. F 
227 GRAINS 


135 


45 


90 


ANGLE TO DRAWING DIRECTION 
FiG 6—TWIN DISTRIBUTION WITH RESPECT TO ANGLE TO DRAWING DIRECTION. 


this increase is due to the change in orientation 
of the grain boundaries with respect to the 
direction of stress. Internal stresses and strain 


hardening induced by the rolling are other 
_ likely influencing factors. In drawn tubes the 


fs 


. 
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internal stress factor may be much larger than 
in rolled metal, and may be considerably in- 
fluenced by die. shape and other processing 
variables. In tubing, the changes in orientations 
of grain boundaries are dependent not only on 
the gauge reduction, as in rolling, but upon the 


_ ratio of diameter to gauge reduction. In view of 


these complexities great care must be exercised 
in drawing inferences regarding effects of indi- 
vidual variables. 


F. H. Witson*—I can confirm that they 
were drawn over a mandrel. : 
I have a written discussion on another aspect 


*American Brass Co., Waterbury, Conn. 


bard’s paper has confirmed the observation by 
Norton and Hiller® that a tube which is fabri- 
cated by a process which reduces both the tube 
diameter and the wall thickness will develop 
a deformation texture similar to that found in 
wire. We have had occasion to examine some 
phosphorus deoxidized copper tube from a 
special experimental lot which was rolled 95 pct 
and our results confirm these observations. 
This same tube was subsequently sunk an ad- 
ditional 20 pct, both before and after annealing, 
and the effects of, sinking on texture were 
interesting enough to report. 

A pierced tube having a 2.300-in. diam 
and 0.300-in. wall was cold rolled 95 pct to 5 
in. by 0.049 in. Part of the tube was sunk 20 
pct to 4 in. by 0.051 in. without annealing and 
part of it was annealed at about 575°C and then 
sunk 20 pct to the same dimensions. Some of 
the tube which was rolled and sunk without 


\ 


60 PREFERRED ORIENTATIONS IN DRAWN AND ANNEALED 70-30 ALPHA BRASS TUBES 


TABLE 3—Preparation and Properties of 
Wires Having Preferred and Random 


Orientation 
Reductions 
Coils D and E Coil F 
Reduction Reduction 
Drawn to ye Drawn to SEEN Sea 
Extruded 0.625 in. 0.500 in, 
Annealed at 1180°F for 
2 hr, 
Gr. Size .125-150 mm 
0.1195 in. 96.4 0.400 36.0 
Annealed Annealed 
0.1087 17.0 0.312 39.0 
Annealed 
0.255 33.0 
Annealed 
0.230 18.0 
Annealed 
0.214 1320 
Annealed 
0.191 20.0 
Annealed 
0.171 20.0 
Annealed 
0.152 21.0 
Annealed at 1140°F for 
2 hr, 
Gr, Size 0.125 mm 
0.136 20.0 
Annealed 
0.1225 19.0 
Annealed 
0.1087 21.0 


Physical Properties 


Coil D | Coil E | Coil F 
Tensile strength, 1000 
Ele indeais PES Co eark 61.0 62.3 56.7 
Elongation, Pct in 2in.| 28.5 27.0 28.0 
Grain size, mm........ 0.140 0.140 0.140 
Rockwell, 30-F........| 51.5 50.0 52.0 
Degree of orientation. .| 62.1 64.5 Random 


annealing was given a final anneal at about 
- 650°C. 

Textures were determined by X ray diffrac- 
tion on specimens which were prepared by 
etching to 0.005 and o.oro in., slitting, and 
etching further to 0.002 in. A structure inte- 
grating camera was used to obtain the diffrac- 
tion patterns of large grained samples. 

The deformation texture of the tube rolled 
95 pct illustrated in Fig 8 shows a combina- 
tion of the [oor] and [111] fiber textures. The 
distribution around these fiber axes is less 
random than would be obtained for wire, and 
the [oor] texture is particularly concentrated at 
an orientation with the [r1o] pole in a radial 
direction which is a major axis of compression 
in the tube-rolling process. 

Contrary to what might be expected from a 


change in the strain pattern, sinking the rolled 
tube sharpens the texture. The absence of a 
mandrel or a plug in the sinking operation re- 
duces the radial compression exerted by the die, 
and the principal strain is circumferential com- 
pression. A tendency for <110> poles to 
approach this compression axis is indicated by 
the disappearance of <111> poles from the 
transverse or tangential direction. It will be 
noted that this pole figure is not symmetrical. 
This is due to the fact that the fiber axis has 
been spread out in a direction which would give 
a tilt of about 5° with respect t6 the tube axis. 
This is a behavior similar to that observed by 
Schmid and Wassermann!* that the fiber axis in 
outer layers of drawn wire is tilted inward. 
It was not possible to distinguish one end of 
the tube sample from the other, but it is 
probable that the fiber axis tilts inward in the 
direction from which the tube is drawn. Except 
for the spread of octahedral pole concentrations 
away from the tube axis, the projection is still 
fairly well described by the ideal orientations 
found in the rolled tube. 

When the rolled and sunk tube is annealed at 
650°C a pole figure with concentrations at two 
entirely new orientations is found. We have 
made no careful study to determine how these 
orientations might arise. It is possible that the 
(x12) [111] constituent of the [z11] fiber found 
in the rolled tube is rotated around a transverse 
axis during sinking, as is indicated by the tilt, 
that the most advanced fragments have reached 
the orientation (rrr) [112], and that these 
serve as recrystallization nuclei. Baldwin™ has 
shown that the “cubic” orientation in copper 
approaches a (110) [112] texture on further 
rolling and that annealing at any stage in the 
deformation gives a recrystallization texture 
corresponding to that of the fragments which 
have advanced farthest toward this orientation. 
However, this same texture contains evidence 
in opposition to this theoretical mechanism for 
explaining the origin of recrystallization tex- 
tures, in that the (110) [112] component of the 


annealing texture is noticeably absent from the — 


deformation texture. 

When the rolled tube is annealed at 400°C 
the resulting texture is very weak and has not 
been plotted. Annealing at 575°C sharpened 


18 Ztsch. Metallkunde (1927) 19, 325. 
14 Metals Tech., TP 1455, Apr. 1942. 
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this texture giving the pole figure seen in Fig 
8. It will be noted that there is a general 
weakening of the deformation texture with little 
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concentrations in the tube axis. Crystals in 
the neighborhood of the general (110) [112] and 
(110) [rr1] would account for these concentra- 
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Fic 47—EFFECT OF CRYSTAL ORIENTATION ON CRACKING TIME OF BRASS WIRE, 


change except an increase in randomness 


around the [111] fiber axis. The [111] fiber is 
indicated by the arcs of small circles at 70° from 


the poles in the tube axis. 


_ The final pole figure in the illustration shows 
the texture obtained by sinking the rolled and 
annealed tube 20 pct. The rotations involved in 
this deformation are more easily followed than 
in the sinking of the rolled tube. The ideal 
orientations (110) [oor] and (112) [2 11] are not 
lost during the sinking operation. These 


‘orientations have <11o> poles in the trans- 


verse direction, the axis of maximum compres- 


sional strain. Areas of secondary intensity of 
octahedral poles in the rolled and annealed 
_ tube, which are not accounted for by these two 
ideal orientations, are found in and near the 
- transverse direction and in the breadth of the 


tions in the annealed tube, and they tend to 
disappear on sinking. 

The simplicity of the rotations required of 
these orientations to produce the results found 
by pole figure analysis is illustrated in Fig 9. 
First, taking the specific orientation (011) 
[211], it can be made to coincide with the other 
orientation (o11) [rr1] by a rotation around the 
central [o11] pole of the projection. The two 
orientations then rotate around the [111] in the 
tube axis to the (112) [111] which was one of 
the stable orientations in the annealed tube. 
The drawing is simplified for clarity, but it can 
readily be seen that the other complement of 
the general (110) [112] texture will rotate in the 
opposite direction and that rotation of the 
resulting general (110) [111] in both directions 
will produce all of the indicated poles of the end 
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Fic 8—OCTAHEDRAL POLE FIGURES OF COPPER TUBES. TUBE AXIS VERTICAL, 


orientation (112) [rrr]. These rotations are in 
agreement with those predicted for these 
orientations by the Schmid and Boas mechan- 
ism of rotation when the metal is under com- 
pression in the transverse direction. 

Noticing the tertiary intensities in the rolled, 


annealed and sunk tube (Fig 8), there is indi- 
cation of a tendency for a random spread of 
orientations around the transverse axis—a [110 
“fiber” axis. Such a spread of octahedral poles 
is shown by the dotted lines in Fig 9 in com- 
parison with outlines of areas of secondary in- 
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tensity. It is probable that a dodecahedral pole 
figure would show intense concentration in the 


at 650°C was practically identical with that of 
the sunk tube. Here, then, we have another 


e (WN) (211) 
@ (WNIT 
O (2) E111] 


Fic = SOME ROTATIONS INVOLVED IN THE SINKING OF COPPER TUBES HAVING A meh hebhieg ucsgteie 


transverse direction, with general spreads at 
45° and go” to it. 
In direct contrast to its effect on the hard- 
tolled tube, the sinking operation does not tilt 
the fiber axis of the annealed tube, and, in the 
Matter case, lattice rotations are far more pro- 
nounced. Is it possible that crystallites, which 
_ have reached a fiber texture from tube-rolling 
95 pct, have also approached a limiting size at 
which deformation occurs by passage of crystal- 
lites over each other rather than by slip and 
‘lattice rotation? The orientation of these 
“crystallites would be more affected by the di- 
rections involved in the flow of the metal than 
ould soft grains capable of slip in many direc- 
tions, The orientation changes in the soft 
"grains would be more sensitive to the direction 
of applied force, that is the transverse com- 
ressive force. 
A pole figure, made from a specimen of this 
rolled, annealed and sunk tube after annealing 


TEXTURE. 


of the examples, comparatively rare in copper 
and its alloys, of a recrystallization texture 
which is the same as the deformation texture. 


W. R. Hrparp, Jr. (author’s reply)—It is 
most gratifying to study the stimulating discus- 
sion presented by Dr. Croft. The additional 
information regarding the immunity of single 
crystals of beta brass from mercury cracking 
further substantiates the indication that mer- 
cury cracking is a grain boundary phenomenon. 

Regarding Dr. Croft’s statement that based 
on Dr. Crampton’s 1930 results it is not sur- 
prising that my tubes did not crack, it is 
interesting that the data cited from Table 5 
do mot indicate my tubes should not crack 
since they’ are closer to Brg than B2o, and 


carrying comparisons to an unwarranted ex- 


treme by quoting results from Dr. Crampton’s 
Table 6 (for heavier wall), evidence can be 
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presented to indicate that my tubes should 
have cracked. 


Time for Cracking 
in Mercurous 
Nitrate Solution 


Sample | Pct Diam} Pct Gauge 
No. Reduction | Reduction 


Comparing the draw of tube C-17 with the 
final draw in Table 1 of my paper, my tubes 
should all have cracked in mercurous nitrate 
solution sometime between 0.30 and 0.71 min. 

Regarding the additional information from 
Dr. Croft’s 1941 research, I believe the pre- 
ferred orientation described refers to drawn 
brass wires rather than tubes. The data pre- 
sented to indicate that the presence of a pre- 
ferred orientation increases the tendency of 
brass wire to mercury. crack might be further 
considered on the basis of the following 
comments: 

a. It is very difficult to rationalize an in- 
creased tendency for mercury cracking 
with increased degree of preferredness on 
a theoretical basis in view of the knowl- 
edge of single crystal behavior. 

b. It is not clear whether or not the twin 
count was made before or after the final 
draw. Table 2 refers to 0.100 wire; Table 
3 does not. If it were made before the final 
draw, might not a final draw of 20 pct 
minimize the difference in degree of 
orientation? This may be particularly true 
since the ‘‘random” coil was given the 
heaviest final draw. If it were made after 
the final draw, distortion of the twins 
might make angular measurement difficult. 

c. A degree of orientation of a little over 60 
pct might not be a sufficiently marked de- 
gree of preferred orientation to approach 
single crystal behavior. This is particu- 
larly true since the figure of a little over 
60 pet degree of orientation is very mis- 
leading because: 

1. The figure probably is not significant 
to tenths of one percent as given or 
possibly even to tens of percents 
since two twins cutting one surface 
at the same angle can actually be of 
very different: orientation particu- 
larly when in different grains of dif- 
fering orientation. 


2. The statistical distribution method — 
does not reveal the important factor — 
in the speculation presented in my 
paper—namely, that adjacent grains © 
must be closely oriented. The 40 pet _ 
of the grains not in the preferred — 
orientation if critically distributed — 
could cause 80 pct of the adjacent — 
pairs of grains to be dissimilar. 4 

Therefore, it cannot be agreed that Dr. i 
Croft’s method of measuring the degree of pre- - 
ferred orientation is, in fact, sufficiently ap-— 
propriate for work of this kind particularly _ 
where in some instances the differences in — 
cracking times of the three coils were only a few 
seconds. : 

In reply to Mr. Edmunds, obviously the f 
tubes were lower in residual stresses than the — 
threshold stress for mercury cracking. However, ; 


a el 


it was simpler to check this by a mercurous 
nitrate test than by the tedious methods of 
stress analysis. Since Mr. Edmunds does not 
say why he would not have anticipated mer- 
cury cracking with the drawing schedule, this 
point cannot be answered completely except 
that, as I have previously pointed out in my 
reply to Dr. Croft, there was some reason to © 
believe my tubes should crack based on the 
results in Dr. Crampton’s 1930 paper.* 

In reply to Mr. Edmunds’ question, “Is there 
any evidence to indicate that heavy reductions 
in diameter are conducive to mercury crack- 
ing?,”’ I again refer to Dr. Crampton’s 1930 
paper, Conclusion 7 on p. 248 which states in 
part: “In high-brass tubes the intensity of 
internal stress and the tendency to season 
crack are: 

A. Increased by 

C. Increase of diameter reduction” 

The importance of change in orientation of 
grain boundaries with respect to stress axis 
suggested by Mr. Edmunds is of considerable — 
interest. First, it emphasizes the importance of 
the shape of the grain as well as its orientation 
and, second, the grain boundary region between 
two grains of nearly the same orientation would 
probably deform with considerably more 
homogeneity of strain and thus less stress than 
the boundary region between grains of widely 
differing orientations. Therefore, a strongly pre- 


*D. K. Crampton: Trans. AIME (1930) 84, 
233. ; 
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_ ferred orientation should reduce tendency to- sheet and wire texture pole figures of these 
ward mercury cracking. materials are different. , 

T also wish to confirm Dr. Wilson’s state- 2. The recrystallized textures of drawn cop- 

_ ment that my tubes were drawn over a mandrel. per and brass wire are also the same as 
Dr. Wilson’s discussion of deformation and their deformation textures. This is an- 


other example in addition to the tube tex- 
tures mentioned by Dr. Wilson. 

3. This careful attempt at the very difficult 
correlation between deformation and re- 
crystallization textures offers further sup- 
port to the preformed nucleus theory of 
recrystallization. 


recrystallization textures in copper tubes is 

' very interesting. I have noted three points that 
_ may be worthy of record: 

1. Here is an example where even the pole 

figures of deformed copper and 70-30 

brass appear very similar. The cold rolled 
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Some Observations of Lineage in Copper Crystals* 


By Watrer R. Hrparpn, Jr.,f Junior MrempBer, AIME 
(Chicago Meeting, October 1947) 


THE term lineage was first introduced 
by Buerger! to denote dendritic branches, 
grown from a crystal nucleus during 
solidification from the liquid, with imper- 


Fic 1—SKETCH ILLUSTRATING LINEAGE STRUC- 
TURE (BUERGER). 


fections in alignment of the order of 1to7! 
to 1o-4 cm. These. imperfections are 
associated with distortions of the dendrites 
caused by the subsequent solidification 
of the inter-dendritic filling and are illus- 
trated in Fig 1. Buerger etched zinc single 
crystals made by the Bridgman* method to 
develop this dendritic pattern and show 
lineage microscopically. 

Since maximum crystal growth in face- 
centered cubic metals occurs along the 
[100] directions,? lineage would appear in 


* From a part of a dissertation presented to 
the faculty of the School of Engineering, Yale 
University, in candidacy for the degree of 
Doctor of Engineering, May 1942. Manuscript 
received at the office of the Institute June 2, 
1947. Issued as TP 2244 in METALS TECH- 
NOLOGY, September 1947. 

+ Assistant Professor of Metallurgy, Yale 
University, New Haven, Conn. 

1 References are at the end of the paper. 
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copper as small deviations of dendritic 

branches from these directions. Elam‘4 

and others*-§ reported etching effects 

resulting from coring along the cube face 

traces of various copper alloy crystals. 

These traces were used by Samans® to 

orient single crystals. Williamson® noted a 

“lined structure (in alpha brass single 

crystals) consisting of an ordered arrange- 

ment of etch pits” which were probably 

traces of {100} planes but somewhat uncer- 

tain because they were never straight (that 

is, apparently lineage). Greninger™ de-_ 
scribed the distortion and multiplicity | 
of Laue spots in back reflection X ray 

photograms of copper single crystals 

showing lineage. 

The present investigation includes metal- 
lographic, X ray, and property studies of 
lineage in large grain and single crystal 
specimens of copper. 


PREPARATION OF SPECIMENS 


Specimens to in. long and 14 in. diam . 


of oxygen-free copper (O.F.H.C.) (99.085 
pct) were melted vertically in graphite 
crucibles under an atmosphere of com- 
mercial nitrogen purified through a gas 


train including sulfuric acid, potassium — 


chloride, magnesium chiorate, hot copper 
chips and phosphorus pentoxide. After a 
temperature of 1t200°C had been main-— 
tained for 14 hr, the furnace was turned 
off and the specimens cooled at a rate of 
about 150°C an hour. This method of 
direct solidification was used by Greninger!? 
to produce single crystals with marked 
lineage and in this investigation produced 
a fair yield of single crystal specimens in 
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addition to a useful variety of large grain in 50 pct nitric acid to reveal any possible 
specimens. grain boundaries, it was noted that the 
Dives trodateiic’ Ones virions top third of all the specimens developed a 

: sharp dendritic pattern, Fig 2. Apparently 
After the specimens were heavily etched the soluble impurities had segregated to 


_ Fic 2—DENDRITIC ETCHING PATTERNS NEAR TOP OF COPPER 
Pe : ACID ETCH, 10 X. 


CRYSTAL. 50 PER CENT NITRIC 


Fic 3 Tiegs 
—INTERLINEAGE BOUNDARIES IN COPPER CRYSTAL. 25 PER CENT NITRIC ACID ETCH. 75 X. 
4—GRAIN BOUNDARY, INTERLINEAGE BOUNDARY AND CUBIC DENDRITIC TRACES (CORING) 
“TIN. LARGE GRAIN COPPER SPECIMEN. POTASSIUM BICHROMATE ETCH. 75 X. 
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Fic 5—SamMeE As Fic 4. OBLIQUE ILLUMINATION. 75 X. 
Fic 6—GRAIN BOUNDARIES, INTERLINEAGE BOUNDARIES AND CUBIC TRACES (CORING) IN LARGE 
GRAIN COPPER SPECIMEN. OBLIQUE ILLUMINATION. POTASSIUM BICHROMATE ETCH. 12 X. 
Fic 7—SamE As Fic 4 AND 5. DARK FIELD ILLUMINATION. 48 xX. 


— 
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/ about 2X 107? to 
 interdendritic spacing of the cored struc- 
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the top of the specimens in the form of 
coring along cube face traces. Specimens 
from the top and the bottom of a rod were 
polished and etched with potassium bi- 


as 13° and the trace was displaced as much 
as }4 an interdendritic spacing, 5 X 1073 
cm. The interlineage boundaries always 
followed the interdendritic filling and the 


Fic 8—CvBIc DENDRITIC TRACES (CORING) AND “LEAF” LIKE ETCHING EFFECTS. COPPER CRYSTAL 
25 PER CENT NITRIC ACID ETCH. 6 X. ; 


chromate but no marked differences were 


_ revealed. A stronger etchant, continuously 


agitated 25 pct nitric acid in water, de- 
veloped a network of interlineage bound- 
aries shown in Fig 3 in the specimen 
from the bottom of the rod. A longer 
etching time, 15 min., in continuously 
agitated potassium bichromate developed 
both interlineage boundaries and_ the 
cored traces of {100} planes, Fig 4, in the 
specimen from the top. The etching effects 
outlining the interlineage boundaries shown 
in Fig 3 were about 1 X 107’ cm in width. 
The lineage “grain size” averaged about 
4 X to-? cm in diam and varied from 
eto cn. Lhe 


ture illustrated in Fig 4 averaged about 
I X 107? cm. The variation in direction 


_ of the {100} traces thus shown was as much 


general directions of the { 100} traces. Under 
oblique illumination the ridges of the 
dendrites appeared as a network of bright 
lines, shown in Fig 5 and 6, strikingly 
similar to Buerger’s original sketch re- 
produced in Fig 1. Dark field illumination 
distinguished an array of bright spots in 
Fig 7 locating the junctions of dendritic 
branches. The irregularity of these spot 
patterns readily delineates the variations 
of orientation. 
Interlineage boundaries were found 
throughout the entire length of the speci- 
mens investigated. Etching effects from 
coring could be developed only at the 
top portions of specimens by a 15 min. etch. 
in continuously agitated solution of either 
potassium bichromate or 25 pct nitric acid. 
Leaflike patterns such as those in Fig 8 
were also found. They appeared to be 
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larger areas of impurity-rich interdendritic 
filling and generally etched more deeply 
than the dendrites. 


INTERLINEAGE 
IN COPPER SINGLE CRYSTAL. 


Fic o—SLIP LINES AND 
BOUNDARIES 
0.025 SHEAR. 25 PER CENT NITRIC ACID ETCH. 
50 X. 


X Ray ANALYSIS 


Individual crystals containing lineage 


“were analyzed by the back reflection Laue 


technique introduced by Greninger™ using 
a collimated beam of 0.05 cm diam. Since 


the lineage grain size varied from about 
2X.10~ to. 1X tom) omy froma toms 
lineage grains might be included in the 
beam. Although it was not possible to 
correlate positively the exact position of 
X ray photograms with lineage grains, 
the Laue spots were distorted and included 
from 2 to 4 distinct high intensity areas. 
The results obtained from individual 
grains are summarized in Table 1. 


PHYSICAL PROPERTIES 


A single crystal rod (BR-T-S-5) con- 
taining interlineage boundaries was care-. 
fully prepared for tensile testing by 
alternately polishing and etching with 
35 pct nitric acid solution containing a few 
milliliters of ferric chloride to reduce the 
diameter of the gauge length. The specimen 
was stressed in a Southwark-Emery testing 
machine at a rate of about 125 lb per min. 
(880 psi per min.). Strain measurements — 
were made using a Huggenberger ten- 
someter with a }4-in. ga. length in the | 
manner described by Treuting and Brick.!* 
The proportional limit occurred at a shear 
of 0.0002 and a resolved shear stress of 
0.156 kg per mm.” This value is somewhat 
higher’ than the critical resolved shear 
stress for copper of o.10 kg per mm? re- 


ported by Sachs and Weerts.!’ Fig 9 shows ~ 


slip lines passing through the interlineage 


boundaries on the surface of this specimen. — 


Copper single crystal specimens pre- 


TABLE 1—Results of X ray Analysis 


Photograph 
Specimen Figure 
Number 


cs 


BR-T-S-1 Not at photograph 

BR-C-S-2 Near photograph 

BR-C-Do In crystal showing interline- 
age boundaries near grain 
boundary of darker grain 

6D On ‘leaves’ 

BR-T-S-5 Not at photograph 


spots 2° long, 34° wide, 14° 


apart. 
Specimen axis 6 [112] | Distorted double Laue spots — 
1° long, 44° wide. 


Dee Of Pace Condition of Laue Spots — 
Double elongated spots 1° X “: 
3 (100) Double elongated spots 1° X__ 
13 (100) Distorted spots 134° in 
diameter. Fainter multiple 
spots which indicated a 12° 
rotation about the [100]. 
18 (100) Distorted quadruple Laue 


+ 


‘a 


ies 


a 


a 


* 


“ 
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shear stress 
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pared by the author in the manner previ- 
ously described and containing lineage 
were used in the following concurrent 
investigations at Hammond laboratory. 

Found™ reported that internal friction 
values of copper specimens in the annealed 
state were quite diverse with no apparent 
relationships with the orientation of the 
specimen. The lowest value was of the 
same order of magnitude as obtained for a 
70-30 alpha brass single crystal of similar 
axis orientation. Found suggested that 
the presence of lineage might account for 
these results. 

Graves!® investigated the hydrogen em- 
brittlement of similar copper single crystals 
saturated with oxygen. He reported that 
both gassed and untreated tensile speci- 
mens of the same orientation developed 
the same breaking load and elongation in 
2 in., although the treated specimens 
showed pitting in the fracture surface in 
evidence of gas penetration. A gassed 
double crystal specimen split and frac- 
tured at the grain boundary under a very 
‘small load. Apparently interlineage bound- 
aries are not sufficiently marked to 
develop hydrogen embrittlement. 


SUMMARY 


Lineage in large grain and single crystal 
specimens of oxygen-free copper (O.F.H.C.) 


a were shown to have the following char- 


acteristics: 

Lineage “‘grainsize” 2 X 107? 
TOm uci 
Di tOs+cem 


tOmet xX 


Interdendritic spac- 


ing | 
~ Variation of {100} 
dendritic traces 


as much as 13° rota- 
tion or 5 X 107% cm 


me displacement 
Back reflection Laue 


multiple, distorted 


_ spots 


0.156 kg per mm,’ 
somewhat. higher 
than previously re- 
ported values for 
copper 


Critical resolved 


i= 


Internal friction diverse, possibly 
similar to that of 
70-30 alpha brass!4 

Hydrogen embrittle- not developed.'5 


ment 
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DISCUSSION 
(W.-M. Baldwin, Jr. and F, H. Wilson 
presiding) 


H.. E. Stauss*—I wonder if lineage is 
believed to be a function of impurities or a 
function of the habit of growth of a perfectly 
pure crystal. 


E. A. ANDERSONT—I am not sure that I can 
answer that question in the case of copper. 
In the case of zinc, however, there is fairly 
good evidence that lineages are the result of 


* Naval Research Laboratory, Washington, 


ral OF 
+ The New Jersey Zinc Company (of Pa.), 
Palmerton, Pa. 
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changes in the direction of heat flow as the 
single crystal develops. My suspicion in the 
case of Dr. Hibbard’s crystal is that the role of 
impurity content was more to make it easier 
to see the lineage structure than it was to 
produce this structure in the first place. 

We have found that when single crystals of 
zinc grown from the melt are annealed for long 
periods of time near the melting point, some 
dominant lineage will absorb all of the other 
material to produce a more nearly perfect 
crystal which may have a radically different 
orientation from that observed in the original 
crystal. At times, more than one lineage will 
dominate in different parts of the crystal and 
bi- and poly-crystals will be formed. All of this 
seems to occur without going through any 
form of recrystallization and development of 
new grains. 

I think this is a most interesting subject, not 
only from the standpoint of the mechanism by 
which these lineages are produced but from the 
standpoint of the possibilities of using high 
temperature annealing as a method for bring- 
ing single crystals to a higher state of per- 
fection. Dr. Hibbard tells me that he plans to 
make such annealing tests on the present 
crystals. It is possible that no effect similar to 
that observed by us will be found, because the 
amount of impurities may be sufficient to 
interfere with the necessary diffusion to accom- 
plish reorientation by a dominant dendrite. 


F. R. N. NaBarro*—I am afraid that my 
real contribution is just an unfortunate 
admission of what was not done in England, 
but in France. The work essentially was 
electrolytic polishing of aluminum, followed by 
etching. In addition to the grain boundaries, 
one can observe a finer structure in the back- 
ground, and I believe it was possible to make 
this fine structure sufficiently coarse and to 
make a pencil of X rays sufficiently fine to get 
a single spot on a Laue diagram if the pencil 
fell entirely within one region and a double 
spot if it overlapped the boundary. 

The author is Lacombe and the paper will be 
published in the report of the Bristol Confer- 
ence which will be in the Proceedings of the 
Physical Society of London sometime about 
April, 1948. 


* University of Bristol, Bristol, England. 


J. P. Nretsen*—It is a pleasure to see 
“data” as nicely displayed as in Professor 
Hibbard’s micrographs. The fact that what 
is seen is not immediately explainable is 
not particularly serious, for the complete story 
of the solidification process in metals is still 
lacking. Explanations for the evidence pre- 
sented might be ventured nevertheless as it is 
necessary to grope for localized consistencies 
which eventually will fit into the full solidifi- 
cation story. 

I should like to venture one or two expla- 
nations which to me seem valid for some of the 
evidence. Referring to the observation that 
the upper third of the specimens exhibited 
more pronounced relief of the (100) traces on 
etching than the lower third, is it not likely 
that this is evidence of the sinking down of the 
liquid level as the crystal approached complete 
solidification? On slow solidification the den- 
dritic branches extend deep into the liquid 
similar to the case of ordinarily cooled alloys 
with large solidification ranges. There was 
probably a stage in the solidification at which 
the dendrites extended throughout the speci- 
men holding the remaining liquid as a sponge 
holds water. In the subsequent stage of solidifi- 
cation the contraction of the liquid caused a 
lowering of the liquid level which tended to 
suck down the liquid from the upper portions 
of the specimen. Just how this is reconciled 
with etch patterns is somewhat more difficult to 
explain. Perhaps from the struggle among the 
capillary forces, the suction, and local solidifi- 
cation contraction there resulted microscopic 
“pipes,”’ each localized pocket of liquid con- 
tributing to one pipe. 

At any rate this mechanism is suggested as 
more likely than the segregation of the im- 
purities to the upper third of the specimens 
postulated tentatively in the paper. The solidi- 
fication of the specimen as described under 
‘Preparation of Specimens” is not the normal 
casting type where molten metal is fed at the 
top while the bottom is freezing. What probably 
happened was that the entire outside surface 
of the specimen solidified first leaving a liquid 
rich core. The required 4 pct contraction of 


this liquid core as it solidified might be con- 


nected with the interesting etch effect. 
All of this analysis would not be particularly 


* New York University, New York City. 
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important except that if it turns out to be cor- 
rect Professor Hibbard’s photographs offer 
visible evidence of the nature of fine porosity 
that probably occurs in some sections of a cast- 
ing when an alloy with a large solidification 
range solidifies. In such alloys there occurs a 
diminished pipe which can only be explained by 
the existence of a large distribution of micro- 
scopic ‘‘pipes,”’ constituting porosity. Alloys 
cannot be used as well for this demonstration 
as a pure metal since the localized segregation 
gives strong etching effects. 


W. R. Hrpparp, Jr. (author’s reply)—In 
reply to Mr. Stauss, lineage structure as origi- 
nally described by Professor Buerger is a func- 
tion of crystal growth and primarily concerned 
with interdendritic shrinkage strains. Agreeing 
with Mr. Anderson’s suspicion, it is also my 
opinion that the presence of cored layers of 
varying impurity content caused etching ef- 
fects which delineated the dendrites and thus 
made the observation of the lineage structure 
possible. This mechanism would account for the 
appearance of these etching effects only in the 
top third of the crystal, since that part of 
the metal to solidify first at the bottom of the 


mold would be higher melting, higher purity 
copper (that is, by a fractional crystallization 
purification process), leaving an impurity- 
rich lower melting copper to solidify last at the 
top. I prefer this explanation to Dr. Nielsen’s 
interesting one because although solidification 
was slow, nevertheless, it proceeded from the 
bottom of the specimen upwards. Without 
coring it is difficult to explain the etching ef- 
fects delineating the dendrites. 

Some of the interesting etching phenomena 
in aluminum mentioned by Dr. Nabarro have 
already been published by Lacombe and Beau- 
jard in the Sept. 1947 issue of the Journal of the 
Institute of Metals. It is very striking that 
their effects are found in wrought high purity 
aluminum. 

Professor M. J. Buerger has kindly: pointed 
out by letter that the original use of the word 
“lineage”? meant the line of descent from the 
crystal nucleus to a point on the surface of the 
crystal. Thus the whole structure of the crystal, 
for which I used the word “lineage,’’ should 
have been called “lineage structure” and the 
paper probably should be called, ‘“‘Some Obser- 
vations on the Lineage Structure of Copper 
Crystals.” 


Deformation Lines in Cold-rolled Copper and Its Binary Alpha 
Solid Solution Alloys with Aluminum, Nickel and Zinc* 


By W. R. Hiparp, Jr.,f JuNioR MemBer, R. W. FENN, Jr.,f Harotp MARGOLIN,f 
AND H. P. Moore,{ Stupent Associates, AIME 
(New York Meeting February 10948) 


DEFORMATION lines, also called etch 
markings or strain markings, are non- 
effaceable lines developed in individual 
grains by etching a metal specimen which 
has been cold worked sufficiently to cause 
atomic non-conformity or slight orientation 
differences within the grains. Etching oc- 
curs more rapidly at these lines of high 
chemical reactivity to produce a result 
similar to that revealing grain boundaries.! 
Wider etching effects forming bands have 
been found. They are believed to be bands 
of deformation lines which form areas of 
measurably different orientation from the 
crystal matrix. ; 

The crystallite rotations causing these 
bands have been shown by Barrett? to 
contribute to deformation textures. Al- 
though deformation lines have been ob- 
served in many metals, the amount of 
deformation required for their appearance 
has been established only in general terms. 

Mathewson and Phillips? observed the 
first appearance of deformation lines in 
cold-rolled alpha brass at about 20 pct 
reduction in thickness using the standard 
ammonium hydroxide hydrogen peroxide 
etchant. Price and Davidson‘ noted defor- 


* Part of the data in this paper was taken 
from reports submitted to the Department of 
Metallurgy, Yale University, in candidacy for 
the Degree of Master of Engineering. Manu- 
script received at the office of the Institute 
October 3, 1947. Issued as TP 2336 in METALS 
TECHNOLOGY, February 1948. 

y+ Assistant Professor of Metallurgy and 
Graduate Students in Metallurgy, respectively, 
Yale University. 

t New Departure Company, Bristol, Conn. 

1 References are at the end of the paper. 


mation lines in common high brass after 
26.5 pet reduction by cold rolling using the 
same etchant. Johnson® observed dark 
thick forklike lines in 99.99 pct pure copper 
reduced 31.8 pct. Adcock® observed defor- 
mation lines in 80-20 copper-nickel alloy 
rolled 50 pct. Samans’ found no deforma- 
tion lines in alpha brass single crystals cold 
rolled 9.5 pet but they did appear after 25 
pet reduction using ammonium hydroxide 
and hydrogen peroxide etchant. : 

Barrett and Levenson® observed defor- 
mation bands in drawn polycrystalline iron 
at very small reductions in area and noted 
that their initial appearance perhaps de- 
pends on grain size and other conditions. 
They reported deformation bands in a 
single crystal of iron reduced 6 pct by 
drawing. 

Brick® noted that deformation lines in 
70-30 brass apparently associated with 
{111} planes appeared after reductions of 
from 20-50 pct by cold rolling. 

Brick and Williamson!’ noted that in 
single crystals of 70-30 alpha brass ‘‘as in 
polycrystalline brass, no deformation mark- 
ings appeared until reductions exceeded 
20 pet.” 


Cook and Richards!! reported that in . | 


copper cold rolled less than about 50 pct 
few strain markings were apparent but for 
higher reductions many strain markings 
appeared transverse to the rolled direction. 

In a review article Brick and Phillips!” 
noted that previous studies had not shown 


deformation lines in cold rolled alpha brass_ 


below 20 pct reduction and added that 
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these markings are directly related to crys- 
tallite rotation but not to strain hardening. 

Martin!’ noted etch markings associated 
with octahedral planes in a specimen of 
79-30 alpha brass cold rolled ro pet. 

The purpose of this investigation was to 
determine the relative nominal percent 
reduction by cold rolling required to de- 
velop deformation lines in copper and its 
binary alpha solid solution alloys with 
aluminum, nickel and zinc. 


PREPARATION OF SPECIMENS 


Copper-nickel alloy specimens were ob- 
tained from sections of ingots remaining 
from previous work of Brick, Martin and 
Angier.4 

Copper-zinc and copper-aluminum alloy 
heats were made using 99.99 pct zinc and 
99.95 pct aluminum as solute elements and 
high purity electrolytic tough pitch copper 
melted by a gas fired pot furnace in alun- 
dum crucibles using graphite or glass covers 
depending upon the alloy content. Cylin- 
drical ingots 314 in. in diam were cast. 

Phosphorus deoxidized electrolytic cop- 
per rod and oxygen-free copper (O.F.H.C.) 
plate were used for experiments on pure 
copper. 

Ingots were homogenized for from 7 to 
16 hr at temperatures from 800 to 1000°C 


3 % depending upon the compositions. Copper- 


nickel alloys were rolled 20 pct before 
homogenizing. 

The homogeniety of the ingots was 
checked microscopically and, after scalping, 
_ chips were taken from the upper surface of 
- each ingot with a shaper and the copper 

content of each alloy was determined.!” 

Discs were cut from the ingots and were 
rolled 40 pct reduction in thickness, an- 
- nealed to obtain a uniform grain size of 
about 0.090 mm and rerolled 20 pct reduc- 


tion in thickness. After preliminary experi- 


ments to determine the proper annealing 


a ‘conditions the discs were finally annealed 
to an average grain size of about 0.090 


mm diam as determined by comparison 
standards. 

Wedge shaped specimens approximately 
1.5 in. long by o.5 in. wide and from 0.250 
to 0.300 in. thick were cut from the discs. 
Reference lines were scribed along the 
longitudinal surface of the specimens 0.250 
in. apart and the thickness was measured 
at each reference mark. The specimens 
were carefully rolled in 0.001 in. increments 
using polished laboratory rolls until a 
gradient of o-15 pct reduction in thickness 
was obtained. By interpolation between 
the reference marks the reductions in thick- 
ness along the length of the specimen were 
calculated. When deformation lines were 
not observed in the first 15 pct reduction 
specimens were cold rolled again. 


METALLOGRAPHIC EXAMINATION 


The rolling plane of the specimens was 
electrolytically polished directly as follows: 


Alloy Electrolyte ear 
Copper Orthophosphoric Acid | 8.5 one per 
Sp. G. 1.42 and r pct in,? 
Chromic Acid 
Cu-Al ame T2—T3 55 
Cu-Zn up to 5 
pet zinc Same 9.0 
Cu-Zn over 5 | Orthophosphoric Acid 9.0 
pet zinc SpaGat re 
Cu-Ni up to 5 
* — pet nickel Same 10.0 
Cu-Ni over 5 | Orthophosphoric Acid 6.0 


ct nickel Sp. G. 1.42 plus 4.5 pct 
. Chromic Acid 


Since in the early stages of cold rolling 
the amount of deformation varies with the 
distance from the rolling surfaces of the 
specimen, the depth of polish was kept 
within 0.004 + 0.002 in. From one surface 
there were first removed 0.002 — 0.003 in. 
If a repolish were necessary the other side 
of the specimen was used next and then 
both sides were repolished in 0.002 in. incre- 
ments, permitting 4 separate observations 
per specimen. 

In preliminary experiments various etch- 
ants including ammonium hydroxide-hy- 
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drogen peroxide, potassium bichromate, 
ferric chloride, copper ammonium sulphate, 
nitric acid, and electrolytic etching, were 
used in several concentrations. Of these the 
standard potassium bichromate etch gave 
the clearest stain-free structure on which 
the faintest deformation lines could be ob- 
served. Etching times up to 120 sec were 
used. 

Specimens were examined at 300 to 500 
diam by traversing the width of the speci- 
men at various reductions in thickness 
which were determined by noting the posi- 
tion of the light beam with respect to the 
reference lines. 

It was determined that the first appear- 
ance of deformation lines occurred in iso- 
lated grains which were apparently in 
critical orientations. In order to use a more 
generally defined standard, that point was 
selected where 20 pct of traversed grains 
contained deformation lines. Repeated in- 
dividual determinations by counting grains 
on various specimens of the same alloy 
indicated this point was reproducible within 
3 pet reduction in thickness. This standard 
is termed relative nominal percent reduc- 
tion in thickness by cold rolling to develop 
deformation etch markings in 20 pct of the 
grains. 


EFFECT OF GRAIN SIZE 


Barrett and Levenson? reported that the 
initial appearance of deformation bands in 
iron depends on grain size. Preliminary 
experiments!® on oxygen free copper 
(O.F.H.C.) had indicated that variations 
in grain size from 0.035 to 0.090 mm aver- 
age diam had no significant effect within 
the range of experimental error (3 pct) on 
the percent reduction by rolling to develop 
deformation etch markings. The present 
experiments indicated grain size had no 
significant effect within the range of 0.030 
to 0.200 mm average diam. Some results 
for a copper-aluminum alloy (11.49 pct 
aluminum) are as follows: 


Per Cent Cold 
Av Diam] Rolling to Cause 


Alloy Grain Deformation 
Size, mm] Lines in 20 Pet 
of Grains 
Cu-Al (11.49 At. pet) 0.045 0.7 
0.090 ri 0.9 
0.200 0.2 


A uniform grain size of 0.090 mm average 
diam was not obtained in all specimens. 
Variations in grains from 0.075 to 0.100 mm 
were found. Where larger or smaller grain 
sizes were found duplicate specimens were 
used and no significant differences in the 
percent cold rolling to develop deformation 
etch markings were found. 


SOLUTION AND STRAIN-HARDENING 


Diamond pyramid hardness was deter- 
mined on specimens of all alloys at various 
reductions by rolling. Solution and strain 


TABLE 1—Relative Nominal Per Cent Reduc- 
tion in Thickness by Cold Rolling 


Per Cent 
Cold Loss in 
peer Behn in 
LPT ok to Cause |Bichromate| Fig- - 
Material Deforma- | Etchant pln 
tion Lines | G per In.? 
in 20 Pct | per Day 
of Grains 
Copper* 25.5 0.408 4 
Copper* 25.5 
Coppert 24.6 ® 
Cu-Al 16.0 0.469 
20.8 
9.6 0.490 
9.4 
2.2 0.412 
4.6 
0.7 0.422 6 
0.9 
4.8 0.365 
2.1 7 
8.8 0.329 8 
7.9 
Cu-Ni 28.7 
Tey 
17.9 
21.7 
I2.0 
a 
6.5 
Cu-Zn 25.3 
19.0 9 
9.0 J 10 
ESiv8 It 
* Electrolytic Copper, deoxidized with phos- 


phorous. : 
+ Oxygen Free Copper (O.F.H.C.). 
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hardening curves similar to those of Brick, 
Martin and Angier! were obtained. 


Discussion OF RESULTS 


The relative nominal percent reduction 
in thickness by cold rolling to develop de- 


w 


a 
8 


equally effective in forming deformation 
lines and equally effective in solid solution 
hardening. In Fig 1 the curves for zinc and 
nickel are within experimental error of each 
other up to about 25 pct additions. 

The correlation fails, however, when the 


© Aluminum 
@Nickel 
0 Zinc 


q 


Percent Reduction in Thickness 


y 


XO 25° 50 3S 


Atomic Fercent Sefute 


Fic 1—EFFECT OF SOLUTE ADDITIONS ON THE RELATIVE NOMINAL PERCENT REDUCTION IN THICKNESS 
BY COLD ROLLING TO DEVELOP DEFORMATION ETCH MARKINGS IN 20 PCT OF THE GRAINS. 


formation etch markings in 20 pct of the 

grains of the various alloys is shown in 

Table 1 and Fig 1. The first appearance of 
etch markings was noted as low as g pct 
reduction in copper, less than 14 pct in one 
copper aluminum alloy (11.49 pct) and less 
than 5 pct in one copper nickel (32.44 pct) 
and one copper zinc (17.85 pct) alloy. It is 
believed that the earlier appearance of lines 
as compared with previous literature is the 
~ result of a careful electrolytic polish and a 
heavy etch since results could not be dupli- 
cated using a mechanical polish. 
The preliminary inspection of Fig 1 indi- 
cates that the addition of solute atoms to 
__ copper causes deformation lines to form at 
_ lower precentage reductions during cold 
rolling. Aluminum, which causes more solu- 
. tion hardening, is more effective than zinc 
‘and nickel, which are approximately 


* 
< 
a 
- 


curves for aluminum and zinc in Fig 1 de- 
velop minima at approximately 10 and 
20 pct respectively, while the solution 
hardening curves do not. In addition, the 
appearance of deformation lines bore no 
relationship to strain hardening effects. 
Fig 2 shows cold rolling curves for copper 
and two copper aluminum alloys. The ap- 
pearance of deformation lines indicated by 
arrows is independent of the initial rapid 
increase in hardness caused by cold rolling 
or the shape of the curve. 

Since deformation lines are manifesta- 
tions of an etchirig effect, undeformed 
copper-aluminum alloy specimens of the 
same grain size and approximately the same 
dimensions were submerged in potassium 
bichromate etchant for two days and the 
loss of weight determined as shown in 
Fig 3. No correlation is apparent between 
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this curve and the aluminum curve in Fig r. 
This indicates that possibly galvanic cells 
between areas of different amounts of 
deformation are the source of the con- 


/$6 


Diamond fyramiad Hardness 
w 
Lo f 


> 
Percent Keduction in Thickness by Gla fia /hing 
Fic 2—COLD ROLLING CURVES FOR COPPER AND COPPER-ALUMINUM ALLOYS. 


centrated attack causing the lines. Experi- 
ments to investigate this possibility are 
contemplated. 

The minima in the aluminum and zinc 


Loss in weight = Gins/ mn /day 


OQ 
6) 5. /O IS RO Yas 
Atomic Fervent Salute 


Fic 3—CHEMICAL ATTACK BY POTASSIUM 
BICHROMATE ETCHANT ON THE UNDEFORMED 
COPPER-ALUMINUM ALLOY SERIES. 


curves at the approximate middle of the 


solid solution range and the potentiality of” 


a similar minimum in the nickel curve 
could not be rationalized satisfactorily. 


These minima can be made to coincide by 
plotting valence electron per atom ratio in 
lieu of composition, provided a value of 1.4 
electrons per atom is assumed for nickel, 
which is a transition element. The minima 
occur at an electron per atom ratio of 
6/5. However, the significance of the num- 
ber of electrons per atom in causing defor- 
mation lines is not apparent unless it is a 
factor in the galvanic cells mentioned 
above. 

The relationship between the effect of 
solute additions on textures and on defor- 
mation lines is also somewhat vague. The 
rolling texture for copper-aluminum alloys 
changes from the copper type (110) [112] to 
the brass type at approximately 1 pct,!® 
and for copper-zinc alloys at approximately 
5 pct.!4It might be thought that for each of 
these series the alloys which develop a 
brass type texture also might develop de- 
formation lines at lower reductions. How- 
ever, copper-nickel alloys, which undergo 


no textural changes, develop deformation — 


f 
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COLD ROLLED 4.4 PCT. POTASSIUM BICHROMATE ETCH. 
500 X 
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Fic 6—CoPpPER-ALUMINUM ALLOY (11.49 PCT) COLD ROLLED 2.14 PCT. POTASSIUM BICHROMATE 
ETCH. 500 X 


Fic 7—CoPPER-ALUMINUM ALLOY (13.65 PCT) COLD ROLLED 2.1 PCT. POTASSIUM BICHROMATE ETCH. 
500 X 
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; Frc 8—CopPEeR-ALUMINUM ALLOY (16.58 PCT) COLD ROLLED 10.5 PCT. POTASSIUM BICHROMATE ETCH 
500 X 


Fic 9—CopreEr-zINC ALLOY (8.21 PCT) COLD ROLLED 20.5 PCT. POTASSIUM BICHROMATE ETCH. 300 X 
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Fic 10—CopPER-ZINC ALLOY (17.85 PCT) COLD ROLLED 9.0 PCT. PoTASSIUM BICHROMATE ETCH 
300 X 
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Fic 11—CopPER-ZINC ALLOY (28.02 PCT) COLD ROLLED 13.3 PCT. POTASSIUM BICHROMATE ETCH 
300 X : 
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lines at as low reductions as copper-zinc 
alloys, which do show such changes. 

The appearance of the deformation lines 
is of some interest. They appeared to be 
approximately traces of octahedral planes, 
judging from their relation to twin bands, 
and generally occurred as nearly as possible 
perpendicular to the rolling direction. 

In copper (Fig 4) the copper-nickel 
alloys, and the dilute copper-aluminum and 
copper-zinc alloys, the lines appeared more 
vaguely defined than in the more concen- 
trated copper-aluminum alloys (Fig 5-8) 
and copper-zinc alloys (Fig 9-10) in which 
the lines were more sharply defined, 
straighter, and somewhat pitted. These 
observations suggest the possibility that 
those alloys which form vague wavy defor- 
mation lines later develop the copper-type 
rolling texture, while those alloys which 
form straight sharp lines later develop the 
brass-type texture. 


SUMMARY? 


Deformation lines were developed at 
lower percentage reductions during the cold 
rolling of binary copper alloys containing 
aluminum, nickel or zinc in solid solution 
than during the cold rolling of copper as 
measured by the relative nominal percent 
reduction in thickness to develop deforma- 
tional etch markings ir 20 pet of the grains 
using an electrolytic polish and a potassium 


| _bichromate etch. Alloys in the middle of the 


solid solution ranges developed lines at 
lower percentage reductions than others. 
No relationship was apparent between 
strain hardening or the eventual rolling tex- 


ture and the initial formation of deforma- 


tion lines. A possible correlation existed 
between the characteristic appearance of 
the deformation lines and the type of rolling 
texture eventually formed. 
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DISCUSSION 


(J. T. Eash and R. M. Brick presiding) 


M. B. Bever*—The authors of this very 
interesting paper state that the appearance of 
strain markings is not related to strain harden- 
ing effects. In this connection, Fig 2 seems to 
suggest an interesting possibility. This figure 
shows that in copper and two copper-aluminum 
alloys strain markings appear approximately 
at the same hardness level. The hardening 
results from cold reduction in the pure metal, 
while it is the combined effect of solution 
hardening and strain hardening in the alloys. 
Perhaps a relation exists between hardness and 
strain markings, at least in dilute alloys of 
copper. It would be helpful to know whether ~ 
the authors possess data on the alloys of copper 
with zinc and nickel which would either support 
or refute this tentative generalization. 


* Massachusetts Institute of Technology. 
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The careful work reported in this paper 
serves to emphasize a fundamental feature of 
strain markings: They are a phenomenon that 
depends on the conditions of metallographic 
observation. The authors are undoubtedly cor- 
rect in believing that they were able to observe 
the appearance of strain markings at lower 
reductions than previous investigators because 
they used more refined techniques of polishing 
and etching. One may conclude that any addi- 
tional refinements of preparation and observa- 
tion would further lower the critical amount of 
reduction. 


J. E. Burxe*—There is an apparent differ- 
ence between the present authors and Dr. 
Barrett and myself!’ as regards the amount of 
deformation necessary to produce strain mark- 
ings. I doubt however, whether this difference 
is real. The present authors used alloys different 
from the one discussed in our paper, and what is 
probably more important, they used a different 
etchant. 

The difference in the appearance of the mark- 
ings with different etchants is striking. We have 
been unable to detect markings following low 
deformations using the dichromate etchant. 
Using the hydrogen peroxide-ammonium hy- 
droxide etchant, large numbers of rather ill- 
defined lines may be detected in many grains. 
Using the phosphoric acid etchant described 
by McClean!® we found fewer markings, but 
those found were very well defined. 

This emphasizes the fact that we do not 
understand why strain markings, or deforma- 
tion striae are revealed by etching. 

There have been three papers within the last 
few months dealing with this subject (two that 
you heard this morning, and the one by Mc- 
Clean already mentioned). All the authors 
indicate that they believe the markings are 
revealed because of more rapid etching in a 
region of higher deformation. It should be 
pointed out that none of us has proved that 
this is so. Similar results might be expected if 
precipitation of a second phase occurred along 
the slip lines. Even the explanation that Dr. 
Mathewson prefers, that the lines are revealed 


* Institute for the Study of Metals, Uni- 
versity of Chicago. 

1B AIME Met. Tech. Feb. 1948. TP 2327. 
This volume, p. 106. 

19 Jnl. Inst. Metals (1947) 74, (2) 95: 


because there are thin twins at the edges of the 
slip lines, has not been disproved. 

I should like to ask Dr. Hibbard if he carried 
out any experiments with different specimens 
having the same nominal composition but 
different impurity contents. If the lines are 
revealed because of precipitation of impurities, 
one would expect the markings to be less 
intense in the purer alloy. 


R. S. Busk*—This is just a suggestion in 
line with the idea that those may be precipita- 
tion of an impurity which is giving rise to the 
etching. I wonder if any experiments have been 
made using electron diffraction to pick up the 
impurities which may be present in the slip 
lines. If not, I would like to recommend it 
quite highly. 

In magnesium alloys, for example, by using 
that technique, it is possible to determine com- 
pounds which are formed between elements 
which are present in very small’amounts, even 
less than 1/1000 of 1 pct each. 


R. M. Brickt—It seems to me that a short- 
range ordering is perhaps a more likely thing to 
look for than precipitation. Many of these 
copper base alloys in which ordering has not 
been reported, I am sure, do show at least 
short-range ordering. 


J. T. EAsH—TI should like to ask the authors 
if they consider that slip has occurred in only 
20 pct of the grains at the selected level of 
comparison. where they are able to observe 
slip in that number of the grains. 


W. R. Hissar, Jr. (authors’ reply)—In 


reply to Professor Bever’s comment concerning ~ 


Fig 2, we have strain hardening data on the 
other alloys which definitely indicate that the 
strain markings do not appear at the same 
hardness level. Professor Bever and Dr, 
Burke have both emphasized the importance 
of metallographic technique and particularly 
the choice of etchants. We agree that this is 


apparently a key feature’ and believe there 


should be additional research carried out to 
attempt to discover the relative strain sensi- 
tivity of the various techniques. Dr. Burke and 
Dr. Busk have proposed an impurity factor. 


* The Dow Chemical Company. 
+ University of Pennsylvania. 
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Since all our specimens were taken from a single 
ingot of each alloy, we have no data on this 
possibility. Dr. Brick’s suggestion of short- 
range ordering as a factor in determining the 
minimums in Fig 1 offers an additional point 
for consideration. All of this demonstrates 
what Dr. Burke has already pointed out, that 


is, we have not proved what causes deformation 
lines. 

In answer to Mr. Eash, when deformation 
lines are found in ‘20 pct of the grains, it is 
quite likely that slip has occurred in all the 
grains but only to a sufficient extent to cause 
etching effects in 20 pct of them. 


Unpredicted Cross-slip in Single Crystals of Alpha Brass* 


By Rogpert Mappin,} Junior MemBer, C. H. MATHEWSON, MEMBER AND W. R. HipparD, JR, 
Junior Memper AIME 


(New York Meeting, February 1948) 


A SATISFACTORY mathematical relation- 
ship between shear, elongation and change 
of orientation in the axial straining of a 
single crystalline rod or wire may be based 
on a simple model in which blocks, repre- 
senting glide lamellae, glide over one 
another and rotate so as to maintain the 
original fixed position of the axis as the 
wire elongates.' 

Obviously such a model gives no informa- 
tion concerning strain-hardening or the 
atomic adjustments at the sliding surfaces 
and their influence on the internal struc- 
ture of the blocks. Moreover such an 
operation could be conducted with rigid 
blocks only by using self-aligning grips 
or a flexible attachment which would per- 
mit the adjacent blocks to freely assume 
their changing orientations. 

There are many unsolved problems 
(see Andrade?) concerning the manner in 
which nature departs from the simple 
model in permitting the essentials of slip, 
rotation and elongation to occur along with 
strain-hardening and the appearance of 
glide lamellae of various dimensions and 
special characteristics, not fully appreci- 
ated at the present time. 

This paper describes part of an extensive 
investigation on the development and 
~* A part of a dissertation to be presented by 
Robert Maddin to the Faculty of the Graduate 
School of Engineering, Yale University, in 
partial fulfillment of the requirements for the 
degree of Doctor of Engineering. Manuscript 
received at the office of the Institute Decem- 
ber 1, 1947. Issued as TP 2331 in METALS 
TECHNOLOGY, February 1948. 

+ Graduate Student, Professor of Metallurgy, 
Assistant Professor of Metallurgy, respec- 


tively, Yale University. 
1 References are at the end of the paper. 


characteristics of glide ellipses in single 
crystalline alpha brass rods and is especially 
concerned with the observation of cross- 
slip in crystals oriented wholly within the 
range of slip on a single system according 
to the generalizations first presented by 
Taylor and Elam in 1923.8 


EXPERIMENTAL PROCEDURE 


Half-inch rods of alpha brass (nominally 
70 pct Cu, 30 pct Zn)* were converted into 
single crystals by melting and gradual 
solidification in a graphite mold according 
to the Bridgman method.‘ In order to 
remove any coring, the crystals were 
homogenized at 800°C for 16 hr and tested 
by etching with a 50 pct nitric acid solution. 

The back-reflection Laue technique as 
described by Greninger® was used for 
determining the orientations of the crystals. 


Standard stereographic operations were ~ 


employed to locate the specimen axis in a 
triangle of the Taylor and Elam® projection 
so that the slip plane and direction could 
be predicted. 

The lineage structure reported by Buer- 
ger® was present in the crystals used in this 
investigation. However, only crystals were 
used in which the internal differences in 


_ orientation did not exceed two degrees. 


Very little is known concerning the effect 
of the presence of a lineage structure on the 
detailed mechanism of plastic deformation. 


* Analysis as follows: Specimen Br-4, Cu 
70.78 pet, Pb and Fe 0.01 pct, Zn (by differ- 
ence) 29. 20 pct; Specimen Br-8, Cu 70.53 pct, 
Pb and Fe 0.01 pct, Zn 29.45 pct; Specimen 
Br-12, Cu 71.13 pet, Pb and Fe o.or pct, Zn 
28.85 pct. 
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In a recent paper Hibbard’ has suggested 
that lineage structure in copper single 
crystals may account for their slightly 
higher value of critical resolved shear 
stress. Certainly minor effects of this 
character in the crystals do not change 
their subservience to the general relation- 
ships described by Taylor and Elam. 


Method of Polishing 


Electrolytic polishing was used in this 
investigation in order to obtain surfaces 
on which improved observations could be 
made. A stainless steel pot 10 in. deep and 
6 in. in diam served both as the container 
for the electrolyte and for the cathode. 
The inside bottom and 2 in. of the side 
were masked with “pyseal” to avoid 
non-uniform polishing. A solution of 
chromic acid (200 g per liter of water) with 
a current density of 1000 amp per sq ft as 


suggested by Rodda® gave a smooth and ~ 


lasting polish. 

The ends of a single crystal were masked 
with ‘‘pyseal”’ leaving a 4-in. gauge length, 
washed in a commercial grease remover, 
rinsed in tap water and rewashed in dis- 
tilled water. The crystal was suspended in 
the center of the container by means of an 
adapter and served as the anode of the cell. 
A glass stirring rod rotated by means of a 
- small electric motor served as an agitator 

for the bath. Intermittent polishing times 
of from 2 to 4 min. resulted in a high 
polish with a slight amount of pitting. 
Increasing the current density decreased 
- the amount of pitting but resulted in an 
i, eccentrically polished specimen. Taking 
great care to see that the specimen was in 
the exact center of the container decreased 
the eccentricity. Longitudinal undulations 
in the surface were decreased by immersing 
the specimen in the electrolyte to about 
two thirds of its gauge length and polishing 
_ while electrolyte dripped into the container 
at a fixed rate. The specimen was then 
reversed end for end and the same pro- 
cedure repeated, This mode of polishing 


resulted in a highly polished surface with 
only slight pitting and with a circular 
cross-section. 

Three longitudinal flat surfaces about 
five mm wide, one perpendicular to the slip 
direction and the others 120° apart, parallel 
to the specimen axis, were polished 
mechanically and repolished electrolyt- 
ically to eliminate the mechanical polishing 
strain. A back-reflection Laue photogram 
was made of each flat surface to determine 
whether any strain remained. The degree 
of polish which resulted in sharp Laue spots 
was taken as a polish in which all flowed 
metal had been removed. The crystals 
were examined microscopically at high 
magnifications to determine the degree of 
flatness. No evidence of flowed metal was 
observed microscopically on specimens pre- 
pared in this manner. Even with a slight 
amount of shallow pitting, the surfaces 
could be examined optically and with the 
electron microscope with very little diffi- 
culty in focusing. 

Crystal surfaces prepared by this method 
were so very sensitive that the pressure 
resulting from the ratchet of a micrometer 
was sufficient to produce slip markings in 
the vicinity of contact. Consequently a 
special optical device was used to measure 
the gauge diameter of specimens. 


Replica Technique for Electron Microscope 


Since it was decided to study slip lines 
as a function of shear the specimen could 
not be heated nor could it be subjected 
to any pressure. Consequently a technique 
was adopted whereby silica was evaporated 
on a collodion replica in the usual manner. 
The collodion was next dissolved in amyl 
acetate and the silica replica was shadow 
cast with chromium. 


Deformation of Crystals 


Tensile deformation was adopted owing 
to its simple axial character. The specimens 
were deformed in a Southwark-Emery 
tensile machine of 20,000-lb capacity and 
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readings were taken on a o-1000-lb scale. 
Strain measurements were made with a 
Huggenberger tensometer over a half inch 
gauge length after the manner described 
by Treuting and Brick.? Load was applied 
through “‘self-aligning” grips at a rate of 
about 100 lb per min. Simultaneous load- 
extension readings were taken generally at 
15-sec intervals but at 5-sec intervals just 
below the yield: Care was taken to align 
the grips so as to avoid any possibility of 
torsion or bending. In all cases the grips 
were at least 5 in. apart. A metallurgical 
binocular microscope was trained on the 
area of minimum cross-section containing 
the tensometer. Stress axis rotation was 
checked after each extension on the basis 
of two or more Laue photograms taken at 
right angles to the specimen axis around 
the circumference of the crystal. Micro- 
scopic observations were made first at the 
center of the specimen and then through- 
out its entire length when this was desired. 

The movement of the stress axis was 
_ calculated from the experimental data in 
the usual manner: 


Lee sinxo 


where 7 and 7 are the final and original 
gauge lengths, respectively, « and xo the 
final and original angles between the 
specimen axis and the operating glide plane, 
and ) and Xp the final and original angles 
between the specimen axis and the glide 
direction. Resolved shear stress was calcu- 
lated from the formula, 


Load 


sin x cos A* 
Area 


Shear (t) was. calculated by means of the 
expression : 
_ cos i 


cos Ag 
ae sini 


sin % ° 


* Although the cross-slip observed in this 
investigation would seem to invalidate the 
present method of calculating shear and re- 
solved stress, since the glide plane is no longer 
a smooth plane but rather a set of segments, 
it was nevertheless used as an approximation. 


i EXPERIMENTAL RESULTS 


‘The experimental observations are con- 
cerned mainly with the appearance and 
characteristics of the glide lamellae and 
the phenomena of cross-slipping. For com- 
plete documentation the orientations in- 
volved and the stress-strain relationships 
are shown in appropriate plots. 

A brass crystal numbered Br-8 was pol- 
ished electrolytically to a final gauge 
diam of 0.318 in. The specimen was 
extended at a constant rate of loading of 
about 1oo lb per min. Load-extension 
readings were taken every ro sec up to the 
yield. Slip clusters appeared almost simul- 
taneously with the observed plastic be- 
havior of the crystal at the points of 
minimum diameter..No movement of the 
slip clusters could be noted; they appeared 
as if by spontaneous readjustment. Fig 1 


- illustrates the initial appearance and dis- 


tribution of these slip clusters. What 
appeared to be single broad lines at low 
magnifications were resolved into very fine 
markings at high magnifications. In many 
cases the markings were discontinuous and 
ended in a cross marking. (See for example 
Fig 15.) This kind of slip line, which crosses 
from one.of the long, predominant slip lines 
to another, is designated “cross-slip.” 
Observations along the length of the speci- 
men indicated a slight variation in the 
number and character of the markings. By 
plotting stereographically the traces of the 
primary lines from two surfaces, the mark- 
ings were recognized as traces of the family 
of octahedral planes having the maximum 
resolved shear stress. This method is 
difficult to apply in the case of the minute 


cross-slip markings but the traces from one 


specimen indicate slip on a set of octahedral 
planes other than the one which would 
operate in double slipping at the symmetry 
position. (See Fig 5.) No attempt was made 
to count either the primary or cross-slip 
markings as they could not be completely 
resolved at high magnifications. 
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. ~. 4 
Fic 1—INITIAL APPEARANCE OF SLIP CLUSTERS. t = 0.0013. BR-8-1. (STRESS AXIS HORIZONTAL) 
X 4. : 
FIG 2—SLIP CLUSTERS AFTER THIRD EXTENSION. f = 0.0112. Br-8-3. (STRESS AXIS HORIZONTAL) 
X 4. 
Fic 3—SLIP CLUSTERS AFTER SEVENTH EXTENSION. ¢t = 0.22. BR-8-7. (STRESS AXIS HORIZONTAL) 
. X 4. 


Fic 4—OBLIQUE ILLUMINATION OF SLIP LINES IN A CLUSTER. BR-8-5. ¢ = 0.064. (STRESS AXIS 
VERTICAL) X 800. 
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The specimen was next loaded twice 
successively to its yield point. The new 
slip clusters appeared just as in the first 
extension but adjacent to and in between 
former slip clusters. Although the number 
_of slip clusters increased only slightly their 
width was noticeably greater. Here again 
higher magnifications showed many lines 
to be discontinuous, ending always in 
cross-slip. Very faint traces of a third set 
of markings were visible but so few of the 
lines were present that some doubt existed 
as to whether they were actually slip 
markings. 

In the next two extensions, the specimen 
was stressed just beyond its yield and 
successively unloaded for three and four 
loadings, respectively. The time between 
each stressing was just the time necessary 
to reset the tensometer, about 2 sec. In each 
case the new slip lines were formed instan- 
taneously, simultaneously with plastic flow. 
Here the number of slip clusters increased 
greatly, taking up positions between and 
widening former slip clusters. This large 
number of slip clusters may be seen in 
Fig 2. At high magnifications the clusters 
were seen to be of variable width. Observa- 
tions of the same slip clusters at different 
amounts of shear indicated that the overall 
width increased with increasing amounts of 
shear. Many new discontinuous lines were 
present with the cross-slip joining them 
becoming more prominent. 

For the fifth extension the specimen was 
loaded sufficiently beyond its yield to 
insure a large amount of shear. Where 
formerly there had been a comparatively 
small number of lines in a cluster there 
were now very many as shown in Fig 4. 
When any two lines could be resolved at 
high magnifications, there was always the 
faint trace of cross-slip between them. In 
many cases a slip line would run straight 
and suddenly step off parallel to itself at a 
distance of about 2500 A. 

The sixth, seventh and eighth extensions 
were conducted in the same manner as the 


fifth. In each case there was no difference 
in the initial appearance of the slip clusters. 
The slip lines now formed a solid grating 
(Fig 3) continually filling up unslipped 
regions and adding to the width of former 
slip clusters. 

Laue back-reflection photograms were 
made after each extension at right angles 
to the specimen axis from two or more 
directions in order to determine pole rota- 
tion and any change in Laue spots with 
increasing shear. Although it is well known 
that the Laue spots become elongated and 
diffuse with increasing deformation below 
the recrystallization temperature, no meas- 
urable elongation, loss of sharpness or 
decrease in intensity could be noted in the 
spots after these eight extensions. If any- 
thing, the Laue spots representing the 
(210) planes became more intense. The 
initial orientation and lattice rotation are 
plotted in Fig 5. No pole rotation could be 
noted for the first two extensions but, 
except for the fifth extension, the observed 
pole rotations followed the theoretically 


' predicted course. 


The critical resolved shear stress, shear 
and elongation for each extension are listed 
in Table 1. Resolved shear stress-shear 


TABLE 1—Specimen Br-8 


Crit. Res, 
Shear Stress 


Elon- 
gation, 
Per Cent 
in t Inch |Kg/Mm?2 Psi 


Extension | Shear (¢) 


I oO. oO. 1.39 1960 
2 oO. oO. 1.30 1840 
3-1 oO. oO. 1.30 1840 
3-2 Oo. oO. I.32 1880 
3-3 oO. oO. I.30 1840 
4-1 0. Oo. 1.31 1860 | 
4-2 oO. On 1.38 1960 
4-3 oO. 0. 30 1960 
4-4 Oo. Oo. 1.28 1820 
5 oO. i’. 

6 oO. ih 

7 oO. 4. 

8 oO. 8. 


curves are shown in Fig 6. As may be seen 
there is no progressive rise of the yield 
point with increasing deformation as 
would be expected from the general con- 


- 


: 
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sideration of shear-strengthening on cold 
working. 

In order to determine the effect of 
specimen diameter on the appearance of 


@ Specimen Br-8. 
© Specimen Br-12. 
+ Specimen Br-4. 
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cross-slip, a specimen numbered Br-12 was 
_ polished electrolytically from an initial 
z. gauge diam of o.5ro in. to a final diam of 
0.4667 in. in a gauge length of 3.5 in. The 
_ same rate of loading was used but load- 
q extension readings were taken at 5 sec 

intervals to provide a more accurate check 
of the critical resolved shear stress. The 
slip clusters appeared, as in previous cases, 
_ almost simultaneously with the observed 
plastic extension of the crystal. Here, 
however, the clusters were spread out over 


¥ 


at 


ot 


a longer length and were not as wide as 
those of specimen Br-8 after its first exten- 
sion. The reason for this may be that 
specimen Br-12 showed very little variation 


Fic 5—INITIAL ORIENTATION AND LATTICE ROTATION FOR CRYSTALS INVESTIGATED. 


S.P.,; denotes the primary slip plane and 
S.P.2 the observed cross-slip plane in specimen Br-8. 


in gauge diameter throughout its entire 
gauge length while specimen Br-8 revealed 
a fairly large variation. At high magnifica- 
tions cross-slip was again noted joining 
discontinuous primary slip lines. Stereo- 
graphic analysis of the primary slip lines 
attributed them to the proper family of 
octahedral planes and the cross-slip lines 
to another unrelated family of the same 
form. (See Fig 5.) Fig 7 and 8 illustrate the 
appearance of cross-slip in this specimen 
under direct and oblique illumination. 


g2 


Two successive extensions of the speci- 
men to just beyond its yield point showed 
no increase in the value of critical resolved 
initial 


shear stress above the value of 
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the specimen. In many cases the primary 
slip appeared as if one slip plane had oper- 
ated and pulled along with it other planes 
with successively decreasing amounts of 
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Fic 6—RESOLVED SHEAR STRESS-SHEAR CURVES. SPECIMEN Br-8. 


Fic 8 


Fic 7—CROSS-SLIP AFTER FIRST EXTENSION. ¢ = 0.0024. BR-12-1. (STRESS AXIS VERTICAL) X 800. 
Fic 8—CROSS-SLIP AFTER FIRST EXTENSION UNDER OBLIQUE ILLUMINATION. Br-12-1. (STRESS AXIS 
VERTICAL) X 800. 


1.16 kg/mm? (1640 psi). The S-¢ curves 
for all three extensions are shown in Fig 9. 
The new slip clusters filled in undisturbed 
areas and added to the width of former 
slip clusters. Prominent cross-slip as shown 
in Fig 10 and 11 could be noted throughout 


shear. An example of this may be seen in 
Fig 11. . 
Laue photograms exhibited no change in 
the appearance of the spots nor could any 
rotation of the stress axis be noted. A series 
of photograms of the crystal after it had 
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been subjected to a load of about roo lb the area of minimum cross-section seemed 
above the former yield indicated a rotation always to be the first area to show slip 
of the stress axis toward the proper pole. clusters. Since an optical method was used 
The projection showing the initial orienta- for determining the gauge diameter with 


Resolved Shear Stress Cpsé) 


Fic 11 


Fic 10—PROMINENT CROSS-SLIP. BR-12-2. t = 0.0074. (STRESS AXIS VERTICAL) X 1000. 
Fic 11—CR0Ss-SLIP UNDER OBLIQUE ILLUMINATION. BrR-12-2. f = 0.0074. (STRESS AXIS VERTICAL) 
X 2000. 


tion and the position of the specimen axis an accuracy of 0.0005 in., the term “ mini- 
after this final extension is shown in Fig 5. mum gauge diameter” is used relative to 
The relatively large amount of shear this accuracy. It might well be that a 
(0.091) at this stage produced many more coordination of the position of slip lines 
slip clusters. With all crystals investigated with “microscopic” variations in gauge 


‘ 
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diameter along the length of the specimen 
would indicate the occurrence of a cluster 
at each of the minima. Thus it may be more 
than coincidence that all new slip clusters 
seem to appear at the macroscopically 
situated points of minimum cross-section 
and this lends support to an hypothesis 
that the amount of cross-sectional material 
actually determines the location of slip 
clusters. 

In Table 2 are listed the shear, elongation 
and critical resolved shear stresses for the 
four extensions of specimen Br-12. 


TABLE 2—Specimen Br-12 


El Crit. Res. 
vibes Shear Stress 
Extension Shear ee Cant 
int In. |Kg/Mm?2 Psi 

I 0.0024 0.11 1216 1640 
2-1 0.0053 0.25 1.06 1500 
2-2 0.0074 0.35 1.06 1500 
3 0.091 2:5 


In the case of a third specimen; Br-4, 
three flats were polished mechanically, one 
perpendicular to the slip direction, one 
perpendicular to the associated <112> 
direction and the third parallel to the slip 
direction. Subsequent electrolytic polishing 
to a final gauge diam of 0.4409 in. insured 
the removal of flowed metal from the sur- 
face. A series of Laue photograms Showed 
no lineage structure. The initial orientation 
of the specimen is shown in Fig s. 

With the same rate of loading as in 
previous cases, the critical resolved shear 
stress was calculated to be 1.16 kg/mm? 
(1640 psi). Four separate additional exten- 
sions produced a drop to 1.14 kg/mm? 
(1610 psi). 

To check the effect of permanent set on 
the critical resolved shear stress, the crystal 
was loaded to just beyond its yield point 
and immediately unloaded seven successive 
times; the time allowed between loadings 
being no more than 2 sec. The correspond- 
ing S-¢ curves are plotted in Fig 12. By 
way: of comparison S-! curves for a copper 


td 
yee. 
{> ee 


crystal are plotted in Fig 13. This crystal 


was loaded just beyond its yield point and 
immediately unloaded 13 successive times. 
Although Fig 13 shows a steady rise in the 
proportional limit for the copper crystal, no 
such effect can be seen in Fig 12 for the 
brass crystal. It may be noted that in the 
case of the copper crystal the deformation 
was almost completely plastic whereas for 
the brass crystal much of the deformation 
was noticeably elastic. Hibbard!® suggested 
that three differences might account for 
the difference in behavior of a copper 
crystal and a brass crystal: First, the 
presence of zinc in solid solution; second, 
the presence of a definite lineage structure 
in the copper crystal; and finally the 
localization of glide in the brass crystal 
into more widely spaced and more sharply 
defined slip lines. 

Shear, elongation and resolved shear 
stresses for the seven successive extensions 
of Specimen Br-4 are listed in Table 3. 


~ TABLE 3—S pecimen Br-4 


Crit. Res. 
Shear Stress 


Elon- 
gation, 


Extension 


This crystal was next extended suff- 
ciently beyond its yield to insure a fairly 
large increase in shear (0.072). Although 
many slip lines were present, the degree of 
flatness of the surface permitted extended 
micrographic observations at high magni- 
fications. Much intimate cross-slip can be 
seen in Fig 14 and in addition a third set 
of lines of different appearance is present. 
The displacement of this third set by those 
of the primary set indicates that the addi- 
tional lines were formed before the primary 
lines and consequently may be of extrane- 
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ous origin (perhaps scratches). The calcu- 
lation of the displacement of the third set 
of markings indicates an order of magni- 
tude of about 2300 at. diam. The wavy 
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The one deviating case gave a value for 
critical resolved shear stress some 20 pet 
higher. The high values for the critical 
resolved shear stresses of copper single 


; 013 


Shear (4!) 


condition of the slip lines shown in Fig 14 
%,- might be caused by a large amount of 
4 unresolved glide on primary and cross-slip 
planes. Prominent cross-slip between pri- 
mary slip clusters can be seen in Fig 15. 

An electron micrograph made from a 
chromium shadow-casting of a collodion- 
silica replica revealed two slip lines about 
_ 340 at. diam apart, Fig 16. It may be noted 
- that R. D. Heidenreich and W. Schockley"! 
_ have obtained slip lines in aluminum ‘as 


_ close as 50 at. diam (200 A). 


DISCUSSION OF RESULTS 


The resolved shear stresses, in all but 


- flow: plastically and at which slip lines first 
' became visible were consistent with the 


Fic 12—SHEAR-STRENGTHENING CURVES FOR SEVEN EXTENSIONS. SPECIMEN Br-4. 


crystals strained in tension by Hibbard? 
have been attributed by him to the possi- 
bility of an effect of lineage structure on 
plastic flow. This might well be the case 
here since lineage structure of about 2° was 
noted in the crystal exhibiting the higher 
yield point. With regard to the S-¢ curves, 
no sharp deviation from linearity was noted 
(contrary to the findings of Burghoff!2); 
rather, a gradual change in slope followed 
by a flattening of the curve. 

Homogeneous rotation of the lattice 
during extension is prohibited because of 
constraints imposed by the grips and. by the 
unslipped matrix material. Consequently 
the crystal is forced to deform in some 
complex manner that will yield the ob- 
served rotation of the lattice. The methods 
hitherto: assumed by which a lattice could 
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rotate and still satisfy the boundary con- 
ditions have been flexural gliding of the 
slip lamellae (Biegegleitung)'* or crystal 
break-up followed by rotation of the minute 


7 


100 PSt 


RESOLVED, | SHEAR STRESS 
'. 


N 
0 


O O O 
0 O0f 002 903 904 005 OOF CC? GOB C09 HO 


6 6—O 
ow O12 O13 O14 O15 
SHELA 


UNPREDICTED CROSS-SLIP IN SINGLE CRYSTALS OF ALPHA BRASS 


evident since no case was noted in which 
similar markings existed by themselves. 
In every case cross-slip began at a primary 
slip line and ended at another one. Conse- 
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Fic 13—SHEAR-STRENGTHENING CURVES FROM A COPPER CRYSTAL EXTENDED 13 SUCCESSIVE TIMES. 
(Hibbard.) 


crystallites.14-18 The presence of asterism 
in the Laue X ray photograms has been 
interpreted by various investigators as 
evidence in support of both mechanisms. 
However, the presence of cross-slip and 
the absence of asterism in the brass 
crystals investigated suggest that a double- 
slipping mechanism may contribute fun- 
damentally to the reorientation and 
alignment of the slip lamellae with the 
adjacent material, at least in this early 
stage of deformation. In all of the crystals 
investigated, orientations were sufficiently 
removed from any symmetry position so 
as to eliminate the possibility of the 
classical Taylor and Elam double slipping 
on two systems equally inclined to the 
stress axis. Stereographic projections of the 
cross-slip traces on two reference surfaces 
seemed to indicate that the pole of the 
cross-slip plane was different from the one 
required for double slip in the above sense. 

That cross-slip occurred after or in 
close association with primary slip was 


quently it is reasoned that cross-slip may 
occur to take up the grip effect resulting 
from primary slip at the ends of discon- 
tinuous slip lines. If plastic bend-gliding 
or crystallite break-up resulted from the 
attempt on the part of the lattice to rotate 
it would manifest itself in the form of 
asterism in the Laue photograms. This 
rotational attempt may be visualized as 
an elastic distortion with an associated 
plastic reaction satisfying a bending 
moment about the stress axis by the initia- 
tion of new glide planes, that is, cross-slip. 
Since there are twelve slip systems in the 
face-centered cubic lattice, the bending 
stresses imparted to the lattice would seem 
amenable to relief by initiation of glide on 
one of these secondary systems without the 


necessity for bend-gliding or crystallite 


break-up in any extreme sense. 

Other observations of collateral slip 
bands in the area of single slipping seem to 
refer more especially to a second system 


or set of bands extending rather generally — 
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Fic 14 


Fic 15 


_ Fic 16 
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RESS AXIS VERTICAL) X 2000. 


‘FIG I5 PROMINENT CROSS-SLIP. t = 0.072. (STRESS AXIS VERTICAL) X 2000. 
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Fic 14—INTIMATE CROSS-SLIP. BR-4-4. t = 0.072. (St 
Fic 16—CHROMIUM SHADOW-CASTING OF A COLLODION- 
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SILICA REPLICA. BR-4-4. # = 0.072. 
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across the first set after the manner of the 
classical double slipping. Thus Collins,'® 
investigating aluminum single crystals, 
noticed a faint set of bands lying roughly 
in a plane whose pole was located go° from 
the pole of the slip plane and in a zone 
containing the crystal axis and the pole 
of the slip plane. He had this to say regard- 
ing their origin: ‘‘Whether or not the 
bending or flexing of the glide plane occurs 
along the entire specimen or is restricted 
to a small section in the immediate vicinity 
of the grips is not known. If the former 
condition occurs it is quite plausible that 
the deformation bands can be intimately 
associated with the bending mechanism of 
the slip planes.” 

We are at present unable to analyze these 
phenomena or differentiate between them 
and the present observations except to 
urge that both originate in the tendency 
of the lattice to reorient in the face of the 
constraints already mentioned. 

No rise in critical resolved shear stress 
' for repeated extensions can be noted for 
the crystals investigated, contrary to the 
general conception of strain hardening. 
This effect was also reported by Martin!* 
and by Treuting and Brick.® Similarly von 
Goler and Sachs” in their classical investi- 
gation of brass single crystals in tension 
found substantially no increase in the 
critical resolved shear stress of the 724, 
composition with shear up to 0.20. As an 
explanation of this behavior they have 
suggested that the solute atoms, Zn, 
allowed slip to proceed at low stresses 
through some mechanism involving their 
axial reorientation on the slip planes. 


SUMMARY 


Plastic flow in 70-30 single crystalline 
alpha brass occurs in the following manner: 
Slip begins at a critical resolved shear 
stress of about 1.16 kg/mm? (1640 psi) 
just prior to the appearance of slip clusters 
at the area of least cross-section. As flow 
continues, new glide planes begin to oper- 
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ate’ adjacent to and in between former slip 
planes at points which seem to be of 
minimum cross-section. The tendency on 
the part of the lattice to rotate because of 
constraints imposed by the grips and the 
unslipped matrix material suggests an 
elastic bending of the glide planes followed 
by a plastic reaction causing the activation 
of cross glide thus permitting rotation. The 
initial stages of slip show no strain harden- 
ing and in some cases there is strain 
softening. At the end of ‘“‘single slip” in 


the vicinity of the symmetry curve, the | 


crystal contains a great number of slip 
lines each of which appears optically to be 
equally distant from its neighbor. A very 
high magnification obtained with the 
electron microscope from a specimen which 
had sustained a shear of 0.072 reveals two 
slip lines at a distance of approach of 
about 340 at. diam. 

It is hoped in further experiments to 
extend the study of the slip phenomena 
described in this paper particularly with 
regard to the presence or absence of 
‘cross-slip” in later stages of the deforma- 
tion and the character of the strain in 
different parts of the crystal. 
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DISCUSSION 
(J. T. Eash and R. M. Brick presiding) 


R. G. Treutinc*—In the discussion of an 
earlier paper, Dr. Mathewson pointed out 
_ the importance of careful study of the 
appearance of slip phenomena. The present 
paper and the one preceding it represent, I 
believe, research of the nicety demanded by 
this field. 

This paper is to me at once stimulating and 
‘challenging, presenting as it does new phe- 
‘nomena to be accounted for and which no ulti- 
‘mate, adequate theory of plastic deformation 


ee 


losely we examine the phenomena associated 
_ with plastic deformation, the more complex 
these seem to be, and the less valid the simpli- 
_ fying assumptions at which we grope. 

_ We have here some new experimental evi- 
dence which raises some new questions. I should 
like to mention some which occur to me, with- 
out offering any answers, but suggesting a 
_ couple of hypotheses of the kind we find neces- 
‘sary in ordering such data in our minds. 


an afford to ignore. It appears that the more 


What is the system of this cross-slip, and 
what is its probable mechanism? The cross- 
lines appear unusual in their continuity with 
the primary slip lines. The authors’ figures con- 
vey to me the impression that almost invari- 
ably, where cross-slip occurs, one set of 
primary lines terminates abruptly and the 
associated but displaced set begins equally 
abruptly. The perfect continuity of slip repre- 
sented by the photographs implies some kind 
of continuity in the fundamental slip mecha- 
nism. It would be valuable to know the time 
relationship of the cross and primary slip: 
whether they occur simultaneously, or succes- 
sively but continuously. 

There seems to be observable in plastic de- 
formation a persistence of steadiness of the slip 
direction; for example, body-centered cubic 
metals commonly slip in but one direction but 
may employ one or more of a number of slip 
planes containing that direction. In the face- 
centered cubic lattice, each [110] type slip 
direction is contained in but two (111) type 
slip planes. In the case of the authors’ crystal 
Br-8 (Fig 5), the predicted and observed slip 
direction—the pole of which is the [110] im- 
mediately above the central cube pole—is con- 
tained only in the normal primary slip plane 
SP; and the observed plane of cross-slip SP». 

If this and the continuity of the slip lines 
together suggest that the same slip direction is 
operative for both types, it is interesting to 
compare the resolved shear stresses for the 
established primary and presumed cross-slip 
systems. This can be done roughly from Fig 5 
of the paper and the usual equation as quoted 
by the authors. From the figure, which natur- 
ally does not bear detailed coordinates, I have 
taken the angle Xo to the common slip direction 
for crystal Br-8 to be 46°, the angle x» to the 
primary slip plane SP; to be 46°, and the 
corresponding angle to the cross-slip plane SP2 
to be 18°. If o is the applied axial unit tensile 
stress, the resolved shear stresses for the re- 
spective systems are approximately o.5 for the 
primary slip, and 0.215 for the cross-slip, or less 
than half the resolved shear stress on the 


‘latter as on the former, a substantial differ- 


ence. If then, the hypothesis of the same slip 
direction operating for both systems be true— 
the kind of mechanism one would like to have 
happen because it appears simple and reason- 
able—does this cross-slip in fact occur at a 
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lower shear stréss, or does some consideration 
which our very elementary calculation ignores 
give rise to a shear stress on the cross-slip 
system comparable with the critical stress to 
produce primary slip? 

One inclines intuitively to the latter pre- 
sumption, which necessitates some further 
postulation regarding the stress state within 
the specimen as it deviates from the pure 
shear implicit in the derivation of the ele- 
mentary equation. The authors suggest, as 
consistent with the absence of asterism in the 
Laue photograms, that the cross-slip may be 
required to accommodate the deformation of 
the specimen to the constraint, imposed by the, 
grips, to colinearity of its end sections. Al- 
though it is not inconceivable that there is in 
the lattice something—for example, a lineage 
structure such as previously discussed by Dr. 
Hibbard and considered by him to have a possi- 
ble effect on plastic fow—that might abruptly 
block slip on the primary system and permit 
the attainment of the critical shear stress on 
the cross system, this may be as reasonably 
attributed to the grip effect, and with probably 
enhanced susceptibility to investigation and 
rationalization. 

It should be a profitable endeavor to derive 
the bending moment in the specimen produced 
by the constraint of the grips coupled with a 
shear strain on the primary slip system and to 
find the resultant shear stress on the other 
systems. This might result in the accurate 
prediction of a cross-slip system. 

Even without doing this, we may consider 
some other possible mechanisms relatable to 
the grip effect, such as slip on such a system as 
will permit the specimen continuously to 
adjust to straightness in the course of primary 
slip; for example, in a direction approximately 
in the zone containing the stress axis and the 
primary slip direction, and at about right 
angles to the latter. These conditions could be 
roughly fulfilled for crystal Br-8 by the [110] 
direction in the 1:30-7:30 position on the 
periphery of the projection in Fig 5: a direction 
which is, incidentally, contained in the observed 
cross-slip plane SP». 

This and the first-made assumption as to the 
possible cross-slip direction are of course but 
speculations that follow the evidence presented 
by the authors, who beyond doubt have already 
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given then due consideration. I hope that this 
lengthy and tedious discussion may none the 
less be justified if it serves to re-emphasize the 
importance of such careful, fundamental work 
as this and to point out how fruitful of sugges- 
tion such work can be. By adding to our store of 
experimental fact on plastic deformation, even 
at the seeming expense of increasing complexity 
of its aspect, we add by so much to the informa- 
tion needed to formulate a successful and inclu- 
sive concept of the underlying mechanism. 


C. S. BArrETT*—TIf the authors will look up 
the early publications in the field of stress dis- 
tribution they will find equations for the stress 
distribution around what is called a dislocation 
and this should apply to the present case. The 
movement on a slip plane of limited extent is a 
movement like that required to produce a dis- 
location. One would expect that the choice of 
the slip plane used in cross-slip would be dic- 
tated by the orientation of the plane of maxi- 
mum shear stress, which should be predictable 
by the formulas for the stress distribution, pro- 
vided the orientations of the associated slip 
planes and slip directions are known. 


J. P. Nrersent—In the Discussion of Re- 
sults the authors state that cross-slip must have 
occurred after or in close association with pri- 
mary slip since no case was noted in which 
cross-slip markings existed by themselves. I am 
inclined to doubt that the cross-slip markings 
occurred after the associated primary slip. 
Referring to, Fig 7, I find it difficult to conceive 
that the two significant clusters of slip lines — 
obligingly stopped at the breaks shown before 


the associated cross-slip occurred. It is easier to 


imagine that a cross-slip occurred first which — 
thereby caused points of high stress at its 
termini, and subsequently caused, or were 
origin points of, primary slip. A possible 
explanation for the absence of lone cross-slips 
could be that they occurred before any primary 
slip occurred at all and that the first primary 
slip took place at the high stress points pro- 
duced by the cross-slip. This could be investi- 
gated by noting the density of cross-slip 
markings for increasing amounts of extension. 
If their number does not increase while the 

*Institute for the Study of Mepelg, Uni- 


versity of Chicago. 
+ New York University. 


U 
| 
| 
4 


| 


: 


Pe See A ee ae ss A * 


DISCUSSION 


primary slip markings increase, they probably 
appeared at an early stage and the primary slip 
followed. 


R. M. Bricx*—I would like to call attention 
anew to Fig 12 and 13, the shear stress curves 
for brass and copper. I have always been struck 
by how completely different copper is from even 
low zinc content alpha brass, and this is merely 
another type of evidence of the difference. 

It is very significant that brass single crystals 
in the cast state, which we all know contain 
pronounced macromosaics, show no strain 
hardening in the early stages of straining, 
whereas the copper single crystal, which must 
also contain macromosaics, does show strain 
hardening. The authors recall the findings of 
von Géler and Sachs, that the absence of the 
effect in brass is caused by reorientation of the 
zinc atoms but this is so speculative that it is 
very unsatisfactory. 

I certainly have no explanation to advance, 
and I merely wish to emphasize that it is im- 


. portant and interesting. I am curious as to 


whether they left the strain gauge on either 
crystal to see if there was an elastic creep to- 


wards lower strains with time in either case. 


(Discussion of TP 2331 and TP 23327) - 


W. G. Burcrers{—Both papers give very 
remarkable observations on the appearance 


- and gradual formation of slip lines in single 


crystals. 
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With regard to cross-slip, observed with 
brass crystals, it may be mentioned that the 
occurrence of so-called ‘‘forbidden slip” in 


deformation experiments with single metal 
crystals seems to be a rather common phe- 
~ nomenon, even for crystals in nonsymmetrical 


position with regard to the dissociation of the 
applied stress; for example with brass crystals 
it was found by von Géler and Sachs (Zésch. 


Phys. (1929) 55, 581) and deduced from the 
fact that the experimentally observed lattice 


rotation lagged behind in magnitude as cal- 
culated in thé assumption that only the “‘the- 


oretical”’ slip-system was active during the 


process. Also in the experiments of Louwerse 
and myself on the recrystallization of homo- 
geneously deformed aluminum crystals, cited 


'* University of Pennsylvania. 
+ See p. 355 this volume. 
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by the authors, the presence of forbidden slip 
had to be assumed in order to interpret the 
textures of the crystallites found after recry- 
stallization of the deformed test-pieces. The 
actual demonstration of cross-slip lines in such 
a clear way as given in the present paper makes 
this phenomenon far more real. 

A second point of interest constitutes the 
absence of asterism in the deformed crystals, 
even for shears of such magnitude that with 
aluminum crystals one would certainly expect 
the phenomenon to be observable. According 
to the authors, the absence of asterism means 
that no crystal break-up followed by rotation 
in local regions takes place, but that reorienta- 
tion is eventually brought about by a double- 
slipping mechanism, the actual occurrence of 
which can be assumed on the basis of the 
appearance of cross-slip lines. 

With regard to this point, it is perhaps 
appropriate for me as a supporter of ‘the “‘local 
curvature theory” to remark that, when ob- 
serving Laue-asterism, one has to be extremely 
careful whether this phenomenon is essentially 
connected with the glide process (due to the 
holding-up of dislocations at lattice faults), or 
due to an unavoidable inhomogeneity of the 
applied glide-process. This question was again 
discussed by Lebbink and myself (Rec. Trav. 
Chim. Pays-Bas (1945) 64, 321) in connection 
with relevant remarks by Kochendorfer, 
Barrett and others. Although I think that in 
deforming aluminum crystals, lattice curva- 
tures cannot be wholly avoided, it is in any 
case certain that also for this metal the degree 
of curvature is considerably smaller if for a 
given shear the number of active slip-planes 
becomes larger. In the paper cited, the fact 
that Kochendérfer did not observe Laue- 
asterism in sheared naphthalene crystals is 
attributed to this cause. ; 

Finally the following remark may be made: 
the authors state (p. 94 of TP 2331) ‘‘that 
all new slip clusters seem to appear at the 
macroscopically situated points of minimum 
cross-section. and this lends support to an 
hypothesis that the amount of cross-section 
material actually. determines the location of 
slip clusters.” 

May it be that there exists.some connection 
between this observation and that made by 
Smekal (Zisch. Phys. (1935) 93, 166) that on 
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stretching a piece of rock salt the actual 
gliding among several equivalent sets of glide 
planes chooses that set for which the direction 
of gliding occupies the shortest way in the piece 
(see discussion in Nature (1935) 135, 960)? 
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Fic 21—EXPERIMENT SUGGESTING ONLY PAR- 
TIALLY UNLOADING BEFORE RELOADING. 


With regard to Dr. Maddin’s paper on 
anomalies in the appearance of glide ellipses, 
when first looking at the beautiful photographs 
(in particular Fig 2) I was inclined to consider 
the observed markings as indication of the 
“local curvatures” of the glide lamellae, men- 
tioned also in the discussion of the former 
paper. But both the direction of the trac- 
ings and the fact that they are not visible on 
etched surfaces make this very doubtful or 
even impossible. 


J. T. Ransom*—It seems to me that in 
drawing these shear stress-shear strain curves, 
as in Fig 6, by a process of straining, unloading, 
and then reloading again, it is possible that a 
factor is being neglected when the statement is 
made that there is no strain hardening. That 
factor may be something akin to the Bausch- 
inger effect. There is a redistribution of stress 
upon unloading as well as upon loading. This 
problem was studied extensively in connection 
with fatigue back in the early days. 

I would like to suggest an experiment. In- 
stead of unloading the specimen all the way to 
zero stress and then reloading to find the new 
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critical resolved shear stress, unload only to a ~ 


stress below the original value of this critical 
resolved shear stress (see Fig 21). Then upon 
reloading I would expect the specimen to 
remain elastic up to point B. A Bauschinger 
effect should not enter the problem. A further 
check might be made on the length of time held 
at point A to see if a relaxation phenomenon is 
taking place. 


R. M. Bricx—It is not observed in single 
crystals; am I wrong on that? 


J. T. Ransom—I do not know that it has 
ever been studied, but obviously something 
has happened during the unloading period. The 
strength of the crystal was first raised to point 
B in my sketch, and then somehow it was 
lowered back to the original yield strength or 
less. Now, after seeing the evidence of Drs. 
Barrett and Burke showing the severe dis- 
tortion in the vicinity of a slip line, it seems 
very likely to me that a Bauschinger effect 
could result, even without grain boundaries. 


G. J. Octtvre* and W. Boas*—We have 
been very interested in the features of slip 
lines recorded in this paper since we have 
observed similar phenomena in aluminum. We 
have used 99.99 pct pure aluminum of about 
2-5 mm linear grain size which was polished 
electrolytically in a solution of perchloric acid 


in acetic anhydride. The specimens were then ~ 


given 5 pct elongation in a tensile test. 

Fig 22 shows many cases of cross-slip. Fig 
23 shows, in addition to cross-slip, sharp wavy 
lines similar to those observed by Maddin in 


TP 2332. It seems worth emphasizing that all — 


the ‘‘anomalies” noted by the authors have 
been observed within the one crystal of a 
polycrystalline aluminum specimen which had 
been polished electrolytically using a different 
electrolyte to that used by Maddin. 

The explanation of cross-slip given by the 


authors is based on the often neglected facts 


that deformation is inhomogeneous since un- 
slipped material is separated by slip lamellae, 
and the crystal must therefore undergo 
some complex deformation. This consideration 
holds of course also for the grain of a poly- 
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Fic 22—CRross-stip IN PURE POLYCRYSTALLINE ALUMINUM AFTER 5 PCT ELONGATION. X 200. 
_ Fic 23—Cross-sLiP AND WAVY LINES IN PURE POLYCRYSTALLINE ALUMINUM AFTER 5 PCT ELONGA- 
y TION. X I50. 3 

‘Fic 24—EFFEcT OF INTERACTION OF CRYSTALS AT GRAIN BOUNDARY. PURE POLYCRYSTALLINE 
 - ALUMINUM AFTER 5 PCT ELONGATION. X 100, 
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crystalline material on which the surround- 
ing crystals exert a constraint. This constraint 
caused by the interaction of the crystals may 
even be greater than that due to the other 
causes applying in single crystals. We think 
that Fig 24 gives an example of this, showing on 
a larger scale an effect similar in principle to 
cross-slip: parallel to the line of constraint (the 
grain boundary) and at a certain distance from 
it, another slip system acts preferentially, thus 
overshadowing the action of the prevailing 
system. Clearly, the restriction of deformation 
imposed on the crystal by the boundary necessi- 
tates an adjustment within the crystal which 
can be effected only by a more complex type of 


slipping. 


R. Mavpprn (authors’ reply)—Dr. Treuting 
has presented a very interesting discussion. It 
is not known at the present time just how the 
mechanism of cross-slip should be described. 
We are attempting to find what the operating 
slip direction is in the case of the cross-slip 
plane. 

I shall attempt to answer a number of the 
questions submitted in a general statement. 
There are some similarities between Dr. 
Treuting’s, Dr. Nielsen’s, and Dr. Barrett’s 
discussions. 

First, with regard to the low operating shear 
stress on the cross-slip plane, it may be said 
that very little is known regarding actual 
stress conditions at the various slip planes. If 
we consider the order of stress from classical 
considerations, it would seem a little odd to 
have a slip plane of such small resolved shear 
stress. 

However, there is one thing that is outstand- 
ing regarding the cross-slip plane as designated, 
and that is the common operating slip direction. 
Where there is a common operating slip direc- 
tion it would seem reasonable to assume that 
both the primary and cross-slip take place 
simultaneously, the latter in some way condi- 
tioning the former notwithstanding its low 
resolved shear stress. 

With respect to Dr. Brick’s discussion, I do 
not think that I can offer any satisfactory 
explanation of the occurrence of strain soften- 
ing. It is of very great interest and should be 
looked into more thoroughly. We share Dr. 
Treuting’s perturbation concerning the diffi- 
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culty of rationalizing these cross-slip markings 
in terms of the resolved shear stresses on vari- 
ous systems which might be considered 
eligible for participation in the plastic action 
and might satisfy certain anticipated bending 
moments. It did not seem profitable in the 
paper to discuss these uncertainties in any 
detail, particularly since there is some doubt 
as to the identity of the cooperating system. 
The fact that these markings are more promi- 
nent at the ends of the major axes of the glide 
ellipses than elsewhere around the periphery 
indicates that the two systems possess a com- 
mon slip direction and that the glide planes are 
stepped in the sense of possessing folds, parallel 


to the slip direction and embracing short seg- ~ 


ments of the second slip plane. It was thought 
that the principal value of the paper was its 
demonstration of the participation of a second 
slip system, in a process which heretofore, on 
account of the orientational restrictions, has 
been associated classically with a single system. 

Professor Burgers refers to von Géler and 
Sachs’ work on brass crystals which on the 
basis of observed lattice rotations demon- 
strated anomalous slip behavior in the pre- 
dicted region of double slip. Our observations, 
however, were carefully restricted to an area 
far removed from the double slip region and the 
second system is not the one required by stress 
resolution for double slip. 

The absence of asterism is also unpredictable 
in view of our inability to describe the slip 
mechanism in sufficient detail. Professor 
Burgers’ remarks on this subject are appre- 
ciated and will offer some guidance in our 
further study of the deformational process. 

In continuing the study of this general sub- 
ject we shall hope to look further into the 
matter of stress distribution around disloca- 
tions following Dr. Barrett’s suggestion that 
certain early publications should be of great 
interest in the present connection. 

Regarding Dr. Nielsen’s speculations con- 
cerning the sequence of the so-called primary 
and cross-slip movements, we believe that 
further study is necessary to clear up this 
question. Our present interpretation is that 
they occur simultaneously in the sense that 
they are movements in the same direction 
through cooperating areas of the lattice. 

Regarding Dr. Brick’s question based on 
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* Mr. Ransom’s suggestion that the Bausch- 


inger effect may be of importance in explaining 
the observed absence of strain hardening, we 
find that ample evidence exists concerning the 
occurrence of the Bauschinger effect in single 


crystals (see Schmid and Boas, Kristail- 


plastizitat, p 188) 

We are unable to state whether the pro- 
cedure suggested by Mr. Ransom would throw 
additional light on this particular problem but 
believe that the experiment he outlines should 
be tried. The whole question of strain read- 
justment on unloading and subsequent loading 
and the phenomena of residual strain must 
bear an intimate relationship to strain harden- 
ing. There is need for much work in this field. 

We are indeed gratified to have the interest- 
ing discussion from Messrs. Boas and Ogilvie of 
Melbourne. Their reference to  cross-slip 


analogies in polycrystalline samples of alumi- 


num brings further complications into the pic- 
ture, owing to the widely varying nature of the 
constraints imposed by neighboring grains. 
However, it adds incentive to the task of inter- 
preting slip markings in terms of fundamental 


deformational processes. A paper recently sub- 
mitted by one of us (Hibbard) to the Institute 
presents further experimental results in this 
field. 

In summation, we can only state that experi- 
mental observations of the kind reported in 
this paper, in greater variety and more rigor- 
ously interpreted, are needed in order to facili- 
tate the theoretical study of plastic deformation. 
At present it can be urged that glide lamellae 
corresponding to a selectively high resolved 
shear stress on a single system are variously 
segmented by irregularities in the slip process. 
Whether this can be clarified in the mechanics 
of stress action in a perfect crystal with regard 
for inhomogeneities at the stepped ends of the 
lamellae, or must be explained in terms of dis- 
locations or other abnormalities in the crystal 
must be determined by further study. Further- 
more, the possibility that slip may occur in 
cooperating <1zr2> directions has not been 
exhaustively investigated. In such a case, the 
twinned orientation may exist at the site of 
slip and then would greatly change the charac- 
teristics of stress resolution in this region. 


The Nature of Strain Markings in Alpha Brass 


By J. E. Burxe* anp C, S. Barrett,* MemsBers AIME 
(New York Meeting, February 1948) 


THE fine lines shown in Fig 1 are typical 
of markings that may be detected after 
polishing and etching deformed specimens 
of alpha brass and other alloys. Although 


ETCHED ALPHA BRASS DEFORMED 33 PCT BY 
SWAGING. 75 X. 
they have long been the subject of discus- 
sion by metallurgists their nature is still 
uncertain and the names that have been 
applied to them, such as deformation lines 
or strain markings, indicate this uncer- 
tainty. In this paper which reports the 
results of a further investigation of their 
nature, they will be called strain markings. 

Manuscript received at the office of the 
Institute December 9, 1947. Issued as TP 2327 
in MeTALs TECHNOLOGY, February 1948. 
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INTRODUCTION 


Mathewson and Phillips! described strain 
markings in 1916 and concluded that they 
appear only after 20 pct deformation. 
They objected to the markings being called 
slip lines believing this term should be 
reserved for surface markings produced by 
plastic deformation. In 1921, Vogel? de- 
scribed similar striations which appeared 
after polishing and etching the roughly 
ground surface of numerous alloys. He 
reported that the markings were crystallo- 
graphic in nature, and since they resemble 
Neumann bands in iron, at least super- 
ficially, he assumed them to be mechanical 
twins. In 1928, Mathewson* reported 
work by Phillips which indicated that the 
lines were more readily produced by impact 
than by slow deformation and that in many 
cases the twins inside recrystallized grains 
were parallel to strain markings in the 
original deformed grains. This was taken 
as evidence that the markings coalesce 
into annealing twins, and hence that they 
themselves are mechanical twins. 

Many attempts have been made to 
demonstrate directly that the markings 
are mechanical twins. In 1934, Samans‘ 
described the results of X ray studies of 
two deformed crystals of alpha brass. 
Evidence was obtained which could be 
interpreted to indicate that the strain 


markings are mechanical twins, and this — 
remains the only direct evidence to this’ 


effect. Several other attempts to obtain 
similar evidence by X ray diffraction have 
failed’? although in no case was the 
original method of Samans employed. An 


1 References are at the end of the paper, 
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attempt to direct a shearing stress to 
produce a large mechanical twin in copper 
also failed.* Brick’ found some recrystal- 
lized textures in brass could be explained 
as being caused by twins of part of the 
deformation texture plus some of the 
original orientation, which is in approxi- 
mate agreement with the recrystallization 
mechanism suggested by Mathewson.’ 
Maddigan and Blank® found that the 
markings are sites for the formation of 
recrystallization nuclei and that under 
some conditions the markings may dis- 
__ appear upon annealing. In the discussion of 
this paper it was suggested that the mark- 
__ ings might be the edges of thin deformation 
bands. Although Samans‘ showed that the 
markings delineate (x11) planes, Cook and 
Richards" suggested that similar markings 
in one of their crystals were traces of (100) 
_ planes and were related to dendritic 
markings of the type observed by North- 
 cott!® but this conclusion was based on 
ig incomplete data that could also be inter- 
__ preted as indicating {111} planes, as they 
admit. Since markings were seen in their 
a specimens only after severe deformation it 
"4 is unlikely that they have anything to do 
_ with the cast structure. The markings seen 
4 in one of their crystals (their Fig 20) could 
~ not be accounted for by movement on a 
? single set of parallel (111) planes, but it is 
not difficult to believe that these markings 
are made by the cooperation of two sets of 
planes of the. {111} form, since they are 
_ wavy and irregular like slip lines in ferrite 
_ where simultaneous slip on two or more 
_ planes is common. 
; In 1940, Barrett! examined strain mark- 
ings at 2500X by electron microscopy but 
found that they were not as wide as the 
etch pits which made them visible, so no 
further information concerning their nature 
could be deduced from the micrographs. 
n 1944 Mathewson® reported work by 
_Treuting which indicated that a ‘certain 
residual etching of the supposedly efface- 
able slip bands” could be found in single 
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crystals of alpha brass which had been 
deformed 9.6 pct. This was taken to 
indicate that there is a change in structure 
or orientation at the slip site. In the same 
paper it was suggested that slip occurs by 
alternate zig-zag movements, in the [112] 
twinning directions which give an average 
translation in the [r1o] direction, the 
direction of translation in slip, and that 
in many cases slip may stop in such a 
position that the inner surfaces of the slip 
band bear a twinned relationship to each 
other. This would provide very thin 
mechanical twins at many of the slip 
sites. 

The present work was undertaken to 
obtain evidence which would permit a 
choice to be made between the possibilities 
that strain markings are slip bands, 
deformation bands or mechanical twins. 
The greatest part of the effort was devoted 
to checking the evidence that strain mark- 
ings are mechanical twins since this is still 
the most generally accepted explanation of 
them. 


PREPARATION OF SPECIMENS 


Most of the data reported here were 
obtained with specimens of 70-30 brass 
prepared in the laboratory, which con- 
tained 70.14 pct copper and the following 
percentages of spectrographically deter- 
mined impurities: Fe 0.005; Pb 0.002: Ag 
0.001; As 0.005; and Sb 0.002. The single 
crystals were grown by the Bridgeman 
method and contained about 80 pct copper 
and 20 pet zinc. 

Above about 20 pct deformation strain 
markings can be readily detected but at 
lower deformations careful metallographic 
preparation is necessary to reveal them. 
In the present work all the specimens were 
polished in the usual way through the laps 
and then electropolished for 10 to 30 min. 
in a 35 pct by volume solution of ortho- 
phosphoric acid at two volts. They were 
etched by swabbing with two parts 
ammonium hydroxide, two parts water and 
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Fic 2-F1c 5—EFFECT OF AMOUNT OF DEFORMATION ON INTENSITY OF STRAIN MARKINGS. 
Elongations are 1, 6, 14 and 31 pct in Fig 2, 3, 4 and 5 respectively. 75 X. vias 
Fic 6—Fic 7—PARALLELISM BETWEEN SURFACE SLIP MARKINGS AND SUBSURFACE STRAIN MARKING 


Ss. 
Fig 6: slip lines on surface of specimen deformed 2 pct in compression. ~ ‘ 
Fig 7: same field after polishing and etching, showing strain markings. 100 X. 
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one part hydrogen peroxide. Other etchants 
were found to be less satisfactory. Although 
strain markings can be found on fully 
annealed specimens which have been pre- 
pared only mechanically, none was found 
on electropolished specimens. 


METALLOGRAPHIC STUDIES 


Production of Strain Markings 
by Deformation 


As a preliminary experiment, a series of 
specimens were deformed in tension by 1, 
6, 14 and 31 pet. Upon electropolishing and 
etching strain markings could be found in 
all specimens. At low deformations the 
lines are faint and ill-defined but their 
direction is readily seen. With increasing 
deformation they become more sharply 
defined and their intensity increases as 
shown in Fig 2, 3, 4 and s. It will be shown 
below that the very dark strain markings 
produced at the higher deformations con- 
sist of clusters of fine lines. 

Several specimens were prepared by 
deforming polycrystalline brass pieces with 
a polished surface until slip lines were 
visible as markings on the polished surface. 
After light polishing to remove the surface 
markings, etching revealed strain markings 
in the same grains and in the same direc- 
tions as the surface markings; strain 
markings could be found always when the 
deformation had been sufficient to produce 
slip lines on the surface. This is shown in 


Fig 6 and 7 which represent the same 


field after two pct deformation in com- 


_ pression and after polishing to remove all 
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trace of the surface markings and then 
etching to reveal the strain markings. While 


_ this indicates that strain markings are 


traces of slip bands, it does not prove it. 
“The surface markings that have just been 
called slip lines might be a mixture of some 
slip lines and some mechanical twin mark- 
ings and one might expect etching to 
reveal only the mechanical twins. The 


following experiment yields evidence that 
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none of the surface markings is a mechan- 
ical twin. 


Identification of Surface Markings 
by Direction of Shear 


Since both twinning and slip occur along 
planes of the form {111}, the fact that a 


TWINNING 


Fic 8—DRAWING OF DEFORMED SINGLE 
CRYSTAL SHOWING EXAGGERATED AMOUNT OF 
SLIP AND MECHANICAL TWINNING. THE SUR- 
FACE MARKINGS FOR TWINNING DISAPPEAR AT A 
POINT WHERE THE DIRECTION OF TRANSLATION 
IS TANGENTIAL TO THE SURFACE. SLIP LINES 
DISAPPEAR AT AN ANGULAR POSITION A, ¢° 
FROM POSITION B WHERE TWIN MARKINGS 
DISAPPEAR. 


given marking is a trace of a plane of this 
form does not permit one to decide whether 
it is a mechanical twin or a slip line. How- 
ever, in face-centered cubic metals slip 
occurs by translation in a [110] direction 
while mechanical twinning is presumed to 
occur by shear in a [112] direction.1! Thus 
if one is able to observe the direction of 
translation incident to the production of a 


Ito 


given surface marking, he can decide 
whether it is a slip line or a mechanical 
twin. Gough!? has shown that where the 
direction of translation is parallel to the 


FIG 9 
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A cylindrical single crystal of 80-20 brass 
was deformed 3 pct in tension, and an 
examination of the surface markings pro- 
duced in this way indicates that they all 
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Fic Q—SLIP LINES ON SURFACE OF SINGLE CRYSTAL ELONGATED 3 PCT. SPECIMEN IS ORIENTED 
SO THAT THE SLIP DIRECTION INTERSECTS THE PLANE ON THE PAGE AT AN ANGLE OF 10°. ABOUT 


250 X. 


Fic 10—SAME SPECIMEN AS FIG 9, ROTATED SO THE (110) SLIP DIRECTION IS TANGENTIAL TO 


THE SURFACE OF THE SPECIMEN (PARALLEL TO THE PLANE OF THE PAGE). 


ABSENCE OF SURFACE 


MARKINGS INDICATES ABSENCE OF MECHANICAL TWINS. ABOUT 250 X. 


surface, no surface discontinuity is pro- 
duced. This is illustrated in Fig 9. Consider 
the slip line at point A which results from 
shear in the [110] direction. The surface 
marking extends almost all the way around 
the cylindrical bar but at the point where 
the direction of movement is tangential 
to the surface no surface discontinuity is 
produced and no surface marking is visible. 
Mechanical twinning, however, which re- 
sults from shear in a [112] direction will pro- 
duce a surface marking which will disappear 
at point B® from the point at which the 
surface marking due to slip disappears. The 
angle ¢ is equal to the angle between [r10] 
and [112] directions times the cosine of the 
angle between the specimen axis and the 
normal to the operating slip plane. 


resulted from slip, and none from mechani- 
cal twinning. Fig 9 shows the surface of the 
specimen rotated so that the operating [110] 
slip direction makes an angle of 10° with 
the surface of the specimen. In this orienta- 
tion the surface markings resemble normal 
slip lines. Fig 10 shows the surface of the 
same specimen after rotation so that the 
[110] direction is parallel to the surface 
photographed. The surface markings have 
almost * completely disappeared. If some of 
~ *Since the actual surface is only approxi- 
mately parallel to the [110] directions, the lines 
do not completely disappear. There are undula- 
tions on the surface of the specimen, and the 
condition of exact parallelism between the sur- 
face and the [110] direction is satisfied only 
where part of an undulation is strictly parallel 
to [110]. At these points the line will disappear 


completely for a short distance. The faint lines 
observed in Fig 10 behave in this way. 


we 
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the lines shown in Fig 9 had been mechani- 
cal twins resulting from shear in a [rr2] 
direction they should remain with undimin- 
ished contrast in the orientation shown by 
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in a coarse grained specimen of poly- 
crystalline 70-30 brass deformed 33 pct 
by swaging and it is seen that polishing and 
etching have revealed three or possibly 


FIG 11—STRAIN MARKINGS ON SEVERAL PLANES SHOWING AMOUNT OF DISPLACEMENT ALONG 
NON-VERTICAL MARKINGS. 70-30 BRASS DEFORMED 33 PCT. 500 X. 
Fic 14—STRAIN MARKINGS IN ALPHA IRON DEFORMED 38 PCT AFTER POLISHING AND ETCHING. 250 X. 


4 Fic 15—RECRYSTALLIZATION NUCLEI FORMING ALONG STRAIN MARKINGS IN ALPHA BRASS DEFORMED 
im 33 PCT AND ANNEALED 3 SEC. AT 580°C. 75 X. 


4a Fig 1o since all (x12) shear directions 

_ intersect this surface at an angle of 20° at 
least. : 

Amount of Shear 

= Associated with Strain Markings 


There remains the possibility that 
_ mechanical twinning may occur at higher 


x deformations. Fig 11 shows strain markings 


_ Fic 16—RECRYSTALLIZED GRAIN (ARROW) GROWING ALONG CLUSTER OF STRAIN MARKINGS, SAME 
; TREATMENT AS FIG 15. 2000 X. 


four directions of strain markings. Defor- 
mation occurred first by translation along 
the broken vertical lines, and at a later 
stage by translation along the other two 
sets of lines that are visible in the figure. 
Where the broken line is cut by a straight 
line, displacements amounting to a distance 
that is two or three times the width of the 
straight lines are commonly observed and 
in a few cases at higher magnifications, 
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Fic 12-F1c 13—STRAIN MARKINGS IN 70-30 BRASS DEFORMED 33 PCT SHOWING THAT STRAIN 


MARKINGS ARE CLUSTERS OF FINE LINES AND THAT TRANSLATION OCCURS ALONG EACH LINE. 
MAGNIFICATION 2000 X. 
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shears as high as seven have been measured. 
Since the shear that occurs in mechanical 
twinning in face centered cubic metals is 
only 0.707, it is impossible for this dis- 
placement to have occurred by mechanical 
twinning alone. From this observation one 
cannot exclude the possibility that a small 
amount of mechanical twinning is associ- 
ated with slip but one can be sure that the 
major part of the translation has occurred 
by slip. 

The amount of shear along a strain 
marking is also too great to permit its 
being explained as a thin deformation band. 
The amount of shear that occurs on a 
deformation band is not definite since a 
band changes gradually in orientation as 
deformation continues, but it cannot be 
much greater than can be obtained by 
mechanical twinning. Furthermore many 
of the almost solid black bands in brass 
can be resolved into bundles of fine lines 
at high power (Fig 12 and 13). This is 
more consistent with the assumption that 
the strain markings are traces of slip lines 
or clusters of slip lines than with the 
assumption that they are deformation 
bands since the latter are believed to be 
reasonably homogeneous in orientation. 
It does not appear possible that the mark- 
ings are the edges of wide deformation 
bands since the regions on each side of the 


- lines are of the same orientation, as shown 


_ by the direction of the strain markings in 


them. If they were the edges of deformation 
bands, the orientation would be different 
on opposite sides of the lines. 

To determine whether mechanical twins 
might be formed by impact a 1/¢-in. wire 
was, hammered at room temperature and 
at liquid air temperature. The strain 
markings produced were similar in appear- 
ance to those produced by the same 


amount of slow deformation at room 


temperature so there is no evidence that 
even under these conditions, which are 


_ favorable to the twinning mechanism, there 


are any twins produced. 
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X Ray Studies 


As a final check on the possibility of 
occurrence of mechanical twins further 
experiments of the type conducted by 
Samans were carried out. 

A single crystal of brass containing 80 
pct copper, 20 pct zinc, was prepared by 
lowering a graphite crucible containing the 
melt at the rate of 1 in. per hr through a 
wire-wound furnace controlled at 1o50°C. 
Two specimens with dimensions about 
0.2 X 0.2 Xo.r in. were cut from the 
0.25-in. diam cylindrical crystal yielding 
crystals with their largest faces parallel to 
(111) and (110) respectively. The cuts 
were made with a jeweler’s saw and the 
cut surfaces were ground carefully, polished 
and etched to remove disturbed metal. 
X ray diffraction patterns of the Davey- 
Wilson type showed that there was no 
appreciable distortion of the lattice from 
the cutting and that the orientations were 
those desired within the accuracy of the 
orientation determination, about 2 degrees. 
The cold rolling was carried out with the 
specimens mounted between sheets of 
aluminum. Numerous light passes were 
made in one direction until the reduction 
in thickness of the (111) crystal was 53.0 
pct and that of the (110) crystal was 18.1 
pet. The (111) crystal was rolled parallel 
to the [101] direction and will be referred 
to as the (111) [101] crystal; the other was 
rolled along [112]. and will be called the 
(x10) [112] crystal. After the rolling each 
crystal was etched in dilute nitric acid 
until about half the metal was removed in 
order to bring the more homogeneously 
deformed central material to the surface. 

A range of oscillation of the crystals in 
the Davey-Wilson camera was chosen that 
would provide opportunity for reflections 
from all possible first order twins and, to 
increase the sensitivity of the exposures, 
only 5° oscillation was used for each 
exposure. 

The (111) [101] crystal was found to have 
a range of orientation of 5° in all directions 


114 


from an average orientation with traces of 
material scattered up to 10 to 15° from the 
average. There were no reflections from 
any of the first order twins of the mean 
orientation and no reflections requiring 
other orientations such as “‘complementary 
orientations” to explain them. 

The (110) [112] specimen offered a 
chance to reach higher sensitivities to 
small amounts of twinning as it has been 
found that this orientation remains a 
pseudo-single crystal during rolling. The 
amount of rolling was lessened, also, to 
reduce possible scattering in orientation. 
The Davey-Wilson pattern made with 
30° oscillation contained sharp spots all of 
which could be accounted for by a single 
orientation. The center of the orientation 
range was within 10° of the original orien- 
tation. 

To increase the sensitivity a series of 
exposures was made with the crystal oscil- 
lating only 3° about the position required 
to pick up a strong reflection from each 
of the four first order twins of the rolled 
crystals in turn. The exposure times for 
these were increased from 40 min. for the 
30° oscillation to 120 min. for the 3° 
oscillation—an effective increase of a factor 
of 30 for each 3° range. Again no twins 
were found. Final tests were conducted 
with heavy filtering, the earlier exposures 
having been made with molybdenum 
radiation filtered merely by aluminum foil 
placed between the specimen and the films. 
In the final pair of exposures a zirconium 
oxide filter was placed at the X ray tube 
and another between specimen and films, 
and the exposure time was increased to 
24 hr which was about 700 times the mini- 
mum exposure required to record the 
(331) reflection from the matrix under the 
same conditions. There was no noticeable 
background darkening so it is concluded 
that a volume of twinned material amount- 
ing to roughly 1499 of the matrix volume 
would have been detected had it been 
present in either of the two twin orienta- 
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tions investigated by this pair of exposures. 
Strain markings were observed micro- 
scopically after polishing and etching the 
specimens used in this investigation al- 
though no deformation bands were found. 

From the standpoint of answering the 
question “‘ Are the strain markings twins?,” 
these X ray tests are not highly conclusive, 
for if twinned material did not constitute 
0.1 pet of the total it would not have 
been detected by the most sensitive of 
these tests. Furthermore twins might have 
formed early in the deformation and 
subsequently have become spread out in 
orientation so as to be unrecognizable on 
the diffraction patterns. (It was to lessen 
this possibility that the rolling of the second 
crystal was limited to 18 pct; judging by 
the twinning characteristics of hexagonal 
metals, the major part of the twinning 
should have been completed before this 
amount of rolling was reached and lat- 
tice rotation in twinned regions should 
have been much less than with 50 pct 
reductions.) 

The X ray tests are of value, however, in 
that they could have confirmed the direct 
evidence for twinning that was reported 
by Samans, with more favorable conditions 
to detect twins than he used, yet no 
confirmation was obtained. 


DISCUSSION OF RESULTS 


The direction or amount of shear asso- 
ciated with strain markings has been 
determined for many of the strain markings 


described here. In each case where such a 


determination has been made, it can be 
shown that the markings resulted from 
slip. In many such cases, such a determina- 
tion could not be made. Since no appar- 
ent difference was detected microscopically 
between different lines produced by the 
same amount of deformation, it seems 


proper to assume they are all of the same — 


type. 
While the possibility of mechanical 
twinning in face centered cubic metals is 
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frequently mentioned in the literature there 
is little direct evidence for its existence. 
The broad markings which have some- 
times been called mechanical twins are 
almost certainly deformation bands which 
vary in orientation with the amount of 
deformation although they may have 
straight sides and otherwise resemble 
twins. The most conclusive evidence of the 
existence of mechanical twinning has been 
the etchable strain markings which are 
shown here to be traces of slip lines or 
clusters of slip lines. It thus appears that 
it has not yet been demonstrated that 
mechanical twinning can occur in face 
centered cubic metals. 

It is of interest to inquire why slip lines 
can be revealed by etching. There are 
several possible explanations for this 
phenomenon. In some alloys etching reveals 
slip lines because deformation induces 
precipitation of a second phase on them. 
In the present case precipitation seems 
unlikely because no precipitate would be 
expected to form in the alloy and no 
evidence of a precipitate could be found 
either by optical microscopy or by a 
re-examination of the electron micrographs 
previously prepared by one of us. Mathew- 
son® has suggested that if the strain 
markings are slip lines they may be 
revealed by etching because some of the 
slip lines are bounded by very thin twins 
but it seems unlikely that twins of such 
narrow width would account for the pro- 
nounced etching effects observed. 

It seems more probable that the lines 
are revealed by etching because of lattice 


distortion in the region of a slip line, much 


as scratches that have been covered up 
with heavily distorted metal during metal- 
lographic polishing can be revealed by 
etching. There is ample evidence that such 
distortion exists as a slip band. As previ- 
ously mentioned, deformation may acceler- 
slip band; 


preferentially along slip bands as shown by 


II5 


Fig 15; a recrystallized grain may grow 
preferentially along a cluster of bands as 
shown by Fig 16. Barrett!’ has been able to 
detect slip bands in slightly deformed 
metals by X ray reflection micrographs in 


‘which lines of increased reflecting power 


indicate that the lattice is distorted 
locally in the vicinity of slip lines. This 
distortion survives annealing until the 
metal is consumed by recrystallization as 
is usually the case with the markings dis- 
cussed here. 

Very recently Heidenreich and Shock- 
ley!” have found by electron microscopy 
and electron diffraction studies of alumi- 
num that a slip band as usually seen with 
an optical microscope is composed of a 
cluster of slip lammellae about 200 A wide. 
As the amount of deformation increases, 
the number of lammellae in one sub- 
microscopic cluster increases and_ the 
lammellae rotate with respect to each other 
in increasing amounts with increasing 
deformation. Rotations of as much as 10° 
for a 10 pct deformation are reported. For 
higher deformations it appears that the 
widths of the clusters of submicroscopic 
lammellae may reach microscopically re- 
solvable dimensions. 

These observations of Heidenreich and 
Shockley permit an explanation of the 
increase in contrast of strain markings with 
increasing deformation. The increase in 
amount of rotation probably has associated 
with it an increased local distortion. This 
will facilitate etching. At the same time 
the true width of the finest markings 
visible under the optical microscope in- 
creases; this makes the etched structure 
more easily seen. 

If the etchable nature of slip bands is 
explained in this way, one would expect 
‘to find them in other metals and alloys. 
Similar markings have been reported by 
Vogel? in a number of alloys and by 
Adcock!* in cupro-nickel. Fig 14 shows 
markings of apparently identical nature 
which were produced in decarburized mild 
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steel by first deforming ro pct in impact to 
produce the Neumann band extending 
across the center of the field and then 
29 pct more in slow compression. Identical 
markings were produced in other iron 
specimens. by slow compression alone. 
This specimen was electrolytically polished 
and then etched in 10 pet picric acid plus 
0.5 pct nitric acid in alcohol. It seems 
likely that such lines could be found in 
many other metals if sufficiently . careful 
preparation techniques were used and if 
sufficiently sensitive etchants were found. 
One would scarcely expect to find them in 
pure aluminum, however, since even grain 
boundaries are very difficult to reveal in 
this material. 


APPENDIX 


After this paper had been written, a 
similar paper by D. McClean entitled 
“Striations—Metallographic Evidence of 
Slip” (Jnl. Inst. Metals, 74, (2) 95 (1947)) 
was received. Essentially the same con- 
clusions are reached in that paper as in 
the present one and where the experiments 
were similar, the same results were ob- 
tained. One difference exists: McClean 
differentiates between “striations” pro- 
duced at low deformations and “strain 
lines” produced at higher deformations 
and shows only that his “striations” are 
caused by slip. In the present work it is 
shown that both “striations” and “strain 
lines” are caused by slip, the more pro- 
nounced markings produced at higher 
deformations being clusters of fine lines. 
In the McClean paper the possibility that 
strain markings might be mechanical 
twins was not considered while a major 
part of the present paper is concerned with 
this possibility. In view of these differences 
it seemed desirable to publish our evidence. 


SUMMARY 


1. Strain markings in alpha brass that 
can be developed by polishing and etching 
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can be detected as soon as slip is detected 
upon the surface and they follow the 
directions of the surface slip lines. 

2. The strain markings increase in inten- 
sity with increasing deformation, which is 
in agreement with the recently reported 
results of Heidenreich and Shockley on the 
mechanism of slip band formation. 

3. No X ray or metallographic evidence 
for the existence of mechanical twins was 
found. 

4. Observations of the direction of dis- 
placement incident to the formation of 
surface markings in a single crystal showed 
that all the surface markings produced by 
3 pct deformation were caused by slip and 
none resulted from mechanical twinning. 

5. The amount of translation along one 
strain marking produced by higher defor- 
mation is so great that it can be accounted 
for only by slip, and not by mechanical 
twinning or the formation of a thin 
deformation band. n 

6. It is concluded that strain markings 
are traces of slip bands which can be 
etched because of distortion in the region 
of a slip band. 
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DISCUSSION 
(J. T. Eash and R. M. Brick presiding) 


C. A. ZAPpFFE*—In 10946 the British Iron and 
Steel Institute published a manuscript from 
this laboratory concerning observations of the 
Neumann band phenomenon in Armco iron and 
silicon ferrite by means of fractography.f 
Using that technique, the surface is a plane of 
the crystal and is neither polished nor etched, 
the band phenomenon being revealed by the 
altered course of cleavage within the deformed 
area. 

Tn all observed cases the band showed clear 
indication of composite displacements along 
the mosaic crystalline units commonly de- 
limited by slip lines; and the hypothesis was 
presented that this much-argued phenomenon 
is primarily a displacement of parallel mosaic 
lamellae, and that secondarily the material 
within the individual mosaic may be twinned 
or not, the matter not being fundamental to 
description of the bands. 

To demonstrate this hypothesis, hydrogen 
gas was diffused into samples (1) previous to 
deforming and (2) subsequent to deforming. 
Effusion of the gas from the deformed area was 


* Consulting Metallurgist, Baltimore, Mary- 


land. . 

+ Carl A. Zapffe: Neumann Bands and the 
Planar-pressure Theory of Hydrogen Em- 
brittlement. Advance copy, Brit. Iron and 


Steel Inst., Aug. 1946, 8 pp. 


then observed microscopically by trapping bub- 
bles in an overlying film of oil. 

In every case, the gas in both Tests 1 and 2 
appeared suddenly as a bubble of discrete size, 
and only over deformation markings, whether 
Neumann band or slip. No further growth of 
the bubbles could be detected. 

These. observations therefore prove: (r) 
microscopic: openings of size sufficient to 
occlude the observed gas are preexistent within 
the grain and (2) that the microelements of the 
deformation band involve and are predicated 
upon these mosaic openings. The second point 
is proved by Test 1 and follows logically from 
the first point, of course. This leaves the de- 
formation marking in general most simply 
explained as a mechanical movement of 
mosaic elements, individual in the case of the 
slip marking, and cooperation in the case of the 
deformation band. 


E. P. Potusnxin*—The nature of deforma- 
tion lines in cold worked metals is one of the 
important problems in physical metallurgy, 
and the authors of the present paper deserve 
our gratitude for their valuable contribution 
to our knowledge. The practical importance of 
research in this field cannot be denied. All cold 
working processes that have been in continuous 
use for a long time permit only a limited 
amount of reduction beyond which further 
work becomes dangerously close to rupture. On 
the other hand, in some new processes (Steckel 
mill for strips, Rockrite machine for tubing) 
the safe working range extends far beyond the 
existing limits. It appears certain that the 
ability of metals to absorb residual stresses 
without destruction can be increased if we 
know the proper combination ‘of stresses to 
be used and, more particularly, if we can 
eliminate the harmful concentration of stresses 
at any point in the metal and in any special 
planes within the crystals themselves. 

The occurrence of strain markings is usually 
the first indication of the metal distortion, and 
the intimate knowledge of their nature is 
necessary for better understanding of the 
behavior of the metal in different cold working 
processes. 

The authors believe that the strain markings 
are revealed by etching because of the lattice 


* Consulting Metallurgical Engineer, New 
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distortion in the underlying metal. This seems 
to me a correct explanation supported by the 
known fact that strained metals have greater 
solubility in etching reagents, they are more 
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critically, do not misunderstand me. I think 
that papers of this sort are of extreme value. 
In this day, when we are so much concerned 
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vigorously attacked and their surface can be 
readily roughened. 

It is interesting to note that under intense 
deformation, strain markings may integrate 
into Liiders lines. This phenomenon has been 
observed by me in a series of cold worked alloy 
tubes, some of which were made of alpha brass. 
They had been reduced in a special manner by 
drawing in small increments, and the total 
amount of reduction reached before the rupture 
was unusually high. The longitudinal sections 
of these tubes, finely polished and etched, 
exhibited continuous deformation lines crossing 
the whole width of the wall. Close examination 
showed that these lines had been formed by 
integration of strain lines. 

The structure of two brass tubes is shown in 
Fig 14 and 15s. Fig 14 shows Admiralty metal 
tube, reduced in 30 draws. Total reduction 18 
times (99.95 pct), X 200 diam. Fig 15 Muntz 
metal tube reduced 1n 26 draws. Total reduction 
15 times (99.94 pct), X 200 diam. 


with theories of plastic deformation and also 
with failures of metal, anything that can be 
done by way of producing experimental evi- 
dence on controlled processes that can be 
suitably documented is, of course, extremely 
valuable. 

In reading this paper, my thoughts went back 
to the early days when I started to do some- 
thing along this line, and especially to the ob- 
servations of Henry M. Howe. Howe was one of 
the best observers—one of the keenest experi- 
menters—that we ever had. And he had 
something to say about these markings. 

He first discussed them in ferrite. He said in 
part: ‘‘What I call X bands are rough striae 
found on polishing and etching iron which has 
been severely deformed plastically.” In other 
words, the same sort of markings that are the 
subject of this paper. Of course, ferrite is body 
centered cubic. us 
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About austenitic steel, which is face cen- 
tered cubic, he writes: ‘The lines which form 
when this substance is deformed may be divided 
into the surface bands which form on previ- 
ously polished surfaces, and the etching bands 
which are developed by polishing and etching 
after deformation. The surface bands I inter- 
pret as slip bands.” As for the others, he con- 
tinues: “‘When manganese steel which has been 
deformed is repolished and etched, bands 
appear which recall those formed by the defor- 
mation on a previously polished surface, much 
as the X bands, recalling slip bands, appear on 
repolishing and etching ferrite, with the dif- 
ference that these bands in manganese steel 
develop far more easily on etching than the X 
bands of ferrite. That such bands thus develop 
indicates that the metal along the planes of 
slip throughout the mass has undergone some 
change which causes it to react with the etching 
agent differently from the undisturbed re- 
mainder of the metal.” ... “Slip having 
once altered the structure along the contact on 
slip planes, the persistent reappearance of the 
scars of that change along the slip contact on 
: repolishing and etching may be caused by any 
one or more of several agencies... . ”’ 
Burke and Barrett in their last sentence 
__-write convincingly, ‘‘It is concluded that strain 
markings are traces of slip bands which can be 
etched because of distortion in the region of a 
slip band,” but—and here I have not anything 
more to read—my conviction back in that 


early day was that these strain markings are 
is so pronounced, so prominent, that they are 
_ what one sees first and foremost in the micro- 
structure of those cold worked metals which 
q later, on annealing, are going to twin, and so I 
have always associated them with the twinning 


mechanism. 

Whatever my conclusion back in that day as 
to the lines themselves being twin bands of 
detectable width, I have rather come to a con- 
trary conclusion now, and I think Barrett and 
Burke have presented some good evidence on 
this point. They have shown rather conclu- 
_ sively, it seems to me, that the bands through- 
out their width could not be twin lamellae. 
Samans found otherwise, and I do not know 
how to reconcile these divergent views. My idea 
- that twinning is important in the process is in 
no wise changed, and I do not agree with the 
authors’ in relegating it to a secondary im- 
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portance—or perhaps I should say, neglecting 
it entirely. 

Now, as to a few details; the authors refer 
to me early in their paper, and they say I 
objected to the markings “‘being called slip 
lines.” I did not object to their being called 
slip lines, but I objected to their being called 
slip bands. The difference may be small in your 
minds, but my idea of the slip bands of Ewing 
and Rosenhain had been that they were very 
clearly defined as breaks in the polished surface, 
and I thought that we should not, in talking 
about the markings we get on etching, refer to 
them as slip bands. Howe uses the term 
“etching bands.” I have often used “etch 
bands.” He calls them ‘‘lines of deformation,” 
also. In talking to students at Yale, we make 
a clear distinction. We tell them what slip 
bands are in the above sense and we call the 
ineffaceable markings etch bands or lines of 
deformation. 

It seems to me that when the authors hold 
strain, meaning distortion or displacement of 
the atoms, responsible for these bands, they 
must certainly be right. It is difficult to say 
anything else. But it also seems to me that the 
possibility of a slip movement in the two 
<1ir2> directions, the zigzag movement re- 
ferred to by the authors, is a very strong 
possibility; that it would set up twin nuclei, 
and that when the metal is annealed later, it is 
these twin nuclei that function to a large 
extent and produce the familiar annealing 
twins. 

Furthermore, it appears that the authors 
have produced no evidence at all against that 
hypothesis. They simply say that they prefer 
to believe the bands due to strain in some gen- 
eral sense. After all, strain produces a re- 
orientation,—an atomic reorientation. The 
atoms are displaced and the greatest displace- 
ment is the twinning displacement. I cannot 
tell you, nor can I satisfy myself, just how the 
etching is going to take place, but I can be- 
lieve that the site of twinning, even if restricted 
to a single planar spacing, may be the focal 
point from which a very intense etching starts 
because we shall have in this region not only 
the twinning relocation, but also minor dis- 
placements of the atoms as visualized generally 
in the sense of strain. 

It is observed in the axial stressing of single 
crystals that the slip plane is found later in a 
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set of reoriented positions. Lately, the work of 
Heidenreich and Shockley, cited by the 
authors, has shown that there is a strain 
reorientation in the form of a twisting around 
an axis normal to the plane. 


Fic 16—SHOWING GLIDE ELLIPSES. 


It seems to me that some of these observed 
strain effects are rather important in support- 
ing the twinning hypothesis. Perhaps I can 
represent that without taking too much time. 

The accompanying sketch (Fig 16) is similar 
to the authors’ Fig 8. Glide ellipses are shown 
at E, E. For simplicity an orientation is chosen 
so that the major axis of a glide ellipse is in the 
plane of the blackboard and coincides with a 
<110> slip direction. 

G. I. Taylor in the early stage of develop- 
ment of his well known theory of fault propa- 
gation found it necessary to have a characteris- 
tic kind of distortion around a crack or fault as 
it propagated. He investigated the conditions 
experimentally by cutting out sections and 
X raying them with a beam directed (in one 
set of experiments) as at A. He found that he 
could vary the angle of the beam to the plane 
by quite a number of degrees and still get char- 
acteristic reflections from the plane, so the 
relocated slip plane’ must be visualized as 
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existing at a number of different positions, 
greatly exaggerated in the figure, around an 
axis in the slip plane normal to the slip direc- 
tion. This is one kind of distortion that seems 
to occur when single crystals are extended or 
compressed axially. 

The twisting distortion lately found in the 
electron diffraction experiments of Heidenreich 
and Shockley, was also found by X rays, pro- 
vided the technique used by one of my associ- 
ates was all right—I speak with some hesitancy 
with Dr. Barrett in full view, but as a matter of 
fact one of our graduate students once under- 
took an investigation similar to the one made 
by Taylor. However, this was calculated to 
reveal a rotation of the slip plane around its 
polar axis. The rotation was demonstrated by 
a spread of second order reflections from a 
<112> plane as indicated at B-B’ in the 
figure. In other words, there was, I think, by a 
simple X ray technique, a demonstration of the 
type of distortion that Heidenreich and 
Schockley have found. 

In the figure, the slip direction, <110>, is 
shown by the central arrow, and at 30° either 
side of it are the associated <112> directions. 
It is a simple principle of crystal mechanics 
that in the axial stressing of a crystal there is a 
tendency for the slip direction to approach 
the axis, and this is visualized in the diagrams 
and models that are so frequently exhibited as 
a uniform rotation of the slip planes in the sense 


that I have just described combined with a 


uniform rotation of the Taylor type. 

If two <112> directions act separately in 
the slip process to give a resultant <r1ro> 
direction, we would have two rotational com- 
ponents that are opposed to each other, and 
we would scarcely expect these rotations to 
take place homogeneously throughout the 


whole crystal in the hypothesized zigzag type 


of slip. 

In one lamella at a specified <112> end 
position of a slip sequence strain due to rotation 
of the slip plane in one direction might occur 
and in an adjacent lamella, strain in the oppo- 
site rotational sense. I thought this was a 
pretty good piece of evidence as to the opera- 
tion of the <112> directions in slip on the 
occasion of the Campbell lecture in 1934 at 


which time some discussion of the subject was 


attempted. 
Of course, the experiments that Burke has 
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made, in which he seeks to show that there 
cannot be a <112> movement, because there 
is no break in the plane of the properly oriented 
surface, as should occur in the case of a sub- 
stantial amount of slip, would not apply at all 
to the mechanism I am describing, where the 
actual break of the selected plane of the surface 
during the zigzag process of slip would be only 
too-millionth of a centimeter, and adjacent 
planes could not be doing the same thing; 
otherwise, there would be observed movements 
of the <112> directions towards the axis 
instead of the actually observed movement of 
<110> towards the axis. 

The thing that I wish mainly to empha- 
size in this discussion is that the lines of defor- 
mation—the strain markings—constitute the 
most important microstructural feature of a 
worked and etched sample of brass. The au- 
thors’ first picture supports this. The question 
is whether this prominence is essentially based 
on mechanical twinning in the restricted sense 
just postulated. I have always assumed that 
such prominent strain markings were never 
observed in metals that were not going to twin 
on annealing. 

You will recall that Howe found the strain 
markings more prominent in the austenitic 
steel than in the ferritic steel. All of the pic- 
tures shown by Mr. Polushkin were of face 
centered cubic metals or alloys. I was looking 
to see if he was not going to show us aluminum 
or iron, or something other than nontwinning 
material. 

Banerjee, for the authors, apparently made 
a micrograph of strained iron that shows some 
pretty prominent markings. Nevertheless, I 
still retain the impression that in metals which 
are not going to twin when they are later 
annealed this deformational detail is in no way 
as prominently displayed as in face centered 
cubic materials which form annealing twins. 

Incidentally, the authors say that Mathew- 
son and Phillips in 1916 observed an appearance 
of strain markings only after deformations that 
exceeded 20 pct. That is entirely consistent 
with their own statement on p. 2 of their paper: 
“ Above about 20 pct deformation strain mark- 
ings can be readily detected.” What we were 
doing then was showing, and almost for the 
first time, that in the ordinary.microstructures 
of worked common high brass containing about 
65 pct of copper, these lines of deforma- 
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tion, as I seem to prefer to call them, began 
to be very visible and prominent at about 20 
pet deformation. 

Burke and Barrett have been very elaborate 
and careful in depicting what may be seen 
after light deformations. I cannot quarrel with 
their findings at all except to wonder if, in 
those micrographs showing strain markings at 
very low deformations they did not perhaps fail 
to get far enough below the surface, so that the 
actual surface markings were not concerned in 
the observation, although I would not make 
any very great point of this. 

We have always supposed that the markings 
should be visible right away in the beginning of 
the deformation on the basis of our thinking 
that they were twin markings, and should 
produce an indelible “‘scar.” It seems as if 
Burke has been a little more successful in re- 
vealing these scars than our own graduate 
students who have from time to time examined 
lightly worked structures. 

In conclusion let me say that I admire the 
authors’ work and believe that it represents 
an extremely important method of approach 
to theoretical considerations of the operating 
systems and their characteristics in effecting 
plastic deformation. But I can not join them in 
the conviction that mechanical twinning plays 
no part in the process. 


C. H. Samans*—I am not too much sur- 
prised at the authors’ failure to check the 
X ray results’ which I reported in my 1934 
Institute of Metals (London) paper. We tried 
to repeat our results with at least three speci- 
mens of similar orientations and were unable 
to do so. With the particular specimens that 
gave positive results we were able to secure 
duplicate X ray films as often as we wished to 
take them. 

Because of our difficulty in repeating our 
results we have always thought that they were 
largely a matter of pure chance, and that we 
were just fortunate enough to get enough 
material, in the region where the X rays could 
be reflected, to secure positive evidence of the 
twinned orientations. I am perfectly willing to 
agree, however, that I would prefer to see the 
evidence confirmed by other investigators be- 


* American Optical Company, Southbridge, 
Mass. 
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fore it really is considered to be tied down 
definitely. 

In view of the observations made on single 
crystals at that time by both Dr. H. L. Burghoff 
and myself, I wonder whether Burke and 
Barrett are studying the same sort of marking 
that we were. In general they probably are, but 
there are certain differences that should be 
pointed out. 

Our deformation lines were of a compara- 
tively limited extent in single crystals. They 
were not long lines comparable to slip lines. 
They were very much shorter and occurred 
primarily in restricted portions of the speci- 
mens, presumably those that were deformed 
by the slip systems to which the deformation 
lines were parallel. 

We were not nearly as careful as Burke and 
Barrett in doing our rolling. We had, originally, 
slices of crystals which were about 3%¢ in. 
thick, 3g in. wide, and 34 in. long. In order to 
save material all of our deformations were 
made upon the one specimen. The specimen 
would be put through the rolls only part way, 
thus leaving some undeformed material and 
then backed out. The next heavier reduction 
then would be given in the same way, and so 
on until eventually we had one specimen 
which had been rolled in successive portions to 
0, 914, 25, 50 and 75 pct, approximately. 

When these specimens were polished and 
etched the deformation lines could be seen on 
all three mutually perpendicular surfaces after 
any of the deformations. 

With the X ray techniques, however, we get 
negative results from the (111) [110] specimen 
which was deformed 94 and 25 pct. In those 
two sections, the only deformation lines that 
were visible were those which were parallel to 
the inclined slip planes that should have been 
active on the basis of the maximum shear 
stress concept. When we got to the specimen 
which has been rolled 50 pct, however, we 
found also a third set of deformation lines 
which were almost parallel to the rolling 
direction, as they should have been; all three 
sets still being very sharp narrow lines. 

In addition there was a fourth set of markings 
which did not look at all like the other three. 
This fourth set was parallel, roughly, to an 
octahedral plane but the markings were wavy 
and were fairly thick in comparison with the 
other deformation lines. The other evidence 
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available indicated that these had to be the 
markings which were giving us the X ray 
results which indicated a twinned orientation. 

Now this sort of a deformation line is just 
about what you might expect if you had a 
region of some sort parallel or very nearly 
parallel to the surface of the specimen, because 
when you polished that surface and etched it 
away, you would have a great deal of difficulty 
in maintaining sharp edges and you would get, 
therefore, a comparatively wavy band of just 
the sort we found. 

In this particular specimen, a (111) plane 
in the rolling plane and a [110] direction in the 
rolling direction, deformed 50 pct by rolling, 
the X ray spots from the twinned orientation 
were almost as intense as those from the 
original orientation. This indicated that, by 
chance, we had a comparatively large amount 
of the twinned orientation available for the 
X ray beam to hit. Of course, the resulting 
film came out with symmetry about the center 
line of both the oscillating and the fixed films 
so that there was no question about the 
structure showing a twinned orientation. 

Similar results, although not so clearly de- 
fined, were gotten on this same specimen after a 
75 pct deformation. On these two sections we 
were able to check the X ray results any num- 
ber of times as all films taken were identical. 
We were, however, never able to roll another 
specimen of similar orientation in such a way 
as to get films showing both the twinned and 
the untwinned positions. 

We also got positive results from one of the 
cubic specimens which we rolled. This had, 
initially, a (oor) plane parallel to the rolling 


plane and a [roo] direction parallel to the roll-_ 


ing direction and was reported also in the 1934 
paper. In this specimen the structure was com- 
paratively complicated because there were four 
slip systems which were almost equally stressed 
initially. Instead of combining in their action 
each of these systems seemed to take over a 
certain portion of the crystal and, as a result, 
produced a banded structure which Dr. Barrett 
commented upon in one of his earlier papers on 
deformation bands. 

With this specimen most of the X ray films 
showed orientations of more than one band. 
However, we did get one set of films in which 
the major orientation was of only one of the 
wider bands. On these films there were several 
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extra spots which could not be explained either 
by the major band orientation or by any of the 
other band orientations. However, they could 
be explained satisfactorily by a twinned 
orientation. These results were nowhere nearly 
as striking as those from the octahedral 
specimen quoted above because the spots on 
these films were not nearly as intense or as 
clearly defined as those mentioned previously. 

Tn all, we ran about sixteen specimens and 


only with two of them did we secure positive 


evidence of twinned orientations. We ran one 
(211) [112] specimen which had an orientation 
similar to the one run by Burke and Barrett 
and were no more successful in finding evidence 
of a twinned orientation in it then they were. 

From these points it can be seen readily why 
I am very much inclined to think that pure 
chance is the factor which determines whether 
or not you can secure positive evidence of 
twinning. If the deformation lines are mechani- 
cal twins, and I certainly still believe that they 
are, they are present in very small quantities 
and cannot, as Burke and Barrett have pointed 
out again, account for any major portion of the 
deformation. Hence, if you are going to detect 
them by X ray techniques the principle 
factor to be considered is not whether or not 
they are present but whether or not you 
can get a sufficiently large volume of them in 
the path of the X ray beam to permit their 

_ detection. 

It is interesting to have Burke and Barrett’s 
paper bring out this question again if only be- 
cause it emphasizes that to many of us the 
evidence is still not complete enough to be 
entirely satisfying. However, despite this, 
shortly after my 1934 paper was published I 
received a letter in French from Dr. Albert 
Portevin enclosing a reprint of one of his 
papers published about r1910. The letter, 


translated freely, said ‘““I do not know what 


you young fellows are worrying about these 
things for, because I proved conclusively 
twenty’ five. years ago that they were me- 
chanical twins.” 


W. R. Hipsarn, Jr.*—This is an excellent 


paper with very fine micrographs and consti- 


tutes a substantial contribution in this field. 
There are several points of discussion. 


* Yale University. 
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The authors note the uncertainty of the 
nature of strain markings in the first part of 
their paper. It is very important as the knowl- 
edge of these markings increases that an exact 
terminology be evolved so that when a term is 
used there is no question as to what physical 
phenomenon is described. 

In this respect, it is suggested (1) that the 
term “‘slip band”’ be reserved for the surface 
contour effect illustrated by the authors’ Fig 
6, (2) that the terms “deformation lines” or 
“ines of deformation” and possibly “strain 
markings,” and “‘etch markings,” be used for 
the lines shown in Fig 1 of this paper, and (3) 
that the very faint lines, striations, or streaks, 
shown in Fig 2 and 7 be called “‘striations”’ 
after the terminology of McClean!® and 
Jacquet!® who first reported them at approxi- 
mately the same time. The reason for this 
distinction is that striations are not nearly so 
prominent as lines of deformation. This is well 
illustrated by a comparison of Fig 2 and 3 with 
4 and 5. : 

Regarding Sec: 1 of the summary, there are 
two points that may require clarification. The 
summary refers to alpha brass in general, yet 
the work reported in the paper concerns pri- 
marily 70-30 alpha brass, and to some extent 
80-20. There is some reason to suspect, based 
on the results of McClean and Jacquet, that, 
while 80-20 and 70-30 brass behave very simi- 
larly with respect to the formation of deforma- 
tion lines, the low zinc brasses behave somewhat 
differently and are more reluctant to develop 
these lines. 

Concerning the second point, the authors 
state that etching effects (that is, striations) 
appear as soon as surface markings or slip 
bands could be seen. The smallest deformation 
reported in this paper is 1 pct, yet slip bands 
appear at considerably lower deformations. For 
example, Jacquet in copper deformed as little 
as 1.2 pct elongation in tension found what he 
called scarcely perceptible traces of deforma- 
tion and then only near the surface of the 
specimen. McLean reported striations at 14 pct 
extension where he first found slip bands. 
However, he specifically notes that the slip 
bands were more extensive than the striations 


18D. McClean: Jul. Inst. Metals, (1947), 


74, (2), 95. 
19 PA: Jacquet: Rev. Met., (1945), 42, (5), 


133. 
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and his micrograph at 14 pct extension appears 
somewhat difficult to interpret. 

In our work,?° striations were found after 
about 4% pct reduction in thickness by rolling. 
At that time there was a question in our minds 
whether or not these were actually the classical 
deformation lines. They were very vague in 
appearance and form and of uncertain origin. 
We confined our investigation to the appear- 
ance of classical deformation lines in 20 pct of 
the grains because we were not sure how they 
first appeared. A further study of striations was 
‘left to an investigation which is now under way. 

In collaboration with Robert Maddin, 
Harold Margolin and Robert Fullman, gradu- 
ate students, certain preliminary experiments 
have been carried out to investigate whether or 
not striations appear simultaneously with slip 
bands at very low deformations. A single 
crystal tensile specimen of 70-30 alpha brass 
which had been electrolytically polished, was 
deformed in tension until slip bands were first 
visible (a shear of 0.0004 and 0.05 pct deforma- 
tion). These lines were clustered in 6 or 7 
widely spaced areas. The specimen was elec- 
trolytically polished until 0.005 in. was removed 
from the diameter and the slip bands were no 
longer visible under the microscope. The speci- 
men was then etched with the ammonia- 
peroxide etchant used by the authors. Under 
the microscope a series of lines appeared in 
some of the areas which formerly showed slip 
bands. It was noted, however, by visual ob- 
servation in reflected light and by oblique 
lighting under the microscope that the steplike 
contour of the slip bands had not been entirely 
removed. It appeared that only the sharp 
edges of the steps had been sufficiently rounded 
by the electropolishing to erase the microscopic 
evidence of bands and possibly the etchant had 
later reacted at the remaining ridge to develop 
a line etching effect. (It is interesting to note 
that in their investigation of precipitation in 
copper-beryllium alloys, Guy, Barrett and 
Meh]?! reported ‘‘displacement metal streaks” 
which could be seen with the naked eye, but 
not in the microscope.) Our specimen was 
subsequently more heavily electropolished by 
removing 0.015 in. from the diameter until the 

20W. R: Hibbard, Jr, R. W. Fenn, Jr., 
H. Margolin, and H. P. Moore: AIME Met. 
Tech., Feb. 1948. TP 2336. This volume, p. 74. 

21A.G. Guy, C. S. Barrett and R. F. Mehl: 


AIME Met Tech., Feb. 1948. TP 2341. This 
volume, p. 216. 
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ridges were only vaguely defined. Etching then 
with ammonia peroxide solution in ‘several 
stages, until the specimen finally became 
pitted, did not develop striations. As an addi- 
tional check a portion of the specimen was 
mechanically polished with 1/o polishing paper 
until the ridge was entirely removed. Inci- 
dentally, this necessitated a surprisingly large 
amount of polishing in spite of the small amount 
of shear. The specimen was then electrolytically 
polished until all effects of mechanical polishing 
were removed, and again etched with the 
ammonia-peroxide solution in several stages, 
until pitting appeared, without developing 
striations. 

It should be noted, also, that McClean’s 
striations were found after repolishing slip 
bands to remove 14900 cm, about 0.0004 in. 
This may not have removed their surface 
contours. 

The results of this experiment were further 
substantiated on 70-30 brass specimens which 
had been squeezed in a vise until slip bands 
appeared. Moreover, comparing Fig 6 and 7, 
there are definitely areas there which show slip 
bands but not striations, particularly in the 
lower left center. Based on this observation, it 
is tentatively suggested that striations may not 
develop in 70-30 alpha brass at the same 
amount of deformation that first causes slip 
bands. 


A. R. KAurMAn*—I would like to suggest to 
those interested in studying the details of 
deformation the possibility of using polarized 
light on metals that are active to polarized 
light to study what happens in deformation. If 
you do this in the case of severely distorted 
beryllium, for example, you find that the 
orientation of a single crystal can change con- 
tinuously over as much as 60° without any evi- 
dence of slip lines or slip bands, or whatever 
you wish to call them. 

In using polarized light, of course, you do not 
need to etch the specimen, and then you avoid 
the question of what the etching has done to it. 
With polarized light, you can determine dis- 
tortion over microscopic distances in indi- 
vidual crystals and there is then the possibility 
of correlating this distortion with what goes on 
in recrystallization. 


* Massachusetts Institute of Technology. 


Duar a 


nn ae 


| 
os 
of 


ae 


Seas el pee ee 


£ 


DISCUSSION 


J. E. Burke (authors’ reply)—The remarks 
of Drs. Zapffe, Polushkin and Kaufman appear 
to be complete in themselves and to require no 
reply, and we should like to thank them for 
their interesting comments. 

It is obvious, from the number of times Dr. 
Mathewson is referred to in this paper, that we 
made extensive use of his earlier investigations 
of strain markings, or lines of deformation as he 
calls them, and while certain slight differences 
of opinion have developed, we still highly re- 
spect his ideas on the nature of the markings. 
To reply to some of his specific objections: It is 
true that we offered no evidence that strain 
markings do not serve as nuclei for annealing 
twins. We carefully avoided the question of the 
origin of annealing twins because we felt we 
could not give a complete answer to it, and 
because we felt we had satisfactorily proved 
our primary point, that strain markings are 
traces of slip bands and are not mechanical 
twins. We feel that the rapid etching of the 
markings is more probably the result of dis- 
tortion than of thin twin lamellae, since the 
atomic disarray at a twin interface should be 
small and therefore unlikely to etch rapidly. 
Nevertheless, we cannot eliminate the possi- 
bility that they are revealed because there are 
very narrow twinned regions within or at the 
edges of strain markings, or even that there is 
precipitation along the slip bands. 

The experiments which showed the direction 
of displacement incident to the formation of 
surface markings (slip bands) were designed 
to show whether some of the surface markings 
could be mechanical twins. We believe the 
results show that none of them could be 
mechanical twins throughout their width. As 
Dr. Mathewson correctly points out, this 
experiment does not permit any conclusion to 
be drawn concerning the mechanism of slip. 


~ The same gross result would have been ob- 


served whether slip occurred by a simple 
movement in a [110] direction, or by succes- 
sive movements in adjacent <112> direc- 
tions with a net displacement in a [110] 
direction, 
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We are certain that surface contour was not 
responsible for any of the etched strain 
markings shown in the paper, since all these 
specimens, except those shown in Fig 7, were 
sectioned far below the original surface in 
preparing them for examination. 

Dr. Samans offers a possible explanation for 
our inability to detect mechanical twinning by 
X ray methods, and his comments emphasize 
the fact that we have not proved that mechani- 
cal twinning is entirely absent in face centered 
cubic metals—-we have merely been unable to 
find any evidence for it. Nevertheless we feel 
that we have presented satisfactory evidence 
that the strain markings actually seen are pri- 
marily the result of slip, and not mechanical 
twins. 

As regards the terminology suggested by 
Dr. Hibbard, we agree that a clear distinction 
should be made between slip lines, which are a 
surface contour effect, and strain markings, 
which are revealed by etching. However, we 
found no difference in nature between the 
markings resulting from small deformations 
and those resulting from larger deformations. 
While we have no particular affection for the 
term “strain markings,” we feel that it is 
proper to use the same name for all the mark- 
ings, unless later experiments, such as those 
Dr. Hibbard mentions, indicate there is a real 
difference between them. 

Dr. Hibbard is entirely correct in pointing 
out that the work in the paper is confined to 
70-30 and 80-20 alpha brasses, and that the 
results reported do not necessarily apply to 
alpha brasses of all compositions. It is also true 
that the lower limit of deformations in our 
reported results is 1 pct, and the evidence he 
presents convinces us that strain markings may 
not be produced by very low deformations. We 
thought we had observed them following 
smaller deformations than 1 pct, but only 
small amounts of material were removed from 
the surface before etching. In view of the more 
careful experiments conducted by Dr. Hibbard 
under these conditions, our observation is open 
to doubt. 


Wire Textures of Copper and Its Binary Alpha Solid Solution 
Alloys with Aluminum, Nickel and Zinc 


By Watter R. Hipsarp,* Jr., JUNIOR MEMBER, AND 


Mrinc-Kao Yen,* StupENT AssociATE, AIME 
(New York Meeting, February 1948) 


-VARIOUS rationalizations of preferred ori- 
entations in cold worked polycrystalline 
metals have been based on the operation of 
at least two,! three,’ five,* an indefinite 
number,® and all,® slip systems of the type 
occurring in single crystals. Pickus and 
Mathewson? suggested that the cold rolling 
texture in face-centered cubic metals. could 
be rationalized on the basis of two or more 
operating slip directions symmetrically dis- 
posed about the direction of flow in such a 
manner that the resolved shear stress factor 
is equal for all operating slip systems and 
lattice rotations cancel each other. 

The importance of the direction of flow, f 
the necessity for the operation of slip sys- 
tems capable of producing the required 
changes in external dimensions, the main- 
tenance of a common surface between 
adjacent grains and a symmetrical arrange- 
ment of the operating slip systems in order 
to produce an end orientation which is 
stable under additional deformation lead to 
the following rationalization of textures 
based on the type of slip systems op- 
erative in single crystals. The rationaliza- 
tion is intended to explain why certain 
orientations are suitable for deformational 
flow without a change in orientation 
and thus are stable end orientations 

Manuscript received at the office of the 
Institute October 3. 1947. Revised paper re- 
ceived December 5, 1947. Issued as TP 2334 
in MetraLs TECHNOLOGY, Feb. 1948. 

* Assistant Professor of Metallurgy and 
Graduate Student in Metallurgy, respec- 
tively, Yale University. 

+ The direction of flow is defined as that 
direction in which the metal must move to 
cause the change in external shape required by 


the deformation process. 
1 References are at the end of the paper. 


or ideal texture orientations. It does 
not attempt to explain how the grains of a 
randomly oriented polycrystalline. aggre- 
gate will reach this orientation. The ra- 
tionalization is based on the following four 
postulates: 

1. The ideal textures for polycrystalline 
aggregates are the result of reorientations 
of individual crystals toward the same 
stable end orientation at which no further 
reorientation will occur even during addi- 
tional deformation. Since, in simple slip, 
the relative orientations of the stress axis 
and the active slip system determine the 
change in orjentation during slip, it is coh- 
sidered that the orientation of the stress 
axis with respect to the ideal texture deter- 
mines what slip systems must be active to 
retain the stable end orientation. Therefore 
the stable end orientation should be a sym- 
metrical one around the stress axis with 
respect to the active slip systems such that 
lattice rotations resulting from slip will 
cancel each other and prevent a resultant 
change in orientation. (Rotational sym- 
metry only—not translation, inversion, nor 
others—is ‘considered here.) Thus a metal 
under a pure stress should develop a tex- 
ture consisting of one or more of the 
crystallographically symmetrical directions, 
<i10oo>, <11o> or <i11> for cubic 
metals or <ooo1>, <1o10> or <1120> 


for hexagonal close-packed metals, parallel _ 


to the stress axis. 

2. Since the active slip direction is the 
direction of glide during simple slip and 
thus the direction of maximum shear move- 
ment, in the ideal texture the active slip 
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directions of each grain in a polycrystalline 
aggregate should be suitably oriented with 


respect to the flow direction to produce the - 


required flow. In the individual grains at 
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Axis 
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with respect to the stress axis (as proposed 
by postulate one) and the active slip direc- 
tions lie within the space cone which makes 
an angle of 45° with it (that is, 6 < 45°, 


Fic 1—LIMITING CONE FOR DETERMINING FAVORABLY ORIENTED SLIP DIRECTIONS FOR FLOW. 


the. stable end orientation the algebraic 
sum of flow resolved from the active 
slip directions should be predominant in 


_ the flow direction in order to produce the 


change in external shape required by the 
deformation process. If the flow compo- 
nents of the individual active slip directions 


of an end orientation are greatest in the 


flow direction, the end orientation is a 
favorable one for the required flow. (The 
word “‘favorable” is intended to indicate 


an advantageous orientation but in no 
_ sense of the word is it intended to mean 


that if a crystal is in an unfavorable orien- 
tation, slip can not occur. On the contrary, 


_ in a grain with an unfavorable orientation, 
slip would occur in such a manner as to © 


_ produce a favorable one and thus develop 
e 


the texture. 
For example in simple tension the stress 


axis and flow direction are parallel. If in 


Fig 1 the active slip systems of the indi- 
vidual grains of a polycrystalline aggregate 
ina stable end orientation are symmetrical 


where @ is the angle between the active slip 
direction F and the stress axis), the flow 
component will be greater in the flow direc- 
tion than in its normal direction (that is, 
F, > F,, where F, and F, are the flow com- 
ponents of the active slip direction F 
parallel and perpendicular to the stress axis, 
respectively). Such a stable end orientation 
would be a favorable one to produce the 
flow required by tension and remain stable. 
By the same considerations, if @ > 45°, this 
would not define a favorable stable end 
orientation for tensile flow since Ff, < Fy. 
Further plastic deformation would be ex- 
pected to occur with reorientation in the 
direction of a more favorable stable end 
orientation. 

The smaller the angle @ (within 45°) the 
more favorable is the end orientation for 
tensile flow since the more predominant is 
its flow component in the flow direction. 
However a sufficient number of a tive slip 
directions should be suitably oriented to 
cause the proper external dimensional 
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changes in the directions normal to the flow 
direction. For a drawn wire the dimensional 
changes in all directions normal to the flow 
~ direction (wire axis) should be equal to 


and at least two symmetrically oriented . 


slip directions should be active to produce a 


favorable ‘stable end orientation for the 
required compressional flow. 
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Fic 2—LIMITING CONE FOR DETERMINING FAVORABLY ORIENTED SLIP DIRECTIONS FOR THE FLOW 
OF MATERIAL IN ROLLING. af 


maintain a round wire. Therefore, a favor- 
able stable end orientation should have at 
least three symmetrically oriented active 
slip directions within 45° of the wire axis.* 
Two active slip directions symmetrically 
oriented in a common plane with the stress 
axis so as to retain their end orientation 
would be favorable for an elliptical cross 
section since there would be no flow compo- 
nent perpendicular to this common plane. 
In a simple tensile test there is no require- 
ment for equal dimensional changes in the 
directions normal to the flow direction and 
thus only two symmetrically oriented slip 
directions within 45° of the stress axis could 
provide the stable end orientation. By this 
means the difference between the wire tex- 
ture and the end orientation of a single 
crystal extended in tension will be rational- 
ized for face-centered cubic metals. 

For simple compression the stress axis 
is normal to the flow directions. For the 
ideal texture, in the grains of a poly- 
crystalline aggregate, @ should be > 45° 

* Postulate 4 considers the possibility that 
combinations of grains with related orienta- 


tions can contribute to roundness and fulfill the 
other postulated requirements. 


3. Rolling which produces flow re- 
stricted to the rolling direction is considered 
as plane parallelopiped compression.® If the 
rolling direction is considered as the flow 
direction and the normal to the rolling plane 
is considered as the stress axis, the dimen- 
sional changes perpendicular to the stress 
axis and the flow direction (that is, the 
transverse direction) are theoretically zero. 
Therefore, for the ideal texture, in addition 
to having the active slip systems sym- 
metrically oriented around the stress axis 
so as to produce a stable end orientation, 
the active slip directions should be sym- 
metrical to but > 45° from the stress axis 
and within 45° of the flow direction in order 
to form a stable end orientation which is 
favorable for producing flow in the rolling 
direction. Fig 2 shows the limiting cone for 
determining slip directions favorably ori- 
ented for flow produced by rolling. In addi- 
tion, to produce a stable end orientation 
which is most favorable for avoiding flow 
in the transverse direction, the active slip 


directions should lie in the same plane as 


the flow direction and the stress axis so that 
the flow component in the transverse direc- 
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tion is zero. From this last proposal it could 
be rationalized that rolling should not be 
considered as simple tension in the rolling 
direction and simple compression on the 
rolling plane since both simple deforma- 
tional processes can have dimensional 
changes in the directions normal to their 
stress axes, which are not found in the roll- 
ing process. 

. 4. The most favorable stable end orien- 
tation is considered to be the ideal texture. 
Presumably suitably oriented combinations 
of adjacent grains can accomplish stability 
of orientation and accommodate necessary 
flow. However, it is considered that if these 
conditions can be met in each grain. of a 
given orientation, that orientation will be a 
more favorable one than any combinations 
of critically oriented grains which may be 
coincidental. For example, in wire textures 
where the orientation is random around the 
wire axis, it would be quite possible to 
produce a round wire with only two sym- 
metrically oriented slip directions within 
45° of the wire axis as a stable end orienta- 
tion. However three such slip directions 
would be a more favorable stable end ori- 
entation and thus, if available, would 
be preferred as the ideal texture. 


TENSION AND WIRE TEXTURES 


~ In Fig 3 stress axes are assumed to be the 
three important crystallographic directions 
in the cubic system and are plotted in the 
center of primitive stereographic circles 
along with the available slip systems for 
face-centered metals (3a, 6, c) and body- 
centered cubic metals (3d, e, f) and the 45° 
cone of limiting orientation for favorable 
active slip directions (dashed circle). In the 
face-centeréd cubic system the [111] orien- 
tation (3c) is the most favorable stable end 
position for tensile flow in drawn wires 
since there are six (111) [110] systems with 
three slip directions within the 45° cone. 
The [r10] orientation (3b) would be un- 
favorable since its flow components are 
unfavorable for the proper dimensional 
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changes without a change in orientation. 
The [roo] orientation (3a) is allowable 
under tension since it contains eight (111) 
[110] slip systems with four slip directions 
on the edge of the 45° cone. However this 
orientation is not the most favorable one 
for dimensional changes without reorienta- 
tion so it is probably an intermediary one. 

As suggested under postulate 2 the 
ideal texture for drawn wire should have at 
least three favorably oriented active slip 
directions symmetrically disposed about 
the wire axis which for face-centered cubic 
metals is [111] orientation. However, for 
simple tension only two such slip directions 
could produce a favorable stable end orien- 
tation since there is no requirement for 
retaining a round cross-section. Hence for 
simple tension the [112] orientation found 
in straining single crystals is a more favor- 
able stable end orientation than the [111] 
orientation, since ¢ for the former is smaller 
than for the latter. Similarly, for body- 
centered cubic metals, [110] orientation 
(3e) is most favorably oriented for tension 
with 4 slip systems having two slip di- 
rections within the 45° cone. As suggested 
in postulate 4, two favorable slip direc- 
tions may form an ideal wire texture be- 
cause of the random orientation of grains 
about the wire axis, since there is no favor- 
able end orientation with three active slip 
directions. Here the wire texture and the 
tension test end orientation for single crys- 
tals should have the same ideal orientation. 
The [100] (3d) and the [111] (3f) orienta- 
tions are unfavorably oriented for tension 
in this lattice. In hexagonal close-packed 
metals the orientations of two-fold sym- 
metry [1120] and [roro] would be most 
favorably oriented for tension flow although 
mechanical twinning probably should be 
considered also in order to obtain a com- 
plete picture. 


COMPRESSION ‘TEXTURES 


By the same type of analysis, except that 
the operative slip directions in ‘the ideal end 
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orientation should be outside the cone at 
45° angles to the stress axis, it will be found 
that [110] is the favorable stable orientation 
(3b) and [100] is an intermediary orienta- 
tion (3d) for compression in face-centered 
cubic metals; the [100] is a favorable orien- 
tation (3a) and the [111] is the most favor- 
able orientation (3f) in body-centered cubic 
metals; and the [ooo1] is the favorable ori- 
entation in hexagonal close-packed metals. 


ROLLING TEXTURES 


The theory of rolling textures proposed 
by Pickus and Mathewson® requires that 
(1) the operating slip systems in the end 
position be symmetrically oriented so as to 
equalize their resolved shear stresses and 
cancel resulting rotations, and (2) the oper- 
ating slip directions in the end orientation 
be symmetrically oriented about the flow 
direction. Orientations with the largest 
values of cos x cos \ cos ® were considered 
the most stable (or most frequent) end 
orientations, where x’ is the angle between 
the stress axis and the pole of the operating 
slip plane, \ is the angle between the stress 
axis and the operating slip direction, and 
® is the angle between the operating slip 
direction and the flow direction. For cold- 
rolled face-centered cubic metals the fol- 
lowing stable end orientations were listed in 
order of decreasing frequency of occurrence 
based on this theory: (110) [112], (100) 
loot], (110) [oor], (x12) [111], (o10) [ror] 
and (ror) [ror]. These ideal textures are in 
satisfactory agreement with experimental 
evidence. 

However, in order to be most favorably 
oriented for a further decrease in thickness 
and increase in length from additional roll- 
ing, the operating slip directions in an ideal 
end orientation should be within the space 
cone making 45° angles with the rolling 
direction as shown in Fig 2. In this way 
textures with a [110] direction in the rolling 
direction would not be most favorable for 
further flow without reorientation (Fig 3b) 
and may be considered metastable. Simi- 


larly, end orientations with [100] in the 
rolling direction (Fig 3a) should not be 
considered stable end positions since they 
are not most favorable for change in 
thickness on further rolling without reorien- 
tation. Ons this basis the ideal texture 
orientations of Pickus and Mathewson can 
be rearranged as follows: 

(x10) [112], (112) [111], (100) [oor], (110) 

[oor], (010) [101] and (101) [zo] 
where the first two are stable end orienta- 
tions and the last four are metastable 
intermediate orientations. 

Finally, in order for the ideal texture to 
be favorably oriented to avoid flow in the 
transverse direction, the active slip direc- 
tions should lie in the plane containing 
the rolling direction and the normal to the 
rolling plane. This consideration leaves the 
(110) [112] texture as the most favorable 
stable end orientation or ideal texture for 
rolling. This texture has been confirmed 
experimentally by Barrett and Steadman!’ 
who reported that a copper single crystal 
cut with a (110) [112) orientation could be 
severely rolled without markedly changing 
its orientation. Single crystals with other 
orientations were reoriented during rolling. 

Similar calculations for body-centered 
cubic metals were made with the assump- 
tion for purposes of a first approximation 
that the (110) [111] slip system predomi- 
nates. In order to acconimodate most 
favorably dimensional changes without 
reorientation the [111] or [roo] directions 
(Fig 3d and 3f) should not be in the rolling 
direction of ideal stable end orientations. 
The order of decreasing occurrence of ideal 
stable end orientations becomes (100) [ort], 
(x11) [112] and (111) [110]. Only the (100) 
[or1] orientation is favorable for avoiding 
transverse flow. 

In hexagonal closed packed metals on 
the basis of simple slip on one slip system 
there are no possible stable end orientations 
where resolved shear stresses and rotations 
can be balanced and which are favorable 
for flow without an orientation change. 
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Fic 3—STEREOGRAPHIC PLOTS FOR DETERMINING SUITABLE END ORIENTATIONS FOR DEFORMATION 
TEXTURES. 
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Twinning undoubtedly accommodates this 
condition but it could not be integrated 
simply into the consideration of flow to 
rationalize textures. Zinc textures are fur- 
ther complicated by low recrystallization 
temperatures. 
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CORRELATION WITH EXPERIMENTAL DATA 


Table 1 lists the ideal textures postulated 
above and the corresponding experimen- 
tally determined textures for various 
metals of different structures. 

In general the agreement between the 


TABLE 1—Experimental Results 


Textures | Pinon Metals and Textures Reference 
Face-centered Cubic 
SE EKIGT CVT pects ates Yer eaters seceys ts dancls ots (111]* + [100] | Al {111) 9 
Cu, Ag, Au, Ni [111] + [100] 9,10 
(Compression ':.4.4 ermine certo eat {110]* + [100] | Al, Cu, Ni {110] + [100] 7-12 
+ [311] 
Rolling a ya12 40 Briss he ese eos ate 1. (110) [112]* | Al, Cu, Ni 1. (110) [112] i 
2. (112) {111] 2. (112) [111] 
3. (100) [001] | Fe-Ni, 1. (110) ~[113] 13, 14 
4, (110) [001] a Brass oti oy ae [bial 
3. (100) [001] 
Ag 1. (110) [112] 15 
Au, Pt 1. (110) [112] 15 
2. (100) (001) 
Cu 15 (110) e{ 722} 16 
2. (112) [1 17} 
3. (100) [001] 
4. (124) [533] 
5. (110) [001] 
1, (234) [823] or (135) [217] 17 
Body-centered Cubic 
PDS OSLON seis Fs ie ke aes Bhs als o/Fiaka shes ay [110]* Fe {110} 18 
W, Mo {110} 19 
Compression.wieck er cacdenase ee (111]* + [100] | Fe ({111] + [100] o 5 
Fe-Si [111} + [100] 12 
TROUIDG ceeseaisie settee Weis ple yes aah Pro eh 1. (100) [011]* | Fe, W, Mo (100) [011] 19, 20 
2. (111) [112} 
3. (111) [110] | Fe 1. (100) [011] PHY 
Fee 2° (112) [1¥0] 
8, (11). {193} 
Fe 1. (100) [011] 22 
2. (115) [110] 
3. (113) {110} 
4. (112) [110] 
5. (111) [110] 
6. (111) [112] 


a a a 


Hexagonal Close-packed 
a an ne a Se 


TSrBiOM, Meter Ee Loe a eee rink [1010] + [1120] 
Compression aa saicias giriisltae ss & (0001) 
Rolling a ia ata e aes (0001) 

in R.P. 


Mg (0001) in wire axis 34 
Dowmetal [1010] 23 

Zn [0001] inclined to axis 72° 34 

Mg (0001) 24 
Mg, Zr (0001) in R.P. 25, 26 
Zn (0001) inclined to R.P. 25, 26 


* Most favorable stable end orientation. 
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theoretical and experimental is good. Sev- 
eral results, however, require additional 
explanation. For cold-rolled face-centered 
cubic metals several high index textures 
such as (125) [533] for aluminum, copper, 
silver and nickel?”:8° and (135) [211] for cop- 
per!’ have been reported. These orienta- 
tions are considered deviations from the 
principal texture (110) [112]. Brick?’ found 
in cold-rolled alpha brass a spread from 
[113] to [117] in the rolling direction. This 
spread was also found in cold-rolled cop- 
per!’ and can be interpreted as a modifica- 
tion of the texture (110) [112]. 

In the case of cold-rolled iron, the (115) 
[r10] and (112) [110] textures reported by 
Barrett and Levenson” may be considered 
as deviations from the (100) [orr] and (111) 
[110] textures respectively. 

The principal rolling texture in hexagonal 
close-packed metals should include the 
basal plane in or near the rolling plane. 
This texture has been found in magnesium 
and zirconium?®.?6 with axial ratios of 1.624 
and 1.589 respectively. In addition the 
[r010] direction tends to approach the roll- 
ing direction as would be expected from 
flow considerations. Zinc and cadmium 
with larger axial ratios develop textures 
with the basal plane 20 to 25° from the 
rolling plane. Again this may be the result 
of twinning and recrystallization. 


EFFECT OF COMPOSITION 
The addition of solute elements has been 


- found not to affect the ideal deformation 


texture of the solvent metal so much as to 
alter the deviation and spread from the 
ideal texture as shown on pole figures. 
Studies by Brick, Martin and Angier?® and 
Dahl and Pawlek*® indicate that the copper 
type of (110) [112] rolling texture prevails 
in copper-nickel alloys, in copper-zinc 


alloys to 5 pct zinc and in copper-aluminum 


alloys to 1 pct aluminum. For the re- 
mainder of the alpha solid solution ranges 
the brass ope of (110) [112] texture is 


found. 
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Similarly in wire textures the [111] and 
[100] orientations are altered in relative 
intensities by alloy additions as follows: 


percentage 
of Crystals Refer: 
Metal anes 
{roo} | [111] 
Coppenc. strc talc sch nhan 40 60 9 
Nickel-copper alloy Le ee 40 60 31 
Copper-zinc alloy (over 10 pet) 75 25 35 


However, 70-30 brass wires with a strong 
[rz1] and a weak [100] texture have also 
been found.*? 

These studies leave some uncertainty as 
to the brass texture, the amount of zinc 
addition required to develop the brass tex- 
ture and the effects of the addition of other 
elements such as aluminum as the solute. 
The following experiments were undertaken 
to investigate these uncertainties. 


PREPARATION OF SPECIMENS 


Specimens of copper, copper-nickel al- 
loys, copper-aluminum alloys and cop- 
per-zinc alloys remaining from another 
investigation®? were cold rolled 50 pct, 
homogenized 16 hr at 800°C, cold rolled 
20 pct and annealed to a grain size of 0.090 
mm average diam. Cylinders 0.250 in. in 
diam and 2 in. long were machined from 
the specimens. After a heavy nitric acid 
etch the cylinders were pointed on a set of 
hand wire rolls and then formed through 
successive dies in a die plate until a reduc- 
tion in diameter of approximately 50 pct 
was obtained (75 pct reduction in area). At 
75 pct reduction in area, most of the grains 
in the wires were found to have reached the 
texture orientation. At larger reductions 
(up to beyond 95 pct) it is considered that 
the deformation process primarily causes 
the remainder of the grains to attain this 
orientation. Parallel flats were alternately 
polished and etched using nitric acid and 
emery papers down to No. o to form a sheet 
specimen 0.004 in. thick suitable for X ray 
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analysis. Transmission photograms were wires formed by rolling should have the 
taken using Copper K-alpha radiation atan same texture-as those drawn through a die, 
angle of 20°, the approximate @ value of the brass type texture was checked on wire 
(111) planes for the alloys, in order tocover made by rolling the 8.21 pct zinc alloy and 


TABLE 2+-Resulting Textures 


Composition 


Major Annealing 
Material _—_______________| Pct Red. | Deformation | Temperature, Annealed 
in Diam Texture eg C Texture 
_Wt, Pct At, Pct 
Copperk tosis siyelereiete 49.2 111], [100] 400 Nearly random 
CusNistic <a ces 30.70 32.44 51.6 ear 100] 550 Nearly random 
COS ete Sky rota 0.94 2.16 50.6 111}, [100] 425 Nearly random 
2.03 4.63 54.7 111] 425 {r11] 
3.69 8.28 50.4 IIt 
5.22 II.49 50.5 IIr 450 fret 
6.28 13.65 52.8 IIt 450 111] 
7.76 16.58 55-3 111] 
it Zils itera sie 2.61 2.53 S5c3 [111], [100] 425 Nearly random 
4.99 4.83 44.2 111] 
8.43 8.21 53.0 111] 450 {111] 
10.16 9.90 44.2 111} 


* Phosphorous deoxidized electrolytic copper. 


the drawing direction. Intensity concentra- found to be the same as that of the drawn 
tions on the (111) and (002) rings were wires. The reason for the lack of agreement 
used to determine the textures. Wires were with the previously reported double [100] 


also annealed at temperatures similar to and [111] texture*® in drawn high brass © 


those used by Brick, Martin and Angier,?® _wires is not known. In addition, the change 
flat specimens again prepared and analyzed from the copper to the brass type texture 


by X rays. Where weak [100] textures were was found to take place just before the 5 pct 


found, check determinations were made at zinc alloy which does not agree with the 
an angle of 25°, the approximate 6 value of __findings*® that the change occurs at 10 pct 
(002) planes for the alloys. zinc. 

The annealed textures of those alloys 
which developed the copper type wire tex- 

The resulting textures areshownin Table _ ture are uncertain and can best be described 
2. The results are in general agreement with as a nearly random range of orientations. 
the previous work cited for rolling textures, For those alloys which developed the [rz] 
namely that copper, copper-nickel alloys, deformation texture the annealed texture 
copper-zinc alloys with less than about 5_ is the same although partly randomized. 
pet zinc and copper-aluminum alloys with This result is in agreement with the findings 
less than 1 pct aluminum have the copper of Barrett®? on 70-30 brass wire. 
type deformation textures while other solid 
solution alloys of these series have the 
brass type texture. The ideal copper wire 
texture is also in agreement with previous Theories of deformation textures are dis- 
work. However, the brass type texture cussed with particular reference to the di- 
which was found in higher copper-zinc rection of flow and the presence of slip 
alloys and copper aluminum alloys was systems suitably oriented for remaining 
found to be primarily a single [111] texture _ stable and producing the necessary changes 
with a weak [100] component possibly in shape required by the deformation 
similar to that reported by Barrett.3? Since mechanism. | 


RESULTS AND DISCUSSION 


SUMMARY 


a 


22. Barrett and 


DISCUSSION 


In wires the [111] and [100] deformation 
texture of copper is basically unaltered by 
additions of at least 32.44 at. pct nickel, of 
2.16 at. pct aluminum and 2.35 at. pct zinc. 
Additions of 4.63 at. pct aluminum and 
4.83 at. pct zinc and over, changed the 
deformation texture to primarily a single 
[x11] fiber with a weak [100] component. 
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DISCUSSION 


(H. L. Burghoff and E. E.. Schumacher 
presiding) 


Contribution to 


Naturwiss, 


R. G. Trevutinc*—This paper, in com- 
mon with that given by Dr. Darken on a 
different subject, has a philosophic approach 
of an elegant and to me very satisfying 
generality that has considerable power. Other 
problems in physics and chemistry have 
been rendered amenable to treatment when the 
details of complex mechanisms are ignored in 
favor of the broader concept of the criteria for 
the establishment and maintenance of a steady 
state. What with our inadequate acquaintance 
with the details of the mutual interactions of 
deforming grains, it would seem that no other 
problem in metallurgy so well justifies this 
method of attack as that of the generation of 
textures. The authors are to be congratulated 
for having so successfully brought it to bear. 

There are a couple of points in the paper on 
which I would like some clarification. One of 
these is with respect to the 45° cone for the 
relation between the flow direction and the slip 
direction. As it is presented in the paper, I got 
the impression that the slip direction would 
become more ‘‘favorably”’ oriented as it 
approaches greater parellelism with the flow 


* Bell Telephone Laboratory, Murray Hill, 
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direction. Yet it would seem that, for example, 
in the case of simple tension, slip probably 
would not take place on a plane, or in a direc- 
tion exactly or very close to parallel with the 
stress axis, but in another system that would 
be closer to the 45° angle. 

I therefore would like to ask if there perhaps 
is not also an angular limit of some kind in 
the other direction; that is, that the favorable 
orientation for the slip direction would be found 
at an angle not only less than 45°, but also 
greater than some other smaller angle. 

On p. 129 of the paper, in discussing rolling 
and its more usual analysis into a simple 
tension and a simple compression, the authors 
make the statement that it could be rational- 
ized that rolling should not be considered 
merely as a simple tension and a simple com- 
pression at right angles, since both of these sim- 
ple deformational processes can have dimen- 
sional changes in direction of their stress axes, 
that is in the transverse direction. While this is 
true, I wonder if it is not possible that we 
still have justification in considering the 
rolling process in first approximation as repre- 
sented by those two simple deformations, in 
that the transverse components of the two 
would be in opposite directions, and therefore 
would be a cancelling effect upon one another. 

In consideration of the rather difficult prob- 
lem of rationalizing on the present basis the 
textures observed in close packed hexagonal 
metals, the authors mention the textures found 
in certain metals and mention that zinc and 
cadmium, which have larger axial ratios, 
develop textures with a basal plane 20 to 25° 
from the rolling plane. I am wondering if they 
have extended their thinking on this any 
farther than the observation that this larger 
20 to 25° angle appears to be associated with 
the larger axial ratio. 


W. R. Hrparp, Jr. (authors’ reply)— 
Regarding the approach of the slip direction 
toward the stress axis, it is limited by the 
requirement for crystallographic symmetry. 
The [112] position is about as close as the slip 
directions can approach the stress axis and 
still have two symmetrical slip directions 
active; that is, a minimum angle of 30°. 

Regarding simple tension and simple com- 
pression as a first approximation of rolling, I 


agree that it is a good one; in fact, we used it 
ourselves. 

Regarding the close packed hexagonal tex- 
tures, we encountered some difficulties, par- 
ticularly after discussions with Mr. Anderson 
of the New Jersey Zinc Co., who said that 
probably there was a lot of recrystallization 
in zinc at ordinary rolling temperatures. We 
were not too sure whether the literature con- 
cerned hot rolled textures or cold rolled tex- 
tures, so we have avoided them. 


R. G.' Treutinc—Dr. Hibbard has re- 
minded me of one other point in mentioning 
the [112]. Under stresses like simple tension, 
when does a specimen become a polycrystal? 
Dr. Hibbard has indicated here and verified 
from experiments reported in the literature 
that in simple tension in polycrystals, other 
crystallographic directions for the stress axis 
are developed; while the [112] is the classic 
end position for single face-centered cubic 
crystals under tensile stress. 

It might be interesting to try to determine 
(though this is, of course, not within the scope 
of the present concepts), just how many grains 
are required in a specimen to produce the shift 
from the end orientation found for a single 
crystal to that found for a larger number. Such 
an attack might yield some information as to 
the nature of the mutual constraints imposed 
by neighboring crystals in the polycrystalline 


specimen,—precisely the sort of difficulty of . 


which the authors’ concepts so nicely relieve us. 


C. S. BARrEtT*—Any theory that accounts 
for the long list of major and minor textures 
that this one does deserves high praise and the 
most careful consideration. There seem to be 
two points where more thought is going to be 
needed. The first is the assumption that there 
is a 45° cone that is somehow critical in the 
process. It is not clear that 45° is a magic angle 
that confers “‘favorability” on a slip direction 
since there is no abrupt increase in the com- 
ponent of the deformation along this direction 
as the angle is changed from more than 45° to 
less than 45°. The second point is the assump- 
tion of equal slip resistance on all slip planes. 
There are cases, such as the body-centered 


* University of Chicago. 


DISCUSSION 


cubic and the hexagonal metals, where there 
is certainly a rather complicated list of possible 
slip planes, probably with different slip 
resistances on each set. These may ultimately 
have to be considered. Possibly it is the ratio 
of slip resistances on different sets of planes 
that in varying from one metal to another 
causes a variation in the deformation textures. 


W. R. Hipparp, Jr.—I would like to thank 
Dr. Barrett for his very kind remarks. The 
answer to the question of how rigid is the 45° 
cone possibly is demonstrated by the fact that 
cubic textures are found in face centered cubic 
wires, that is, slip directions are contained at 
the limit of the 45° cone. However, the cubic 
texture is found co-existent with the ideal 
octahedral texture and there is some reason 
to believe the former disappears at very high 
deformations. : 

Regarding relative slip resistance on different 
slip planes, I think it is an interesting approach, 
which possibly should follow the method of 
Pickus and Mathewson as applied to rolling. 
Although we do not advocate equal slip 
resistance on all planes, we feel that possibly 
the choice of slip directions is more important 
in this case. 


F. H. Witson*—In line with the nicety of 
this theorizing, if I did not know better, I think 
I would have accused Dr. Hibbard of looking 
up all the textures and then working back to 
find out just how he might be able to explain 
them. 

I just want, to mention one point: Dr. 
Hibbard finds that the change in type of 
deformation texture as zinc is added to copper 
occurs at a lower concentration than was 
previously reported. In fact it occurs at 
roughly the same composition as the change in 
low-temperature recrystallization texture from 
(100) [oor] to (113) [i112]. It is not too sur- 


_ prising that the two change at about the same 


zinc concentration, since there must be a 
definite relationship between a recrystallization 
texture and the deformation texture from which 
it arises, although the mechanism by which 
one develops from the other has not been 
established. 


* American Brass Company, Waterbury, 
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J. T. Ransom*—I must confess that I am 
very much a novice at this preferred orienta- 
tion business, so what I have to say may be 
entirely foolish, but, on the other hand, it 
might be an idea. 

I have been wondering if any thought has 
been given to the possibility that the difference 
in orientations produced in brass and in copper 
might be due to this difference in slip resistance 
on different planes caused by preferential 
orientation of the zinc atoms in the brass. 
That is, there is a definite short range order in 
brass, and I have not had time to think this 
out, but it is a possibility that might change 
the relative slip resistancies on different planes. 


W. R. Hipsard, Jr.—Early work by von 
Géler and Sachs** indicated that with increas- 
ing zinc content in alpha brass single crystals, 
the slip resistance of the primary or single 
slip system was somewhat less than the slip 
resistance of the secondary or double slip 
system when both slip systems were equally 
favorably oriented with respect to the tension 
axis. Elam*’ also reported similar results in 
a copper-aluminum-alloy containing 5 pct 
aluminum. 


J. T. Ransom—lI was referring, of course, to 
the stress induced preferential orientation of 
pairs of solute atoms in solid solutions as postu, 
lated by Dr. Zener in his paper in the Physical 
Review, Jan. 1, 1947. 


T. S. Howartp{—A random annealing tex- 
ture is described for the copper wire used in 
this investigation. This can be ascribed 
directly to the presence of phosphorus in the 
copper. Work which we have done on phos- 
phorus deoxidized copper strip containing 
from 0.006 to 0.020 pct phosphorus (and 
already reported by W. M. Baldwin in dis- 
cussion to Brick, Martin and Angiers’?® paper) 
indicated a rolling texture of the pure copper 
type. Annealing at low temperatures gave a 
random orientation, while annealing at higher 
temperatures gives a mixed (111) [110] and 
(100) [oor] texture, depending on the severity of 
the final reduction and annealing temperature. 

* Carnegie Institute of Technology. 
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ALLOY 95/75 95/5 95/5 95/5 
BRASS 


FINAL ANNEAL 750°F 


ORIENTATION 


95 %o 


1002 £0017 


EAR POSITION 


Fic 4—RECRYSTALLIZATION ORIENTATIONS AND EARING CONDITIONS OF 95/5 BRASS (GILDING 
METAL) ROLLED 95.6 PCT REDUCTION IN AREA AND ANNEALED FOR I HR ATVARIOUS TEMPERATURES. 


Gee | a he : 
fs ak ey é : é 5 A ; ‘ 


Ga es : VS Spe ra Bene * p Sa 
Fic 5—CROSS-SECTIONAL MICROGRAPH AT 50 X OF LAKE COPPER WIRE DRAWN 08.5 PCT AND 


FINAL ANNEALED AT 1600°F, SHOWING HIGH DEGREE OF PREFERREDNESS IN OUTER CORE (AS : 
EVIDENCED BY LARGE NUMBER OF TWINS TANGENTIAL TO THE OUTSIDE SURFACE). i 


DISCUSSION 


This same phenomenon of “temperature 
sensitivity” of annealing textures has been 
found for gilding metal sheet (95 Cu, 5 Zn), 
and is illustrated in Fig 4. The authors list no 


139 


texture, we have found an instance where such 
a uniformity does not exist. 


In Fig 5 is shown a cross-section of a Lake 


Copper wire drawn 98.5 pct to 0.125 in. and 


Fic 6—CROSS SECTIONAL MICROGRAPH AT 50X OF LAKE COPPER WIRE DRAWN 93.8 PCT AND 
ANNEALED AT 1600°F, ORIENTATION OF LARGE GRAIN Is (111) DD, (211) RD, ann (110) TD. 


texture for their 95/5 wire, but it is most 
probably random. 

The authors state that “‘at 75 pct reduction 
in area most of the grains in the wire were 
found to have reached the texture orientation. 
At larger reductions (up to beyond 95 pct) it 
is considered that the deformation process 
primarily causes the remainder of the grains to 
attain this orientation.” 

This is, no doubt, true for the deformation 
texture. However, with regard to the annealing 


annealed at 1600°F. A high degree of preferred- 
ness is to be noted in the outer core (as indi- 
cated by the large number of twins running 
tangential to the outer surface), while the 
center shows approximate random orienta- 
tion. It is believed that this same feature 
might have existed in their samples and affected 
their results regarding the annealed texture 
accordingly. 

This same rod (Fig 6) drawn to a lesser 
degree, (93.8 pct) and annealed at 1600°F 
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exhibited a mixture of large and small order 
grains. The orientation of the large order 
grains (as determined by the twin count 
method) is described at [111]DD, [211]RD, 
[110]TD. 


W. R. Hippard, Jr.—Regarding Dr. Treut- 
ing’s comments on the transition from single 
crystal to polycrystalline behavior in tension, 
research in Hammond Laboratory carried out 
before the war and summarized in Dr. Mathew- 
son’s 1943 ASM Campbell Memorial Lecture, 
concerned small strains in tensile specimens 
containing 1, 2 and up to about Io grains. The 
complexities of the stress conditions even with 
only 2 grains defied generalizations but defi- 
nitely indicated an intermediate behavior 
which appeared to follow neither single nor 
polycrystalline characteristics. 

Dr. Wilson has again noted an addition to the 
interesting store of evidence favoring deforma- 
tion textures as a source of preformed nuclei for 
recrystallized textures. 


Regarding Mr. Ransom’s point, we do not 
know whether or not Dr. Zener’s postulate 
refers to the same sort of behavior as reported 
by von Géler and Sachs or how such a behavior 
concerns the deformation texture directly. 

The comments of Mr. Howald are of con- 
siderable interest, particularly concerning the 
“temperature sensitivity” and the non-uni- 
formity of annealing textures. The method of 
determining orientations by counting twins at 
various angles on a single surface warrants 
criticism since two twins appearing at the same 
angle in different grains could be go° different in 
orientation. At least two and preferably three 
different twin traces in each grain are required 
to orient it. Mr. Howald’s Fig 6 is of interest 
because of the one very large grain in the core 
which has three sets of twin traces 60° apart. 
These twins indicate it has the orientation [111] 
drawing direction. The significance of [112] 
radial direction and [110] tangential direction is 


lost in a single crystal since all directions 90° | 


to the [111] direction become either radial or 
tangential. 
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The Effect of Mechanical Deformation on Grain Growth in Alpha 
Brass 


By J. E. Burxe,* Memper AIME anp Y. G. Suiaut 
(Chicago Meeting, October, 1947) 


SEVERAL attempts have been made to 
account for the fact that grains in a fully 
recrystallized metal will coarsen on anneal- 
ing. Two fundamentally different hy- 
potheses have been advanced, with several 
variations of each. One school considers 
that the cause of grain growth is the surface 
energy of the grain boundary. The theory 
of Jeffries! that grain size and grain size 
contrast control growth is an example. 

The second school considers the primary 
cause to be a difference in the lattice energy 
on either side of the grain boundary. The 
more perfect grains are considered to grow 
at the expense of their less perfect neigh- 
bors, with a decrease in free energy, and a 
consequent increase in the stability of the 
system. Burgers* presents the case for the 
strain or lattice imperfection theory of 
grain growth quite completely. 

The latter theory is attractive, since 
there is no doubt that differences in lattice 
energy or lattice perfection can cause grain 
boundary migration. A_recrystallization 
nucleus grows for this reason as was beauti- 
fully demonstrated by van Arkel and Ploos 
van Amstel.’ Although it. is generally 
stated that grain growth does not precede 
recrystallization, several workers*® have 
shown that small strains may induce a 


_ single crystal in an aggregate to grow, or at 
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least may cause some grain boundary 
migration. 

The origin and nature of the imperfec- 
tions that are considered to be responsible 
for normal grain growth have never been 
clearly described, but it is generally agreed 
that they are a consequence of the difficulty 
of atomic reorientation in the solid state, 
and that they do not seriously differ from 
the type of imperfection that can be intro- 
duced by mechanical deformation. 

An object of the present work was to 
determine whether the introduction of me- 
chanical deformation would cause grain 
growth in a specimen which would not 
otherwise show it under the conditions 
used. It was also planned to determine the 
effect of such deformation on the rate of 
growth in a specimen which would show 
growth in the unstrained condition. Re- 
cently Maddigan and Blank® have indi- 
cated that slightly strained specimens of 
alpha brass can undergo considerable 
growth prior to recrystallization if annealed 
at low temperatures. French’ has reported 
that at deformations less than 17 pct it is 
very difficult to detect the beginning of 
recrystallization in the same material. It 
was therefore planned to broaden this work | 
to include a complete study of the micro- 
scopic behavior of alpha brass under con- 
ditions of temperature, time, grain size and 
deformation such that recrystallization 
would not occur or would occur to only a 
small extent. 


EXPERIMENTAL PROCEDURE 


The brass was prepared by melting 
cathode copper and commercially pure zinc 
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together in an induction heated graphite 
crucible, and casting in a one-inch round 
graphite mold. The copper had _ been 
previously heavily oxidized and vacuum 
remelted to remove the major part of the 
oxidizable impurities. The copper content 
of the final alloy was 70.14 pct, and the 
percentages of the impurities as determined 
by spectrographic analysis were: Fe 0.005; 
Pb 0.002; Ag 0.001; Cd 0.001; As 0.005; 
Sb 0.002; Sn not detected. The cast bars 
were cold swaged to one-quarter inch 
diameter with two intermediate anneals at 
800°C and a final cold reduction of 75 pct. 
Sections of this hard bar were annealed in 
air at 600°C for 10, 25, and 60 min. approxi- 
mately, to produce nominal grain sizes of 
about 0.035, 0.075 and o.15 mm, respec- 
tively. The exact initial grain sizes of each 
specimen, as determined by comparing 
the original large photographs with the 
A.S.T.M. charts, are given in Table 1. In 
the presentation of results, and in the dis- 
cussion, the nominal rather than the actual 
grain sizes are used. Deformation was 
accomplished by pulling six-inch bars of 
the various grain size specimens in a tensile 
testing machine. These bars were cut into 
about one-inch lengths for metallographic 
examination and further annealing. 

Each specimen was sectioned longi- 
tudinally through its center, electro- 
polished, and a marked field photographed. 
The specimen was then sealed in an evacu- 
ated glass tube with some turnings of the 
same brass for annealing. Since the total 
volume of the glass tube was very small, 
and much of the equilibrium pressure of 
zinc at the annealing temperature was 
supplied by the brass turnings, zinc loss 
from the surface was very small. Oxidation 
was of course entirely prevented. The 
specimens in the glass tubes were heated in 
a lead bath, the temperature of which was 
automatically controlled. At the completion 
of the anneal they were quenched in water. 
After this the same surface was repolished 
mechanically, etched and again photo- 
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graphed. Mechanical polishing was used 
because it was found possible to limit the 
amount removed to not over five microns 
by this procedure. After photographing the 
same field again, about o.5 mm was ground 
from the surface, the subsurface was 


electrolytically polished and a final micro-. 


graph made of a representative field. An 
attempt was made usually to control the 
heating temperature and time so that only a 
small change would be observed on the sur- 
face. Thus, for the smaller strains, longer 
heating times were possible. The 0.035 mm 
grain size showed pronounced grain growth 
in the times used. The 0.075 mm grain size 
showed only a small amount, and the 
0.15 mm grain size none at all. 


DETECTION OF RECRYSTALLIZATION 


In this work it was necessary to have a 
method for determining whether or not 
recrystallization had occurred. The ap- 
pearance of sharp spots on an X ray dif- 
fraction pattern could not be used as a 
criterion because of the possibility that 
strain-free grains might be produced by 
simple growth rather than by recrystalliza- 
tion. As is shown later, this is indeed the 
case. 

Microscopic detection of the new nucleus 
was the preferred method, since direct 
evidence can be obtained. For this, one 
must be able to differentiate between a 
recrystallized grain or nucleus, and an un- 
changed grain. Usually this is simple, be- 
cause the nucleus has a different shape, or 
it is larger or smaller than the old grains. 
In the present case, the interesting grain 
sizes and ranges of deformation were such 
that there was little difference in appear- 
ance between the old and new grains. New 
grains were thus identified by photograph- 
ing the same microscopic field before and 
after annealing. 

It has been shown repeatedly®.® that 
grain growth is restricted by a surface, and 
it was found in the present work that 
growth is restricted even by an electro- 
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Fic I-2—1a, SPECIMEN I (0.12 MM GRAIN SIZE, STRETCHED 15 PCT) BEFORE ANNEALING. 
tb, SAME FIELD AFTER ANNEALING. IC, SUBSURFACE OF SAME SPECIMEN AFTER ANNEALING. 2a, 
SPECIMEN 2 (0.15 MM, STRETCHED 10 PCT) BEFORE ANNEALING. 2b, SAME FIELD AFTER ANNEALING. 
2c, SUBSURFACE OF SAME SPECIMEN AFTER ANNEALING. ALL MICROGRAPHS 75 X. 
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polished surface. It was found, however, 
that the surface restricting influence does 
not apply to the formation of recrystalliza- 
tion nuclei. Fig 1a shows a specimen of 
0.15 mm grain size which has been elon- 
gated 15 pct. Fig rb shows the same field 
after annealing 25 min. at 450°C. A number 
of small new grains have appeared. In 
this case it is easy to detect them because 
they are clustered and smaller than the 
original grains. Fig 1c shows another field 
in the same specimen after 0.5 mm has 
been ground off the surface. About the 
same proportion of new grains are found in 
this field. Fig 6a, 6b and 6c show a similar 
series for a specimen with an 0.075 mm 
grain size which has been elongated 15 pct. 
Similar results were obtained in every case 
where it was possible to detect recrystal- 
lization on a subsurface section. It is thus 
obvious that recrystallization is evident 
on the surface of the specimen as soon as it 
occurs in the body of the specimen, and 
that it occurs to about the same extent 
in both places. A few cases were found 
where recrystallization actually appeared to 
be slightly accelerated on the surface. 

In view of this, one can safely assume 
that at least when no new grains appear on 
the surface of a specimen, no recrystalliza- 
tion has occurred in the body of the speci- 
men. It was found that under conditions of 
vigorous growth, it is possible for the sur- 
face to change when there has been no 
possibility of recrystallization, as for exam- 
ple in an undeformed specimen. Thus, the 
converse, that new grains appear on the 


surface only as a result of recrystalliza- 
tion is not true. However, in every case. 


where the surface changed without recrys- 
tallization it was found that a great deal of 
grain growth had occurred inside the speci- 
men. This indicates that subsurface growth 
can influence the surface. 


EXPERIMENTAL RESULTS 


In this paper the term recrystallization 
is used to refer to the appearance of new 


grains or nuclei which were not previously 
in. the specimen. Grain growth is used to 
refer to grain boundary migration which is 
sufficient in amount to cause an apparent 
coarsening of the grain size. Those cases 
where the grain boundaries have moved, 
but where the grain size has not obviously 
changed will be referred to as boundary 
migration. 

The results of the microscopic work are 
summarized in Table 1 and in the follow- 
ing discussion. It has been impossible to 
include all the photographs that were 
taken, and in a few cases the original large 
photographs show features such as grain 
size or grain shape much better than do the 
small sections reproduced. An attempt has 
been made in Table 1 to state what each 
of the photographs showed. It should be 
consulted for the details of treatment, exact 
grain sizes and reference to the micro- 
graphs included. One figure number has 
been used to refer to all the photographs 
from one specimen, and following letters 
have been used to differentiate treatments 
of fields. For example, Fig 1a refers to an 
as-strained specimen, Fig 1b to the same 


field after annealing, and Fig 1c to the — 


subsurface after grinding off o.5 mm and 
repolishing. 


0.15 mm Grain Size 


In spec. 1, (15 pet elongation), recrystal- 
lization has clearly occurred on the surface 
(Fig 1a and 1b), and Fig re shows it to 
have occurred to about the same or a 


slightly greater extent o.5 mm below the 


surface. The old grains have not coarsened. 
For spec. 2 (10 pct strain) there is slight 
surface recrystallization, even less sub- 
surface recrystallization, and no indication 
of grain growth. Spec. 3 (5 pct elongation) 
shows some boundary migration as well as 
recrystallization after annealing. In the 
subsurface (Fig 3c) practically no recrystal- 
lization occurred. The rounded-off twin 
end at left center, and the shapes of some 
of the grains are unusual. These probably 
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TABLE 1—Summary of Results 


Figure | Grain | Strain 
No. No. Size, Pct |- pera- Results 
mm ture °C 
0.15 mm Nominal Grain Size 
rt Ta 0.12 15 I Deformed grains 
I Ib is 450 25 I Start of recrystallization. Slight strain-induced 
boundary migration 
I Ic 15 450 25 2 Slightly more -recrystallization than 1b. No 
growth 
2 2a 0.15 10 I Deformed grains 
2 2b 10 450 100° I Start of recrystallization. No growth 
2 2c a0) 450 100 2 Possible slight recrystallization. No growth 
3 3a 0.15 5 I Deformed grains , 
=) 3b 5 575 40 I Some boundary migration and recrystallization 
3 3c 5 S15: 40 2 Probably slight boundary migration. No growth. 
No evidence of recrystallization 
4 4a 0.12 0 I Normal structure : 
4 4b (0) 575 40 I No change from 4a 
ee SB 40 1 2) | Normal structure, no growth + 8 
‘ 0.075 mm Nominal Grain Size , 
5 6a | 0.075 15 I Deformed grains 
5 6b 15 450 22 I Some recrystallization, no growth 
5 6c I5 450 22 2 Some recrystallization, no growth 
6 0.065 Io I Deformed grains 
6 pe) 450 90 I Some recrystallization and some boundary 
migration , ‘ 
6 .5¢ 10 450 90 2 Recrystallization and boundary migration 
if 0.075 te) I Normal grains 
7 fe) 575 30 I Slight surface change due to normal growth 
8 0.075 Io I Strained grains 
. 8 10 575 30 I Complete surface change to somewhat smaller 
grains 
9 7a 0.075 5 I Deformed grains _ ee 
9 7b 5 575 25 I Some boundary migration. Recrystallization un- 
certain 
9 7c 5 575 25 2 Definite growth 
} 10 0.075 ° I Normal grains 
’ 10 to) 575 25 I No change . 
10 te) 575 25 2 Some growth, less than in 7c 
; 0.035 mm Nominal Grain Size 
, II 8a 0.035 I5 I Deformed grains __ i 
t II - 8b 15 450 25 I Slight recrystallization. Some boundary migra- 
cy tion 
if II 8c I5 450 25 2 Recrystallization sdme as surface, some boundary 
, migration 
q 12 0.030 Io I Deformed grains 
dl 12 Io 450 80 I Surface change 
3 12 Io 450 80 2 Some growth 
, a a ca Se eT aN a i 
13 0.035 to) I Normal grains yc 
13 (0) 600 Io I Partial c ange, coarser grain size 
14 0.030 | Io I Strained grains bg tie 
14 Io 600 Io I Complete change, grain size smaller than 
specimen 13 after anneal 
d 15 9a | 0.035 5 I Deformed grains ios . 
: 15 9b 5 575 10 I Probably some boundary migration 
15 9c 5 575 x0) 2 Very definite growth ; 
16 10a 0.035 to) I Normal grains 
16 rob (0 575 Io I Partial change, about the same as 9b 
16 roc (0) 575 nae) 2 Growth, but less than in 9c 


17 r1e 


wn on On On 


It 


Deformed grains 

No change from Ila 

Some growth 

Partial change ; 
More growth than in 11c, about like 9c 


the second surface prepared by grinding 0.5 mm from the first surface. 


" 
t 
] 
4 
J 
. 
* Surface No. 1 refers to the first surface prepared, whether before or after anneai. Surface No. 2 refers to 
i 
} 
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4a 
3a 
3b 4b 
3c 


Fic 3, 4 AND 5—3a, SPECIMEN 3 (0.15 MM GRAIN SIZE, STRETCHED 5 PCT) BEFORE ANNEALING. 
3b, SAME FIELD AFTER ANNEALING. 3C, SUBSURFACE OF SAME SPECIMEN AFTER ANNEALING. 4a, 
SPECIMEN 4 (0.12 MM, UNDEFORMED) BEFORE ANNEALING. 4b, SAME FIELD AFTER ANNEALING. 
5c, SUBSURFACE OF SPECIMEN 6 AFTER ANNEALING. ALL MICROGRAPHS 75 X. 
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indicate some strain-induced boundary 
migration. Spec. 4 was not deformed, but 
was otherwise treated the same as spec. Be 
Fig 4a and 4b show that no change has 
occurred on the surface. Incidentally, these 
photographs indicate the accuracy with 
which the same surface can be reproduced 
after annealing. 

In none of these cases has deformation 
caused any grain growth before recrys- 
tallization was evident on the surface. 
Furthermore, recrystallization has not been 
inhibited on the surface. For the specimens 
strained 5 and 1o pct,  recrystallization 
seems to have been slightly accelerated on 
the surface. This may be due to the addi- 
tional stresses introduced in polishing, but 
it is also possible that it is a specific effect 
of the surface. 


0.075 mm Grain Size 


Spec. 5 (15 pct elongation), recrystallized 
on the surface without grain growth below 
the surface as shown in Fig 6a, 6b and 6c. 
Subsurface recrystallization occurred to 
about the same extent as surface recrystal- 
lization, judging by the number of small 
grains. Spec. 6 (10 pct elongation) showed 
a change in the original surface after 
annealing. It is difficult to decide whether 
the change is due to recrystallization, sur- 
face boundary migration or grain growth 
below the surface which influenced the 
surface. The number of small grains has 
increased, but the boundaries of some of the 
large ones have certainly migrated. To 
determine the cause of surface change, two 
further specimens were prepared: Spec. 7 
was undeformed and spec. 8 was elongated 
1o pct. These were annealed 30 min. at 


» 575°C. It was observed that while the field 


changed partly in the undeformed speci- 
men, it changed completely in the deformed 
one. The grain size on the surface of the 


latter specimen was smaller after heat 


treatment, which indicated that some new 
grains appeared through nucleation. This 
is a case where both boundary migration 
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and recrystallization occur simultaneously, 
although recrystallization predominates. 

This is further shown by the subsurface 
section of spec. 6 (Fig 5c). The original 
surface was similar to the one shown in 
Fig 6a, and comparison may be made with 
it. More small grains are present, indicat- 
ing recrystallization. Some larger grains 
have also appeared, with characteristic 
insular twins, which indicates grain bound- 
ary migration. 

Spec. 9 (5 pct elongation) is shown in 
Fig 7a, 7b and 7c There is only slight 
evidence for recrystallization on the surface 
and practically no evidence for it under- 
neath. Definite grain boundary migration 
has occurred on the surface and grain 
growth is visible in the body of the speci- 
men. The unstrained control (spec. 10) 
which was annealed under the same condi- 
tions as spec. 9 showed no change on the 
surface and a smaller amount of subsurface 
coarsening than was displayed by spec. 9. 

In this series the competitive nature of 
boundary migration or grain growth, and 
recrystallization becomes obvious. In no 
case can it be said that one occurs unaccom- 
panied by the other, but as the strain in- 
creases, the amount of recrystallization 
increases. 


0.035 mm Grain Size 


Spec. 11 (15 pct elongation) shows pos- 
sible recrystallization on the surface and 
inside. In this case, however, there was 
definite boundary migration (Fig 8). The 
surface of spec. 12 (10 pct elongation) 
changed as a result of the heat-treatment, 
but it was difficult to decide whether to 
attribute this to recrystallization or not. 
Control spec. 13 (10 pct elongation) and 
14 (undeformed) were annealed together 
for 10 min. at 600°C. The surface of the 
unstrained specimen coarsened more than 
the surface of the strained specimen, al- 
though grain growth was evident in both 
cases. The surface of the strained specimen 
changed completely, although many grains 


148 THE EFFECT OF MECHANICAL DEFORMATION ON GRAIN GROWTH IN ALPHA BRASS 


' 6a va 
6b ai 
6c 7c 


Fic 6-7—6a, SPECIMEN 5 (0.075%MM GRAIN SIZE, STRETCHED I5 PCT) BEFORE ANNEALING, 
6b, SAME FIELD AFTER ANNEALING. 6C, SUBSURFACE OF SAME SPECIMEN AFTER ANNEALING. 7a, 
SPECIMEN 9g (0.075 MM, STRETCHED 5 PCT) BEFORE ANNEALING, 7b, SAME FIELD AFTER ANNEALING, 
7¢, SUBSURFACE OF SAME SPECIMEN AFTER ANNEALING. ALL MICROGRAPHS 75 X. ‘ 
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could be traced back on the surface of the 
unstrained specimen. This indicates that 
recrystallization interrupted growth in the 
strained specimen, and thus that the sur- 


4% a 


Fic 8—8a, SPECIMEN 11 (0.035 MM GRAIN SIZE, 


lization in a 5 pct elongated specimen with 
0.035 mm grain size is further supported 
by the following evidence. Another speci- 
men of this grain size (No. 17) was an- 


STRETCHED I5 PCT) BEFORE ANNEALING. 8b, SAME 


FIELD AFTER ANNEALING. 8c, SUBSURFACE OF SAME SPECIMEN AFTER ANNEALING. 


face change of spec. 12 was at least partially 
due to recrystallization. 

Spec. 15 (5 pet elongation) and unde- 
formed spec. r6 were annealed together. 


- The surfaces of both specimens changed by 


about the same amount.as can be seen in 
Fig 9 and io. There is no evidence of 


recrystallization. The subsurface section 


shows that grain growth has occurred in- 
side both specimens, although a little more 
growth has occurred inside the strained 
specimens as might be expected. The fact 
that grain growth occurs without recrystal- 


nealed at 575°C for 6 min. and no surface 
change occurred, as shown by Fig 11a and 
11b. At this stage considerable subsurface 
growth had occurred as shown by Fig 11¢, 
taken from another specimen treated in an 
identical fashion. A further five minute 
anneal caused some surface change, as indi- 
cated by Fig 11d, and a great deal of in- 
ternal growth, as shown by Fig tre. 
Debye-Sherrer photograms were taken 
from all these surfaces, using chromium 
radiation, so the penetration would not 
be great. These show the characteristic 
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10a 
ga 


9b rob 


9c 10¢ 


FIG 9-10—9a, SPECIMEN 15 (0.035 MM GRAIN SIZE, STRETCHED 5 PCT) BEFORE ANNEALING. 
gb, SAME FIELD AFTER ANNEALING. 9C, SUBSURFACE OF SAME SPECIMEN AFTER ANNEALING. 10a, 
SPECIMEN 16 (0.035 MM, UNDEFORMED) BEFORE ANNEALING. 1ob, SAME FIELD AFTER ANNEALING. 
10C, SUBSURFACE OF SAME SPECIMEN AFTER ANNEALING. ALL MICROGRAPHS I 50X. 
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diffuse lines of a strained lattice for the 
field corresponding to Fig 11a and no 
change for 11b. The similar specimen repre- 
sented by Fig 11c gave a pattern having a 
large number of sharp spots, but also some 
diffuse ones. Fig 11d showed less recovery 


Ila 
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than Fig 11c, although there were some 
sharp, spots, and Fig 11e had no diffuse 
spots, only the sharp spots characteristic 
of a fully recrystallized, lattice. 

When one grain in a deformed specimen 
grows at the expense of its neighbor, the 


11d 


Fic 11—11a, SPECIMEN 17 (0.045 MM 
GRAIN SIZE, STRETCHED 5 PCT) BEFORE 
ANNEALING. I1b, SAME FIELD AFTER 
ANNEALING 6 MINUTES. IIC, SUBSUR- 
FACE OF SPECIMEN 18 (0.045 MM, 
STRETCHED 5 PCT) AFTER ANNEALING 
6 MINUTES. 11d, SAME FIELD AS 11b 
AFTER ANNEALING A TOTAL OF II MIN- 
UTES. I1€, SUBSURFACE OF SPECIMEN 
17 AFTER ANNEALING II MINUTES. 
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grain boundary common to the two grains 
passes through the volume of metal which 
adds to the growing grain. As the grain 
boundary passes, each atom in the strained 
grain being consumed becomes part of the 
boundary, and then repositions itself so 
that it becomes part of the lattice of the 
growing grain. The migration of the grain 
boundary thus permits all atoms in the 
volume of metal through which it has 
passed to arrange themselves in more stable 
positions on a differently oriented lattice, 
much as if they had passed through the 
liquid phase. Metal which has been swept 
by a grain boundary in this way will be 
quite perfect crystallographically. It makes 
no difference whether the growing grain 
is a nucleus produced by recrystallization, 
or whether it is a grain already present in 
the deformed metal. When only a small 
amount of grain growth has occurred, grain 
boundaries will have swept through only 
part of the volume of the metal. This part 
will give sharp X ray diffraction spots; the 
remaining part will be in the deformed 
condition and will give diffuse spots, as 
found for the specimen represented by 
Fig t1c. When the grain size has doubled 
or tripled, grain boundaries will have swept 
through the total volume of metal; all 
grains should be perfect and all spots sharp. 
This was observed for the specimen in the 
condition corresponding to Fig 11e. Thus, 
grain growth can produce the same type 
of complete crystallographic recovery that 
is normally associated with recrystalliza- 
tion. Grain growth is inhibited at the sur- 
face, so recovery of this type is inhibited 
there. 


DISCUSSION OF RESULTS 


Influence of an External Surface on Grain 
Growth 


It has been shown in another section 
that the surface exerts no inhibiting in- 


fluence on recrystallization and no further 
discussion of that is needed here. It has 
also been mentioned that the surface in- 
hibits growth and boundary migration; for 
example spec. 4 and 10 showed no change 
on the surface although in the latter case 
some growth occurred in the interior. On 
the other hand, spec. 3 and 9 which were 
deformed 5 pct, and many of the more 
heavily deformed specimens show surface 
boundary migration even though they were 
given the same or less severe annealing 
treatments than the undeformed speci- 
mens. One concludes that while boundary 
migration by the normal mechanism is 
inhibited on the surface, the introduction 
of strain has changed the mechanism or 
has introduced a new driving force for 
growth, so that boundary migration can 
occur on the surface. This indicates that 
difference in strain energy (and presumably 
differences in any other kind of lattice 
energy) are not primarily responsible for 
grain growth in fully recrystallized metals. 


Influence of Strain on the Mechanism and 
Rate of Internal Growth 


The mechanically introduced deforma- 
tions had a surprisingly small effect on the 
rate of growth. A comparison is possible 
only in the cases where the deformation 
did not cause recrystallization early in the 
course of annealing. Comparing, for ex- 
ample, spec. 15 and 16, one observes that 
there is little difference in the grain sizes 
after growth. It is true that the original 
large photographs and the original speci- 
mens showed the grain size of the deformed 
specimen to be a little larger after annealing 
than the grain size of the undeformed speci- 
men, but the difference was not great. 
Similar results were obtained with spec. 
g and ro. Further work is needed to explain 
this quantitatively. One can say either that 
the strain energy was insufficient to cause 
an important increase in rate, or that in 
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some way the strain and surface energy 
cancelled each other so that no increase in 
rate of grain growth resulted. In any case, 
the strain energy caused little change in 
the rate. 

The most striking thing is the appear- 
ance of the strained specimens after they 
have undergone some growth. Fig 3¢, 5¢, 
7c, and r1re are examples. The twins are 
frequently rounded on an end or side, the 
boundaries of the grains are more irregular 
than usual, and there is an unusually large 
number of twins which do not extend com- 
pletely across the grains. This again seems 
to indicate that growth is being influenced 
or controlled by a mechanism different 
from that which controls normal growth. 
If normal growth is attributed to differ- 
ences in lattice energy between adjacent 
grains, then an increase in lattice energy 
would not be expected to alter the mechan- 
ism of growth and the appearance of the 
specimens without also increasing the rate 
of growth. On the other hand, if normal 
growth is due to some other cause such as 
surface energy, a change in appearance 
such as the one observed could be expected. 

Some comment is necessary on the work 
of Maddigan and Blank® which was pre- 
viously mentioned. We were unable to 
find grain growth in 0.15 mm grain size 
specimens strained 10 and 20 pct and 


-annealed for 125 hr at 260°C. However 


their Fig 17, of an 11 pct elongated speci- 
men annealed 627 hr at 260°C resembles 
many of ours showing growth prior to 
recrystallization, so there is little doubt 


that at least in this case they observed 
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strain induced growth. 
Competitive Nature of Grain Growth and 
Recrystallization 


Fig 12 summarizes the data which indi- 
cate the process that will occur to restore 


the lattice upon annealing. It can be seen 
that increasing grain size or increasing 


153 
strain favor recrystallization, while decreas- 
ing grain size favors grain growth. A 


diagonal relationship exists, such that a 
decrease in grain size can compensate for an 


GRAIN SIZE MM, 


PERCENT ELONGATION 


(1 RECRYSTALLIZATION ONLY 


I RECRYSTALLIZATION PRIMARILY, 
SOME BOUNDRY MIGRATION 


© BOUNDRY MIGRATION OR GROWTH 
PRIMARILY, SOME REGRYSTALLIZATION 
O GROWTH ONLY 


Fic 12—EFFECT OF GRAIN SIZE AND AMOUNT 
OF DEFORMATION UPON PROCESS WHICH OCCURS 
UPON ANNEALING, 


increase in strain. Under intermediate 
conditions both phenomena occur. 

This phenomenon cannot be explained 
completely until a satisfactory theory of 
nucleation in recrystallization is available. 
However it is generally observed that there 
is an incubation period for recrystalliza- 
tion, and that this incubation period 
decreases with increasing strain.® It is also 
generally observed that the rate of grain 
growth is greater in fine grained materials. 
Finally, it was shown in this report that 
the deformed metal can be restored to the 
strain free condition by grain growth 
Now, if sufficient growth can occur during 
the incubation period, then at the time 
that nucleation would ordinarily occur, 
strain energy will not be available for the 
formation of recrystallization nuclei, and 
recrystallization will not occur. A fine grain 
size will grow more rapidly, and may thus 
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eliminate the strains and the possibility of 
nucleation at the end of the incubation 
period. On the other hand, if the incubation 
period is shortened by increasing the strain, 
or if grain growth is inhibited by increasing 
the grain size or by introducing a surface, 
recrystallization can occur. 

In other words, it may be assumed that 
the rate of a reaction is controlled by two 
factors, the free energy evolved in the 
reaction which serves as the driving force, 
and the activation energy necessary for an 
atom to overcome a potential barrier and 
take part in the reaction. The potential 
barrier serves as a resistance to the reaction. 
Assuming surface energy as the driving 
force for normal grain growth, a decrease 
in the grain size will increase the amount of 
free energy that is liberated, and will in- 
crease the rate of grain growth. The 
activation energy for grain growth will 
remain essentially constant with changes 
in strain while on the other hand the 
activation energy for nucleation decreases 
with increasing strain, as shown for alumi- 
num by Anderson and Mehl.’ Thus, when 
the strain at constant grain size is increased 
the probability that nucleation will occur 
is likewise increased while decreasing the 
grain size at a constant strain level in- 
creases the probability of grain growth. 


SUMMARY 


1. Although grain growth and boundary 
migration are inhibited at the surface, the 
appearance of recrystallization nuclei at the 
surface is not similarly inhibited. 

2. The grain shape resulting from strain- 
induced growth is markedly different from 
that resulting from normal growth in brass, 
although the rate of growth is not ap- 
preciably different. This indicates that 
normal growth in brass is not primarily 
caused by differences in lattice energy. 

3 Growth of the preexisting grains in a 
deformed metal, and the formation of 


recrystallization nuclei are competitive 
processes. Grain growth will occur at a rate 
depending only on the annealing tempera- 
ture and the present grain size (not on the 
strain). Strain may cause the formation of __ 
nuclei of new grains on heating to a suitable 
temperature, but there is an incubation 
period for the formation of the nuclei. The 
greater the strain, the shorter is this incuba- 
tion period. If grain growth occurs, the 
metal swept by moving grain boundaries 
will be left free from strain and unable to 
form nuclei. For recrystallization to occur, 

the strain must therefore be high enough, 
and the grain size large enough, to cause 
nucleation before the grain boundaries 
have moved distances comparable to the 
grain size. Specimens having a small grain 
size and a small amount of strain will grow - 
but never recrystallize. : 
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DISCUSSION 


DISCUSSION 
(J. S. Smart presiding) 


S. E. Mappican*—I would like to compli- 
ment the authors for their definite contribution 
to the problems of annealing and recrystalliza- 
tion. It is pleasing to note the recent revival of 
interest in this field. A great deal of work 
has been done as indicated by the scope of the 
literature review by Burgers.? A large part 
of this work, however, has contributed nothing 
additional to the theory beyond what can be 
found or inferred in the paper by Mathewson 
and Phillipsf in the early part of the century. 
Despite the large volume of published material 
on annealing and recrystallization, other more 
recent developments in metallurgy are perhaps 
more generally understood than are the proc- 
esses involved in annealing. I would like to 
make a few comments on this paper as they re- 
late to previous work done by myself and Blank® 
in I940. 

It is generally accepted that during anneal- 
ing three separate processes may be active: 
t. Recovery. 2. Nucleation. 3. Grain growth. 
The last stage may involve grain growth either 
in an unrecrystallized matrix or by coalescence 
of already recrystallized grains, subsequent to 
the complete disappearance of the original 
matrix material. 

Among workers in the field some argument 
exists as to whether these two phases of grain 


' growth should be grouped into one, or should 


be considered as separate processes. Disregard- 
ing this point of controversy for the moment, it 


_ is generally accepted that the various processes 


are quite separate although they may over- 
lap and interfere with one another in both the 
time and temperature scale. 

In explaining the work of the present dis- 
cusser, it is necessary to refer to two phenom- 
ena well known in the industry: 

_ 1. In the annealing of brass as practised com- 
mercially, the final grain size is frequently the 
result of complete recrystallization followed 


by coalescence. It has been found that the an- 


nealing process may be interrupted, and if it is 
subsequently desired to increase the grain size, 
this can be accomplished by further annealing. 


* British Columbia 


Vancouver. 
+ C. H. Mathewson and A. Phillips: Trans. 


Research Council, 


AIME (1916) 54, 608, 
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In other words, further grain growth can 
occur without recrystallization in cases where 
no appreciable post-annealing strain has been 
introduced into the metal. 

2. The so-called “strain annealing’? methods 
for obtaining large single crystals are well 
known. In this process a small strain produced 
in the metal followed by a high temperature an- 
neal results in abnormal grain growth. Such a 
large grain size at small strains is illustrated 
in the curves displayed by French.? These 
curves show a gradual increase in final an- 
nealed grain size with decreasing deformation. 
At some fairly low value of deformation, how- 
ever, the curves slope rapidly upward. 

In our paper® it was shown that a general 
equivalence seemed to exist between time and 
temperature in the annealing process. At 
higher degrees of deformation, however, it was 
found that by decreasing the temperature and 
increasing the time, it was possible to separate 
the various processes involved in annealing 
much more clearly than could be done by high 
temperatures and short times. It was therefore 
decided to include an inveStigation of the 
phenomena occurring with small deformations. 

Here I would like to refer to the previously 
mentioned phenomena, and to point out that in 
(1) it has not been clearly demonstrated 
whether or not the further grain growth 
subsequent to the interrupted anneal would be 
prevented by some small amount of strain. In 
the literature on strain annealing methods and 
on supposed recrystallization after small 
amounts of strain, the work has been done 
mainly at high temperatures and short times. 
Published micrographs have, therefore, usually 
indicated a stage where the grains were already 
considerably larger than the original strained 
grains, and have not shown the previous stages 
of nucleation and grain growth. Rather sur- 
prisingly, it appeared from our work that grain 
growth had occurred without any indication of 
recrystallization unless this had occurred 
previous to the first hour of annealing. (At 
somewhat higher degrees of deformation, 
considerably more than one hour was neces- 
sary before the first recrystallization nuclei 
appeared.) 

In one sense the present paper substantiates 
our work in that grain boundary migration has 
been found. In another sense there is disagree- 
ment in that such grain boundary migration 
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was seen in the initially fine grained ma- 
terial, but not in the initially coarse grained 
material. The question resolves itself into one 
of fundamental importance to the theory 
of the annealing process: whether there is a 
certain minimum strain above which nucleation 
and recrystallization will occur but below which 
it is possible for grains to grow without recrys- 
tallization. The writer has preserved an open 
mind on this subject, but would like to con- 
tribute the following observations concerning 
the report published in 1940.® In that experi- 
ment seven or eight specimens chosen at 
random from the same lot of metal were an- 
nealed at successively increasing times. Start- 
ing with the specimen annealed for 5 hr and 
continuing up to those heated for some thou- 
sands of hours, a continuously increasing grain 
size was observed which in this number of 
specimens could hardly be considered fortuitous. 
Nevertheless the evidence would have been 
more conclusive if it had been obtained in an 
experiment involving the observation of the 
same general field after several successive an- 
nealing periods. ° 

A phenomenon which may have some bearing 
on the matter is the appearance of what might 
be called ‘interrupted twins” as shown in 
Fig 3c and others of the present paper. These 
twins begin at one grain boundary but instead 
of continuing right across the grain, the growth 
has apparently been interrupted at some point 
in the body of the grain. Similar “interrupted 
twins” were observed in the discusser’s work 
and have: also been seen in a number of mill 
investigations where abnormal grain growth 
had occurred. In our work, in the annealing pe- 
riods from five to several thousand hours, 
not only was an increase in grain size observed, 
but also an increase in the number and size of 
these ‘‘interrupted twins.’’ The twins observed 
in our own experience have had a step-shaped 
boundary at the end which for the purpose of 
this discussion may be considered as in a state 
of continuing growth. In the present paper it 
has been shown that such twins may have a 
rounded surface on the end. These ends may be 
truly rounded by interfacial tension or might 
perhaps consist of a series of small steps if seen 
under sufficiently high magnification. 

In the present paper the authors have shown 
the fields in which recrystallization, mixed re- 
crystallization and grain growth, and grain 


growth alone are possible. The writer would like 
to suggest that the boundaries of these fields 
may be appreciably shifted depending upon 
previous history of the specimens. For instance, 
in this region of small deformation other 
forces such as interfacial tensions may be 
expected to play a part, although these may be 
negligibly small in specimens which have under- 
gone high degrees of deformation. If such is the 
case, then directional properties may be partic- 
ularly significant, and it is well known that 
directionality depends upon the penultimate 
anneal and the previous degree of reduction. 
Subsequent to the publication of our paper 
in 19408 one or two further tests were made on 
specimens obtained from the original batch of 
material. The original specimens had been 
strained by stretching immediately after the 
penultimate anneal, and were then in a com- 
paratively short time inserted into the furnace 
for the final low temperature anneal. In the 
repetition of the experiment, however, due to 
the pressure of other work, the material had 
rested in storage for some two or three years 
between the penultimate anneal and the final 
low temperature anneal. While we believe 
we observed some grain growth, we freely admit 
that the final grain size obtained was not 
nearly as phenomenal as it had been in the 
first investigation. The thought suggested itself 
that some change had occurred in the material 
during the storage period; perhaps mishandling 
of the specimens (this must be allowed for, 
during the employment of war-time personnel) 
or perhaps some gradual development of films 
in the grain boundaries. As was previously 
mentioned, in mill practice further grain 
growth may be obtained upon replacing 
specimens in the furnace after having inter- 
rupted the anneal. It would be interesting to 
know at these high temperatures where pre- 
sumably no deformation has followed the inter- 
rupted anneal, whether further coalescence 


would occur if the second stage of annealing | 


were carried out after a considerable period of 
storage. I do not know of any case in which this 
has been attempted after the material has been 
allowed to rest in storage for an appreciable 
period. 

From the theoretical standpoint, there must 
be a minimum strain necessary for the produc- 
tion of new nuclei. Below this it would be 


expected that thermal motion would simply ~ 
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return the atoms to the condition of the original 
undisturbed crystal. Now in a specimen which 
has been subjected to small strains even by 
methods which would be expected to produce 
the greatest homogeneity on a macroscopic 
scale, nevertheless it is known from X ray 
work* that adjacent grains may have entirely 
different amounts of strain due to the difference 
in their orientation. From the thermodynamic 
standpoint there is no reason why one of these 
grains should not begin to absorb another. The 
directional properties of the original material 
would play a controlling part in this develop- 
ment. On the other hand during storage for 
extended periods the differences in stress from 
one grain to another would tend to redistribute 
themselves and at the same time grain bound- 
ary films inimical to further grain growth may 
develop. 

Unfortunately due to war production condi- 
tions we were unable to complete the experi- 
ment with freshly prepared material. 


J. E. Burke (authors’ reply)—I should like 
to ask Dr. Maddigan whether the specimens 
were placed in storage in the recrystallized, or 
in the strained condition? 


S. E. MapprcAN—You must remember that 
this work was carried out several years ago 
and my recollection is vague. I believe, how- 
ever, that in the few repeat experiments which 
we were able to carry out, one or two of the 
samples had been strained previous to the 
storage, but the majority of them were stored 
in the annealed condition and strained subse- 
quently, just prior to the final low temperature 


- anneal. 
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J. E. BurKe—I gather you consider that if 
an anneal is interrupted the second part must 


_be performed immediately if the rate of grain 
_ growth is not to be diminished. 


S. E. Mappican—lI believe possibly the re- 
sults would be the same in a commercial mill 
anneal. A continuation of the anneal made 
fairly soon after the interruption would prob- 
ably not be detrimental to further grain 
growth, but I am wondering what the effect 
would be after months or even a year. I am 


*W. A. Wood: Proc. Roy. Soc. (1940) A176, 
398. 
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not aware of this having been investigated in 
the higher range of temperatures. 

You also mention carrying out experiments 
on specimens with various grain sizes and with 
deformations smaller than those which we used. 
I wonder if perhaps there is a peak in the growth 
for grain size versus strain, occurring at some 
critical strain below which the resulting grain 
size might again be smaller. 


J. J. Harwoop*—A generally accepted 
theory of grain growth, discussed by Beck et 
al.j and by Burke and Shiau in the present 
paper, ascribes the motivating force for grain 
growth to the decrease in surface energy of the 
grain boundary as the grain size increases. A 
corollary of this theory would seem to be that 
the isothermal grain growth behavior of fully 
recrystallized specimens would be a function 
only of temperature, time and instantaneous 
grain size and independent of previous strain 
history. Thus, if two specimens are given differ- 
ent amounts of cold-work, but are annealed (by 
varying temperature or time) to produce equal 
grain sizes in each specimen, one would expect 
both specimens to exhibit similar grain growth 
behavior when both are subsequently subjected 
to the same isothermal grain-growth treatment. 
Also, if two specimens are given the same de- 
gree of cold-work but are annealed so as to 
produce different grain sizes, one would expect 
both specimens to exhibit the same isothermal 
grain growth behavior when the specimens 
achieved the same grain size after appropriate 
annealing times at the isothermal temperature. 

I would like to know whether any data are 
available to substantiate this and would ap- 
preciate the authors’ comments on the subject. 


H. L. WALKER {—I have for many years been 
interested in the subject of grain growth of 
metals and some of my ideas of the phenomena 
are at variance with parts of this paper. If I 
am to accept the ideas expressed in the paper it 
will be necessary for me to change my manner 
of thinking on the subject. I do not wish to be 
overcritical, but I should like to start the dis- 
cussion and raise some further questions. 


* Office of Naval Research, Navy Depart- 
ment, Washington, D. C. 

+P. A. Beck et al.:; Grain Growth in High- 
purity Aluminum and an Aluminum-mag- 
nesium Alloy. Metals Tech., Sept. 1947, TP 
2280. This volume p. 372. 

+ University of Ilinois. 
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I have always considered grain growth to be 
composed of two separate and distinct phe- 
nomena. First, grain growth due to recrystalli- 
zation, which results from the establishment of 
a strain (stress) free nucleus and the growth 
of the nucleus by feeding upon other strained 
grains; in other words, a strain free grain grow- 
ing at the expense of a strained grain, resulting 
in the disappearance of the strained grain. The 
recrystallization process produces unstrained 
grains and there is a loss in energy, which had 
been stored during the prior straining of the 
metal. During. recrystallization the grain 
boundary of the strain free grain migrates 
across the strained grain and the atoms of the 
strained grain attach themselves to the un- 
strained grain and assume the orientation 
of that grain. In the second process unstrained 
grains grow at the expense of other unstrained 
grains and this process is called coalesc- 
ence, or in other words both grains are es- 
sentially strain free and yet one grain grows 
at the expense of another. The migration of the 
grain boundary is essentially the same as in the 
process of recrystallization, but the energy 
exchange acting as the driving force is of a 
different sort. 

IT am somewhat concerned over the proposed 
phenomenon of grain boundary migration and 
grain growth without recrystallization taking 
place. As I understand the proposal, it would 
indicate that strained grains may feed upon 
other strained grains and grain growth result, 
but without a loss of or exchange of energy 
produced by prior deformation. If this phe- 
nomenon proves to be correct perhaps we 
should reserve the term “grain boundary mi- 
gration” for the phenomenon and thereby 
distinguish it from the processes of recrystalli- 
zation and coalescence. I am not sure that the 
paper definitely proves the existence of grain 
growth without recrystallization, but I should 
not like to deny that it takes place. I have great 
difficulty in trying to understand the mecha- 
nism of this type of grain boundary migration, 
for it indicates that grains grow without a loss 
of energy, or the production of a more stable 
state following grain growth. We have not as 
yet examined the conditions for growth of 
grains for deformations less than that required 
for true recrystallization. If it is possible to 
cause grain growth to take place without 
recrystallization we may possibly find the phe- 


nomenon taking place at very small deforma- 
tions and in a very small ready-to-finish 
grain size. 

I doubt the validity of the conclusion that 
specimens having a small grain size and a small 
amount of strain will grow but never recrystal- 
lize. It will be most difficult to prove because as 
the grain size gets smaller and smaller the more 
difficult it becomes to distinguish nuclei and 
small recrystallized grains. Small strains very 
definitely produce large grains during re- 
crystallization, which would further complicate 
the identification. 

During part of the discussion the statement 
was made that the recrystallized grain size is 
independent of the prior deformation. This 
statement is definitely erroneous since the work 
of Eastwood, French and Walker has definitely 
shown the dependence of grain size upon the 
degree of cold deformation. 

I do not believe that all grain sizes grow at 
the same velocity. The smaller the recrystal- 
lized grain the greater is the velocity of growth 


since the surface energies of the small grains © 


are much greater than the surface energies of 
large stable grains. The data presented in these 
papers confirm this statement. 

More work needs to be done upon the sub- 
ject and perhaps our laboratory can make a 
small contribution. By properly adjusting the 
rolling and annealing program we have been 
able to produce a récrystallized grain size of 
0.008 mm diam in 70-30 brass. You will recog- 
nize this as a very small grain, and I might add 
that special etching techniques are required to 
reveal the grain boundaries. A grain size 
as small as this could be very well used to 
study grain boundary migration without 
recrystallization. 


S. E. Mappican—I would like to make a 
comment referring back to a statement made 
by Professor Walker regarding the deformation 
required for one grain to grow at the expense 
of another, and the relationship of this to free 
energy. Certainly with material formed under 
commercial practice light deformations pro- 
duce a wide variation in free energy conditions 
from one grain to another. Even in a specimen 
strained under tensile stress, the various grains 
will have different amounts of strain, and 
therefore different free energies, so I do not see 
why one grain should not be absorbed by a 


— 


recrystallized, 
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neighboring grain providing annealing condi- 
tions are suitable. From the point of view of 
thermodynamics all that is necessary for one 
grain to absorb another is that the free energy 
at the surface shall be different, and that a 
sufficient activation energy shall be provided 
in order that the process may pass over the 
hump of the potential barrier between the two 
states. 

In earlier publications perhaps the available 
experimental data have not been sufficiently 
indicated. Nevertheless many of the published 
reports do not show any evidence that re- 
crystallization has actually occurred, but show 
simply the final grain size which might have 
been produced by a process of absorption of 
one grain by another. 


R. SmoLtucHowsk1*—The paper presented 
by the authors is indeed a very good piece of 
work, and indicates clearly how much impor- 
tant information can be obtained by a sys- 
tematic approach to this still mysterious 
problem of recrystallization. The authors make 
the statement that difference in strain (or 
other energy) is not primarily responsible for 
grain growth in fully recrystallized metals. It 
seems to me this statement, although it may 
be true, does not necessarily follow from the 
observed influence of the surface of the speci- 
men on grain growth. It is true that the intro- 
duction of strain has affected the boundary 
migration by ‘“‘introducing a new driving 
force,” but that does not indicate necessarily 
an entirely different mechanism from that 
observed in deformed specimens. It is known 
that the degree of preferred orientation may 
change after the deformed metal has been fully 
indicating that stability of 
grains is related to their orientation. It -is 


rather difficult to account for this fact on the 
_ basis of grain surface energy. Some work along 


this line is being done in our laboratory, and we 
hope to have some results before long. 

The authors’ interesting observation that the 
twins in strain specimen are rather irregular 
confirms qualitatively the notion that recrys- 


 tallized grains are not perfectly strain free. 


It would be very interesting to clarify the 


_ mechanism of transfer of atoms from a condi- 


tion of high strain to a condition of low strain. 


* Metals Research Laboratory, Carnegie 


Institute of Technology. 
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In the interpretation of Fig 12, it should be 
borne in mind that such an over-all measure of 
deformation as ‘percentage elongation” or 
“percent reduction” is a fair indication of 
degree of strain only if the grain size (and 
other factors) is constant. In other words, due 
to interference of slip directions in various 
grains, higher strains and strain gradients 
might be expected in smaller grain size at the 
same over-all degrees of deformation. 


P. A. Beck*—The authors’ main conclusion, 
that grain growth is not caused by the residual] 
stresses which might remain in the recrystal- 
lized grains, is most likely correct. Although 
apparently no definite proofs have been avail- 
able, certain previous observations also clearly 
point in that direction f. 

Since the main argument of the paper is 
based on the thesis that grain growth is in- 
hibited at the surface of a specimen, it is 
perhaps in order to point out that our own 
work indicates that, while grain growth is 
restrained at the surface, it is not completely 
prohibited. However, the authors succeeded in. 
demonstrating that, under conditions where 
grain growth alone does not lead to practically 
any boundary migration, such migration is 
induced by the presence of strain. In some 
instances the occurrence or absence of re- 
crystallization may be doubtful. For instance, 
one wonders how it was possible to determine 
that in the structure of Fig gb no recrystalliza- 
tion has taken place. Many of the grains 
present appear to be new, or unrelated to the 
grains in Fig ga. 

The occurrence, under certain conditions, of 
considerable grain growth instead of recrystal- 
lization in a slightly worked fine-grained metal 
was very convincingly demonstrated twenty 
years ago by van Arkel and Ploos van Amstel. 
Burke and Shiau refer to this paper (see Ref. 
3) but only in another connection. 


J. E. Burke and Y. G. Suravu (authors’ 
reply)—We should like to thank those who 
have contributed so much to the present paper 
by their discussions. 

In reply to Dr. Maddigan, we are unable to 
account for our inability to produce grain 


* University of Notre Dame. 

+P. A. Beck et al: AIME Metals Tech. 
Sept. 1947. This Vol. p. 372. See Discussion 
of results, 
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growth in coarse grained slightly deformed 
specimens under conditions where he and 
Blank observed it. There is no doubt that we 
are in qualitative agreement as to the possibil- 
ity of grain growth prior to recrystallization. 
Since we attempted to check only two points 
at the temperatures used by the earlier authors, 
our results should not be considered refutation 
of the earlier work. The fact that Dr. Mad- 
digan now reports that less growth was ob- 
served during check experiments on the same 
material after it had been stored for several 
years indicates that the conditions for the 
pronounced growth they originally observed 
may be quite critical, and that small difference 
in the amount and distribution of impurities 
might profoundly influence the results. 

It is certainly possible that the boundaries of 
the fields in Fig 12 could be shifted by varia- 
tions in the thermal or mechanical history of 
the specimen. They would probably also be 
influenced by the annealing temperature and 
possibly even by the rate of heating. The 
boundaries of the fields are not sharp, however, 
and there was no indication in the present 
work that small changes in conditions would 
affect them. Actually, many of the results 
reported here were first obtained with pre- 
liminary specimens annealed at 600°C. Similar 
experiments at 575°C and doubled annealing 
times gave quite satisfactory checks, which 
indicates that small changes in conditions will 
not cause a displacement of the boundaries. 

We should like to point out that although the 
recrystallized grain size of brass increases 
with decreasing deformation, we have been 
quite unable to obtain the tremendous grain 
sizes which are obtained in aluminum, for 
example, upon recrystallization following small 
deformations. 

In reply to Mr. Harwood, we agree that if 
one attributes grain growth entirely to the 
interfacial energy of the grains, then the rate of 
growth should be primarily controlled by the 
instantaneous grain size and the temperature. 
This is not entirely true, however, because such 
factors as grain size distribution and preferred 
orientation may also be quite important. Prior 
strain history has certainly been reported to 
have an effect, especially in cases where “‘sec- 
ondary recrystallization” or exaggerated grain 
growth occurs. Many examples of this are 
given by Burgers.? It seems that many of these 


results may be due to differences in degree of 
preferred orientation. An examination of the 
data on alpha brass published by Walker* 
shows that for deformations ranging from 20 
to 70 pct the rate of growth appears to be 
controlled almost entirely by the instantaneous 
grain size, regardless of whether this grain size 
appears as soon as recrystallization is com- 
plete, or whether it is obtained by growth from 
a smaller grain size. At the smallest deforma- 
tions, the rate of growth seems to be somewhat 
greater than would be predicted on the basis 
of grain size, but on the basis of the data pre- 
sented in the present paper, there may be some 
uncertainty as to whether recrystallization 
occurred or not. 

Some of the objections raised by Professor 
Walker stem from differences in definition of 
terms. As Dr. Maddigan has pointed out, one 
may consider that three consecutive processes 
occur on annealing a deformed specimen: (1) 
Recovery, (2) Nucleation and (3) Growth, with 
the possibility that (3) may be subdivided into 
(a) nucleus growth, and (b) coalescence or 
grain growth. In the present paper we have 
used the. term recrystallization to imply nu- 
cleation, and have used the terms grain 
growth, and grain boundary migration to refer 
to large and small amounts, respectively, of 
grain boundary migration when no new 
crystallites have appeared. No differentiation 
has been made between growth in strained and 
unstrained specimens. In a slightly strained 
specimen we believe that a grain can grow in a 
fashion not very different from that obtaining 
in a strain free specimen. We did not mean to 
indicate that strained grains grew without loss 
of energy. On the contrary, in an assembly of 
slightly strained grains, some boundaries will 
migrate because their curvatures are favorable 
for migration. Others may migrate because the 
grains on opposite sides of the boundary are 
differently strained. In either case, the region 
swept by the moving boundary will be restored 
to perfection, with evolution of energy, and the 


rae 


interfacial energy corresponding to the grain = | 


boundary area lost will also be liberated. Thus, 
we feel that if one does not attempt to draw too 
sharp a line between growth in a strained and 
in an unstrained lattice, much of the difference 
of opinion will disappear. 


*H. L. Walker: Univ. of Ill. Expt. Sta., 
Bull. No. 359 (1946). 
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We agree that it is difficult to prove that a 
specimen having a small grain size and a small 
amount of strain can grow but never form 
recrystallization nuclei, nevertheless we feel 
that the data presented for specimens 17 and 
18 are good evidence that this can happen. 

In reply to Dr. Smoluchowski we agree that 
our data do not completely prove strain energy 
is not responsible for grain growth. Our con- 
clusions were based on two observations: (1) 
Grain boundary migration is more restricted 
by a surface in an undeformed specimen than in 
a deformed specimen, and (2) The micro- 
structures of the annealed deformed specimens 
were quite different in appearance from those 
of undeformed annealed specimens. It is true 
this is indirect evidence, but we feel that it 
supports the hypothesis that interfacial energy 
rather than lattice energy is responsible for 
grain growth in recrystallized metals. 

Professor Beck and his co-workers* have 
certainly demonstrated with their specimen 
thickness effect the inhibiting influence of a 
surface on grain growth in a very striking 
fashion. We did not mean to indicate that 
grain growth was prohibited at a surface, in 


*P. A. Beck, et al: Metals Tech. Sept. 1947. 
TP 2280. This volume p. 372. 
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fact were it completely prohibited the detec- 
tion of recrystallization would have been much 
easier. Our annealing times and temperature 
were usually selected so that change was 
observed on the surface of undeformed speci- 
mens, and under the same annealing conditions 
recrystallization nuclei were found to appear on 
the surface of many of the deformed specimens. 
If longer annealing times were used, grain 
coarsening might occur on the surface of unde- 
formed specimens or new grains might appear 
by growing up from below the surface. In 
specimen 15 (Fig ob) new grains were observed 
to appear, but not until it had been annealed 
for a time long enough to cause new grains to 
appear on the surface of an undeformed speci- 
men of similar grain size (specimen 16). Thus 
we feel the change on the surface is not due to 
recrystallization. Furthermore, we were able to 
demonstrate with similar specimens (number 
17 and 18) that parts of the interior of the grain 
were restored to perfection (as indicated by 
the appearance of sharp X ray diffraction 
spots) before any change at all occurred on the 
surface. 

We must apologize for having overlooked the 
work of van Arkel and van Amstel mentioned 
by Professor Beck, and wish to thank him for 
calling it to our attention. 


Grain Growth in 70-30 Brass 


By Paut A. Brecx,* Memper AIME, Joun Towers,* Jr., AND WILLIAM D. Manty* 


(New York Meeting, February 1948) 


RECENT work on grain growth in high 
purity aluminum and in a solid solution 
type alloy of aluminum and magnesium! 
showed that the isothermal increase of the 
average grain diameter D with time 
follows the equation | 


D= Kt, 46 A)" 


Here ¢, is that portion of the total annealing 
time ¢, which is available for grain growth, 
that is the annealing time less the time 
necessary for complete recrystallization. 
The parameters A and m depend only on 
the temperature. A has the dimension of 
time, and is usually of the same order of 
magnitude as the time for recrystallization: 
R. In some instances R may be substituted 
for A in Eq 1. This is the case for example 
at long periods of annealing or at high 
temperatures, where both A and R become 


Eq 1 


small in comparison with #¢. In such 
instances Eq 1 is simplified to 
D= K-t Eq 2 


For high purity aluminum the exponent » 
increases in the ratio of about 1 to 5 in 
the temperature range of 350° to 600°C. 

70-30 brass has been long known to 
exhibit grain growth of the continuous 
type, such as occurs in pure metals. For 
this reason, it was of interest to determine 
whether grain growth in brass also follows 
Eq 1 and 2 as it does in aluminum. Isother- 
mal grain growth data for 70-30 brass 
were published in recent years by R. S. 

Manuscript received at the office of the 
Institute December 2, 1947. Issued as TP 2326 
in METALS TECHNOLOGY, Feb. 1948. 

* Associate Professor of Metallurgy and 
Graduate Students, respectively, University of 


Notre Dame. 
1 References are at the end of the paper, 


French? and by H. L. Walker.* Fig 1showsa 
log D vs. log ¢ plot of French’s data, together 
with the 500, 600 and 700°C data by Walker 
for 42.8 pct reduction by rolling. In such a 
log D vs. log ¢ plot Eq 2 corresponds to a 
straight line with a slope of m. As seen in 
Fig 1, the data of French and the 600°C 
data of Walker can be represented by 
straight lines. However, the 500 and 7co°C 
data of Walker give curved lines and the 
average slope of his 500°C line is very 
different from the slope of the line repre- 
senting French’s data for the same temper- 
ature. Furthermore the curvature of the 
700°C line suggests a tendency for grain 
growth to stop after 8 hr. If confirmed, this 
would constitute a definite deviation from 
Eq 2, not explainable on the basis of the 
specimen thickness effect found in high 
purity aluminum.!' Walker’s specimens 
were 0.125 in., or 3.18 mm thick, while 
the deviation occurs at a grain size of 
approximately o.4 mm. A further point of 
divergence arose recently, when J. E. 
Burke suggested‘ on the basis of Walker’s 
data, that, instead of Eq 2, grain growth 
in 70-30 brass follows the equation 


D-—D,=K-1," Eq 3 


Here D, is the grain size as recrystallized 
at the temperature in question. Although 
it was possible to show® that, for pure 
aluminum, for which isothermal . grain 
growth has been carefully investigated, 
Eq 3 is incompatible with the experimental 
facts, the situation remained somewhat 
obscure with respect to 70-30 brass. 


In view of the discrepancies between the — 


published data on brass from different 
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sources, and of the suggested differences 
between 70-30 brass and aluminum regard- 
ing their isothermal grain growth behavior, 


it seemed advisable to obtain some 
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in his work. This strip was annealed at a 
gauge of 0.129 in. to a grain size of 0.028 mm 
(as measured at Notre Dame). It was 
then rolled, under the supervision of 


NX 
Y 
YO 


St 


O 
aula 


WALKER'S DATA 
FRENCH’'S DATA 


625 3125 


Fic 1—IsOTHERMAL GRAIN GROWTH IN 70-30 BRASS ACCORDING TO THE DATA OF H. L, WALKER AND 
or R. S, FRENCH. 


(Log average grain diameter vs. log annealing time.) 


new data on brass by means of the best 


available technique. Correspondingly, iso- 
thermal grain growth was investigated in 
70-30 brass at 450, 500, 600 and 700°C, 
with annealing periods extending to 11 days. 

For the purposes of this investigation 


Mr. R. S. French of the Bridgeport Brass 


Co. has kindly made available a portion 


_ of the same brass strip which has been used 


Mr. French, to a final gauge of 0.085 in. 
corresponding to a final cold rolling of 
33 pct. The cold rolled strip was shipped 
to the University of Notre Dame, cut to 
specimens of approximately 1.7 X 1.2 in. 
and annealed for various periods of time 
at 450, 500, 600 and 700°C. As given by 
Mr. French, this strip has the following 
analysis: 
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oor Ni 
000 P, balance Zn 

The annealing operations were carried 
out in salt baths as described previously.’ 
In order to determine the heating up 
period, a brass specimen was immersed 
into a salt bath at 400°C with 32 gauge 
chromel and alumel wires welded to it, so 
that the brass specimen itself constituted 
the hot junction of the thermocouple. The 
instantaneous EMF was recorded by means 
of a Model G Speedomax instrument 
equipped with a special high speed chart 
mechanism (12 in. per min.). The heating 
up period, from room temperature to 
within about 2°C of the salt bath tempera- 
ture was found to be 35 sec. The shortest 
annealing period used in the grain growth 
work was 5 min. so that the heating up 
period, for which correction has been made, 
was short in comparison with the time at 
temperature. _ 

After annealing, the specimens were 
milled on one side to about half their 
thickness. The milled surfaces were polished 
and etched with a standard ammonium 
hydroxide—hydrogen peroxide etchant. 
Thus, the grain counting was done very 
close to the center plane of each specimen 
in order to avoid any surface effects. A 
Bausch and Lomb metallographic micro- 
scope was used, and the grain boundaries in 
the projected image of the etched specimen 
surface were traced on tracing paper 
fastened to a clear glass screen. Consider- 
able care was necessary to find all grain 
boundaries as the presence of annealing 
twins tends to confuse the picture. By 
tracing each boundary the operator had 
sufficient opportunity to give full con- 
sideration to each individual grain. Each 
tracing contained a minimum of fifty 
grains, and the average grain diameter for 
each specimen was calculated from the 
data fot §00 to 1000 grains. Several 


GRAIN GROWTH IN 70-30 BRASS 


specimens were counted independently by 
two different operators. The whole set of 


specimens for 600°C was duplicated, and 


each set was counted by a different oper- 
ator. Considering the difficulties the agree- 
ment of the data was fairly good. 

Fig 2 gives the data obtained in the 
present investigation. It is seen that at all 
four temperatures from 5 min. to 15,625 
min. the log D vs. log ¢ plot gives a straight 
line within the experimental accuracy. 
Thus in the temperature range investi- 
gated, Eq 2, which was first found for 
pure aluminum, also holds for grain 
growth in 70-30 brass. An _ interesting 
feature of the data is, however, that, be- 
tween 450 and 700°C the exponent for 
brass turns out to be practically independ- 
ent of the temperature. In this respect 
70-30 brass is distinctly different from high 
purity aluminum. This behavior is remi- 
niscent of the case of the Al + 2 pct Mg 
alloy, where the exponent becomes fairly 
independent of temperature between 500 
and 600°C.! The value of the exponent 
for 70-30 brass is 0.212 + 0.01. 

It is interesting to note that at 700°C 
there is no deviation from the straight line 
relation between log D and log ¢ up to 11 
days. The present work, therefore, does not 
support previous indications of a stoppage 
of grain growth after about 8 hr at that 
temperature. 

The question of the relative merits of 
Eq 1 and 3 for 70-30 brass can be best 
studied in the range of annealing condi- 
tions where the resulting grain size is not 
very much larger than the grain size as 
recrystallized, D,. In that range the two 


Telations lead to very different results. At 


annealing temperatures of 500°C and 
higher, the time for complete recrystalliza- 
tion was found to be very short, even in 
comparison with the heating up period. As 
a result, no satisfactory data can be ob- 
tained at those temperatures for the grain 
size range just above D,. However at 450°C 
the time for complete recrystallization was 
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approximately 3 min.,and D,=0.0069mm. but the points in the log (D — D,) vs. t, 
Fig 3 gives the plot of the data for 450°C plot lie on a curve (line 6). This curve 
with log D vs. log ¢ as coordinates (line a), approaches the slope n= o0.21 of line a 


e 
ot 
STK 


ore) 
I ® 
oOo 

; 

- 

} 


aa 
Ee 
ae 


~ 
. 
sa 


Average Grain Diameter, mm, (log scale) 
Oo Oo C 
> (61) 
(e) (@) 


020 


i 
: 
| 
i 
| 


5 25 125 625 3125 15625 
ANNEALING TIME,MINUTES. (LOG SCALE) 


Fic 2—ISOTHERMAL GRAIN GROWTH IN 70-30 BRASS. 
(Log average grain diameter vs. log annealing time.) 


and with log (D — D,) vs. logt, as co- after long annealing periods, but at small 
ordinates (line b). It is seen that, within values of ¢, it may be drawn. to approach 
the experimental accuracy, line a is straight’ aslope of m = 1. As shown previously, § this 
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initial slope of m = 1 of the log (D — Dy) 
vs. log t, curve is independent of the 
temperature, and of the material. On the 
other hand the slope of the straight line 
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for the log (D — D,) vs. log te plot. On the 
other hand the data for all four tempera- 
tures satisfy Eq 2. Evidently isothermal 
grain growth in 70-30 brass follows the 
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Fic 3—GRAIN GROWTH IN 70-30 BRASS AT 450°C. 


(a) Plot of log D vs. log t. 
(b) Plot of log (D — Dr) vs. log to. 


in the log D vs. log ¢ plot varies, in general 
with both the material and the tempera- 
ture. The data obtained in the present work 
for 450°C, as shown in Fig 3, curve 8, 
are in definite disagreement with Eq 3, 
as the latter would require a straight line 


same law as was found for pure aluminum 
and for the 2 pct aluminum-magnesium 
alloy. A difference was demonstrated only 
in the effect of temperature on the expo- 
nent . In 70-30 brass 1 is independent of 
the temperature between 450 and 700°C, 
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having a value of o.21 in this temperature 
range. 

In a previous publication® the possibility 
of deriving a heat of activation value from 
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attempt was made to estimate the heat of 
activation for grain growth in brass. By 
assuming that » was in first approximation 
independent of the temperature, a formula 
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Fic 4—Loc ANNEALING TIME (MIN.) NECESSARY FOR OBTAINING AN AVERAGE GRAIN SIZE OF 
0.075 MM VS. RECIPROCAL ABSOLUTE TEMPERATURE OF ANNEALING. 


grain growth data was briefly discussed. It 
was shown that, as a result of the variation 
of m with the temperature, it was, strictly 
speaking, impossible to ascribe a heat of 
activation value to grain growth in high 
purity aluminum. All that could be 
_ obtained was a rather wide range of values, 
as the “‘heat of activation” varied not only 
with the grain size, but even with the 
temperature, when the grain size was held 
constant. In the same publication an 


was derived giving the variation of grain 

size with annealing temperature for a con- 
stant annealing time 

=O 

D=K-e Eq 4 

This formula allowed the calculation of a 

value for Q - m from grain size vs. tempera- 

ture data in French’s paper.? French’s 

isothermal curves for 575° and 640°C gave 

a value of n= 0.16. With these data 
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Q = 73.5 Kcal/g atom was obtained. Since 
the present work has established that for 
70-30 brass is in fact independent of the 
temperature, at least in the temperature 
range of 450° to 700°C, it is now possible to 
attack the question of a heat of activa- 
tion for grain growth in brass in a more 
direct manner. Fig 4 gives a plot of the 
logarithm of the annealing time for a 
grain size of 0.075 mm as a function of the 
reciprocal absolute temperature of anneal- 
ing. The time for 450°C was’ obtained by 
straight line extrapolation from the log- 
arithmic grain growth line for 450°C in 
Fig 2. The four points fairly well satisfy a 
straight line. The heat of activation value 
associated with the slope of this line is 
Q = 61.8 Kcal/g atom. Since the logarith- 
mic grain growth lines in Fig 2 are parallel 
straight lines, Q is independent of the grain 
size. The value of Q, as determined from 
the present data, is in fair agreement with 
the value indirectly calculated previously. 
It is in good agreement with the value of 
Q = 60 Kcal/g atom obtained by Burke,* 
by means of the direct method, from 
Walker’s data. This confirms the earlier 
conclusion® that the heat of activation 
for grain growth in 70-30 brass is consider- 
ably higher than the heat of activation 
for self-diffusion. The values published for 
the heat of activation for self-diffusion, or 
for the diffusion of Zn in brass of the 70-30 
composition vary from about 38 to 46 Kcal 
per g. atom.’*.9.1° The most probable value 
appears to be about 39 Kcal per g. atom. 


CONCLUSION 


In 70-30 brass, as in pure aluminum, 
isothermal grain growth can be ade- 
quately described by the empirical formula: 
D=K-t. The exponent n is 0.212 
+ 0.010 in the whole temperature range 
from 450 to 700°C. The heat of activation 
which may be associated with grain growth 
in brass is 61.8 Kcal/g atom. 
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DISCUSSION 


(J. W. Halley and W. T. Lankford, Jr., 
presiding) 
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H. L. Wartker*—The work reported in 
Univ. of Ill. Eng. Expt. Sta. Bull., Series 350, 
Grain Sizes Produced by Recrystallization and 
Coalescence in Cold-Rolled Brass, was primarily 
concerned with recrystallization phenomena, 
but data were presented for coalescence of 
grains after recrystallization was complete. 
The data for grain coalescence are somewhat 
at variance with the data of Professor Beck 


* University of Illinois. 
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and collaborators. Professor Beck’s data for 
cartridge brass indicate that log average grain 
diameter vs. log annealing time may be plotted 
as a straight line for annealing times of 5 to 
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furnace. Considerable dezincification took 
place in the long annealing cycles and any 
effects from dezincification are unknown. The 
grain counts were made at the center section 
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Fic 5—RESULTS OF NEW DETERMINATION OF GRAIN GROWTH BY COALESCENCE FOR 43 PCT DEFORMA- 
TION AND ANNEALING TEMPERATURES OF 600 AND 700°C, 


15,625 min., at annealing temperatures of 450, 
500, 600, and 700°C. The data for coalescence 
of grains in Bull. 359 indicate that the rate of 
growth is small for short annealing times, the 
rate then increases for times up to approxi- 
mately eight or more hours of annealing, and 
with longer times of annealing the rate of grain 
growth is negligible. At the higher temperatures 
the rate of coalescence is practically nil for 
long time annealing cycles. 

Because the work reported in Bull. 359 was 
primarily concerned with recrystallization, 
the grain count data for coalescence are not so 
statistically desirable as was the case for 
recrystallization. Private correspondence with 
Professor Beck indicated that the data for the 
two experiments were at odds and further work 
needed to be done. 

Because of the differences in the two experi- 
ments part of the work on coalescence reported 
in Bull. 359 has been duplicated. Samples of 
70-30 brass, from the original lot of brass 
prepared in 1940, with 28, 42.8, 60, and 70 pct 


deformation ‘were annealed at 600 and 700°C. 


The time of annealing was such that each 
succeeding anneal was twice as long as the 
previous anneal and extended from }¢ min. 
to 20 days of time. For times less than 32 hr 
the specimens were annealed in a salt bath, 
and for times longer than 32 hr the specimens 
were annealed in an electrically heated muffle 


of 0.126 in. thick specimens, by 12 senior 
metallurgical engineering students, who worked 
independently of one another. 

The results of the new determination of 
grain growth by coalescence for 43 pct deforma- 
tion and annealing temperatures of 600 and 
7oo°C are shown in Fig 5. The results for 
the other deformations are not shown, but 
the curves are of the same general shape as the 
one illustrated. The rate of growth for the 
‘brass used in this experiment is not a straight 
line function when log grain size is plotted 
against log time. The shape of the curves 
reported here approximates the curves reported 
in Bull. 350, and verifies the fact that the two 
samples of brass used by Beck and by Walker 
apparently coalesce in different manners. 

Samples of brass with 43 pct deformation, 
after being annealed, have been submitted to 
Professor Beck for grain size determination 
and as a check on the two methods of grain 
counting. Professor Beck uses a refined tech- 
nique for the determination of grain size. 
Beck’s grain size determinations checked the 
shorter times of annealing, but the intermediate 
and 20 day anneal showed a somewhat smaller 
grain size than is reported here. Beck’s data 
for these specimens fail to show a straight line 
relation and they verify the fact that coales- 
cence, for all practical purposes, ceases after a 
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reasonable annealing time at the higher 
temperatures. 

There is, at present, little reason to doubt the 
validity of the two sets of data and more work 
needs to be done on the fundamentals relating 
to coalescence of grains. The reasons for the dis- 
crepancy in the data for the two brasses are not 
understood. Professor Beck has agreed to 
anneal a series of specimens from the lot of 
brass reported in Bull. 359, to determine if the 
methods of annealing can account for the dif- 
ferences observed in growth phenomena. 

Some consideration has been given the fol- 
lowing factors as a possible explanation of the 
differences found: 1. Chemical composition 2. 
Dezincification 3. Oxidation or gas absorption. 
The conditions of annealing were sufficiently 
similar to almost rule out any possibility of dis- 
crepancies due to methods of annealing. The 
one apparent difference to be noted is the 
ready-to-finish grain size of the two lots of 
brass. The brass of Walker had an RTF grain 
size ten times as large as the brass used by 
Beck. 


T. S. Howatp*—The authors have em- 
ployed a laborious, yet exact, method of deter- 
mining grain size in this investigation. That the 
effort was justified, is to be seen in the remark- 
able results presented. 

In view of the wide divergence between some 
of the earlier work and the present paper, we 
wish to mention here the fair agreement be- 
tween. this work and some work which we did 
on grain growth in 70/30 brass, using a Bausch 
and Lomb Filar micrometer eye piece for grain 
size determination. 

It is not our intent in presenting this data to 
imply that our method is an improvement over 
the authors’, but merely to illustrate that our 
results are in rough agreement with the 
authors’. , 

The material investigated was a bar of 70/30 
brass hot rolled from a 4-in. cast bar to 1.125 
in., scalped to 1.00 in., cold rolled 37.5 pct to 
0.675 in. and then annealed in a Lindbergh cir- 
culating hot air furnace for the time and tem- 
peratures noted. 

Samples were polished and etched on a longi- 
tudinal section and then counted by three ob- 
servers, who counted each sample in three 


* Chase Brass and Copper Co., Midwestern 
Division. 
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different areas. The grain sizes, so determined, 
did not vary more than + to pct among ob- 
servers. Likewise, the grain size on such thick 
samples did not vary much more from center to 
edge of sample. ‘ 

These results have been plotted in a manner 
identical to Fig 2 and are presented as Fig 6. 
The slopes of the 538, 593, and 704°C lines have 
n values of 0.236, 0.236 and 0.266, respectively. 
The value for 426°C is low at 0.163. 

The agreement is fair with their value of 
nN -= 0.212 + 0.010, with the exception of our 
value of » = 0.163 for annealing at 426°C. 

The reasonably close agreement of » values 
for the three higher temperatures permits us to 
plot the grain size obtained for a constant time 
(125 min.) as a function of the reciprocal of the 
absolute temperature. This has been done for 
our data and the authors, and is shown in Fig 
7. The agreement is fair. 

In our work, no account was taken of the 
heating-up period, which may have been of 
some consequence with such thick samples at 
the lower annealing temperatures. Its effect 
would have been to shift the curves slightly 
upward. 

J. Towers, Jr. and P. A. Beck (authors’ 
reply)—The authors appreciate the interest 


shown by the discussers of this paper and wish - 


to thank both Mr. Howald and Professor 
Walker for their valuable contributions of new 
data, and for their cooperation in making it 
possible to carry out certain additional experi- 
ments supplementing the original work. 

As Mr. Howald has stated, there is reason- 
ably close agreement between his three higher 
temperature grain growth lines and the corre- 
sponding isothermal lines presented by the 
authors. Had allowance been made for the 
heating-up period of his specimens in the air 
furnace, the lower portions of his curves would 
have been shifted towards shorter times; that 
is, the slopes would have slightly decreased and 
the » values would have even more closely 
approached the value given in the paper. 

Referring to Mr. Howald’s Fig 6, his 426°C 
line has a considerably lower slope than the 
lines for the higher annealing temperatures. As 
the authors found the value to remain con- 
stant through the temperature range of 450 to 
700°C, it is of importance to determine whether 
such a decrease in m actually occurs below 
450°C. Mr. Howald kindly consented to make 
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grain size determinations on several of the 
authors’ specimens annealed at 450°C. Using 
the same method (micrometer eyepiece) by 
which he determined the grain sizes in his 
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ANNEALING TIME --MINUTES --LOG SCALE 
Fic 6—DATA FOR 70/30 BRASS COLD ROLLED 37.5 PCT TO 0.675 IN. THICK. 
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earlier work, Mr. Howald obtained the results 
shown in Fig 8 (the points indicated by tri- 
angles). It is seen that, at an annealing time of 
15625 min., there is excellent agreement be- 
tween Mr. Howald’s determination and that 
made in this laboratory. However, with de- 
creasing annealing periods, the difference in- 
creases, the grain sizes determined by Mr. 
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Howald being larger. It seems probable that 
this difference is caused by the fact that the 
magnifications available to Mr. Howald, in 
using the micrometer eyepiece, were not sufli- 
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ciently high to reveal some of the smaller 
grains. In tracing the grain boundaries for these 
very fine structures, it was found necessary at 
this laboratory to use magnifications up to 
X 1500. These conditions suggest that the 
lower slope of Mr. Howald’s 426°C line (see 
Fig 8) may have resulted from the particular 
method of grain counting used. 
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Professor Walker has presented in his dis- 
cussion new data for 600 and 700°C, which sup- 
port his earlier conclusion that grain growth 
practically ceases at a grain size of approxi- 
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sistently lower than those determined at the 
Univ. of Ill. for the’same material, the tendency 
of grain growth to cease at a grain size of ap- 
proximately 0.4 mm was confirmed. The new 
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Fic 7—PLor OF GRAIN SIZE OBTAINED FOR CONSTANT TIME (125 MIN.) AS A FUNCTION OF THE 
RECIPROCAL OF THE ABSOLUTE TEMPERATURE. 


mately o.4 mm. As stated in his discussion, 
Professor Walker has kindly furnished us with 
some of the brass strip used in his investigation. 
This material (brass A) was recently annealed 
at this laboratory, together with a new set of 
specimens of the brass (B) described in the 
present paper. Corresponding specimens of 
the two sets were placed in the salt bath at the 
same time. Fig 9 gives the results obtained in 
this run, at 700°C, together with Walker’s 
data (brass A) and the data presented in the 
paper (brass B), for the same temperature. 
Although the actual grain size values for brass 
A, as determined at this laboratory, were con- 


determinations for brass B were in good agree- 
ment with those presented in the paper, within 
the experimental accuracy. The 15625 min. 
point was somewhat low. Since this point was 
crucial in deciding whether or not grain growth 
in brass B also ceases near D = 0.4 mm, this 
specimen was duplicated, and an additional 
specimen was run up to 23 days at 700°C. The 
duplicate specimen confirmed the new, lower 
value for 15625 min., and the 23 day specimen 
gave further support to the view that in brass 
B, too, grain growth tends to cease at a grain 
size of approximately o.4 mm. 

In a recent (as yet unpublished) investiga- 


aa 


Es 


DISCUSSION 


tion on grain growth in aluminum-manganese 
alloys* at this laboratory, it was found that, 
in the presence of an inhibiting second phase, 
grain growth tends to cease at a certain ulti- 
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nation at X 1500, after electrolytic polishing, 
revealed a relatively small number of very fine 
particles of an unidentified phase. It was not 
possible to draw any définite conclusions as to 


MEAN GRAIN DIAMETER,mm. (LOG SCALE) 


ae 
Ae 


| 5 25 


25 


© BRASS "C’; HOWALD 
A BRASS "B", HOWALD 


@ BRASS "B";UNIV. N. D. 


625 3I25.).15625 


ANNEALING TIME, MINUTES (LOG SCALE) 
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FOR COMMERCIAL 70-30 BRASS. 


mate grain size. It was also noted that this 


ultimate grain size increased as the number of 
inhibiting particles decreased. In the light of 
this work, it appears very likely that the stop- 
page at 700°C of grain growth in commercial 
70-30 brass at a grain size of approximately 
0.4 mm, as found by Professor Walker and now 
confirmed in this laboratory, is also a result of 
inhibition by a dispersed second phase. In order 
to check this explanation, careful microscopic 
study of both brasses was undertaken. Exami- 


-*P. A. Beck, M. L. Holzworth and Philip 
Sperry: AIME Metals Tech. Sept. 1948. 
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the relative amounts of this phase in brasses A 
and B. However, it may be concluded that 
70-30 brasses of present day commercial purity 
do contain a very small amount of inhibiting 
second phase, which causes grain growth to 
cease, upon annealing at 700°C, at a grain size 
of approximately o.4 mm. It may be expected 
that, if the number of particles of this dispersed 
phase could be reduced, the ultimate grain size 
would increase. The reduction of the number of 
dispersed particles could be-effected either by 
decreasing the amount of the particular im- 
purity elements responsible for the second 
phase, or by annealing at high temperatures, 
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where some of the particles might be dissolved 
in the matrix and/or coalesced into a smaller 
number of larger particles. 

As seen in Fig 9, the behavior of brasses A 
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and B was distinctly different. For the same 
period of annealing, the grain sizes developed in 
brass A were considerably larger. As a result, 
brass A approached the ultimate grain size 
much €@arlier than brass B, and, consequently, 
it showed the stoppage of grain growth much 
more clearly. Apart from the neighborhood of 
the ultimate grain size, where the rate of growth 
suddenly decreased, the instantaneous rate of 
grain growth, dD/dt, was obviously consider- 
ably higher in brass A than in brass B, when 
compared at the same grain size. (See also the 
600°C data, as shown in Fig 10. The slope x 
was also higher for brass A, at both 600 and 
700°C.) The cause of this difference in rate is 
difficult to understand if the presence of a dis- 
persed inhibiting phase is not considered. In a 
recent investigation of grain growth in alumi- 
num-magnesium alloys,!! and also in the 
above-mentioned study of grain growth in 
aluminum-manganese alloys, it was found that 


11 References are at the end of the discussion. 
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the instantaneous rate of growth, as well as the 
slope of the logarithmic grain growth line, may 
be considerably decreased by the presence of 
even very small amounts of an inhibiting second 


625 3125 15625 


phase. From this point of view, the higher in- 
stantaneous rates of growth in brass A may be 
accepted as an indication that the number of 
inhibiting particles in this material was smaller 
than in brass B, at least in the early part of the 
700°C anneal. The fact that eventually both 
brasses developed about the same ultimate 
grain size, tends to prove that, in the later 
stages of annealing at 700°C, the initial differ- 


ence in the number of inhibiting particles be- 


tween the two materials has been fairly well 
eliminated. Presumably, the initially larger 
number of inhibiting particles in brass B has 
decreased in the course of annealing at 700°C, 
either by solution in the matrix, or by coales- 
cence. In brass A this process may have already 
taken place during the penultimate anneal, 
which for this material was several hours at 
750°C. Comparison of the grain growth char- 
acteristics of brasses A and B clearly indicates 
the extreme sensitivity of grain growth phe- 
nomena to even small traces of an inhibiting 
second phase. It is also apparent that the num- 
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ber of inhibiting particles and, therefore, the 
grain growth characteristics in brasses of com- 
mercial purity may be influenced by prior heat 
treatment. The data presented in the paper are 


scepticism, in view of the heating-up periods of 
undoubtedly longer than 14 min. for his speci- 
mens. Disregarding these points, his data are 
well satisfied, within their scatter range, by an 
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Fic 10—GRAIN GROWTH IN 70-30 BRASSES A AND B AT 600°C. 


typical of material treated according to current 
commercial practices. This is also shown by the 
generally good agreement of these data with 
those contributed by Mr. Howald. 

Professor Walker in his discussion refers to 
the initially low and then increasing slope of the 
semi-logarithmic grain growth lines, in the D 
vs. log ¢ plots of Ref. 3, as “‘rate of grain 
' growth.” He infers that the increase of this 
“rate of grain growth” during the first 8, or 

more, hours of annealing is in contradiction 
with the straight isothermal lines given in the 
present paper. Actually, there is no contradic- 
tion. If the data give a straight line (constant 
slope) in the log D vs. log ¢ plot, as in the 
present paper, they will obviously give an ex- 
_ ponential curve (with increasing slope) in the 
_ D ys. log ¢ plot. However, Professor Walker, in 
Fig 5 of his discussion, which has a logarithmic 
grain size scale, again plots his data with an 
initially increasing slope. We are inclined to 
regard his o.5 min. and 1 min. points with 


initially straight line, as shown in Fig 9 for 
700°C and in Fig 10 for 600°C. Nevertheless, it 
is quite likely that, at lower temperatures, the 
logarithmic grain growth line for brass A would 
actually deviate initially from the straight line. 

As explained in the first paragraph of the 
paper, the simplified relationship D = K-t,” 
which corresponds to a straight line in the log 
D vs. log ¢ plot, is only valid under certain 
conditions. Deviations were previously ob- 
served! near the recrystallization point both 
toward higher grain sizes (in aluminum) and 
toward smaller grain sizes (in an Al-Mg alloy.) 
These deviations were adequately described! 
by means of the more general relationship given 
in Eq 1. It was shown recently” that the initial 
deviations from the straight line in the log D vs. 
log ¢ plot, which result from variations in the 
recrystallized grain size, D;, are also correctly 
given by Eq 1, if the assumption is made that, 
independently of D,, the instantaneous rate of 
growth dD/dt for a certain material, at a given 
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DISCUSSION 


temperature, depends only on the instantane- 
ous grain size, D. With this assumption, a 
variation in D, simply corresponds to a shift 
in the zero point of the time scale. This is ex- 
pressed by a change in the parameter A in Eq r. 
The equation may be expected to give correct 
results if A is properly computed for each 
value of D, from the following formula: 


l/n 

4= (=) [s] 
In order to test the above assumption, addi- 
tional experiments were carried out with the 
same material, brass B, which was described in 
the paper. A portion of the strip received from 
Mr. French in the annealed condition at a 
gauge of 0.129 in. was rolled to 0.085 in. and 
cut into three pieces. These were then annealed 
as follows: 


TABLE 1 
No. PENULTIMATE ANNEAL 
I I25 min. at 500°C 
2 _125 min. at 625°C 
3 3125 min. at 700°C 


After annealing, the three strips were rolled to a 
final thickness of 0.057 in. Strip (1) has been 
processed so as to duplicate the original 450°C 
run, for check purposes. Strips (2) and (3) 
were intended to have larger grain sizes, as 
recrystallized, even though the reduction of 
area in the final rolling was the same in all 
three cases (33 pct). Specimens from the three 
strips were annealed together for various 
lengths of time at 450°C. The results of the 
grain size determinations in these three series 
of specimens are shown in Fig 11. The recry- 
stallization data for the three series are given in 
the following table: 


TABLE 2 
Series No. Dy; Mm R, Min. A, Min. 
I 0.0058 3 3 
2 0.0143 14 116 
3 0.0235 25 II55 


As seen in Fig 11, Series (1) gave a fairly good 
duplication of the original 450°C results, which 
are represented by the straight line. The two 
curves were calculated on the basis of a con- 
stant displacement of the time scale with re- 
spect to that of the straight‘line by 102 min. 
and 1130 min., respectively. The experimental 


. 
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points fit the calculated curves fairly well, indi- 
cating that the experimental results satisfy Eq 
1, with the values of A, for the three series 
given in Table 2. This confirms the assumption 
that the instantaneous rate of growth, for a 
given instantaneous grain size, is independent 
of the recrystallized grain size. 

The expression (¢, + A) in Eq 1 may be con- 
sidered as the total grain growth time, which 
would produce a final grain size D from an 
imaginary starting grain size of zero, according 
to the simple power law of isothermal grain 
growth. The relationship between D and 
(tg + A), given by Eq 1, is unaffected by varia- 
tions in D, and R. Such variations will merely 
shift the dividing point between the imaginary 
and the real part of the grain growth line. The 
logical zero point of the time scale for iso- 
thermal grain growth studies is, therefore, the 
point where the extrapolated grain growth 
formula leads to zero grain size. Time is then 
expressed in terms of ¢, + A. Plotting log D 
against log (f, + A) makes the logarithmic 
grain growth lines straight (simple power law), 
regardless of D, and R. (See Fig 12.) On the 
other hand, if the data are plotted by using the 
total annealing time ¢ = ¢, + R, the initial 
portion of the logarithmic grain growth line, is, 
in general, curved, corresponding to the differ- 
ence between A and R (Fig 11). As seen in 
Fig 2 and in Fig 11, it so happens that the log 
D vs. log t plot of the grain sizes produced in 
brass B (with a penultimate grain size of 0.028 
mm, and a reduction by rolling of 33 pct) by 
annealing at 450°C, very closely approximates 
a straight line all the way to the recrystalliza- 
tion point. In this case, therefore, the simplified 
Eq 2 may be used, since A is approximately 
equal to R. However, in Walker’s experiments, 
where the penultimate grain size was very 
large, D, must have been also relatively large, 
leading to A > R. Consequently, an upward 
deviation from the straight line may be ex- 
pected near the recrystallization point in the 
log D vs. log ¢ plot, similar to that of the curves 
in Fig 11. 
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Activity Coefficients in Alpha-brass from Statistical 
Thermodynamics 


By Lester GuTTMAN* 
(New York Meeting, February 1948) 


THE connection between short-range 
order and thermodynamic activities in 
binary solid solutions has been pointed out 
by Birchenall! who calculated approximate 
values of the energy of interaction of Zn 
and Cu and of the degree of short-range 
order in alpha-brass at one composition and 
two temperatures. The purpose of this note 
is to call attention to a somewhat more 
accurate theory than that used by Birchen- 
all and to extend the calculations to a wider 
range of temperatures and compositions as 
a means of testing its applicability. This is 
an example of the well-known general 
method of comparing measured thermo- 
dynamic functions of a system with those 
calculated from a microscopic model by 
means of statistical mechanics. In this 
case, mathematical approximations must 
be used which make difficult any decision 
about the validity of the model. 

Birchenall’s statistical method resembles 
closely that called by Fowler and Guggen- 
heim? the “‘ quasi-chemical’’ method which 
has been shown to lead in certain cases to 
results identical with those obtained by the 
method of Bethe.? The quasi-chemical 
method has been extended by Takagi‘ to 
give general formulas for the free energy 
of binary solid solutions based on several 
lattices at all compositions and tempera- 
tures. Specifically, he treats the four 
systems typified by: 1. 6—brass; 2. a— 
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brass; 3. AuCu3; 4. AuCu. When the 
temperature is so high that no long-range 
order exists, these formulas reduce to the 
same form for all lattice types, namely: 


F — F = (E — EB) — T(S — S°) 
= l4zN(c ged x) (20aB ee Ups) 
+WkT2zN [x log x + 2(c — x) log (¢ — x) 

+(1 — 2¢ + x) log (1 — 2¢ + x)] 
—kT(z —.1)N[c log ¢ + (1 — ¢) log (1 —c)] 
Eq 1 


Here the symbols have the following 
meanings: 

F—Helmholtz free energy 

#—energy 

S—entropy 

k—the gas constant per molecule 

z—coordination number, (e.g. 12 in 
a-brass). 

N—total number of atoms 

c—atomic fraction of A 

Yaa, Yep, Vas—energy per bond of the 
corresponding bonds 

log means log, throughout 
The superscript ° denotes the thermo- 
dynamic function in the standard state, 
which has been chosen to be pure A or 
B with the same crystal structure as the 


solid solution. The quantity x is the ratio 


of the number of A-A bonds to the total 
number and for minimum F satisfies the 
equilibrium condition 


Vaa + UBB — 2VaB a (c — x)? 
kT ~ 008 x — 2¢ + 2) 


The free energy may also be written in 
terms of wa and wz, the chemical potentials 
or partial free energies per atom: 
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Fic 1—CoMPARISON OF ACTIVITY COEFFICIENTS FROM REGULAR SOLUTION THEORY (R. S.) AND 
QUASI-CHEMICAL THEORY (Q. C.). 


F — F°= Na(us — pa) + Na(us — pe°) 


where V4 and Vz are the number of atoms 
of A and B, respectively, and by definition 
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one has the general relation 
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pa— pa =F — FY) + (2-0) 
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The chemical potential and activity coeffi- 
cient are related by 


ba — wa? = RT log yac 


Differentiation of Eq 1, substitution in the 
above equations and simplification by use 


of the equilibrium condition lead finally 
to the simple results for the activity 
coefficients: 


log ya = W%z(log x — 2logc) Eq 2a 

log Yz 
= lée[log (1 — 2¢ + x) — 2 log (1 — c)] 
Eq 2b > 


At low concentrations, (¢c < 1), 
log x = 2 logc¢ — (vaa + 088 — 2048) /kT 


and the limiting value of the activity 
coefficient is 


exp(zw/2kT) 


2VAB — VAA — UBB 


YA 
w 


Eq 3 


a relation which is useful in’ obtaining 
approximate values of w. At sufficiently 
high temperatures, ({zo| << kT), one has 
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Fic 2—ACTIVITY COEFFICIENTS OF ZINC IN @-BRASS, 0 INTERPOLATED FROM DATA OF HARGREAVES. 
—CALCULATED, EQ 2A, Nw = —1080 CAL/G ATOM. 


(The numbering of the vertical scale corresponds to 700°C; the curves for higher temperatures 
have been successively shifted 0.04 units upwards to avoid confusion.) 


the free energy becomes 


F — F9 = WezNc(1 — c)w 
+ NkT{[c log c + (1 — ¢) log (1 — o)] 
Eq 4 
and the activity coefficient satisfies 
log Ya = mG (tend)? - Bea's 


The last equations are those obtained from 
the regular solution hypothesis® and the 
assumption of nearest-neighbor interac- 
tions, and as Takagi states, correspond to 
the Bragg-Williams treatment. It should 
be noted that all of these equations contain 
only a single parameter. Hence it is not 
possible to evaluate, from activity-coefh- 
cient data alone, either the individual 
bond energies, or, as has been claimed,! 
such combinations as vas — 2gp. In other 


words, the Gibbs-Duhem equation and the 
choice of standard states as pure A and B, 
together with a value of w, determine 
completely the activity coefficients of both 
components. : 

Eq 2a and 5, although apparently quite 
different, lead to very similar results, as 
shown in Fig 1, where both have been 
drawn for the values z = 12, Nw = —1080 
cal/g atom, T = 973°K, appropriate to 
a-brass. 

For purposes of comparison with experi- 
ment, Hargreaves’® data, as recomputed by 
Birchenall and Mehl,’ have been plotted 
and isothermals of the activity coefficient 
of zinc (referred to the metastable solid) 
rederived.* The agreement with theory is 


* The results are not in agreement with those 
of Birchenall and Mehl at the extremes of 
concentration in a-brass., A certain amount of 
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not good enough to warrant presentation 
other than in the form of Fig 2 (for the 
quasi-chemical method) and Fig 3 (for the 
regular solution method). In each figure, 
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to give the better fit, although both fail in 
much the same way at high concentrations. 
Using an average value of w, the quasi- 
chemical theory may be used to calculate 
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Fic 3—AcTIVITY COEFFICIENTS OF ZINC IN a-BRASS. 0 INTERPOLATED FROM DATA OF HARGREAVES. 
—CALCULATED EQ 5, Nw = —1100 CAL/G ATOM. 


(The numbering of the vertical scale corresponds to 700°C; the curves for higher temperatures 
have been successively shifted 0.04 units upwards to avoid confusion.) 


curves have been drawn for more than one 
value of Nw, in order to show the effect 
of varying this parameter. On the whole, 
the more exact quasi-chemical theory seems 


latitude can be exercised in drawing the smooth 
curves, since Hargreaves’ results deviate occa- 
sionally much more than can be accounted for 
by his estimated 1 to 2° uncertainty in dew- 
point temperature. Thus the points at 1.2 pct 
Zn were disregarded entirely. It would seem 
also from inspection of Birchenall and Mehl’s 
Fig 2 that activity coefficients have been com- 
puted incorrectly in two-phase regions, as the 
tatio of activity to over-all concentration. 
Actually the activity should be divided by the 
concentration of zinc in each of the phases in 
equilibrium, to obtain two values of the activity 
coefficient, one for the a- and one for the 
8-phase. 


the short-range order as measured by the 
decrease of the quantity « from its value 
in regular solutions, namely c?. This com- 
parison is made in Table 1 in which the - 
values of « were obtained from the equi- 
librium condition, using Mw = —1080 
cal/g atom. It is seen that x is significantly 
less than its random value and that this 
difference persists even to the melting 
points of the solid solutions. 

The application of the theory to the 
beta phase would be of considerable 
interest but lack of information about the 
properties of the hypothetical body- 
centered cubic forms of copper, and zinc 
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decreases greatly the significance of the 
calculations. (The use of hexagonal zinc as 
standard state in place of the cubic close- 
packed structure as required by the theory 
is probably a much less serious approxima- 
tion in the a-phase.) Nevertheless there are 
indications that large discrepancies exist 
between values of Nw derived from activity 
coefficients in the disordered state, on the 
one hand, and from the disordering 
temperature and the associated energy 
change, on.the other. 


TABLE 1—Short Range Order in a-Brass 


x* 
c c? 
700°C 800°C 900°C 
0.12 0.0144 0.0001 0.0005 0.00909 
0.24 0.0576 0.0406 0.0420 0.0432 
0.36 0.1206 0.1009 0.1034 0.1056 


* Computed from 


— 2 
(c — 2) pe R= 1.987 cal/deg mole 


108 Ge ae Tay OR 


The relation between concentration and 
disordering temperature, T., for a-brass on 
the quasi-chemical theory has not been 
explicitly derived, although Takagi’s re- 
sults are in principle sufficient for this 
purpose. The less exact Bragg-Williams 
theory should not, however, be seriously in 
error in this respect, and from it, using the 
value of —1080 cal/g atom for Nw which 
seems to give the best over-all fit to the 
activity coefficients, one obtains, at 25 at. 
pet Zn, a value of T. of 405°K (132°C). 


SUMMARY 


The free-energy formulas derived by 
Takagi on the basis of the quasi-chemical 
theory are extended to give expressions for 
the activity coefficients of the components 
of disordered binary solid solutions. The 
results may be applied with fair accuracy 
to the system a-CuZn. The degree of 
short-range order and approximate temper- 
ature of disappearance of long-range order 
are computed for the a-phase. 
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(J. W. Halley and W. T. Lankford, Jr., 
presiding) 


C. E. BrrcHENALL*—I think Dr. Guttman 
is to be congratulated on his treatment of the 
activities of alpha brass, and particularly for 
calling attention to the very excellent paper of 
Takagi on the ordered structure of solid solu- 
tions. This paper is in a Japanese journal, and 
so is not readily available in this country. 

I think that the use of w as a constant quan- 
tity, regardless of temperature and concentra- 
tion is probably not a necessity, that is that this 
free energy of reaction is probably dependent 
upon the temperature and the concentration. 
The potential-distance curves for the three 
types of atom pairs probably do not have the 
same slopes and the thermal expansion of 
the lattice would be enough to cause some 
changes in w. , 

In my paper of last year, at 700°C I used a 
value of 1115 cal per mole, and at 950°, 1150 
cal per mole. A variation in this direction 
would bring the calculated curves into better 
agreement with the data. 

The remark is made here that it is impossible 
to separate w into its component parts. On the 
basis of this more general theory, that is true. 
The amount of specific information one can 
obtain about a system is a function of both the 
number and kinds of assumptions one is either 
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willing or forced to make about the system. In 
gaining generality of treatment and perhaps 
better numerical results, some of the qualitative 
advantages are frequently lost. 

At the moment, in our laboratory we are con- 
ducting experiments to obtain some experi- 
mental verification for this sort of treatment by 
combining X ray studies with vapor pressure 
measurements. 


J. Cutpman*—I should like to say that this 
is a very interesting, very pertinent, and very 
timely sort of a paper. Metallurgists have been 
using thermodynamics for a longer time than 
some of you may suspect. Activity coefficients 
in solid as well as liquid solutions have been 
really one of the puzzling parts of the job. Here 
is a case now where we really feel we know 
something about activity coefficients, and we 
have a beautiful tie-in of the activity coeffi- 
cient with the short range order. 

I would like to suggest that in computations 
of this sort we do not overlook the usefulness of 
the infinitely dilute solution at the standard 
state for the solute. Many of these curves 
would very closely superimpose if we simply 
take the activity coefficient of the zinc as equal 
to 1 in the very dilute solution. The infinitely 
dilute solution of zinc in a solution of the kind 
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under consideration makes a simpler standard 
state than a hypothetical liquid or the actual 
solid zinc. Moreover, the curves in this case are 
sufficiently near regular-so that extrapolation 
to infinitely dilute solution involves essentially 
no uncertainty. 


L. GutrTmMan (author’s reply)—I wish to 
thank Mr. Birchenall and Mr. Chipman for 
their comments. 

In reply to both, I may say that the point of 
view adopted in my paper has been to minimize 
the number of assumptions. This has the ad- 
vantage that if the theory is successful, it may 
be applied with confidence in cases for which 
little data are available. On the other hand, if 
discrepancies appear, it is also easier to trace 
the possible causes. Moreover, both the experi- 
mental errors and the mathematical approxi- 
mations used by Takagi made it seem meaning- 
less to introduce refinements such as variation 
of w with concentration or with temperature 
(the latter would allow use of the infinitely 
dilute solution as standard state). 

I must still maintain that no statistically 
consistent treatment will allow the evaluation 
from activity coefficient data alone of more 
than the combination v4a + vee — 204z, with- 
out the introduction of assumptions in addition 
to those made by both Birchenall and myself. 


Diffusion, Mobility and Their Interrelation through Free Energy in 
Binary Metallic Systems . 


By L. S. DarKen,* MemBer AIME 
(New York Meeting, February 1948) 


Ir has been known for sometime that in an 
ionic lattice, such as that of AgsS or FeO, 
the migration velocity of the anion may 
differ markedly from that of the cation, the 
cation being usually the more mobile. It 
has been shown, for example, that during 
the formation of silver sulphide tarnish on 
silver, the tarnish layer grows principally 
by the motion of silver cations through an 
essentially stationary silver sulphide lattice. 
Similarly, the growth of wiistite scale on 
iron proceeds principally by motion of iron 
ions, this being accomplished with the aid 
of vacant iron lattice sites into which the 
iron may readily move. Likewise investiga- 
tions of solid solutions of various salts show 
that there is usually considerable difference 
in the mobility of the different cations. 
Measurements of the mobility of various 
metals in liquid mercury indicate that the 
various metals move at different rates rela- 
tive to the mercury. 

In view of the foregoing it seems reason- 
able to suppose that when any single phase 
solution is acted upon by a field, the atoms 
of different elements respond in different 
ways; in particular, that the force arising 
from a particular concentration gradient in 
a binary alloy would cause the atoms of one 
component to move with a drift velocity 
which is in general different from that of the 
atoms of the other component. The recent 
experiments of Smigelskas and Kirkendall! 
support this viewpoint, since they found, in 
essence, that during diffusion in alpha brass 
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zinc moves appreciably faster than copper. 
This was evidenced by the relative motion 
of inert molybdenum wires. Such a phe- 
nomenon is incompatible with the place 
interchange theory of diffusion proposed by 
several authors, most recently by Bir- 
chenall and Mehl.? This theory has, how- 
ever, also been questioned** for other 
reasons, principally because of the high 
energy required for direct atomic inter- 
change. The rather large difference between 
self-diffusivity, as determined by tracer 
technique, and mutual diffusivity, as deter- 
mined with the aid of another element at 
low concentration, might also be inter- 
preted as favoring the above idea; however, 
Birchenall and Mehl have pointed out that 
there is another possible interpretation of 
this difference; this is discussed later. A 
rather interesting and pertinent observa- 
tion was made by Schwartz,' who noticed 
that tungsten lamp filaments, heated by 
direct current, commonly fail by necking 
down in the region at the temperature 
gradient near the positive end, with a con- 
comitant swelling at the corresponding 
position near the negative end. He intro- 
duces considerable auxiliary evidence to 
show that this phenomenon is occasioned 
by the motion of tungsten cations which 
migrate in the high temperature region 
from the positive end toward the negative 
end. The mechanism of this migration is 
not clearly understood. If, however, this 
experimental evidence be accepted, we are 
forced to conclude that alloying elements 
in the tungsten may migrate by the same or 
a similar mechanism, whatever it may be, 
at a greater or lesser rate, thus giving rise 
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to a phenomenon similar to that observed 
by Smigelskas and Kirkendall in brass. 

Since the mechanism (or mechanisms) of 
diffusion processes in metals is not estab- 
lished and the Boltzmann (or Matano) 
method is inadequate for the cases dis- 
cussed above, there seems to be required a 
more general phenomenological treatment 
of the problem. 

If displacement or motion of one com- 
ponent of a binary alloy is to be considered, 
then the first problem is to define this mo- 
tion, in other words to decide how this dis- 
placement is to be measured and what is to 
be the criterion of displacement. This is 
primarily a problem of choice of coordinate 
axes for diffusion, and is very similar to the 
problem of determining the motion of water 
in a stream. The velocity of the water is 
measured by throwing into it a small chip of 
some material which will remain suspended 
therein. The velocity of the water in the 
vicinity of the chip is then taken as being 
the velocity of the chip. Use of a paddle 
wheel, or screw, is merely a variation of this 
fundamental technique. Objections can be 
made to this chip method; for example, a 
critic could maintain that the particular 
chip used might be equipped with motor 
and propeller, or that it was jet propelled 
by some chemical reaction. To meet such 
an objection it would be necessary to inves- 
tigate for possible means of propulsion and 
try several chips of different composition 
and then determine whether all gave the 
same result under the same conditions. 
Having determined that such was the case, 
there would seem to be no alternative to 
accepting the velocity of the chip as that of 
the stream. In diffusion experiments carried 
on in such a stream, it would seem reason- 
able to choose coordinate axes which were 
at rest relative to the inert chips. If the 
stream velocity were not uniform so that 
chips moved relative to each other, then it 
would be necessary to devise some scheme 
whereby at each point diffusion was related 
to coordinate axes fixed relative to the chips 
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in the vicinity of that point. It would cer- 
tainly be foreign to our accepted notion of 


diffusion to attribute any motion shared by 


the inert chips to a diffusion process. For ex- 
ample, if the stream flowed more rapidly on 
the right side than on the left and if, at some 
instant, salt were added at an upstream 
position and then samples were taken at a 
downstream position, it would undoubtedly 
be found at the downstream station that 
the salt content increased on the right side 
before it did on the left. One would hardly 
be tempted to conclude from this that the 
diffusivity of salt in water was greater on 
the right side of the stream than on the left. 

Smigelskas’? and Kirkendall’s experiment 
serves as a rather pointed reminder that a 
very similar situation prevails in diffusion 
experiments in metals. Since the gross 
motion during diffusion is not as obvious as 
that of flowing water, the choice of coor- 
dinate axes in the past has not been based 
on any sound consideration but has been 
more a matter of convenience in mathe- 
matical treatment. In view of the some- 
what improved nature of experimental data 
in this field and of the observations by 
Smigelskas and Kirkendall, it seems appro- 
priate to attempt to settle this ntatter. 
Their method of using small inert wire 
markers to establish the origin of a coordi- 
nate system to which diffusion phenomena 
are to be referred seems an excellent choice, 
particularly since it involves no assumption 
whatsoever as to the mechanism of the 
diffusion process or as to the nature of the 
metallic state. It is as simple in principle as 
the chip method of measuring stream velo- 
city and if there is any alternative method 
it is certainly not obvious. The objection 
that perhaps these particular markers are 
subject to some unknown force is answered 
by the fact that other markers, such as 
‘“‘shost lines”? and nonmetallic inclusions, 
move identically, similarly to the way chips 
of various materials move together in the 
stream of water. There would seem to re- 
main the alternative of referring diffusion 
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s 
phenomena to a set of coordinate axes fixed 
in the lattice. But a lattice point is unob- 
servable and, if we adhere to the opera- 
tional method, so strongly upheld by 
Bridgman, a concept for which there is 
no corresponding operation is mean- 
ingless; hence, this concept of a coordinate 
system fixed relative to unobservable 
lattice points seems, for. the present, 
fruitless and devoid of meaning. Further, 


it is not known whether there exists - 


a valid ‘law of conservation of lattice 
points.” Even if these difficulties were 
overcome, there seems to be nothing to be 
gained by such a choice of axes, for if the 
statistical motion of copper atoms in brass, 
for example, were identical with the motion 
of inert molybdenum markers, one would 
hardly call this a diffusion of copper, even 
if both moved relative to the lattice. 

The next part of this paper deals with 
unidimensional diffusion in the light of the 
above discussion. With the simplifying as- 
sumption that the total volume change is 
_ hegligibly small it is shown that if a gross 
motion, as determined by relative motion 
of inert markers occurs, the phenomena 
may be completely represented by two 
simultaneous equations, one of which is 
identical with the usual “‘Matano solu- 
tion.” The final part deals with the applica- 
tion of free energy (activity and activity 
coefficients) to the results of the next sec- 
tion and includes an application to the 
silver-gold system. 


A Mort GENERAL PHENOMENOLOGICAL 
TREATMENT OF THE UNIDIMENSIONAL 
DIFFUSION PROBLEM 


Let us consider the unidimensional diffu- 
sion phenomena which take place when two 
thick, long rods, each initially a homogene- 
ous alloy of the same two elements though 
in different proportion, are joined at a plane 
interface. The sides must be adequately 
protected so that all diffusion and motion 
occur parallel to the axis. Since it is de- 
sired to consider gross flow as well as diffu- 


sion, let it be assumed that many sets of 
small inert markers (in principle, vanish- 
ingly small) are placed in the rods, each 
set perpendicular to the axis, so that the 
position of all points may be determined 
by section and examination at any arbi- 
trary time. Only that motion which is rela- 
tive to the markers is considered as directly 
attributable to diffusion. 

In any very small region we set up a uni- 
form distance axis, y, the origin of which is 
fixed relative to a marker. In this small 


region all changes of composition at a fixed ~ 


place in this reference frame may properly 
be attributed to diffusion and it follows that 
D,, the diffusivity of component one, may 
be defined by the relation that the rate of 
passage of component one across a plane of 
unit area, fixed in the y coordinate system 
normal to the y axis, equals —D, Fe 
where C, is the concentration of component 
one, in atomic units per unit volume. Under 
the postulated condition that relative mo- 
tion of the markers occurs, the above 
coordinate system is valid only for a very 
limited distance from its origin, since at 
greater distance the markers move in this co- 
ordinate system and the rate of passage of 
component one across a unit area is not at- 
tributable to diffusion only but is in part due 
to flow with the markers; consequently, this, 
OC, 


rate may not be equated to —D, eae 


In order to avoid the use of an infinitude of _ 


coordinate systems to meet this situation, 
it may first be observed that a transforma- 
tion from the y coordinate system to any 
other linear system, say an x distance axis, 
which is parallel to the y-axis but which 
may be in motion relative thereto, leaves 


: dC 
the expression —D,; — By unaltered ex- 


cept for the substitution of « for y; thus it be- 
dC Ae Ree, 
comes —D, ear? ee which is still the rate 


of passage of component one across a unit 
plane fixed relative to the inert markers. 
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The x-axis may now be used as a common 
reference axis for all points in the system. 
Relative to this x-axis the inert markers 
have a velocity, v, which is a function of 
position (x) and time (#). The rate of trans- 
port of component one across a unit plane 
normal to the x-axis and at some fixed point 
thereon may now be divided into two parts: 
1. That by diffusion, or that which moves 
across a plane which is stationery rela- 
tive to the local inert markers, which is 
OC, rad 
eee race ; and 2. That by motion in 
common with the ‘inert markers which is 
Cy. Thus the total rate of transport of 
component one across such a plane is 


0c 
_ [p= cw |, Equating the rate of 


a Be I : OC; 
accumulation in any unit volume OE to 
the excess of the inflow over the outflow, 
0 [ OC, | 
Ox Sap. = Al 

Se Soe | 
diemianke ag oo! aie 


A corresponding equation holds for compo- 
nent’ 2 
8G _ 8 pa: 
hen Ox *: dx 
Adding and inserting the relation that the 


total number of gram atoms per unit 
volume C = (1+ C, 


Cx | Eq 2 


16 a OC; 0C2 
eae Dig, + DoE —co | Eq 3 


On the simplifying assumption that the 
gram atomic volume, hence C, is constant, 


2dC 


i O and Eq 3 reduces to 


te) [ Ci OC2 | & 
ax Dig, + D2 Ay —Cv| =O Eq3a 
which on integration becomes 


OC; OC. ~ : 
D>; ser sg Coos Eq 3b 


where J is an integration constant. At very 


great distances, in either direction, from 
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the initial join, oe and ots are zero. 
Ox Ox 

Hence Cv, = J where »,, is the velocity of 

the inert markers at very great distances. 

It is now clear that the simplest choice of 

« axis is one rigidly fixed in the ends of the 

bar. Adopting this choice, v, = O and 


I = O. Then 


I oC OC; 
r= ol Get Dae] eas 


Inserting this value for v in Eq 1, 


9G _ 8 | p26 
Ot Ox Ll! ax 
Cy OC, Gi aed 
ele be ORG atl 
: ; Cy 
Or in terms of the atom fraction N; = ‘6a 
Ce 


and V2 = rol C being constant, 


0 oN 
Sayre 2 | ards + MDs oN | Bq 5a 


Solving this equation in the usual manner, 


by making use of the variable \ = aA and 


trying for solution NV, = f (A), it reduces 
to: 


I dN 
—ZhdN1 = d [ cap, 4 ND») Ms | 


As x and ¢ have thus disappeared, it is 
proved that NV, = f (A) is the solution of 
Eq sA, providing the boundary conditions 
are satisfied; inspection shows that they 
are, the origin being selected at the initial 
position of the join. Integrating from a 
distant point where V; = N° to the one 
corresponding to composition NV: 

I M1 - 
es des Adi 
“> dNi/dd 

In the past the diffusivity designated D was 
found as a function of concentration by the 
Matano,® or Boltzman,’ method and D as 
actually determined and recorded was 


N2D; + NiD2 = Eq 6 
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identical with the expression on the right of 
Eq 6.* Hence 

D = ND, + NiDz Eq 7 
The diffusivities as recorded in the litera- 
ture are therefore correct in principle, but 
incomplete in the sense that at any particu- 
lar concentration D, and D, cannot be 
evaluated from D alone. The evaluation of 
D, and Dz requires another relation in 
addition to Eq 7. This is conveniently taken 
as Eq 4 rewritten in terms of atom fractions 


ON 
v= (Dz — Dy) =? or 


ON1 » 


v= (Di — D1) aT E q 8 


These two Eq 6 and 8 (or 7 and 8) may be 
regarded as completely descriptive of iso- 
thermal linear diffusion in a single phase 
composed initially of two uniform sub- 
stances during which the atomic volume 
remians constant.f This assumption also 
implies the constancy of the total volume; 
it is local volume changes that are 
considered. 

Determination of v. With the aid of the 
above equations, D; and D2 may be found 
from the usual type of data leading to the 
evaluation of D plus a knowledge of the 
velocity of the inert markers. As this latter 
requires in general the use of several speci- 
mens in order to plot position versus time it 


seems desirable to establish the behavior of 
such inert markers insofar as possible in 


order to minimize the amount of experi- 


£ That this proof be complete it is necessary 
to show that the choice of origin is the same in 
the two cases. This may be done as follows: 
The material that disappears from one side of 
any plane (moving or stationary) parallel to 
the original join, must appear on the other. In 
particular this is true of the stationary plane 

0 


initially at the join. Hence bi xdNi = 
c+] 


P. tin 1. As this expression also defines 


the ‘‘Matano interface”’ 
completed. 

TDi and Dz may be found explicitly by 
simultaneous solution of Eq 6 and 8. 


alee fron] 
aM 1v ot Nw” af 


Ox I Nz 
TB aay ke? aye 
2 | vw 2 fh, dN: | 


the proof of Eq 7 is 


dD, 


mental data required. This may be done 
easily for an inert marker initially at the 
join. From the fact that the solution of 
Eq sA is of the form N; =f (A) where 


re pee 

Vt 
point defined in terms of A, or hence in 
terms of any combination of A, Ni, N2, 
D,, and Dz, is given by the relation x = 
I ¢* where J is a function of \, hence, con- 
stant for the type of point under considera- 
tion. Eq 8 for the velocity of a marker may 


dN 
(Dyas sae As 


, it follows that the position of any 


also be written v #2 = 


v t}* is a function of the position of a marker, 
initially at the join, and, as seen from the 
right side of this equation, is a function of 
d, as Ni, Di, Dz are functions of X, it fol- 
lows that the position of such a marker +» 
satisfies the above condition and is there- 
fore given by the expression. 


Gee lees Eq 9 
or 
dxm I Ca 
} ee — ld —4 =_-— 
v a ; 18%; * Eq 9a 


(which applies only to a marker initially 
at the join). 

The validity of Eq 9 may be checked by the 
experimental data of Smigelskas and Kir- 
kendall. The shift of interface (in cm) xm, 
as given by them in their Table 1 is plotted 
against the square root of time (in days) in 
Fig 1. The deviations from linearity appear 
to be within the experimental error. From 


: oa dim 
this plot it is found that i = 0.0016 cm © 


day~* or v t% = 0.0008 cm days-% = 
2.72 X 10-§ cm sec~’. Further experi- 
mental support of the foregoing reasoning 
that the position of the marker is a function 
of \ is found in the fact that the composi- 
tion in the vicinity of the marker used by 
Smigelskas and Kirkendall is independent 
of time, being 22.5 pct zinc for both the 
6 day and the 56 day samples. 

For the 56 day sample (see penetration 
curve in Fig 3 of paper by Smigelskas and 


Kirkendall) the slope seul at the molyb- 


Es 
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TABLE 1—Comparison of Observed and Calculated Diffusivity for the Siluer-gold System 


—_—————— eee 


e — 44100 
D2* = 0.12€ eM Ge tay ee. 
— 44700 
Di* = 0.30€ ie Sig SA Eee 5 pee ea 
— 41700 
Hb 
D=0.14e (observed archon weed temencn 


Peeatictaledcirom Bq Toasts. dhaeiei ciart oicescsias oles ou 


800°C 900°C 1000°C 
Creed (OF ie ets op i a ae) 7 X 10710 3.2 X.107? 
Bisa, Bik 18. 8.2 
sre tte 4.5 24. 9.7 
we ae 3.8 25. 9.3 


denum marker is 0.43 cm™!, ignoring the 
difference between atom and weight per 
cent. As #4 = 2.2 X 103 sec%, it fol- 
lows from the above value of v ¢” that 

peed. 2 XX. 10° 


= 9 
octet 1.24 X Io cm per 
sec. Inserting these values in Eq 8 it 
: i tex 10 
is found that Dzn — Dou = Si sstes te 


2.9 X 107° cm? per sec in the 22.5 pct zinc- 
copper alloy at 785°C. From the data of 


.Rhines and Mehl,? D= 4.5 X 10-* at 


785°C and 22.5 pct zinc. Eq 7 and 8 thus 
become 


Din — Dou = 2.9 X 107° cm? per sec 
0.775 Dan + 0.225 Dou 
= 4.5 X 1o~* cm? per sec 


The solution is Dou = 2.2 X 107° cm? per 
sec and Dzn = 5.1 X 10~° cm? per sec. The 
ratio Dzn/Deu is 2.3, in fortuitously good 
agreement with the value 2.3 calculated by 


¥t (days) 


Fic 1—DaTA OF SMIGELSKAS AND KIRKENDALL FOR DIFFUSION IN BRASS PLOTTED TO SHOW 
LINEAR VARIATION OF SHIFT IN POSITION OF INERT MARKERS WITH SQUARE ROOT OF TIME OF DIFFU- 
SION IN ACCORDANCE WITH EQ 9. 
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the author from the data of Smigelskas and 
Kirkendall only.* 

It is to be remembered that all the fore- 
going calculations are based on the assump- 
tion that the gram atomic volume is essen- 
tially constant. Although this condition is 
not satisfied too well by the solid solutions 
of zinc in copper, it seems reasonable that 
this should not give rise to serious error. 
The effect of any appreciable porosity in 
the high zinc side may be more serious 
though this effect is difficult to evaluate. 
Since Smigelskas and Kirkendall used only 
one set of markers, at the original join, 
Dz, and Deu cannot be evaluated by this 
method at other compositions except at 
very low zinc content where it will be noted 
from Eq 7, D = Dzn which, from the data 
of Rhines and Mehl, is 0.3 X 107%. Thus 
Dz undergoes a 17 fold increase between 
o and 22.5 pct zinc. 


The Relation between Diffusivity, Mobility 
and Activity in Binary Systems. 


The force acting on a particle in a poten- 
tial field is the negative gradient of its po- 
tential. energy. In the case of atoms in a 
concentration gradient the potential per 
gram atom is assumed to be the Gibbs 
chemical potential, usually called the 
partial molal free energy. The diffusion 
velocity of an atom may be equated 
formally to the product of this force 
4.53 and the velocity per unit force 
or mobility, Bz; hence the rate of linear 
diffusion of component 2 in gram atoms 
per unit time across a unit plane nor- 
mal to the direction of diffusion is equal 
to the diffusion velocity times the concen- 
tration, or -F i BeC2, where N is 


*L.S. Darken Discussion of reference 1. It 
will be noted also that the above calculation 
based in part on the data of Rhines and Mehl 
eliminates the possibility pointed out by 
Smigelskas & Kirkendall (in their reply) that 
the ratio of mobility for diffusivity of zinc 
to copper may be much greater on account of 
porosity effects in their samples, 


Avogadro’s number. From the definition 
of Dz, this rate is also equal to the expres- 


dC 
sion —Dz2 de 
Equating these two expressions 
dC et dF, 
Ds dx  N dx 2Cz nea 
or 
dF, BC, 
Dz = aC, N Eq toa 


Using again the approximation that the 
gram atomic volume is constant 
I dF, 


Dz = 3 an, BN? 


From the definition of activity, namely, 


Eq 1ob 


dF, = RT dinaz, it follows, in combination 
with 10B that 


dlnay 


De = kRTBz dinN > Eq II 


and from the definition of the activity 
coefficient, y2 = a2/N2 


D, = kTB; (: +N, a) Eq 12 


The analogous expression to Eq 12 for 
component 1, obtained by replacing all 
subscripts 2 with 1, is obviously equally 
valid. 


Di = kTB, (« Ny oy) Eq 12a 


There is no intention to imply that the 
mobilities B and By remain constant with 
varying composition. If the system is 
ideal, the activity coefficient is constant 
and this expression reduces to the well 
known Einstein relation? D; = kTB; the 
derivation of which is given in many 
places, for example by Jost. An equation 
similar to 12 has been given by Onsager 
and Fuoss" for the diffusion of elec- 
trolytes in aqueous solution. The contri- 
bution of the term in parenthesis involv- 
ing the activity coefficient in Eq 12 is 
usually by no means insignificant. The 
magnitude of this term for binary metallic 
systems, may be determined by investi- 
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gating a system which behaves regularly, 
that is, one for which Iny; = aN’, a rela- 
tion followed approximately by many 
metallic systems (for an ideal system 
dlny> a 
dN, 


a@ =o). For such a system N; 


= 2aN1N>. 

Cases are known in which the absolute 
value of a is greater than 5, a being nega- 
tive. For such a case the above term takes 
the value 2.5 for the 50-50 alloy; the expres- 
sion in parenthesis in Eq 12 is 3.5 instead 
of unity as assumed in the Einstein relation. 

It will be noticed that the equations 
developed so far in this part apply to a 
multicomponent system as well as to a 
binary system except for the coupling of 
irreversible processes which leads to the 
thermoelectric phenomena, the Soret effect 
and others. A binary system which obeys 
an equation of state, that is, all intensive 
properties are a function of temperature, 
pressure and composition only, obeys also 
the thermodynamic relation (Gibbs-Du- 


hem equation), 
NidF, + NidF, = 0 Eq 13 


which may also be written in terms of the 
activity coefficients 


Nidlnyi + Nediny2 = 0 - Eq 134 


or, since dN, = —dN2, 


% Mi ON os Ae N2 dN» Eq 13b 


ae 
a Hence it is seen that the expression in 
__ parenthesis in Eq 12 is equal to the corre- 
sponding expression in Eq 12A. Dividing 
Eq 12 by Eq 12A, it is seen that the follow- 
¢ - ing relation holds for such a binary system: 
e a Bs Eq 14 
Since the isotope tracer technique is be- 
coming popular as a method of measuring 
diffusion rates, it is of interest to investigate 
the relation between diffusivity determined 
in this manner and that determined by the 


IQI 


usual method of chemical analysis. In the 
case of a single element, the major isotope 
or mixture may be regarded as component 
one and the tracer isotope as component 
two. From Eq 7° (D= N,D.+ N2D,) 
it is seen that the diffusivity D, in this 
case, is equal to De, since Nz is very 
small. Thus, as may have seemed ob- 
vious beforehand, the diffusivity deter- 
mined by this technique is that of the 
isotope tracer. Assuming that the prop- 
erties of the isotope tracer are essentially 
identical with those of the major isotope, 
or isotopes, except for the slight difference 
in mass, it follows that the drift velocity 
(“stationary velocity’) under unit force is 
essentially the same for the two, or that 
B, = Bz. From Eq 14 it then follows that 
D, = D, or that the term “self-diffusivity” 
as commonly applied is justified. 

A very interesting set of experiments has 
been performed by W. A. Johnson! in which 
the diffusivity D, called by Johnson the 
“chemical diffusivity,” was determined in 
the usual manner for the gold-silver system 
near the composition V; = N2 = 0.5; in 
addition the diffusivity of radio-active gold 
and silver isotopes in this alloy was meas- 
ured. In this case also there would seem to 
be very strong reason for the presupposition 
that the mobility (drift velocity under unit 


’ force) B2*, of the radioactive gold isotope 


is essentially the same as that of the rest of 
the gold, Bz and similarly for the silver, 
that B;* = By. If the gold-silver solid solu- 
tions behaved ideally then it would be 
expected from the Einstein relation that 
D.* = Dz and D,* = D;; hence from Eq 7 


* D * 
that D = aver for the 50-50 alloy. 
However it is found experimentally that 
such is not the case and that instead of 
being the mean of D,* and D.*, D is appre- 


ciably larger than either. Regarding this 
as an indication that departures from ideal 


* The asterisk is used throughout this sec- 
tion to indicate a property of a radioactive 
trace isotope, 
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solution behavior may be significant, the 
problem will now be treated by means of 
Eq 12 and 7, which are believed to be exact 
except for changes in the gram atomic 
volume, and the above postulate as to the 
equality of mobilities of isotopes of the 
same element. Combining these two equa- 
tions it is found for the ‘‘chemical case” 
that 


ay 
dN» 
(N Be + N>2B,) Eq 15 


p=ar (rt, 


For the case of the radioactive gold tracer 
Eq 12 becomes 


a) , 


D.* = ktBo* € + N2* aN 3* 


The activity coefficient is a function of the 

gross composition only and is not a function 

of the amount of trace elements or isotopes 

(see Henry’s law), hence y2* does not vary 

over the very small range allowed N* and 
dlny2* . aai8 : 

NX aN ,* 38 Zer0. In addition according to 
the above assumption B2* = Bz and hence 
this relation becomes 


D.* — kTBz 


Eq 16 


A similar relation obviously holds for the 
radioactive silver isotope 


D,* = kTB, 


Eliminating B, and By, from Eq 15 by 
means of Eq 16 and 17 it is found that 


D = (N,D.* + N2D,*) 
diny2 


(1 + Ne se) Eq 18 


In order to check this equation against 
Johnson’s experimental data it is necessary 
to evaluate the term involving the activity 
coefficient. This may be done from the data 
of Wagner and Engelhardt!* who measured 
the activity of silver in silver-gold alloys 
over the concentration range Nag = 0.0825 
to 1.00 by the electromotive force method; 
the temperature range was 407 to 745°C. 


_Eq17 


Plotting their data as RTlInyag vs. 
(1 — Nag)? at the four temperatures inves- 
tigated, as well as those of Wachter™ at 
200 and 400°C, yields the curve shown in 
Fig 2. The line as drawn is the best straight 
line through the points corresponding to the 
data at 745°C, the highest temperature 
investigated; as the change with tempera- 
ture seems to be less than the experimental 
error, this line will be regarded as repre- 
sentative of all temperatures considered. 
It is clear from this figure that the relation 
is essentially linear except for the last point 
of Wagner and Engelhardt at Na, = 
0.0825, which is caused probably by an 
experimental error, as the point correspond- 
ing to this composition is very erratic at 
all temperatures investigated. However this 
may be, it is not important for the present 
consideration as we are interested in the 
behavior only at Nz = Ni = 0.50, which 
corresponds to (1 — N2)? = 0.25 in Fig 2, 
where there is little question of the linearity 
of the plot. The slope [ er REE TE Bo] as 
read is 3200 cal. From this slope values of 


the quantity (: + Na Te) are readily 


calculable at various temperatures. Values 
of D at Nz = Ni = 0.5, calculated from 
the experimentally determined values of 
D,* and D,* with the aid of these data and 
Eq 18, are shown in Table I. D,*, D2*, and 
D, all taken from a smoothed plot of 
Johnson’s experimental data, are also given 
in this table. 

The discrepancy between observed and 
calculated values, which averages about 
10 pct does not seem too great to be at- 
tributed to experimental error; if the slope, 
RT Go had been taken from the 


lower points in Fig 1 then the calculated 


value of D would be increased by about - 


ro pct and would thus be in nearly perfect 
agreement with the observed values. The 
precision of the diffusion measurements as 
judged from the departure of the individual 
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points from the best straight line (Fig 8 of 
Johnson’s paper) is about 5 pct. 

It is of interest at this point to compare 
the above treatment of diffusion in the 
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that the diffusion process can be interpreted 
in terms of the activity gradient but if such 
is the case one would not expect to have to 
inquire further as to the source of the ac- 
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Fic 2—VARIATION OF ACTIVITY COEFFICIENT OF SILVER IN SILVER-GOLD ALLOYS, EXPRESSED AS 
RT \n y4g, AS A FUNCTION OF CONCENTRATION, (1 — W4q)?. 


silver-gold system with that suggested by 
Birchenall and Mehl,? who favor a mecha- 
nism of diffusion involving a “direct inter- 
change of lattice sites by two neighboring 
atoms.”’ They further ‘‘assume that trans- 
port of gold in the alloy occurs chiefly by 
double exchange with silver and only to a 
negligible extent by exchange with itself.” 
In other words, they assume that the mo- 
bility of the gold ima given alloy depends on 


- the nature of the force acting upon it; that 


a different mobility will be observed if 
different forces identical in magnitude but 
different in nature act upon it. In one case 


‘the force derives from a composition 


(activity) gradient common to two gold 
isotopes and in the other from a composi- 
tion gradient common to gold and silver. 
This appears to indicate a major incon- 


‘sistency in their treatment. They postulate 


tivity gradient. If the treatment given by 
Birchenall and Mehl is correct then the 
concept of mobility is fruitless in diffusion, 
because the mobility, being the steady 
state velocity under unit force, becomes 
meaningless if the steady state velocity 
depends not only on the magnitude of the 
force but also on its nature. Although this 
is a possibility it is quite foreign to tradi- 
tional physical thinking, a force of given 
magnitude having always been regarded as 
producing its effect, no matter what the 
origin or nature of the force. It is this 
traditional concept which has been utilized 
in this paper and which appears to give a 
quite satisfactory interpretation of John- 
son’s measurements. The fact that this 
concept is incompatible with the atomic 
interchange theory of diffusion seems to 
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this author to be further evidence that di- 
rect atomic interchange is very improbable. 


SUMMARY 


1. The recent experimental evidence of 
Smigelskas and Kirkendall, as to the mo- 
tion of small inert markers during diffusion 
in brass suggests that the diffusivity as 
commonly defined is an inadequate repre- 
sentation of diffusion phenomena. The use 
of two diffusivities in binary systems—one 
for each component—has been proposed. In 
the case of diffusion accompanied by no 
change in the total volume this leads to a 
rather simple solution involving a reference 
frame rigidly fixed in the distant parts of 
the specimens and retaining the Boltzmann 
(or Matano) D, but requiring in addition a 
knowledge of the motion of inert markers 
imbedded in the alloy in which the diffusion 
occurs. The two simultaneous equations are 


D = N,D2 + N2D, 
and v= (D2 <_< D;) =— oN: 


where D, and Dy are the individual diffu- 
sivities of components one and two, WV; and 
N:2 are atom fractions, x distance and v the 
velocity of an inert marker. Thus from D, 
as determined in the usual manner, and 2, 
as determined by observation of inert 
markers, D, and D2 may be evaluated from 
the above equations. This is done for the 
copper brass system. 

2. Regarding the driving force in diffu- 
sion as the negative gradient of the chemi- 
cal potential (paitial molal free energy) the 
following relation between diffusivity Dj, 
mobility, B; and activity coefficient, y:, 
is developed: 


dlny: 
dN; 


D; = RTB; (: -f- Nx 


This equation is an extension of the Ein- 
stein relation (D; = kTB;), which, how- 
ever, is applicable only to systems obeying 
the ideal solution laws. 

By combination of these relations it is 


found that the diffusivity D, of a binary 
alloy is given by the expression 


dl 
4 (N,D2* si N2D,*) (: + N2 mt) 


where the asterisk denotes a diffusivity 
determined by tracer technique in an alloy 
of the same composition. This relation is 
checked against available data and found 
satisfactory. 
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DISCUSSION 


(J. W. Halley and W. T. Lankford, Jr. 
presiding) 


A. D. LeCratre*—The derivation of the 
expression for the velocity of a marker at the 
join surely involves the assumption in the first 
place that the concentration there is constant. 
Therefore, the observed fact that this is so, in 
Smigelskas and Kirkendall’s experiments, is not 
a support of the truth of Darken’s Eq 9 and ga, 
but rather an indication that in this case 
(Zn in a-Brass) Eq 9 and ga are applicable. 


* Atomic Energy Research Establishment, 
Harwell, W. Didcot, Berkshire, England. 
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The velocity of any marker is given by 


j= (D, = Dy, aN 
Ox 
or of = (Di — D,) — “ : 
since Ny = f(r): 


The values of D; and D, at the position of the 
marker are functions only of the concentration 
at that position, therefore 


Meee Bes G haan D 


FN) dt + constant 


and a aia 


[19] 


If now we assume that the composition at the 
marker remains constant, F(A) is constant and 
goes outside the integral sign, when we have 


x = 2t?8F() + constant [20] 
at 
Eo; x = xo(say) and 

26 — Xo = 29k 
x — 9 _ Shift of Marker 


at at 


or Velocity = v7 = 
[2x4 


as obtained by Dr. Darken. 

The only way of integrating Eq Io to give 
Eq 21 seems to be to assume that F(X), and 
therefore the concentration, is constant. 

Let us examine the conditions under which 
we might expect the composition at a marker 
to remain constant. Taking coordinates fixed 
in the end of the diffusing couple, Darken finds 

OM = 2 (vids + Ndi} S) 
Taking axes fixed with respect to a marker, 
moving with velocity » relative to the first set, 


dN, _ @Ni., _@Ni* 
Th aa ee 


where dNV;/d¢t is the total rate of change of con- 
centration at the marker as it moves. We wish 
to know the conditions under which dN/dt is 
zero. Inserting the appropriate expressions in 


*See eq. Lamb’s ‘‘Hydrodynamics,”’ p. 3. 


oth Ed. 


195 
[21] we find 
aM, _ a oN: 
r= 3y (1D: + Mads) SO) 


ll 


(NiD2 + N2D;) g ae ar (=) 


Ox 
an OD, 
{wv 2on, 7 M sx} [22 


There is no information available at the mo- 
ment to enable us to evaluate the last term 
accurately—it will be zero when D is independ- 
ent of concentration. At other times, if we 
assume rates of change of D;, and D, with N, 
to be numerically the same, it will be approxi- 
mately (0N;/dx)? 0D,/AN, and therefore in 
general always finite. The first term will only be 
zero at a point of inflexion in the N; ~ x curve, 
and such a point is usually in the neighborhood 
of the join. 

We can then expect dN,/dt to have a mini- 
mum yalue, at least, in the neighborhood of the 
join so that Darken’s result Eq [1] is most likely 
to be valid for markers placed there. Since 
Smigelskas and Kirkendall’s results support 
Eq 1, we must assume that dNV;/dt is around 
zero in their experiments, but it is clearly not 
justifiable to use [21] in the general case, even 
for markers at the join, without first testing 
that the concentration there is constant by 
plotting x against #* and seeing if a straight 
line corresponding to Eq [20] is obtained. 

With regard to the second part of the paper, 
I feel that Dr. Darken has dismissed far too 
summarily the possibility of an atom for atom 
exchange process for the interdiffusion of Ag 
and Au and would suggest that the ‘“‘major 
inconsistency ’’ lies surely not in Birchenall and 
Mehl’s treatment of Johnson’s results but 
rather in Dr. Darken’s conception of the mean- 
ing of “mobility.” 

Let us derive an expression for the Diffusion 
Coefficient for the case of an atomic exchange 
process, corresponding to Eq 12 of Dr. Darken 
for a single atom process. Consider first a binary 
solid solution of atoms A and B in which 
diffusion is occurring by place exchange. We 
are only interested in following the diffusion of 
A say, in exchanges of A with B since ex- 
changes of A with A lead to no observable 
change. 
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During an exchange of A with B, the force 
acting on A, fab is given, when wa and uz are 
the chemical potentials of A and B respectively, 


by 
a ee Ova _ OuB 
oa N \ 0x Ox 


and is numerically equal to fga ‘the force acting 
on B (as expected since there is no motion of 
the C. of G. of the AB pairs during the ex- 
change). We now define a mobility term Gag 
such that when unit force acts on an atom of A, 
Gap is the average velocity with which this 
atom moves during the time taken for a com- 


[23] 


plete A to B, B to A exchange process, which’ 


includes the time spent by the A atom as a 
neighbor to the B atom before the exchange 
occurs. The mobility of atoms B under similar 
conditions may be defined as Gga, but by the 
very nature of the process and the equality of 
fa and fg Gag and Ga are equal. 

The average velocity of an atom A during 
AB exchanges is then 


cy = — San (be, Oe 

N Ox Ox 
Ana, the number of atoms of A crossing unit 
area per unit time, along the x axis is equal to 
the number of atoms of A in volume C4 multi- 
plied by the fraction of the neighbor of A which 
are, on the average, of Type B, (viz. Ng), since 
only AB interchanges are observable. (In ac- 
cordance with this we note that faa = fan = 0.) 
If m4 is the number of atoms of A per unit 

volume, and Wz the mol fraction of B 

Gap 


OuA  Oup 
Ana = —N —— (| —— — = 
es am N (2 Ox 


This leads, if we assume na + ng = constant, 
to 


ONa 


3) 
at = aye {Gankr (: + NaNe 


0 log ya Yi 8 log yp ) \9Na792 
aa Np } [24] 


where ya and yz are the activity coefficients of 
A and B. Therefore 


Dap = GapkT (: + N4Np 


Olog ya , 0 log yz 
{ aNa + aNp \) [25] 
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and by employing the Gibbs-Duhem relation 
for a binary solution 


x 0 log ya 
D4 = GapkT (: + eon 


which is of exactly the same form as Eq 12 of 
Darken. 

Now when there are more than two atoms 
present, e.g. atoms A, B and C, then A atoms 
can migrate by exchanging with A, B or C 
atoms. But only AB and AC exchanges lead to 
any observed change in the system and since 
the activation energies for these two processes 
will, in general, be different, the mobilities as 
defined above for the two processes will differ 
also. If the mobilities as defined above for the 
two processes will differ also. If we repeat the 
above derivation for a ternary system we find, 
in place of [25] 


Da" = GapkTNaNe 


{ 0 log Nava 
ON« 


ven, {log Nava _ 
+ GackTNaNe { aNa 


8 log Nays 
- ONa } 
0 log Neyc 
ONa } 


[26] 


These relations [25] and [26] are to be dis- ~ 


cussed more fully in a forthcoming publication. 

Let us now apply these results to Johnson’s 
experiments. For the “chemically” observed 
diffusion of Au and Ag, we have the equation 


dlog YA 


(Deane GannekT (1 + oh ee) aa 


For the Self-diffusion experiment with Au, we 
have in effect a ternary system Ag, Au and 
Au* in which the diffusion of Au* is being 
observed. 


Dau* = Gau*avkTNautNV aa 


(? log Nautyau* _ 9 log NV. a) 


ONau* ON au* 
+ GaurackTN aut ag (2 toe Masta 
ON aut 
30 log 0 log Nagyac 
at) Pere ) [28] 


Now in Johnson’s experiments the sample 
was chemically quite homogeneous and the 
only concentration gradient was that of radio- 
active gold. Therefore dAu* = —dAu and 
dN Ag/dNAu* = 0 and since we can assume 
that the activity coefficient of gold is inde- 


noe 


ee 


ee, 


aya 


ee ted Ss dG YS. 
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pendent of the proportion of radio-active gold 
it contains, the activity coefficients are every- 
where constant and Eq (28) becomes 


Dau = Craaneh ECV ae =P Nau*) 
5 Gaurtagk TN Ag 


And since (Nau + Nau*) = Nag = %, we 
have 


Daut => LkT(Gautau + Gau*Ac) 


Now Birchenall and Mehl assume in effect 
that Gauau* = 0, and since we can also assume 
that Gautag = Gauac, we have from [27] and 
[29] 


[29] 


Daur = kTWGauag = 14 (Dau)chem 
0 log yaz \} 
(« i 0 log cee). 
“ d log ya, 
.e. (D u em. == ee u* 
ie. (Dau)ch a(x + SE ) Ds 


We can calculate (« ae 58 Yas aoe as.) from 


the data given by Darken and so compare the 
two sides of the equation. 


Temp. 800°C 900°C 1000°C 
DAu* — (obs)-...... Pe 3.LOr 97 - TOT Le 3.2 1079 
(: ee ae a log vag 
d log NA 
(from Darken)...] 1.73 1.68 1.635 
(DAu)Chem Calcu- 
tatedis oe sirens he 4.5.107 19] 23.5.10 19] 10.45.10°9 
(DAu)Chem 
Observed........ 4.5.10 19] 24.0.107 19] 9.7.1079 
Darken’s Value- 
(Oc a en ie BeOrLOm cla LO pO O.3,LOe® 


The agreement is at least as good, if not 
better, than that obtained by Darken on the 
assumption of a single atom process and there 
are certainly no grounds for rejecting Birchen- 
all and Mehl’s assumption of a place exchange 
process with Gauaut = 0. There is hardly 
sufficient evidence to decide definitely between 
a single atom or two atom (exchange), diffusion 
process in this case. The near correspondence 
for the two mechanisms arises because, in this 
case, when Nag and Nau are each equal to 4, 
it so happens that 


2Dau* = NagDau* + NauDagr. 


It would be most interesting to repeat John- 


son’s experiments ‘and the above calculations 
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for some other alloy composition, when it 
might be possible to distinguish between the 
two mechanisms. 


C. E. Bircwenatr,* L. C, Corrma pA 


‘S1tvA,* and R. F. Mesxt*—In our discussion 


of this paper: we will attempt to avoid overlap 
with remarks to follow the paper of Fisher, 
Hollomon and Turnbull scheduled for this 
afternoon. The activity correction for the 
diffusion process will be considered in connec- 
tion with this latter paper which represents a 
more advanced stage in the theory because 
it grapples with the details of the mechanism 
of solid metallic diffusion and recognizes the 
role of the crystal lattice in diffusion as com- 
pared with the uncertain hydrodynamic flow 
concepts in the present paper. The lack of 
consideration of the mechanism of the diffusion 
process is a major weakness and makes pointed 
discussion difficult. Fisher, Hollomon and 
Turnbull demonstrate that the type of solution 
arrived at here is only one of many possibilities. 

Another major difficulty of this paper is the 
fact that it is based on one experiment of 
questionable validity. If the conclusions 
derived from the Smigelskas and Kirkendall 
experiments should prove to be unfounded 
much of the present paper would not be perti- 
nent to substitutional solid metallic diffusion, 
although it may apply to other diffusing 
systems. Our discussion will try to show that 
the other experiments referred to do not 
support the viewpoint of this paper, and that 
the Smigelskas and Kirkendall experiment, 
the only evidence supporting this point of 
view, contains serious inconsistencies. Let us 
consider first the other experiments mentioned 
here. 

There seems to be no reason to doubt that 
ions of different metals diffuse at different 
rates in liquid mercury. This is probably true 
of solid mercury, but this is not evidence that 
the diffusion rate of mercury ions are unaffected 
by the foreign ions. 

If a chip is thrown into a stream, be it of mer- 
cury, water, or brass, the chip will respond 
immediately to acceleration of the surrounding 
stream only if the chip surface is wetted by the 
stream. Otherwise slippage is likely to occur. 
Even liquid copper does not wet molybdenum. 


* Carnegie Institute of Technology. 
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Nor is it easy to visualize the movement of a 
massive wire by a series of processes, the 
units of which probably involve not more 
than a few dozen atoms. In this regard, it would 
be enlightening to know the source for the 
statement that ‘‘ghost lines” and nonmetallic 
inclusions ‘move in the same way as wire 
markers and similar ‘‘to the way chips of 
various materials move together in the stream 
of water.” This implies that quantitative 
measurements of the movements of these 
‘*ghost lines’ and inclusions exist for the 
interior of metal samples in which diffusion is 
occurring. We know of no such information. 

It would seem useless at best, and perhaps 
quite misleading, to attempt to draw con- 
clusions about metallic diffusion by analogy 
with ionic crystals. In the latter the com- 
ponents occupy different sets of lattice sites 
(similar in some respects to interstitial solid 
solutions such as austenite where the differences 
in the rates of diffusion of the interstitial and 
lattice components are known to be large). 
Except under conditions favoring superlattice 
formation, where diffusion rates are too low 
for measurement, substitutional metallic solid 
solutions make all sites available to all com- 
ponents of the solution. 

On the same page as the experiments of 
Schwarz, a reference of R. P. Johnson! con- 
tains the following concerning the migration 
of tungsten on electrically heated filaments: 
“Structure identical in form with the de struc- 
ture appears on the ac filaments where a 
temperature gradient exists, and is attributable 
directly to surface diffusion in the temperature 
gradient.” So this non-isothermal experiment 
probably has nothing at all to say about the 
electrolytic transport of tungsten ions in bulk 
metal. To draw further conclusions about the 
behavior of alloying elements in such a system 
seems to us unwarranted. That solid solutions 
can be electrolyzed is well known, but when 
one component migrates toward the cathode, 
the other migrates toward the anode. 

On the basis of this paper, the problem of 
choosing reference markers might appear to be 
a very difficult one. Actually investigators 
faced with the practical problem seem to have 
arrived at the same conclusion without benefit 
of drifting markers; if a lattice point is chosen 


1®R, P, Johnson: Phys. Rev. 54, 459 (1938). 


in the metal beyond the penetration zone, it 
will still be there after the diffusion anneal and 
will serve as a convenient reference. This is a 
standard practice. 

On the basis of the well established theory of 
X ray diffraction, the relative position of equi- 
librium lattice points can be determined with a 
precision of the order of one hundredth of one 
percent. Furthermore, this long range order is 
one of the features which best distinguishes 
the solid metal from the liquid metal. In a 
diffusion measurement, the practically observ- 
able states of the system are the metallic 
crystal at room temperature prior to the diffu- 
sion anneal and the same crystal at room tem- 
perature subsequent to the anneal. A lattice 
point then has a rather precise meaning and is 
no less observable than are electrons. 

We have found the remarks on the “‘nature” 
of forces affecting the diffusion process difficult 
to understand. They seem to derive from the 
notion that diffusion in substitutional solid 
solution may be treated as a unimolecular 
process, an assumption which seems doubtful 
in view of the work of Fisher, Hollomon and 
Turnbull. The mobility of a single ion is not 
necessarily independent of the directional 
properties of the field around it and the be- 
havior of the neighboring ions. 

Let us now turn-to the Smigelskas and 
Kirkendall experiment. A review of the 
literature on diffusion in alpha brass will show 
that such studies are not without inherent 
risk. Diffusion coefficients for a given tem- 
perature vary far beyond any reasonable 
experimental error. Much of the difficulty is 
probably due to the volatility of zine at 
diffusion temperatures. Further abnormalities 
may be due to the structure of plated copper, 
although it is by no means certain that this is 
the case. Vapor transport of zinc may possibly 
occur along grain boundaries of the plated 
copper or at the copper-brass interface without 
return of copper. P 

The shape of the penetration curves re- 
ported by Smigelskas and Kirkendall does not 
correspond to any of the many others reported 
in the literature, and is therefore suspect. If the 
56 day data are plotted on probability paper, a 
nearly straight line is obtained for the high zinc 
part. At a position corresponding to the point 
where plating was discontinued to remove the 


ae 
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glass rod supports for the molybdenum wires, 
the penetration data drop off very sharply. This 
suggests a possible discontinuity in the plated 
copper structure. 

In some unpublished experiments on diffu- 
sion in alpha brass using cylindrical samples in 
this laboratory, George and Mehl observed that 
some samples showed evidence of creep during 
the diffusion anneal. Cross-sections which were 
initially circular became elliptical. This sug- 
gests an alternative mechanism for the trans- 
port of molybdenum wires with respect to each 
other. But it will not explain the shift with 
respect to the penetration curve which may 
have its origin in the effects mentioned above. 

On a penetration curve one can locate the 


initial interface and the Matano interface cor-. 


responding to conservation of atoms in the 
diffusing system. Expressing the deviation 
between these interfaces in the percentage of the 
area under one half of the curve on one side of 
the Matano interface (a measure of the total 
transport) enclosed between this interface and 
the initial interface the results obtained for the 
data of Rhines and Mehl,!* George and Mehl,’ 
and Smigelskas and Kirkendall are those given 
in Table 2. 

One may readily see from the deviations in 
the table that the Matano (equitransport) 
interface scatters about the initial interface. 
The scatter is probably due to errors in distance 
measurements and chemical analysis. Their 
magnitude amply illustrates the danger in 
arriving at general conclusions on the basis of a 
single experiment. Taking all the data into con- 
sideration, there seems to be no reason for 
accepting the results of the Smigelskas and 
Kirkendall experiment. 

It is obvious that the solution to this problem 
is to be found in the laboratory and not at the 
desk. Critical experiments should avoid as 
much as possible the sources of uncertainty in- 
volved in working with alpha brass and copper 
plate. Such experiments on other alpha solid 


-solutions of copper as well as repeat experi- 


ments on alpha brass are under way in this 
laboratory. Because of the extreme precision 
required, the work is necessarily slow. 

Since the unit diffusion process occurs be- 
tween two planes in a crystal lattice and is a 


16Rhines and Mehl: Trans. AIME (1938) 
+128, 185. : 


17 George and Mehl: not published. 
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property of the metallic crystal plotting the 
penetration curve in terms of the number of 
atoms per unit cell as ordinate against the num- 
ber of lattice planes from some chosen reference 
plane as abscissa should give a fundamental 
representation of the process. The abscissa is 
not linear with distance, but it is independent of 


TABLE 2—Comparison of Data 


Sample Maximum Zn Pct] Pct Deviation 
Rhines and Mehl Samples 
28 ne) 12 
29 13 98 
31 13 —10 
32 13 —1I4 
33 13 27 
34 13 —I1 
35 13 tf 
36 30 (s) 
Su, 30 oO 
38 30 5 
39 30 4 
40 30 25 
4I 30 6 
George and Mehl Samples 
P-r 28 ae) 
P-2 28 a t2 


Smigelskas and Kirkendall Samples 


6 day 
56 day 


30 
30 


35) 
25 


temperature and composition and partially 
eliminates the volume changes accompanying 
diffusion. We propose this as the most satis- 
factory method for plotting diffusion data. An 
illustration for carbon diffusion in austenite is 
given here. (Fig 3.) 


R. SmortucHowski*—Although the author 
scrupulously avoided any explicit assumptions 
as'to the mechanism of diffusion, there are some 
general implications which need clarification. 
The first is the notion of ‘‘force.” It is so often 
assumed that in the process of diffusion there is 
an actual force ‘‘arising from concentration 
gradients” constantly acting on the individual 
atoms. On atomic scale this means that an 
atom eventually moves in the direction of that 
local ‘‘force’’ because of nonuniform distribu- 
tion of the two kinds of atoms among its 
neighbors. It is important to realize that this is 
not necessarily true in the mechanical sense of 
the word “force” and that such an implication 


* Carnegie Institute of Technology. 
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should be avoided: The fundamental question 
is not whether the field of force surrounding an 
atom in its equilibrium position before a jump 
is assymetrical or not, but whether after the 
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plane parallel to the original interface is ob- 
served. Further discussions of this point will be 
given in connection with Dr. Hollomon’s paper. 
(See p. 211.) 
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jump the atom finds itself in a state of higher or 
lower energy than it had before. To be sure, 
this point is not of significant importance in the 
author’s interesting consideration. 

Secondly, I would like to draw attention toa 
certain aspect of experiments performed with 
brass-copper couples which probably should be 
elucidated before any far-going theoretical con- 
clusions are made. It is the difference of the 
atomic volumes of the two kinds of atoms which 
produces nonequal number of atoms per unit 
area of the interface. One could hardly expect 
an equal transfer of atoms in both directions 
under such conditions. This in turn may pro- 
duce internal strains and even a network of 
oriented cracks, which would have a profound 
influence on the rate of diffusion. Naturally im- 
perfections inherent in plated metal should be 
avoided as they may affect appreciably the 
kinetics of the observed phenomena and are 
probably responsible for the large scattering of 
experimental results. 

The author’s objections against the insistence 
on interchange of atoms is justified. It is, 
indeed, very seldom that an equal transfer of 
atoms in both directions through each atomic 


J. H. Hottomon*—I believe that Darken’s 
analysis of the two component diffusion case is 
excellent. Perhaps it might be wise to clear up 
briefly some of the points that the earlier dis- 
cussers have made. It is unnecessary to talk 
about mechanism in analyzing the importance 
of Darken’s paper. What he has said, I believe 
—and I would like his comments on this point 
—is that if the two components diffuse at 
different velocities, his treatment handles the 
problem. In other words, Dr. Darken does not 
really have to say anything about mechanism 
at all. 

He says that if copper diffuses across a 
boundary more rapidly than zinc diffuses, then 
the interface must move. If the interface does 
move, how it will move is described in his 
paper. In other words, if markers move, there 
must be two diffusivities. If there are two 
diffusivities, then the two diffusivities must 
obey the equations that Dr. Darken has 
developed. Furthermore, if there are two 
diffusivities, then the markers must move. 

Now, whether or not the markers moye, or 
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whether or not there are two diffusivities, is a 
matter that can be checked only by experi- 
ment. No amount of analysis can help us 
decide whether or not there are in actuality 
two diffusivities, or whether or not the markers 
move. However, if they do move, and if there 
are two diffusivities, then Dr. Darken’s paper 
tells us how to treat the problem. Detailed 
discussions of the “‘truth”’ of the Kirkendall- 
Smigelskas experiments do not mitigate 
against the validity of Darken’s analysis based 
on his assumptions. 


\ 


L. S. DARKEN (author’s reply)—With refer- 
ence to most of the comments, Dr. Hollomon 
has furnished me with a reply better than I 
could make myself. One point I should like 
to add is this: Dr. Birchenall states that the 
weakness of my paper lies in the lack of con- 
sideration of a mechanism. In my opinion, 
its strength lies in this very lack of consider- 
ation of mechanism. 

The difference between the treatment given 
and that suggested by Dr. LeCaire seems to 
arise principally from the manner of extension 
_ * of Eq 25 to ternary systems yielding Eq 26. 
: Mobility is defined as the average drift velocity 
(at steady state) of the particle under con- 
sideration per unit force in the medium under 
consideration. 


‘ system, a given atom or ion can move by more 
than one mechanism, it is difficult to see how 
it can have more than one average velocity; 
a Eq 26 of Dr. LeClaire’s discussion. seems to 
- call for two average velocities or mobilities 
2 of the same species in the same lattice at the 
same time. It is to be hoped that the forth- 
coming publication which he promises will 
clarify this matter. 

4 The first part of the present paper repre- 
a sented an attempt to devise a useful diffusion 
bs equation from a minimum number of assump- 
- tions of such nature that the equation would 
rest on as firm a foundation as possible and 


be general-in scope. Hence no assumption 
whatever is made as to the mechanism of 
the diffusion process. In order to simplify the 
calculation, the assumption is made that the 
total volume does not change during diffusion; 
if this is not adequately satisfied in any par- 
‘ticular case the solution may be extended to 
cover such contingency. It is assumed that the 


Granting that in a ternary: 


201 


calculus may be used; it is assumed that the 
law of conservation of matter holds. Aside from 
these the only fundamental physical assump- 
tion involved is that D; and Dz as defined in 
terms of the chosen frame of reference are, at 
constant temperature and pressure, functions 
of composition only. The analogy made in the 
introduction to chips in water was intended to 
be merely explanatory; the derivation does not 
hinge thereon. The derivation of the velocity 
of a marker initially at the join involves no 
assumptions further than those stated above; 
the proof is given in the paper. Eq 9, of course, 
apples only to the position of markers initially 
at the join. 

The second part of the paper utilizes the 
concept of force as the negative gradient of the 
free energy. In this connection, Onsager and 
Fuoss, conclude as result of a detailed physical 
and mathematical consideration, ‘‘We have 
shown above that potential gradients will 
cause the same migration of ions as equal 
forces.”” The gradient referred to, is that of the 
free energy as used in the present paper; inspec- 
tion of their argument shows that the con- 
clusion applies equally well to uncharged as to 
charged particles (ions). In addition to this it is 
assumed that the Gibbs-Duhem equation 
applies—that is, that the free energy is an 
extensive property; no surface or interface 
energies have been considered and hence the 
results could not properly be applied to a case 
involving grain boundary diffusion. Henry’s 
law is assumed valid at low concentration. The 
assumptions of the first part of the paper are 
carried into the second part. No assumptions 
other than those just described are involved 
in Eq 18 which applies strictly only to an alloy 
containing a vanishingly small amount of 
tracer isotopes. 

The author feels that the equations devel- 
oped are general in nature, independent of the 
mechanism of any particular diffusion process 
and that they are in accord with the available 
experimental data which include: 1. The well 
established observations that the self-diffu- 
sivity of a metallic element differs from the 
diffusivity of another element at low concen- 
tration therein. 2. The experiments of Smigel- 
skas and Kirkendall on the motion of inert 
markers. 3. The experiments of W. A. Johnson 
determining D, D,* and D2* a gold-silver alloy. 
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Absolute Reaction Rate Theory for Diffusion in Metals 


By J. C. Fisuer,* J. H. Hottomon,* Junror Mremper AIME, anv D. TuRNBULL* 


(New York Meeting, February 1948) 


UNDERSTANDING of the diffusion problem 
has recently been furthered by the analysis 
of Birchenall and Mehl.! They pursued the 
problem of the variation of the diffusion 
coefficient with composition for non-ideal 
solid solutions. Their analysis follows the 
tradition of Wagner,? Jost,* Dehlinger, ‘ and 
Darken,® who assumed the net flux of dif- 
fusing material to be proportional to the 
gradient of a quantity related to free en- 

_ ergy. The basic assumption in Birchenall 
and Mehl’s formulation of the problem 
is that the net flux of diffusing material is 
proportional to a thermodynamic activity 
gradient. 

To estimate the applicability of the de- 
rived relations, they corrected the diffusion 
coefficients of carbon in austenite by uti- 
lizing Smith’s® activity data for carbon, and 
the diffusion coefficients for zinc in copper 
with activity data computed from the 
vapor pressure measurements of Har- 
greaves.’ The corrected coefficients for 
carbon were virtually independent of car- 
bon concentration. For the diffusion of zinc 


in copper a moderate variation of diffusion, 


coefficient with concentration remained 
after the correction. 

The problem of diffusion can be formu- 
lated in another way than that used by 
Birchenall and Mehl. The method is that 
of chemical rate theory and has been used 
by Eyring and his coworkers®® as well as 
by Eyring and Zwolinski’® in a discussion 
to Birchenall and Mehl’s paper. As yet the 
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ceived December 31, 1947. Issued as TP 2344 
in Mgrats TECHNOLOGY, February 1948. 
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method has not been applied to substitu- 
tional solid solutions. On the basis of their 
assumptions, Eyring and Zwolinski derived 
a relation between the diffusion coefficient 
and activity that is identical with that of 
Dehlinger and Darken but which does not 
correct for the variation of the diffusion 
coefficient with concentration as well as 
does the relation derived by Birchenall and 
Mehl. 

It was thought that the theory of diffu- 
sion would be more complete if the incon- 
sistency between the two analyses could be 
rationalized and if diffusion in substitu- 


tional alloys were analyzed on the basis of Z 


the concepts of the chemical rate theory. 


CHEMICAL RATE THEORY 


According to the theory of absolute reac- 

tion rates® the reaction 
Ay Ay 3% Ala ee 

+eeef X; Eq I 

is viewed as taking place in two steps. First 

the reactants A,, As, . . . A: combine to 

form an activated complex M with which 
they are in equilibrium: 

A,tde+t:+::+4;=M. Eq 2 


Second the activated complex decomposes 
to give the products X1, Xe, .. . Xj: 

Mi Ky Xgl 

It has been shown’ that the number of 

activated complexes decomposing per unit 


volume per unit time is given by the 
expression f 


t The transmission coefficient has been taken 
as unity, 
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where cy is the number of complexes per 
unit volume. The specific reaction rate K 
can be defined as the number of activated 
complexes decomposing per unit volume 
per unit time per unit concentration of each 
of the reactants. K is given by the equation 


kT 


[Gate BS Si Rom 


or 


HEGi6o.0) Abies es 


where c; is the concentration of species A; 
in atoms per unit volume. 

The assumption that the reactants are in 
equilibrium with the activated complex 
leads to the relationship 


am 


Fae Eq 5 


where a; is the activity of species A;, K* is 
the equilibrium constant for the reaction 


Aho) Si ale Seo ee ana 


and AF* is the free energy difference be- 
tween the activated complex and the re- 
actants when each species is in its standard 
state at the temperature of the reaction. 

Activities and mol fractions are related 
through the equation 


ai = Nii 


where 7: is the activity coefficient for 


_ species A;. The equilibrium constant K* 


can be rewritten as 


Re ps ss Balas ile Ea 
NiNo ees N; V1¥2°°° Yi 
=f Cm YM 
* C109 °° * 63 V1V2 Vi k 
Cc Ci 
Nu C1 Co eee ORG 6 


cu Ni NW, N; 
The ratio of c; to WN; is found from the 
definitions of these quantities 


cs = n:/V 
N; ni/n 


to be 
ci/N: — n/V 
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where n/V is the total concentration of par- 
ticles expressed as a number per unit 
volume. 

K* now becomes 


rah Cm 
ROSE OM OES 
Yu ey : 
ee Ea E 
Wy giiy NV oy 
from which the value of ¢mu/cice- - * Gs 


can be determined and substituted in Eq 4 
for the specific reaction rate: 


x a bP rns 16 (TY 5 
YM 


h nN 
Se ae far Nios 
- Fim 1 (7) 6 kt hig’ 


In this expression AF* is a function of tem- 
perature only. 


INTERSTITIAL DIFFUSION 


The unit process of interstitial diffusion is 
the passage of a solute atom from one inter- 
stitial position to an adjacent interstitial 
position. A solute atom midway between 
two interstitial positions is in the activated 
state. Since there is only one reactant, 7 = 1 
and the specific reaction rate simplifies to 


Eq 9 


where ¥ is the activity coefficient of the 
solute species. In this application K is the 
number of solute atoms which pass from 
activated positions to new interstitial posi- 
tions per unit volume per unit time per unit 
concentration of solute. 

Defining the quantity Ko as 


the specific reaction rate becomes 


2h 

K = Ky— E 
ova q Io 
with Ko a function of the temperature 
alone. Fs 
Before deriving an expression for the rate 
of diffusion it is necessary to consider the 
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dependence of ym on solute concentration. 
The activated state exists in such small 
concentration that an experimental deter- 
mination of its activity coefficient ymseems 
improbable. However, in the absence of 
experimental evidence or of an exact calcu- 
culation of ym, results of interest can be 
obtained from either of two simple assump- 
tions regarding ym: 

1. ym is constant and independent of 
solute concentration. This assumption will 
be shown to lead to the equations of 
Birchenall and Mehl! for interstitial diffu- 
sion, giving a more fundamental insight to 
their intuitive treatment. 

2. Ym is proportional to y: if the value of 
the activity coefficient for the solute in the 
unactivated state is y at one interstitial 


position, and is y + a \ at the adjacent 


position \ centimeters away in the direc- 
tion of diffusion, then the value of yar 
for the activated state midway between 
dy 
Ox 2 
where £ is a constant. This assumption has 
been made by Powell, Roseveare and 
Eyring® who took 6 = 

Taking first yw constant, the rate of 
linear diffusion can be derived. If c is the 
concentration of the solute species in atoms 
per cubic centimeter, the number of solute 
atoms which pass in the direction of diffu- 
sion from activated to new interstitial posi= 
tions is equal to 


the two positions is yu = B (y oti 


cK 
m 


. : I 
per cubic centimeter per second, where — 
m 


is the fraction of new interstitial positions 
corresponding to motion in the forward 
diffusion direction. 

The flux of atoms moving in the forward 
direction through an area of one square 
centimeter perpendicular to the direction of 
diffusion is therefore 


ree ae che 7 x Eq 11 
m m YM 


‘atoms per second where A is the distance 


between adjacent interstitial positions in 
the diffusion direction, since the sites from 
which significant jumps can occur are in 
the ratio \:1 to the total number of sites in 
a cubic centimeter. 


The flux of atoms moving in the back- 


ward direction through the same area is 
similarly 
(r+55 Bah 


Oc 
“ (c+ 5a) Ke 
ratnacmrpmrmmes passe 
where ¢ + ae Nand y + oy d are the con- 
Ox Ox 

centration and activity coefficient values 
for adjacent interstitial positions a distance 
d in the diffusion direction. The met flux of 
diffusing atoms is 


r=rt—pr- 


_ Ko (, 8 4,97 
mym \° Ox re 9) 


tal 
my M 
Oy\ Oc 
—j)— E 
(y Teg dc] O oe 
atoms per square centimeter per second, or 
ee pA ns ( or) Oc 
N Nmyou pepe te “Ox Mam 


mols per square centimeter per second. In 


obtaining the expression for r, Ned has been 


Ox 
; ; ; Oy 
neglected in comparison with y + ¢ “ae 
When the net flux of diffusing material is 
measured in mols per square centimeter per 
second, it is convenient to measure concen- 


tration in mols per cubic centimeter, 


C= ¢/N. 
In these units : 
F lt NRG ( dy\ OC 
WT Seye \Y © 3G) Ox ERS 


By definition of the diffusion coefficient 
D, 


It follows that 


FR ee ee ee 
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Da= 


\2Ko (y cas 
MY mM ui Ca 
or 
[DS 10, ( +C sy) Eq 16 
o\Y OC q I 
where Dp is the value of D for an ideal solid 


solution for which y = 1 and oy =o}, “iMate 


relationship 
= Lay 
D=Do (y = Cae 
is that derived by Birchenall and Mehl, 
POG) 


N~ én vay 

When yw is taken proportional to y as in 
assumption 2, a calculation of the diffusion 
coefficient proceeds in a manner similar to 
oy v 
Ox 2 
Several investigators®-!! have derived the 


that above, with ym replaced by y + 3— 


value of the diffusion coefficient 


C oy 


D=Do(r +59 Eq 18 


corresponding to this ee 


SUBSTITUTIONAL DIFFUSION 
Direct Interchange of Atoms 


The unit process of this type of substitu- 
tional diffusion is the direct interchange of 
unlike atoms in a lattice where in the 
simplest case two species occupy the same 
set of lattice points. Two unlike atoms 
squeezing past one another midway be- 
tween two adjacent lattice sites may be 
considered to be in sthe activated state. 
There are two reactants, and the specific 
reaction rate simplifies to 

* 
peel tae er oe 
h Ym n 
where ya and yz are the activity coeffi- 
cients of the A and B species of a substitu- 


*TIn the derivation of this relationship the 
influence of solute concentration on both the 


variation in activity of the solvent species and 


the number of available interstitial positions 


has been neglected. It is felt that the simplifi- — 


cation is justified for many systems. 


205 


tional alloy. V/n is the mean volume per 
atom in the alloy. 
Defining the quantity Ko as 


the specific reaction rate becomes 


Kea, lel 
Yu n 
with Ko a function of the temperature only. 
The rate of diffusion will be derived as- 
suming yu constant. For many substitu- 
tional alloys the mean volume per atom 
does not change appreciably with composi- 
tion and the ratio V/n can be taken as 
constant for a given temperature. The 
number of interchanges moving A atoms in 
the direction of diffusion is then 


cals 6) 


Eq 20 


interchanges per cubic centimeter per sec- 
ond where 


ya (re + Gea) 


ae Kor YM 


Here 1/m is the fraction of interchanges 


corresponding to motion of A atoms in the 


0 
direction of diffusion; ca and cz aie a 25 rs 


Ga and ye + oy Ec) are the values of 


the concentrations (activity coefficients) 
for interchanging atoms of species A and B 
respectively separated by the distance A in 
the diffusion direction between adjacent 
lattice points. 

The flux of A atoms moving in the 
forward direction through an area of one 
square centimeter perpendicular to the 
direction of diffusion is 


OCB 
Ca(ca+ r 
+= a Niet) ( Z da ) K*x 


Eq 21 


if 


atoms per second, since the sites from 
which A atoms can make significant inter- 
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changes are in the ratio \:1 to the total 
number of sites in a cubic centimeter. 

The flux of A atoms moving in the back- 
ward direction through the same area is 
similarly 
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YB (va + Ca 5): However, in order to 


emphasize the symmetrical form of D, the 
longer expression will be retained. 
By definition 


fie Oe 
(ca + oa ny) CB N Ox 
Str mM K-h Eq 22 and the diffusion coefficient is 
0 OY 
Cava (ve + Cz 5c.) + Cerys (v4 + Ca 5C, 
D= Do Eq 25 


atoms per second where 


oY 
v (4+ Ze ) ve 
°n YM 


K-=K 


The met flux of A atoms in the forward 
direction reduces to 


r=rt—r 


ON KeY dys) Ix 
es, my um nN | cas (v T 6B OCR Ox 
) Oc 
— CBYB (v4 + Ca ae) a iq 23 


atoms per square centimeter per second. 
If A and B atoms fill all lattice sites 


d¢n 
Ox 


eu 
Ox 


for constant V/n and the net flux in mols 
of A is 

eater 2 MK oN V 
N- . myu % [ 


r) ac 
+ CaYe (v4 + Cz 50.) | ae Eq 24 


where the units of concentration have been 
changed to mols per cubic centimeter. For 
constant V/n the Gibbs-Duhem relation- 
ship! can be written as 


and the bracketed expression in Eq 


24 reduces to Ya (ve + C252) or to 


Ca + Ca 


where Dois the value of D for an ideal solid 
solution where y4 = Ys=1. This ex- 
pression can be further simplified since 


Ca i Na a 
CatCap Nat+WNe 


Na 
and 


0 
D= Do| Nava (ve + OE 


0 ‘ 
+ Noyes (vs si Caters | Eq 26 
OCa 


where N4 and Nz are the mol fractions of 
A and B respectively.* 

The above expression for D does not 
agree with that assumed by Birchenall and 
Mehl to correspond to diffusion by direct 
interchange. It was however derived from 
rate theory by means of the same basic 
assumption (constant activity coefficient 
for the activated state) that was shown to 
lead to their expression for interstitial 
diffusion. Their assumed expression for 
direct interchange is therefore not con- 
sistent with that for interstitial diffusion; 
the direct interchange coefficient that does 
correspond to their interstitial diffusion 
coefficient is given above. ‘ 

There appears to be no unambiguous 
value for the activity coefficient of the 
activated complex corresponding to the 
assumption for interstitial diffusion where 

* This expression is still valid if the inter- 
change phenomenon involves more than two 
atoms at a time, as for example if the unit 


process were the rotation of a ring of four 
atoms through a quarter turn. 


ee ae 


a ae oa 
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Ym was assumed to be proportional to y. 


There is a question whether y should be 


taken proportional to ya, to yz, to their 
sum, or perhaps to the square root of their 
product. In view of this uncertainty no 
derivation of the rate of direct interchange 
diffusion will be attempted for the case 
when the activity coefficient of the ac- 
tivated state is not a constant. 


Motion of Lattice Vacancies 

It is known that there are vacant lattice 
sites in all real crystals. The unit process 
for a second possible mechanism of diffusion 
in substitutional alloys is the passage of an 
atom to an adjacent vacant lattice site. In 
an alloy of A and B atoms, this mechanism 
can be thought of as the direct interchange 
of A atoms with holes, and of B atoms with 
holes. 

Applying Eq 23 to the interchange of 
atoms and holes, the net flux of A in the 
forward direction is 


Koa V cq IU8) Seo 
Le ee myua 1 Ez (v Coa Ch lar 


) Oc 
— CoYo (v4 + Ca ia) aa Eq 27 


atoms per square centimeter per second, 
and of B in the forward direction is 


2K op Vv ie Oo Co 
 myup =| cave (vo es el Ox 
fe) Oc 
= CoYo (ve +: ICR ate = lel Eq 28 


atoms per square centimeter per second 
_ where ¢o is the (very small) concentration 
of holes and ¥o is the activity coefficient 
_ for holes. 
4 The concentration of lattice vacancies 
_and the corresponding concentration gra- 
dient are seen to determine the rates of 
diffusion to a large extent. It is therefore 
important to estimate accurately the values 


Oc “stn 
of co and a There are two limiting cases 


of interest. 

1. For diffusion in large non-porous 
specimens where the region of the interface 
between unlike compositions is far removed 
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from free surfaces where new lattice 
vacancies originate, lattice vacancies will 
be conserved. Since the initial concentra- 
tion of vacancies will vary with past 
thermal treatment, the rate of diffusion and 
derived diffusion coefficient will also vary. 

2. For diffusion in small or porous 
specimens where the distance between an 
arbitrary element of volume and an 
internal or external surface is sufficiently 
small, the concentration of vacancies will 
at each location approach the equilibrium 
number for a material of the temperature 
and local composition in question. 

It is not immediately evident which of 
the above cases corresponds most nearly 
to actual experimental conditions. For 
brass-copper!? couples, variation of meas- 
ured diffusion rates by a factor of 10° from 
one group of specimens to another suggests 
the conservation of lattice vacancies, while 
of porous electrodeposited copper 
suggests that perhaps in the copper the 
equilibrium number of vacancies could 
occur. ; 

Neither limiting case leads readily to a 
simple solution. When lattice sites are 
conserved, the diffusion rate depends upon 
the entire past history of the specimen, 
before and during diffusion. No simple 
expression then exists for the diffusion 
coefficient. When an equilibrium concen- 
tration of lattice vacancies is assumed, it is 
necessary to know the variation of this 
concentration with composition, and no 
satisfactory information is available for 
this purpose. 

However an estimate of the influence of 
composition upon the diffusion coefficient 
can be made for systems where the net flux 
of A is the negative of the net flux of B, or 


ta+ fz =o.* Eq 29 


The assumption 74 = ~7z is fairly good 
for substitutional alloys, for although 


* Actually it is necessary to assume only 
that the rates are proportional in order to 
reach the conclusion toward which the analysis 
is directed. 
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ra + rp is known to be different from zero 
4 ; ’A. 
in many instances, the value of — pe 


generally not far from unity. Equally 
important is the fact that the diffusion 
coefficients are generally determined from 
experimental data by means of Matano’s'4 
solution of the diffusion equation where 
r4 = —rs is implicitly assumed. If the 
assumption ra+7rs=o0 is considered 
satisfactory for an experimental determina- 
tion of diffusion coefficients it should be 
considered the same for a calculation of the 
influence of composition. 

Setting ra + res =o from Eq 27 and 
28, the resulting equation can be solved 
for 
dCo 
Ox 


When this value is substituted in the ex- 
pression for ra, the relationship 


avo 
(ve + (Cha Co 


At —70Co Koa 


YMA 


YMAYMB 


is obtained. 
The diffusion coefficient is therefore 


ay 
D = D*| wars (v0 + Co 52) 


+ Neyes (v4 + Ca oe) | Eq 31 


where 
KoaK os 
bps peek tld 
lhe oy MAY MB 
Koa 


Kops he 
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is dependent upon composition. The co- 
efficient of D* is identical with the coeffi- 
cient of Do for the direct interchange 
mechanism of diffusion. If D* is relatively 
insensitive to composition, the dependence 
of D upon composition will be the same for 
both the direct interchange and the lattice 
vacancy mechanisms. 


COMPARISON WITH EXPERIMENT 


The variation of diffusion coefficient with 
concentration follows the relationship 


ay 
Kiker Naya (vs a5 6,22 OCp or) ae N sys ae a Ca OCa OCa 
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D = Diy + Cs) Eq 16 


very closely for the interstitial diffusion of 


carbon in austenite, as has been shown by 
Birchenall and Mehl.! For example Table 1 


) 
gives values of v/(y +C $7) as tabu- 


TABLE 1—Diffusion of Carbon in Austenite 

After Birchenall and Mehl;! based on diffu- 
sion data of Wells and Mehl!4 and activity data 
of Smith.® 


Weight 107D 
Pct iC oy 
Carbon ns ac 


° 2. oO. 
0.1 2. oO. 
0.2 aie oO. 
0.3 2 oO. 
0.4 hs oO. 
0.5 Ke oO. 
0.6 a 0. 
0.7 Ze oO. 
0.8 2. o. 
0.9 3: oO. 
1.0 4. oO. 


Ox Bq 3°, 


Naya +> . = Neve 


lated ae them for diffusion at 1000°C 
at a number of carbon concentrations. The 
ratio is found to be very nearly constant. 

For substitutional diffusion of zine in 
brass, the diffusion coefficient appears to 
follow the relationship 


Dive Do | Nava (ve = Cc, ot as 
+ Nays (v 7 Cag | Eq 26 


Table 2 shows for several temperatures the 


. relative variation of experimental diffusion 


coefficient with concentration, and the 
predicted relative variation. The agreement 
is satisfactory in view of the experimental 
uncertainties in determining D. 

The fact that the diffusion coefficient for 
zinc-copper systems may be proportional to 
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should not be taken as evidence favoring 
either the direct interchange or the lattice 
vacancy mechanism of diffusion. It has 
been shown above that the diffusion co- 


TABLE 2—Diffusion in Brass 
Based on diffusion data of Rhines and Mehl!® 
and vapor pressure data of Hargreaves.’ 


° Atomic D (5) 
T°K Rarivias Do Do Calculated 
1,023 Oo I.0 I.0 
1,023 2 ra 1.3 
1,023 4 1.5 T6 
1,023 6 1.8 2.0 
1,023 8 242 2.4 
1,023 10 2.8 2.8 
1,023 12 sO Bes 
1,023 I4 4-5 3.8 
1,023 16 5.5 SANS 
1.023 18 70 4.9 
1,023 20 9.8 525) 
1,023 22 TS 6.0 
1,023 24 19.0 6.6 
1,023 26 30.5 ae 
I,II3 (0) ¥.,i0 I.0 
I,113 2 2 1.2 
E,tis 4 1.4 1.5 
rrr 6 1.6 1.8 
Lyits 8 2.0 ‘Qiel) 
a © te 10 2.4 25 
1,113 12 3.0 2.9 
ib Bae} 14 3.6 353 
$553 16 4.8 Ee} 
Eilts 18 6.4 4.1 
T5132 20 8.6 4.5 
1,113 22 th a6) 4.9 
1,113 24 16.0 5.4 
1,173 ° I.0 140 
1,173 2 I.0 ine 
1,173 4 5 eee 1.5 
1,173 6 ERS 0.7 
1,173 8 rds 20 
1,173 Io 1.6 2.3 
Dek 73 12 1.9 27 
1,173 14 2.4 zi 0) 
1,173 16 2.8 OE 
1,173 18 3.7 327 
1,173 20 5.0 4.0 
1,173 22 6.9 4.4 
1,173 24 9.5 4.7 


efficients for both mechanisms are sym- 
metrical in A and B, and contain the 
quantity ¢ as a factor. The proportionality 
of D and @should rather be taken as a con- 
firmation of the applicability of the theory 
of absolute’reaction rates to the diffusion 
problem. 

Much more significant criteria for dis- 


 tinguishing between the two mechanisms 


are the different activation energies of the 
two processes, and the variation of D with 
thermal and mechanical ‘history. Both 
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‘these criteria favor the lattice vacancy 


mechanism.!5 
SUMMARY 


It has been shown that the interstitial 
diffusion coefficient discussed by Birchenall 
and Mehl! can be derived from the theory 
of absolute reaction rates by assuming that 
the activity coefficient of the activated 
complex is independerit of solute concen- 
tration. This assumption is not unreason- 
able in that an atom in the activated 
position is more effectively shielded from 
other solute atoms than is a normal inter- 
stitial atom. For the diffusion of carbon in 
austenite, agreement between theory and 
experiment is good. 

Still assuming a constant activity co- 
efficient for the activated complex, expres- 
sions for the diffusion coefficient have been 
derived for both direct interchange and 
lattice vacancy mechanisms of diffusion in 
two-component substitutional alloys. Both 
values of D are symmetrical in each 
component, and contain the factor 


0 
o= | Nara (ve ae Oe 


+ Noyes (v4 + Ca se) | 


For diffusion of zinc in brass, the similar 
variation with composition of ¢ and the 


. experimental diffusion coefficient is taken 


as further evidence in support of the 
diffusion theory, rather than as evidence 
favoring a particular diffusion mechanism. 


APPENDIX 


The experimental diffusion coefficients 
appearing in Table 2 were taken from the 
data of Rhines and Mehl" as averaged by 
Birchenall and Mehl! for the 1023°K and 
1113°K values, and directly from the 
Rhines and Mehl paper for the 1173°K 
values. 

The activity data for zinc and copper in 
brass were obtained from vapor pressure 
measurements of Hargreaves’ in the follow- 
ing way: 
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1. The ratio of the vapor pressure of 
zinc over brass to that of zinc over liquid 
zinc at the same temperature was com- 
puted, where the vapor pressure of pure 


TABLE 3—Comparison of Experimental’ and 
Calculated Activity Coefficients for Zinc 


in Brass 
Mol . 

F Experi- Calcu- 

T RE mental y lated y 

1020 0.052 0.081 0.078 
1058 oO. 0.099 0.091 
1137 oO. 0.115 0.119 
1178 oO. 0.126 0.135 
1238 Oo. 0.140 0.160 
976 (a) 0.089 0.085 
1014 oO. 0.096 0.008 
1082 Oo. 0.121 0.124 
III7 oO. 0.133 0.138 
1168 oO. 0.154 0.160 
936 Oo. 0.100 0.099 
972 oO. 0.116 0.113 
1035 oO. 0.142 0.139 
1066 oO. 6.161 0.153 
1113 oO. 0.183 0.174 
II40 oO. 0.204 0.187 
1186 Oo. 0.209 0.209 
O12 oO. 0.112 0.124 
945 oO. 0.128 0.138 
1006 oO. 0.154 0.166 
1036 oO. 0.173 0.181 
1081 oO. 0.200 0.203 
I109 Oo. 0.213 0.217 
1150 oO. 0.225 0.238 
1203 oO. 0.264 0. 266 
880 oO. 0.153 0.156 
913 Oo. 0.169 0.173 
972 oO. 0.106 0.203 
1000 oO. 0.223 0.218 
1045 oO. 0.234 0.243 
1069 Oo. 0.265 0.255 
1109 Oo. 0.273 0.277 
II61r oO. 0.306 0.307 
1220 oO. 0.341 0.340 


liquid zinc was obtained from the equation 
of Maier.!’ This ratio is the activity 
coefficient yz. of zinc with respect to 
liquid zinc as the standard state. The data 
for 1.2 atomic pct zinc and above 25.5 
atomic pct zinc were omitted. 

2. The values of log yz_n were smoothed 
by fitting to the data a least square func- 
tion of the form 


T log Yzn = A(1 — x)? 


suggested by the theory of regular solu- 
tions. Here x is the mol fraction of zinc, 
and A was taken as a quantity varying 
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slowly with temperature and composition, 
A=Ao+ BT + Cx. 


TaBLe 4—Calculated Activity Data 


Mol 
T | Frac- 9) =) 

tion Yan ax/zn| Yu ax J Cu 

Zinc 
I,023| 0.00 | 0.057 0: I.000 ° 
1,023} 0.02 | 0.065 oO. oO. 0.131 
1,023} 0.04 | 0.074 oO. oO. 0.258 
I,023| 0.06 | 0.083 oO. 0.988 0.382 
I,023| 0.08 | 0.004 oO. 0.980 0.501 
I,023] 0.10 | 0.105 oO. 0.969 0.614 
1,023] 0.12 | 0.118 oO. 0.956 0.721 
1,023} 0.14 | 0.131 oO. 0.940 0.820 
1,023] 0.16 | 0.146 oO. 0.922 0.9II 
1,023] 0.18 | 0.162 oO. 0.903 0.996 
1,023} 0.20 | 0.179 oO. 0.882 1.072 
I,023| 0.22 | 0.196 o. 0.860 1.140 
1,023] 0.24 | 0.215 oO. 0.836 1.198 
1,023] 0.26 | 0.235 fe oO. 1.250 
I,II3] 0.00 | 0.082 oO. 1 or ° 
I,II3] 0.02 | 0.092 oO. oO. 0.115 
I,II3] 0.04 | 0.103 oO. oO. 0.227 
I,II3} 0.06 |] 0.115 oO. oO. 0.335 
I,II3] 0.08 | 0.127 oO. oO. 0.440 
I,II3} 0.10 | 0.141 oO. oO. 0.540 
I,II3] 0.12 | 0.156 oO. oO. 0.634 
I,II3] 0.14 | 0.171 oO. oO. 0.724 
I,II3} 0.16 | 0.188 oO. oO. 0.806 
I,II3} 0.18 | 0.206 oO. Oo. 0.883 
I,II3} 0.20 | 0.224 oO. oO. 0.952 
I,II3] 0.22 | 0.243 Oo. o. 1.014 
I,II3] 0.24 | 0.264 me oO. 1.072 
1,173] 0.00 | 0.102 oO. Bs ° 
1,173] 0.02 | 0.113 oO. 0. 0.006 
1,173] 0.0 0.125 oO. Oo. 0.190 
1,173] 0.0 0.138 Oo. oO. 0.281 
1,173} 0.08 | 0.152 oO. oO. 0.369 
1,173} 0.10 | 0.167 o. °. 0.453 
1,173} 0.12 | 0.183 oO. oO. 0.532 
1,173] 0.14 | 0.200 oO. oO. 0.608 
1,173} 0.16 | 0.217 Oo. oO. 0.679 
1,173} 0.18 | 0.236 oO. oO. 0.744 
1,173} 0.20 | 0.255° oO. oO. 0.805 
1,173} 0.22 | 0.275 e) oO. 0.860 
1,173} 0.24 | 0.207 . oO. 0.910 


The least square values 


Ao = —2019 
B = .7295 
C = 383.0 


gave calculated activity coefficients agree- 
ing excellently with the experimental 
values, as summarized in Table 3. 

In view of the excellent fit obtained with 
the least square equation, it was used to 
calculate yz, OYzn/0x, and (through the 
Gibbs-Duhem relationship!’) yo. and 
OYcu/Ox. The calculated values of these 
functions, from which the calculated ratios 
(D/Do) appearing in Table 2 were com- 
puted, are given in Table 4. 
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NOMENCLATURE 


activity of species A; 

Reactant species 

concentration of species A; in par- 
ticles per unit volume. 

c:/N or concentration of species A; in 
mols per unit volume. 

diffusion coefficient 

diffusion coefficient for ideal solution 
Planck’s constant 

Boltzmann’s constant 

Specific reaction rate; number of 
activated complexes decomposing 
per unit volume per unit time per 
unit concentration of each of the 
reactants. 


u e-AF */kT 
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K* — specific reaction rate in forward 
direction 

K- specific reaction rate in backward 
direction 

K* equilibrium constant for formation 
of activated complex 

m pure number 

M activated complex 

nN total number of particles 

Ni number of particles of species A; 

Avogadro’s number 

; mol fraction of species A; 

y+ flux of atoms moving in positive 
direction; number of atoms per unit 
area per unit time 


r Flux of atoms moving in negative 
direction; number of atoms per unit 
area per unit time 

r r+ — r~; net flux of atoms 

vA net flux of species A 

rs net flux of species B 

T temperature in degrees Kelvin 

V volume 

ap distance 


X; product species 

Yi activity coefficient of species A; 

standard free energy difference be- 

tween activated complex. and re- 

actants 

r distance between adjacent equilib- 
rium positions in the direction of 
diffusion. 


DISCUSSION 
(G. Sachs and W. M. Baldwin, Jr. presiding) 


R. SmoLucHowski*—This paper so ably 
presented by Dr. Fisher is very useful and 
clears up many doubtful points in the now 
current trend to construct a theory of diffusion 
in terms of activity gradients. Until a better 


_ knowledge of the mechanism of diffusion is 


available, the use of activity is probably justi- 
fied. It should be borne in mind, however, that 
activities known, for instance, from vapor 
pressure measurements correspond to equilib- 
rium conditions and are not necessarily 
equivalent to a knowledge of the activated state 


* Carnegie Institute of Technology. 
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which alone controls diffusion. This point is too 
frequently left unmentioned. 

Quantitative theoretical calculations and the 
frequently unequal transport of the two kinds 
of atoms across the original interface in binary 
substitutional diffusion couples (the differences 
in the atomic volumes being taken into 
account) leave little doubt that vacancies play 
a fundamental role in diffusion, although at 
higher temperatures an actual interchange of 
neighboring atoms may occur. It is unfortunate 
—as the authors point out—that our knowledge 
of the behavior and density of the vacancies is 
so meager. 

I would like to draw a somewhat more com- 
plete picture of the difficulties involved in a 
proper treatment of the problem and indicate 
possible approach. Certain aspects of this 
question were also briefly discussed in connec- 
tion with Dr. Darken’s paper.* Calculations 
indicate that density of vacancies in metal is 
quite appreciable, increases rapidly with tem- 
perature and that their mobility may be very 
high—several orders of magnitude higher than 
self-diffusion. Grain boundaries constitute 
naturally enormous supplies and ‘‘drains” of 
vacancies so that in a polycrystalline metal the 
equilibrium of vacancies characteristic of the 
temperature is established rapidly in compari- 
son with diffusion phenomena. 

In a solid solution one would expect a higher 
density of vacancies because of the locally per- 
turbed lattice, and thus a lower amount of 
energy which is necessary to produce a vacancy. 
In case of a complete solubility of two metals at 
a given temperature one expects the maximum 
density of vacancies to occur at the composition 
where the perturbation of the lattice (for 
instance, the solution hardening) is greatest, 
thus somewhere near the middle of the range. 
It means that in the proximity of the interface 
of a couple made of two pure metals, the con- 
centration of the vacancies during the diffusion 
will be particularly high. On both sides of it, 
depending upon the steepness of the concen- 
tration gradient, the density of vacancies will 
drop off to lower equilibrium values characteris- 
tic of pure metals. It is obvious that this dis- 
tribution of vacancies has an enormous 

*L. S. Darken: Diffusion, Mobility and 
Their Interrelation through Free Energy in 


Binary Metallic Systems. Met. Tech., Jan. 
1948. TP 2311. This volume, p. 184. 
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influence on diffusion, The greatly oversimpli- 
fied case here discussed is naturally only part of 
the general problem. It seems fairly certain 
that the number of vacancies would not be 
preserved. A proper quantitative treatment of 
this aspect of the problem of diffusion looms as 
a primary problem of theoretical investigation 
in, that field. 


Frovp KEeLtey*—I have been interested in 
these diffusion phenomena for several years, 
and I would like to ask the authors how they 
interpret the diffusion of an element like boron 
in pure iron. Fig 1 and 2 illustrate two 
methods of diffusing boron into iron. What 
equation would the authors use to interpret the 
diffusion rate? 


J. C. FisHer (authors’ reply)—It appears to 
me that since the depth of penetration varies 
so markedly, there may be some difficulty 
about the contact between the boron and the 
base material. 


Froyp KertitEy—This diffusion can be 
carried out in several different ways; that is, 
you may put the iron in contact with solid 
boron in a pure dry hydrogen atmosphere and 
get this result. You may also use a vapor 
phase of boron, such as boron-trichloride, plus 
pure dry hydrogen and get this diffusion by 
depositing the boron in a solid state at about 
800°C. You get this same result regardless of 
the way it is done. 


C. E. BrrcHenatt}—The present paper by 
Drs. Fisher, Hollomon and Turnbull repre- 
sents a great advance in the theory of metallic 
diffusion. There are several points which de- 
serve further emphasis. This is particularly 
true of the demonstration that the nature of the 
mathematical solution will depend upon the 
structure of the metallic system, that is, 
the solutions which serve for interstitial solid 
systems will not be adequate for substitutional 
solids. It seems apparent from this treatment 
that the assumption that diffusion is a uni- 
molecular reaction agrees very well with the 


observations in interstitial solutions but that. 


substitutional diffusion is considerably more 


* Research Laboratories, General Electric 
oO. 
+ Metals Research Laboratory, 


] Carnegie 
Institute of Technology. : 
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Fic 1—COLD ROLLED IRON HEATED BY HIGH FREQUENCY INDICATION TO 800°C FOR 10 MIN. IN A 
MIXTURE OF 2 CF DRY He + 1 cF BCL; PER BR. 


. anes Me : eae Meee Be: 
Fic 2—SEAMLESS STEEL TUBING BORONIZED IN A 50/50 MIXTURE BY VOLUME OF AMORPHOUS BORON 
AND ALUMINA POWDERS AT 1100°C FOR 2 HR IN PURE DRY HYDROGEN. 
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complicated. It is obvious, therefore, because 
of the multiplicity of possible results that the 
dependence of diffusion coefficients on the 
activity variations cannot be discussed inde- 
pendent of some assumptions about the mech- 
anism of the unit diffusion process. Except for 
this paper and the earlier paper by Dr. Mehl 
and myself,* substitutional solid metallic 
diffusion’ has always been treated as a uni- 
molecular reaction. 

The assumption of the independence of the 
activity of activated states of interstitially 
diffusing components in dilute solutions would 
seem to be quite reasonable. However, in con- 
centrated substitutional solutions, it seems 
unlikely that such an approximation could lead 
to completely satisfactory results. It is unfor- 
tunate that ambiguities prevent solving the 
other case mentioned here. 

The fundamental assumptions necessary to 
yield the equation Dr. Mehl] and I proposed for 
substitutional diffusion are still obscure. It has 
been demonstrated here that it does not corre- 
spond to the assumption of ym independent of 
concentration as did our interstitial equation. 
However, it gives better empirical agreement 
with the experimental data than does Eq 26 
of this paper. The factors by which the extreme 
corrected values of the diffusion coefficient for 
brass vary from each other are given in the 
following table for our equation and for Eq 26. 


TEMPERATURE F.H. & F..Eq26 B.& M. 
750°C ne 2.3 
840°C 5-4 2.0 
900°C 4.7 2.1 


Another problem of very fundamental im- 
portance suggested by this paper is the role of 
lattice site vacancies in. the diffusion process. 
The two limiting cases, conservation of the 
total number of holes in the diffusion zone or 
continuous hole equilibrium, are discussed 
qualitatively. It seems possible to extend this 
discussion a little at present with the likelihood 
that a more quantitative discussion can be 
given in the near future. 

The change in distribution of pore sizes ob- 
served in vacuum sintered copper powder com- 
pacts now being measured by Dr. Rhines at 
Carnegie Institute of Technology can be de- 
scribed by a model which involves a small 


*C. E, Birchenall and R. F. Mehl: AIME 
TP 2168, Met, Tech (June 1947.) Trans. 171, 
143. 
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concentration of very mobile holes, indicating 
that the holes are probably in equilibrium with 
the solution throughout a diffusion run. Even if 
the equilibrium concentration of holes showed 
large variations across a single phase field, 
volume changes from this cause would be too 
small to measure. It would be impossible to 
distinguish between the exchange mechanism 
and hole diffusion by measuring penetration 
curves. The two are entirely equivalent and the 
hole assumes the role of catalyst* in the ex- 
change, the total transport of atoms contrib- 
uted by the change in number of holes being 
negligible. 

An ideal experiment for testing the alterna- 
tives is to be found in the work of W. A. 
Johnsonf{ on gold-silyer alloys. The samples 


covered only a very small region of the phase 


field, so the assumption of little variation in 
equilibrium hole concentration should be valid. 
In addition, the diffusion coefficient should be 
practically independent of concentration over 
this short range. This remains to be tested 
experimentally. Let us assume holes are con- 
served in number and diffusion occurs by a hole 
mechanism. The measurements indicate silver 
self-diffusing about 2.5 times as rapidly as gold 
in the alloy. This requires that the holes migrate 
counter-current to the silver, building up a high 
concentration of holes on the high silver side of 
the sample. Indeed the concentration of holes 
which must be built up to provide the transport 
obtained in these diffusion anneals must be 
great enough to affect the counting of relative 
numbers of silver and gold atoms as done by 
chemical analysis. That is, a gaussian distribu- 
tion of gold, silver and holes in the penetration 
zone leads to a nongaussian curve when count- 
ing is done by chemical analysis which ignores 
the concentration of holes. However, Johnson’s 
results fit a straight line exceptionally well on a 
probability plot. For this reason the equilib- 
rium hole concentration would appear to be 
favored, at least for this system. 


J. C. Fishrr—The authors agree with Dr. 
Smoluchowski that an accurate knowledge of 
the activated state is necessary in order to 


describe the diffusion process satisfactorily, 


This was stressed in the paper where it was 


* See Ref. * this page, column 1. 
t W. A. Johnson: Trans. AIME (1942) 147, 
331. 
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emphasized that the type of correlation be- 
tween D and the activities of alloy components 
was dependent upon what assumptions were 
made about the activity of the activated com- 
plex; without such assumptions no correlation 
was possible on the basis of the theory of ab- 
solute reaction rates. 

In answer to Mr. Kelley one cannot describe 
diffusion experiments by any theory when the 
(particularly such 
factors as structure, composition, and tempera- 
ture) are not completely described and_.con- 
trolled. Also concentration-penetration curves 
are necessary in order to evaluate satisfactory 
diffusion coefficients to say nothing of con- 
structing a theory about them. Certainly Mr. 
Kelley’s results are not due to ‘random 


experimental conditions 
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fluctuations” and do not indicate the failure 
or inadequacy of diffusion theories. 

Dr. Birchenall’s remarks are very interesting 
and, except for his table, we find ourselves in 
general agreement with him. In presenting his 
table purporting to compare the agreement of 
Eq 26 and the empirical relation of Birchenall 
and Mehl with experiment he overlooked the 
fact that D/Dp calculated presented in Table 
2 col. 4 of our paper should not be constant with 
different concentrations, as he assumed, but 
should be compared with the experimentally 
observed ratios given in col. 3. Such a compari- 
son indicates that from zero to 18 at. pct zinc, 
where the experimentally determined diffusion 
coefficients are most accurate, the experimental 
values of D/Do and those calculated by Eq 26 
are in complete agreement. 


Mechanism of Precipitation in Alloys of Beryllium in Copper* 


By A. G. Guy,t C. S. BArreTT,{ MemBer, AND R. F. Ment,§ MemBper AIME 
(New York Meeting, February 1948) 


INTRODUCTION 


In the last few years this laboratory has 
published a series of papers on the mecha- 
nism of age-hardening.!*!%112° Briefly 
stated it has been proposed that hardening 
is caused by lattice strains created by lat- 
tice coherency between matrix and precipi- 
tate; much experimental evidence has been 
advanced to support this thesis. 

The system Cu-Be is an attractive one to 
study. It is a system that exhibits marked 
age hardening; it ought to be subject to the 
type of analysis of structural changes 
hitherto explored and it is a prominent 
example of ‘‘discontinuous precipitation, ” 
which, though studied in other cases,*?° 
remains largely unexplained. 

This research shows that hardening in 
the Cu-Be system proceeds essentially as 
proposed earlier.1* Guinier-Preston zones 
have been observed to form on the {100} 


* This paper represents part of a thesis sub- 
mitted by A. G. Guy to the Graduate Com- 
mittee of the Carnegie Institute of Technology, 
Pittsburgh, Pa., in partial fulfillment of the re- 
quirements for the degree of Doctor of Science, 
May, 1946. Manuscript received at the office of 
the Institute November 17, 1947. Issued as 
TP 2341 in Merats TECHNOLOGY, February 
1948. 

+ Associate Professor of Metallurgy, Mechan- 
ical Engineering Department, North Carolina 
State College of Agriculture and Engineering, 
Raleigh, North Carolina. Formerly Metals Re- 
search Laboratory Graduate Fellow, Depart- 
ment of Metallurgical Engineering, Carnegie 
Institute of Technology, Pittsburgh, Pa. 

ft Professor, Institute for the Study of 
Metals, University of Chicago, Chicago, IIli- 
nois. Formerly Staff Member, Metals Research 
Laboratory, and Associate Professor, Depart- 
ment of Metallurgical Engineering, Carnegie 
Institute of Technology, Pittsburgh, Pa. 

§ Director, Metals Research Laboratory, and 
Head, Department of Metallurgical Engineer- 
ing, Carnegie Institute of Technology, Pitts- 
burgh, Pa. ; 

14 References are at the end of the paper. 
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planes of the matrix; no transition lattice 
was found. Aging and overaging were ob- 
served to occur most rapidly in the region 
of discontinuous precipitation—the grain 
boundary—apparently accelerated there by 
strain. 


The Constitution of the Cu-Be System 


The Cu-Be constitution diagram is 
shown in Fig 1. The structure of the y 
phase was determined by Misch!* as of the 
caesium-chloride type with a lattice con- 
stant of 2.598 A. High temperature X ray 
photograms of 7.2 pct Be alloy made by 
Kossolapow and Trapesnikow led them 
to conclude that the structure of the 8 
phase is simply disordered body-centered 
cubic with ao = 2.79 A at 750°C. 

Previous Work 

The initial work on the age-hardening of 
Cu-Be alloys was that of Masing, Dahl, 
Holm, and Haase. Their numerous papers 
were published in book form in 1929, sub- 
sequently translated.!8 The effects of Be 
content, solution temperature, aging tem- 
perature, and cold work on the hardness 
developed in these alloys were studied. An 
initial decrease in the electrical conduc- 
tivity was observed when strips of a 2.5 pet 
Be alloy were aged at temperatures from 


200 to 350°C; a wire of the same analysis 


failed to exhibit this decrease when aged at 
350°C. A volume decrease of 0.6 pct oc- 


curred during aging at 250°C. 


Microscopic investigations of quenched 
and aged alloys disclosed a regularly ori- 
ented “‘striping”’ (ripples) on the a and on 
the 8 grains. In the case of the B the cause of 
the striping was held. to be decomposition 
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of the 8 grains. Incipient precipitation of 
Y crystals in the @ solid solution was sug- 
gested as the cause of the striping in the a 
grains. The grain striping was found to 
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Desch* repeated some of these micro- 
scopic studies and obtained the same pe- 
culiar markings on the aged specimens. He 
concluded: that submicroscopic particles 
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reach its maximum intensity after a period 
of heating corresponding to maximum 
hardness. 

X ray studies were confined to the use of 
a Debye camera on polycrystalline wire 


‘specimens 0.5 mm in diam. From the data 


obtained it was concluded that the equilib- 


rium precipitate CuBe appears before the 
hardness maximum has been attained. The 


sharpness of the matrix lines was reported 
to decrease during the early stages of aging, 
increasing as the specimens were overaged. 
Two possible causes of this line widening 
were suggested, namely, variation in solute 
concentration of the matrix, and internal 
strain. From the results of experiments it 


was decided that-lattice strain is the pri- 


mary cause of this widening: 


were precipitating on the octahedral slip 
planes of the Cu-Be alloy. 

Bumm,? using an alcoholic iron-chloride 
etching solution, was able to show a dark- 
etching grain boundary material. At lower 
aging temperatures this grain boundary 
material was observed to grow a certain 
distance into the grain and then to stop. On 
aging at 500°C, however, it grew to cover 
the whole grain. The halting of the grain 
boundary reaction was interpreted as indi- 
cating the presence of a submicroscopic 
reaction in the center of the grain. 

Swindells and Sykes! used a 2.6 pct Be 
alloy to determine curves of specific heat 
vs. temperature for slowly cooled and for + 
quenched specimens. On the basis that the 
energy associated with lattice distortion in 
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severely cold-worked metals is about 0.5 
cal per g, and that the chemical energy 
available in the supersaturated solution is 
about 6 cal per g, any mechanism that 
allows as little as 10 pct of this chemical 
energy to be stored as lattice strain will be 
effective in hardening the metal. From the 
fact that maximum hardness is attained in 
the Cu-Be alloy after the release of the 
major portion of the chemical energy, these 
workers concluded that precipitation is re- 
sponsible for the hardening observed in this 
system. In contrast to this Jones and 
Leech!” interpreted their specific-heat ex- 
periments as indicating that some form of 
transformation occurs in addition to the 
main transformation associated with the 
precipitation process. Jones and Leech also 
concluded from the results of Debye X ray 
experiments that the equilibrium precipi- 
tate is present in alloys showing maximum 
hardness. 

After the present work had been com- 
pleted two papers by Guinier and Jacquet”® 
became available in this country. A brief 
summary of their work is given at this point 
and reference will be made to their results 
in several later sections of this paper. 

The alloy studied by Guinier and Jacquet 
was of commercial quality, containing 2.3 
pct Be, 0.2 pct Fe, o.1 pct Si, and 0.2 pct 
Mg. That the 8 phase present in the 
quenched specimens of this material had no 
appreciable effect on the reaction mecha- 
nism was shown by companion experiments 
on a 1.9 pct Be alloy. Single crystals pre- 
pared by slow cooling from the melt and 
polycrystalline sheet one mm thick were 
used in obtaining the following results. 


that they represent the intersection of 
{110} planes with the polished face. The 
appearance of these streaks was attributed 
to a mechanical action associated with the 
precipitation mechanism. 

From the results of X ray data obtained 
on single crystals using monochromatic 
radiation, the following precipitation mech- 
anism was proposed: 

1. The assembling of Be atoms on {100} 
planes of the matrix to form Guinier- 
Preston zones. 

2. The progressive formation of the y 
phase, CuBe. Marked increase in hardness 
is caused by the lattice changes associated 
with this stage. 

3. The third stage is the appearance of 
the y phase precipitate in the a matrix and 
is accompanied by a decrease in hardness. 
The orientation relationship is nearly 


[100] || [too] 
[oro]y || [orzJa 


Guinier and Jacquet concluded that con- 
trary to the views of previous workers the 
Cu-Be system is not an example of a system 
that shows equilibrium precipitate suff- 
ciently early in the aging process that har- 
dening can be attributed to its action. 
Instead they class it with Al-Cu and Al-Ag 
as regards precipitation mechanism. 


EXPERIMENTAL WORK 


Preparation of Alloys 


The polycrystalline alloy was melted in a 


graphite crucible in a gas-fired furnace 
under a sodium chloride flux. The analyses 
of the materials used were: 


NiSte? alloy tetera vre%s sa sno unt Oa laters 
COREL C (Cot perian seme rss sc cimtoe me eoral tere 


Micrographs of electropolished aged 
specimens showed grain boundary precipi- 
tate and also streaks in both @ and B grains. 
Contrary to the observation by Desch that 
the streaks in the @ grains are {111} plane 
traces, Guinier and Jacquet determined 


4.21 pet Be. 
0.002 pet Ni 


bal. Cu 
0.02 pct Oz 99.97 pct Cu 


0.06 pct Fe 
0.003 pet Fe 


The melt was stirred with wood and with 
graphite rods and was cast into a vertical 
iron mold. 

Alternate cold-rolling and annealing were 
used to reduce the thickness of the ingot 
from 114 to 14 in. This material was used 
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for hardness and electrical conductivity 
specimens. The wire used for obtaining 
Debye X ray patterns was drawn to 0.028 


in. The grain size of this wire was about the 


same as that of the 1¢-in. stock. 

Single crystal specimens were desired for 
Laue X ray patterns and these were made 
by the Bridgman technique. Two satis- 
factory specimens were made using the 
melting procedure outlined above. 

The chemical analyses of the three alloys 
were as follows: 


Per Cent 
Be Fe Si Cu 
Polycrystalline alloy...| I.92 | 0.02 | 0.01 bal. 
Single crystal.........] 1.73 | 0.07 | 0.01 bal. 
Bbrischystalic.ce sc su a0 I.59 | 0.04 | 0.01 | bal. 


Debye X Ray Studies 


A transition lattice has been shown to 
play an important part in the mechanism 
of precipitation hardening in the Al-Cu and 
in the Al-Ag systems. Since previous 
workers had failed to find such a lattice in 
Cu-Be alloys using the usual Debye X ray 
technique, improved methods were used in 
the present investigation. The refinements 
employed were a monochromated X ray 
beam, an improved system of baffles, and 
evacuation of the air from the X ray 


‘camera. Although a series of films corre- 
‘sponding to various aging times was made 


at each of the temperatures 200, 300, and 
400°C no trace of a transition lattice was 
observed. The equilibrium precipitate was 
found in specimens aged for the longer 
times at 300 and 400°C as reported by other 
investigators (see above). 


Laue X ray Studies 


Strong evidence concerning the mecha- 
nism of precipitation hardening is given by 
the presence of certain streaks on Laue 


_X ray patterns. These streaks are indica- 


tive of Guinier-Preston zones and they 
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have been found for Al-Cu, Al-Ag, Al-Zn, 
and Al-Mg alloys. A search for such 
streaks was made on the Cu-Be single 
crystal. 

Thin disks from the single crystal were 
cut into pieces about 1g by 4 in. and were 
further thinned by alternate polishing and 
etching down to 0.005 in. After being sealed 
under vacuum in individual quartz tubes 
the specimens were heated at 800°C for 
14g hr and were quenched directly to the 
aging temperature. Since all of the heating 
was done by means of salt baths the heat- 
treating temperatures were quickly reached 
and the quenching was moderately fast. It 
has been shown that the quenching of 
Cu-Be alloys need not be especially rapid 
for satisfactory retention of the solid solu- 
tion.!® Air-cooling was used from the aging 
temperature. 

When it was time for a sample to be used 
the quartz tube was broken and the speci- 
men was mounted in the Laue X ray cam- 
era. An iron filter one mil thick was placed 
immediately in front of the Eastman 
double-coated No-screen film used for this 
work. The Coolidge tungsten X ray tube 
was operated at 35,000 v and 1o milli- 
amperes. To produce films with strong 
Guinier-Preston streaks an exposure time 
of 2 days was used. 

The Laue pattern obtained from a speci- 
men aged for 1000 hr at 200°C is shown in 
Fig 2. Fig 3 is the stereographic projection 
of some of the spots and streaks of Fig 2. 
It is seen that the Guinier-Preston streaks 
follow great circles through the {100} poles. 
From the analysis developed by Barrett 
and Geisler! it is apparent that this indi- 
cates the formation of two-dimensional 
plates parallel to the {100} planes of the 
matrix. Therefore it can be concluded that 
Guinier-Preston zones form on the {100} 
planes of the matrix during the course of 
precipitation in Cu-Be alloys. 

In order to study the development of 
the Guinier-Preston zones with increasing 
aging time a series of Laue photographs 
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were obtained from specimens aged for 
various times at 200, 300, and 400°C. As 
reference patterns Laue photographs were 
also made using a Cu single crystal, Fig 4, 


2 
~ 


Fic 2—GuINIER-PRESTON STREAKS IN THE 
LAUE PATTERN OF A SPECIMEN AGED 1,000 HR 
AT 200°C, 


Fic 3—STEREOGRAPHIC PROJECTION OF SOME 
OF THE SPOTS AND STREAKS OF FIG 2. 


and a water quenched Cu-Be specimen, 
Fig 5. No curved or center streaks! indica- 
tive of Guinier-Preston zones were visible 
in Fig 4 although thermal streaks are in 
evidence. In Fig 5, too, thermal streaks are 
present with perhaps a slight indication of 
center streaks. The sharpness of the dif- 


fracted spots is in marked contrast to the 
appearance of those obtained from the aged 
specimens. 

Fig 6 shows the Laue patterns obtained 
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Fic 5—LAUE PATTERN FROM A WATER 
QUENCHED Cu-BE SPECIMEN. 


from samples aged 14, 19, 200, and 1,000 hr 
respectively at 200°C. The orientations of 
the crystals were such that the Guinier- 
Preston streaks are predominantly radial, 
but by using the water quenched specimen 
and the half-hour specimen as references 
the importance of radial thermal markings 
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can be assessed and proper allowance made. 
The streaks going towards the center of the 
film are prominent but appear to change 
little for aging times greater than 19 hr. 
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hours. No trace of the equilibrium precipi- © 


tate is present even after aging for 1,000 hr. 
In Laue patterns from specimens aged at 
300°C gradual development of the Guinier- 
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This series of patterns indicates that 
Guinier-Preston streaks appear after a few 
hours aging at 200°C and continue to 
increase in intensity with continued aging 
reaching a maximum after a few hundred 


Preston zones could again be followed. 
Diffraction spots from three-dimensional 
precipitate were observed in the pattern 
from the too hr specimen. On aging at 
400°C diffraction effects from three-dimen- 
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sional precipitate were present after 4 hr 
though the Guinier-Preston streaks had not 


disappeared after 265 hr. 


ELECTRICAL RESISTANCE MEASUREMENTS 


The specimens used to determine the 
resistance change on aging were }¢ in. sq 


~ 
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solution treatment. Resistance readings on 
the specimen and a standard resistance 
were sufficient to determine a ‘“compara- 
tive resistance” in arbitrary units. 

The results obtained for the polycrystal- 
line specimens are plotted in Fig 7-10. 
The initial anomalous increase in resistance 
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B polycrystalline rods about 3 in. long. These 
were quenched directly in the aging salt atu : 
bath from a salt bath at 800°C used for the workers, vanishing at 350°C. The addi- 


is seen to decrease in magnitude at higher 
aging temperatures, as found by earlier 
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tional curves in these figures will be dis- 
cussed in subsequent sections of this paper. 
eles measurements were also made 
é- by 14-in. disks cut from the single 
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tures, this effect must be caused by some : 
other factor, one that is accelerating the } 
aging rate. A series of tests showed that this — 
other factor is probably the stresses pro- 
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crystal. The method of tating was the 
same as that used for the polycrystalline 
specimens. From the results shown in Fig 
11-13 it is seen that the aging reaction 
proceeds less rapidly than in the polycrys- 
talline specimens as has been observed in 
other alloy systems. 


Hardness Measurements 


Specimens for hardness measurements 
were cut from the polycrystalline 1¢ in. 
square rod and were about 34 in. long. They 
were given the usual 14 hr solution treat- 
ment at 800°C followed by direct quenching 
to the aging temperature. Air-cooling was 
used from the aging bath. The average of 
six Rockwell A scale readings are shown in 
Fig 7-10. 

One peculiarity noticed in these hardness 


curves is that the curve for 200°C begins’ 


at a markedly greater value than do those 
for higher aging temperatures. Since the 
reaction velocity is lower at low tempera- 


duced in the specimen as a result of 
quenching to the aging temperature. These 
stresses are presumably greater the lower 
the quenching (aging) temperature and 
thus tend to accelerate the aging of speci- 
mens quenched to lower temperatures. 

Fig 14 gives a comparison of the hardness 
of a specimen water-quenched to room 
temperature and of one hot-quenched to 
the aging temperature. Although the 
water-quenched sample begins its reaction 
at a higher rate the hardness value it 
reaches is only one point greater than that 
attained by the other. 

To measure the change in hardness of 
single crystal specimens, disks from the — 
single crystal were given a 1}4-hr solution 
treatment at 800°C followed by quenching 
to the aging temperature. At each tem-~ 
perature only one disk was used for the 
entire series of measurements, the orienta- 
tion of the specimen in the hardness testing 
machine being maintained constant to 
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avoid orientation effects. Before testing, 
the surface was given a metallographic 
polish through 600 carborundum on a 
II-13 present the 


canvas. wheel. 


Fig 
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An interesting phenomenon was observed 
on the single crystal sample aged at 300°C 
for times longer than 3 hr—streaks oc- 
curred on the surface of the polished 
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results obtained using the Rockwell Super- 
ficial 15N scale. A comparison of these 


curves with those obtained for the poly- 
crystalline specimens shows that the single 
crystals harden much more slowly at all 


temperatures. 


specimen on being removed from the aging 
bath. These streaks must have been caused 
by displaced metal for they disappeared 
when the specimen was repolished. It was 
possible to see three streak directions with 
the unaided eye though attempts to 
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observe the streaks under the microscope 
were unsuccessful. 

Because of the importance of these 
streaks with respect to the mechanism of 


reflection Laue photographs. By  suit- 
able heat-treatment the ‘‘displaced-metal 
streaks’? were caused to appear on the 
polished surfaces of these disks_and the 
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precipitation, two additional experiments 
-were completed in an effort to determine 
the crystallographic plane on which the 
metal was being displaced to form the 
streaks. The orientations of two single 
crystal disks were determined using back- 


streak directions were compared with 
the directions of the traces of {100}, {110}, 
and {111} planes. It was concluded that 
the streak directions did not coincide with 
the traces of any one of these sets of 
planes. This result is at variance with that 
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obtained by Guinier and Jacquet who also 
studied this effect; it also indicates that the 
streaks are not simply the traces of slip 
planes, that is, {111} planes in face-centered 
cubic metals. However the result is not 
inconsistent with the fact discussed below, 
that the orientation relationship of the 
precipitate and matrix is complex rather 
than simple. 


Microhardness 


In order to determine the concurrent 
change in hardness of the grain boundary 
and of the grain center areas during the 
course of aging, it was necessary to use a 
tricrystal so that crystallographic orienta- 
tion could be eliminated as a variable. 
Disks from the tricrystal, ground so that 
the opposite faces were accurately parallel, 
were water quenched after being heated 
for 114 hr at 800°C. After careful mechani- 
cal polishing the disks were tested on a 
Tukon machine using a 200 g load. | 
» The changes in microhardness of the 
grain center and grain boundary areas of a 
single specimen on aging at 300 and 400°C 
are shown in Fig 15 and 16. At the lower 
aging temperature the grain boundary 
_ region apparently was overaged by the 
time it was large enough to be measured. 
At 400°C however the first measurable 
grain boundary area was considerably 
harder than the grain-center. With con- 

tinued aging the grain-boundary material 
became as soft as or softer than the balance 
of the crystal. A reasonable explanation of 
these results seems to be that faster aging 
and faster overaging occur at the grain 
boundaries. 

During the course of these experiments 
on the microhardness of the tricrystal a 
number of interesting observations were 
made. Fig 17 is a micrograph of the 
specimen aged 31 hr at 200°C. The peculiar 
markings that look somewhat like small 
recrystallized grains appeared on etching 
specimens that had been aged a short time 
(x hr at 400°C) but failed to appear on 
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specimens aged a longer time (longer than 
10 hr at 4oo°C). Since maximum hardness 
is attained after about ro hr at 400°C this 
phenomenon may be the evidence for 
reaction occurring in small domains within 
each crystal. In Fig 17 the hardness of the 
area inside the “recrystallized grains”? was 
greater than that of material making up 
the broad “grain boundaries.”’ 

Although the 400° specimen completed 
its aging without accident, both the 200 
and 300°C specimens fractured along the 
grain boundaries. In the 200°C sample the 
first crack was observed after 30 hr; in 
the 300°C sample after 8 hr. Fig 18 shows a 
variety of cracks in the 300°C specimen 
aged for 8 hr. 

Two interpretations of this phenomenon 
are possible. One is that the reaction at the 
grain boundary generates stresses that 
cause the fracture to occur. This explana- 
tion is embarrassed by the fact that a great 
deal of grain-boundary precipitate appears 
on aging at 400° without accompanying 
fracture. Moreover, cracking was observed 
at some grain boundaries in the absence of 
appreciable precipitation. A more probable 
interpretation is that the stress is generated 
by reaction occurring throughout the grain, 
the grain-boundary representing an area 
at which stresses are intensified. These 
heightened stresses at the grain boundaries 
account for the appearance of precipitate 
in this region and for the generation of 
cracks. At high temperatures the stresses 
are not so great as shown by the lower 
maximum hardnesses attained. This ac- 
counts for the absence of cracking at 400°. 
That stresses account for the progress of 
grain-boundary precipitation is indicated 
by the fact that once cracking has occurred 
no further growth of the grain boundary 
precipitate is observed. A further support 
for this view is given by the observation 
that precipitation does not occur at the 
boundary between two.-grains having 
similar orientations as judged by etching 
characteristics. The recent work of Forsyth’ 
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Fic 17 (above)—MARKINGS OBSERVED INSIDE A SINGLE GRAIN AGED FOR 31 HR AT 200°C. 100 X. 
Four TUKON INDENTS ARE SHOWN. 

Fic 18 (below) —GRAIN BOUNDARY CRACKS IN THE SPECIMEN AGED AT 300°C For 8 BR. 250 X. 
Etchant-Acid dichromate solution 


a 
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on grain boundary precipitation in Cu-Be 
and Mg-Al alloys suggests that this 
dependence of precipitation on the relative 
orientations of the two grains separated by 
the grain boundary isa general phenomenon. 


Metallographic Studies 


Metallographic specimens were obtained 
by cutting small pieces from the hardness 
specimens. These were mechanically pol- 
ished using the technique developed by 
Alarker and Murphy. 

Fig 19 shows the structures developed on 
aging at 200°C. Fig 19a shows the 6 phase 


- stringers that were present in a few of the 


specimens despite the care taken to insure 
thorough homogenization. It-is seen that 
in the grain areas that have not participated 
in the grain boundary reaction there is no 
evidence of precipitation. A possible excep- 
tion may be the specimen aged for 3,000 hr 
in which there is a suggestion of the 
“ripples” discussed below. Fig 7 gives a 
comparison of the hardness and the per 
cent grain boundary reaction (the per cent 
of the area of the polished face that is 


- occupied by the structure that forms in the 


vicinity of the grain boundary). 

From the micrographs in Fig 19 for 
alloys aged at 200°C it may be seen that 
the width of the dark bands at the grain 


- boundaries is not uniform. The explanation 


advanced in the section on microhardness 


of single crystals might be applied here, 


namely, that the combined effect of the 
orientations of the two grains on either 
side of the boundary determines the grain 
boundary stress produced and hence the 
amount of grain boundary reaction. The 


-peculiar distribution of the grain boundary 


precipitate on the periphery of many of 
the grains lends a measure of support to 


_. this explanation. 


Micrographs of some of the 300°C hot- 
quenched specimens are shown in Fig 20. 


~ While the growth of the grain boundary 


area is similar to that shown by the 200°C 
series, there is a difference in the structure 
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of the grain center. “‘Ripples”’ very similar 
to those observed by Harker! in Au-Cu 
alloys begin to appear as the alloy ap- 
proaches maximum hardness. These ripples 
increase in prominence as the alloy overages 
until finally the grain-center area in which 
they are visible is engulfed by the ad- 
vancing grain-boundary region. The hard- 
ness and percentage grain boundary 
reaction curves are shown in Fig 8. 

At 400°C the microscopic evidence of 
aging is of a different character as shown in 
Fig 21. While no ripples are seen, traces of 
precipitate appear in the grain center 
before the grain-boundary area has covered 
the entire sample. Fig 10 includes the 
hardness and percentage grain boundary 
reaction curves at 400°C. 

The pearlite-like structure that forms at 
the grain boundaries after long aging at this 
temperature, Fig 21d, is similar to the 
structure found in Al-Ag and other alloys. 
Judging from the apparent manner of 
growth of the patches, there seem to be a 
solution and redeposition of the precipitate 
at the advancing interface as pointed out 
by Geisler,® however improbable this might 
appear. In the Al-Ag system the transition 
lattice is the “dissolving”? phase and the 
equilibrium lattice is deposited. Many bits 
of evidence indicate that this is not so in 
Cu-Be alloys. A transition lattice has not 
been detected; the equilibrium precipitate 
lines appear in the absence of this pearlitic 
structure at 300°C; and much softening has 
occurred before the appearance of this 
structure at 400°C, showing that the equi- 
librium precipitate has formed in appreci- 
able amount. Micrographs have been 
obtained showing what appears to be the 
encroachment of the large grain boundary 
precipitate particles on the smaller needles 
in the grain center. It would seem that in 
this system the equilibrium precipitate dis- 
solves at the advancing “‘pearlitic’’ inter- 
face and redeposits on the.larger plates. A 
possible driving force for this reaction 
might be the high stresses, and therefore 
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ALLOYS AGED FOR VARIOUS TIMES AT 200°C AFTER 
200°C FROM 800°C. 200 X, 
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The corresponding reaction curves are shown in Fig 7. : ae 
a, 11 hr b. 30 hr ¢. 198 hr 
d, 500 hr : €. 1,000 hr : f. 3,000 hr 
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higher energy, in other parts of the grain 
compared with those in the areas that have 
undergone this reaction. 

Precipitation at 560°C occurs only in 
small part at the grain boundaries and 
mostly in the grain-centers. The grain 


Fic 20—MICROGRAPHS OF ALLOYS AGED FOR VARIOUS TIMES AT 300°C AFTE 
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r =a exp (— 2.) Eqt 


where 
a, Q = constants 
R = gas constant 
T = absolute temperature 


Pind 
seat 


300°C FROM 800°C. 200 X. 
The corresponding reaction curves are shown in Fig 8. 


a. 0.33 hr 
Cam sbr, 


boundary reaction is arrested when only 20 
pet completed in contrast to the 100 pct 
grain boundary reaction that is observed at 


lower aging temperatures. 


ACTIVATION ENERGY OF THE PRECIPITATION 
REACTION 


The rate of a large variety of reactions 
can be expressed as a function of tempera- 
ture by means of the equation . 


$93 hr 
d. 42.5 hr 


If as a measure of the rate of reaction the 
reciprocal of the time for half-reaction is 
chosen, and if this quantity is plotted 
against the reciprocal of the absolute tem- 
perature, the activation energy Q can be 
obtained from the slope of the resulting 
straight line. In the instance of precipita- 
tion reactions Q is not a single quantity, but 
rather a complex of a number of separate 
activation energies. 
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Data for determining values of the ac- 
tivation energies are listed in Table 1 and a 
representative plot of these data is shown 
in Fig 22. The values of the activation 


eta 
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also holds in the present instance, taking 
the Q for electrical conductivity in the 
polycrystalline alloy as the significant 
value. 


Fic 21—MICROGRAPHS OF ALLOYS AGED FOR VARIOUS TIMES AT 400°C AFTER HOT-QUENCHING TO 
400°C FROM 800°C, 200 X. 


. . . . e& 
The corresponding reaction curves are shown in Fig sto. 

ad. 0.01 hr b. o.t hr 

¢. 0,2) 0r d, t,000 hr 


energies obtained from the data of Table 1 
are given in Table 2. 

Since the mechanism of precipitation 
hardening involves diffusion another ac- 
tivation energy that is of interest is that for 
the diffusion of beryllium in copper. Rhines 
and Mehl!’ have determined this Q value 
to be about 28,000 cal. Jetter and Mehl!! 
have pointed out that in every instance of 
precipitation investigated the Q value de- 
termined has had a lower value than the 
corresponding Q for diffusion. This relation 


ATOMIC-CRYSTALLOGRAPHIC MECHANISM OF 
PRECIPITATION 


It is not possible to give a complete and 
wholly satisfactory treatment of the pre- 
cipitation mechanism in this system be- 
cause of our inability to demonstrate the 
occurrence and to determine the structure 
of a transition lattice, as well as the inher- 
ent complexity in the crystallographic rela- 
tionships. For these reasons the following 
mechanism must be considered tentative 
only. , 
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TABLE 1—Data for Determination of Activation Energy 


(a) 
re eee ee eae te EA 


Data from Electrical Resistance Measurements on Polycrystalline Specimens 


oon ie 2 
I nitial Final y F I 
a ae Resistance | Resistance +2 Value Time, Hr Time 
250 523 0.00IQI2 1,000 500 750 43.7 0.0229 
300 573 0.001745 1,000 525 762 3.75 0.1267 
350 623 0.001605 1,000 530 765 E.14 0.877 
400 673 0.001486 1,070 655 862 0.20 5.0 


(b) 


’ Data from Electrical Resistance Measurements on Single Crystals 


Temp, 
Ss I Initial Final I 
nitia ina Z i 
aig Resistance | Resistance 74 Value Time, Hr Time 
300 0.001745 I,005 780 16.0 0.0625 
400 0.001486 I,0I10 630 820 1.90 0.1526 


0.001200 


(c) 


Data from Hardness Measurements on Single Crystals 


Temp, °C i : 
2 T ey Time (for Maximum Hardness), I 

T ; r Time 

300 573 0.001745 40 0.025 

400 673 0.001486 47 0.213 

560 833 0.001200 0.65 1.54 


(d) 


Data for Grain Boundary Reaction in Polycrystalline Specimens 


° 
Borer I Time (for 50 Pct Transformation), zr 
- a Hr Time 
200 473 0.002114 2,000 0.0005 
300 573 0.001745 10 0.10 
400 673 0.001486 * = 0,20 5.0 


TABLE 2—Values of Activation Energies ferent from that of the matrix. These 
Given by Data of Table x platelets or “zones” give rise to the 
Guinier-Preston streaks in X ray films. 


pete 9 Although it has been impossible to deter- 

: : . mine experimentally the structure of these 

“EE ama eons dn sy eos Bo1004 os Guinier-Preston zones it is reasonable to 

Single crystal. Bloctrical Resistince ©| 19,090 assume that they form on the cube planes 
Hardness 15,000 


of the matrix from concentrations of Be 
. atoms. A possible structure for the Guinier- 

The first step in the precipitation reac- Preston platelets is shown in Fig 24 in 
tion is the formation in the homogeneous _ relation to the matrix, a phase, and to the 


matrix of platelets having a structure dif- equilibrium precipitate, y phase. 
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0.00150 
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TIME (HRS) 
Fic 22—PLot TO DETERMINE THE ACTIVATION ENERGY FROM DATA ON GRAIN BOUNDARY REACTION 


(Too) 
! 


(o1o)— ppecle 


' 
(100) 
FIG 23—STEREOGRAPHIC PROJECTION SHOWING APPROXIMATE POSITIONS OF CUBE {100} 
POLES IN THE STANDARD PROJECTION OF A MATRIX CRYSTAL.’ {100} POLES OF THE MATRIX ARE 
INDICATED BY THE POINTS WITH INDICES ATTACHED. : 
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effects found in the early stages of aging 
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Guinier and Jacquet concluded from a 
study of the Guinier-Preston streaks that 
this intermediate structure does not exist 
in any appreciable amount. However a 
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will result in a contraction of the lattice in 
the direction perpendicular to the planes 
of beryllium atoms and in an expansion in 
the plane of these atoms. Accommodating 


ol - PHASE 


POSSIBLE 
INTERMEDIATE 
STRUCTURE 


© correr atom 


@ cervitium atom 


fe 


> - PHASE 
~— 2.70 > 


Fic 24— RELATION OF POSSIBLE INTERMEDIATE STRUCTURE TO THE @ AND y PHASES. 


A comparison of the X ray effects found dur- 


ing the early stages of aging in Al-Ag 
alloys,® a system in which a transition lat- 
tice is eventually formed, with the X ray 


_ in Cu-Be, reveals no significant difference. 


: 


Therefore it seems likely that such an 
intermediate lattice may form in small 


amounts even though it fail to grow large 
enough to produce three-dimensional dif- 


fraction effects. 
Evidently this intermediate structure 


will have a strong tendency to assume the 


dimensions of the y phase. This tendency 


strains will occur in the matrix lattice and 
hardening will result. This hardening can 
occur only so long as the intermediate 
structure and the matrix are coherent for 
only then can appreciable reciprocal strain- 
ing exist. When the equilibrium precipitate 
forms from the intermediate structure, 
lattice strains are materially reduced and 
the hardness decreases. . 

If the equilibrium precipitate were to 
form from the intermediate structure 
shown in Fig 24 without a change in ori- 
entation, as observed in other systems and 
presumably general, the resulting rela- 
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tionship to the matrix would be described 
by: 


(c01)a || (001), 
[100]. I] [x16]y 


This is the orientation reported by Guiner 
and Jacquet.® 

The extent to which this relationship 
differs from the one given in Fig 23 can be 
appreciated by considering the following 
manipulations of the stereographic projec- 
tion that result in approximately the pat- 
tern shown in this figure. Beginning with 
the standard projection of the precipitate 
coinciding with the standard projection of 
the matrix, the former is rotated 45° about 
its [oor] axis. This produces the relationship 
given above. Next the [oot] axis is tilted 8° 
about the [100] axis. Finally by a rotation 
about the [oro] axis the [oor] axis is made 
to spread over an arc of about +2 degrees. 
Efforts to explain in terms of crystal- 
lographic relationships why the equilibrium 


precipitate assumes this orientation have | 


not been successful. 


DISCUSSION OF RESULTS 


The mechanism of precipitation harden- 
ing proposed earlier® proposes that: (1) 
hardening be concurrent with the appear- 
ance of a new lattice coherent with the 
matrix which, when in small particles, 
provides Guinier-Preston zones, and (2) 
that softening be concurrent with the 
disappearance of coherency between the 
matrix and the precipitate and thus, for 
small particles, with the disappearance of 
Guinier-Preston zones. Analysis of the 
results obtained in this research on. the 
age-hardening of Cu-Be alloys furnishes 
additional evidence in support of this point 
of view. 

Since the data on Guinier-Preston zone 
formation were obtained using a single 
crystal specimen it is desirable that the 
hardness values of the same specimen be 
used in studying the correlation of Guinier- 


x? # 
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Preston zone formation and hardness. In 
Fig 11 it is seen that the hardness of the 
single crystal increased steadily on aging 
at 200°C for 1,000 hr and correspondingly 
the Guinier-Preston streaks were growing 
in intensity during the same. period, Fig 6. 
On aging at 300°C the hardness maximum 
was reached in about 50 hr, Fig 12, and 
the Guinier-Preston streaks were observed 
to increase in prominence during this 
period. The initial softening at this tem- 
perature was accompanied by the begin- 
ning of the formation of X ray diffraction 
spots from the equilibrium precipitate 
after 100 hr aging. At 400°C the hardness 
maximum occurred in 4 hr, Fig 13; by this 
time the Guinier-Preston streaks were 
found to be well developed and there was 
evidence that the formation of equilibrium 
precipitate was about to begin as shown 
by the incipient condensation of the streaks 
into ill-defined spots. 

No transition lattice was detected in the 
Cu-Be system. Coherency between pre- 
cipitate and matrix implies that the 
coherent precipitate exhibit either a lattice 
quite different from the equilibrium pre- 
cipitate, with dimensions adjusted to that 
of the matrix thus affording coherency 
(as in Al-Cu), or a lattice of the same type 
of the equilibrium precipitate merely 
strained in dimensions so as to afford 
coherency (as in Al-Ag). The coherent 
precipitate lattice in either case may be 
designated as a transition lattice but the 
proof of the occurrence of such a lattice 
demands that the precipitate particles grow 
to such a large size whilst remaining 
coherent that three-dimensional diffraction 
be possible. Presumably in. the Cu-Be 


system the transition lattice breaks away — 


from the matrix lattice (loses coherency) 
when the particles are too small to afford 
three-dimensional diffraction; other sys- 
tems show this behavior.2° . _ rm 

The results obtained on grain boundary 


precipitation strongly suggest that precipi- — 


tation in this region is similar to that 


ry 
ry id 
~ 
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occurring in the grain center, except that 
aging and overaging is accomplished more 
rapidly in the vicinity of most grain 
_ boundaries. The cause of this acceleration 
of the precipitation reaction may be 
attributed to the stresses that are present 
_ at the boundary between two crystals 
__-having different orientations. 


rd 
SUMMARY 


1. The technique of quenching from the 
_ solution temperature directly to the aging 
__ temperature was applied to the study of the 
precipitation hardening of Cu-Be alloys. 
Little difference was observed in most 
_ properties compared with those obtained 
» after water quenching and aging. 

2. The change of electrical resistance 
during aging was observed in single 
crystals and in polycrystalline specimens. 
a ‘The single crystals reacted more slowly 
than did the polycrystals. At lower aging 
temperatures the anomaly in electrical re- 
_ sistance previously reported was confirmed. 

3. In addition to the usual hardness tests 
carried out. on single crystals and on poly- 
crystals, the Tukon hardness tester was 
used to measure the hardness of the grain- 
"center and the grain-boundary areas of 
_ tri-crystals. It was shown that the grain- 
boundary area hardens more quickly but 
also overages sooner. 
_ 4. Laue X ray patterns were used to 
demonstrate the existence of Guinier- 
Preston zones in Cu-Be alloys. An analysis 
of these patterns showed that these zones 
form on the {100} planes of the matrix. 

5. An improved Debye X ray technique 
involving vacuum operation and a mono- 
-chromated beam failed to disclose a transi- 
tion lattice for thissystem. It was concluded 
that no lattice other than that of the equi- 
librium precipitate grows large enough to 
afford three-dimensional diffraction. 

6: Excellent evidence for the accelera- 


J 
. 
é 


‘ 


yy water-quenching was obtained. 
7. In studying tri-crystals evidence was 
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tion of hardening by the strains produced 
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found to indicate that strain is the cause of 
grain boundary precipitation. 

8. It is concluded that the precipitation- 
hardening behavior of Cu-Be alloys can be 
explained by the theory that has been used 
to account for hardening in Al-Cu and 
Al-Ag alloys. 
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DISCUSSION 


(G. Sachs and W. M. Baldwin, Jr. presiding) 


M. R. Herman*—tThe authors pointed out 
that, while a hot quenched sample started 
increasing hardness more slowly than a cold 
quenched and subsequently heated sample, 
the time at which they both arrived at the 
maximum hardness was about the same. I 
think it was about 3 hr at 300°. 

Is this a coincidence of the conditions, or at 
some other temperature, 350° for example, 
would the two hardness maxima occur at 
different lengths of time? 


I2. 


13. 
r4. 


ia, 


16. 
vgs 


18. 


19. 


20. 


A. G. Guy (authors*® reply)—We do not 
have any experimental evidence other than 
at 300°, but I doubt that it is a coincidence. 
I would imagine that the initial rate of reaction 
is governed by the minor stresses introduced 
in quenching, and that the much larger stresses 
due to coherency cause maximum hardness. 
Thus, at all temperatures the hardness maxima 
would occur at about the same time in the 
two kinds of specimen. 


*American Smelting and Refini Coy 
Barber, N. J ene ae 
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ALLOYS OF BERYLLIUM IN COPPER 


A. H. GEIsLER*—This paper represents a 
contribution to the growing number of pre- 
cipitation alloys that have been investigated 
from the standpoint of reaction kinetics. The 
importance of understanding the mechanism of 
the reaction before interpreting property 
changes has been the incentive in such studies 
beginning with the long, series of papers on the 
Widmanstitten structure to which two of the- 
authors contributed. Only by fully investigat- 
ing numerous alloy systems will a general 
theory of mechanism of prespaies and age 
hardening evolve. 

In this respect, it is gratifying to learn that 
the hardening behavior can be explained on the 
same sequence of structures that has been 
identified for Al-Ag and Al-Cu. The differences 
are merely in degree. In Cu-Be alloys, the 
precipitate within the grains is submicroscopic 
during the hardening and breaking away of the 
coherent structure within the grains precedes 
the recrystallization reaction at the grain 
boundaries. In Al-Ag alloys, the precipitate is 
microscopically detectable before maximum 
hardness is attained and loss of coherency 
occurs much later concurrent with recrystalliza- 
tion nucleated at the grain boundaries. This 
concurrence apparently is unique for Al-Ag 
alloys, since in all other alloys that have been 
investigated loss of coherency within the 
grains precedes the grain boundary reaction. 
Maximum hardness is restricted by softening 
attendant loss of coherency and recrystalliza- 
tion in Cu-Be alloys, whereas gross depletion of 
the solid solution must be the controlling 
softening reacting in Al-Ag alloys. Loss of 
coherency does not occur in the latter alloys 
until after they are considerably overaged. 

After the completing of Dr. Guy’s research, 
we have extended the X ray diffraction studies 
on samples of the Cu-Be alloy that he kindly 
supplied. Results obtained using a new method 
of analysis of one and two dimensional diffrac- 
tion effects clearly show that the Laue streaks 
originate in a new structure—very thin plates 
of, the precipitate rather than in segregates 
within the matrix structure. Patterns for 
crystals aged 3 and 18 hr at 300°C have new 
reflections which are not attributable to the 
matrix. Three dimensional diffraction from the 
precipitate (with characteristic K radiation) 


*General Electric Research Laboratory, 
Schenectady, N. Y. 
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DISCUSSION 


was also observed for the sample aged 18 hr. A 
preliminary analysis of the patterns suggests 
that the precipitate is coherent with the matrix 
in the ideal orientation postulated by the 
authors (Fig 24). 

Tam particularly interested in the asterism of 
the matrix spot which apparently increases 
with aging time according to the Laue patterns 
of Fig 6. Does this indicate plastic deformation 
of the matrix as a consequence of precipitation? 
There appear to be two kinds of strains in the 
matrix promoted by precipitation. Elastic 
strains in the regions surrounding the precipi- 
tate particles—the coherency strains—pre- 
sumably are responsible for that diffraction 
line shifting and blurring which can not be 
accounted for by the composition change. In 
addition, there are some observations which 
suggest that plastic strains also appear prior to 
loss of coherency. Presumably, the coherency 
stresses may initiate crystallographic slip in 
the matrix, be relieved in part, and thus detract 
from the hardening. This must be minor since 


_ hardening progresses regardless. Evidence for 


the plastic strains may include (1) asterism in 
Laue patterns, (2) blurring of matrix spots 
along the Debye circles of powder patterns for 
coarse grained specimens (this has been ob- 
served for several alloys), (3) fragmentation 
revealed by X ray microscopy* and finally (4) 


' the tendency for many of the precipitation 


alloys to recrystallize prior to attaining the 
final equilibrium state. Among the aluminum 
base alloys the recrystallization reaction gen- 
erally does not occur, f and matrix spots seldom 


- show much asterism after aging. Likewise, the 


X ray micrographs show little blurring. Thus, 
there are these X ray data to suggest that 
plastic deformation of the matrix is promoted 
in some alloys by precipitation. In regard to 
metallographic data, could the “‘ripples” in the 
microstructure of the aged Cu-Be alloys be 


*C. S. Barrett: Trans. AIME (1945), 161, 


54-58. 


+ Al-Ag and Al-Zn are the only exceptions 
yet observed and in these the tendency is 
relatively slight since long aging times are 
required. 
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strain markings of the type reported for brass* 
and copper? t 


A. G. Guy—We are gratified that Dr. 
Geisler is finding evidence of a transition lattice 
that will clarify the mechanism greatly. We 
had considered the possibility that the ripples 
are caused by plastic deformation, but the 
work we had done in an attempt to decide on 
what crystal plane the ripples were forming led 
to no conclusive results. 


D, HarKxer{—I do not know why I should 
take part in the discussion now, since Dr. 
Geisler has already said much of what I had 
to say. I have had long discussions with Dr. 
Guy about the nature of the processes occurring 
during the hardening reaction in his copper- 
beryllium alloys. It is.my belief that he has 
found no evidence in disagreement with the 
idea that the early stages of the reaction 
proceed in a similar way to the order-hardening 
reaction in the 50 at. pct gold-copper alloys, 
that is, that the hardening is due to the tetrag- 
onality gradients set up in the matrix during 
the early stages of the reaction. The slight 
disorientation of the precipitated phase is just 
about what one would expect from such a 
mechanism. 


A. G. Guy—Dr. Harker and I agree that 
there is quite likely some of the disorder-order 
hardening at least in the early stages of pre- 
cipitation in some systems. However, in view of 
the fact that in other systems the Guinier- 
Preston zones do not involve the initial ordering 
of atoms on one of the matrix planes, it is not 
evident that-this additional hardening mecha- 
nism is active in all instances. It is certainly 
possible that order hardening does not con- 
tribute to age hardening in copper-beryllium 
alloys. 


* J. E. Burke and C. S. Barrett: AIME 
Met. Tech. (Feb. 1948) TP 2327. This volume 
PETOOs : 
i + WwW. Re Hibbard,. jr. oR. W. Henn, or; 
and H. Margolin: AIME Met. Tech. (Feb. 
1948) TP 2336. This volume p. 74. 

+ General Electric Company, Schenectady, 
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The Isothermal Transformation of a Eutectoid Aluminum Bronze 


By Davin J. Macx,* MemBer AIME 
(Chicago Meeting, October 1947) 


THE structures and properties of the 
copper-aluminum alloys have been the 
subject of much study since the classic 
investigation of Carpenter and Edwards? 
focused attention on the engineering 
utility of these alloys. It was recognized 
at an early date that the metallographic 
structures developed in the aluminum 
bronzes were similar to those developed 
in steels, both in the annealed and the 
rapidly cooled state. Most investigators 
have been concerned with the acicular, 
martensitic-like structure formed from 
the 6 solid solution upon rapid quenching; 
the transformation of the 6 under equilib- 
rium cooling to a lamellar eutectoid having 
been relatively neglected. 

With the introduction in 10930 by 
Davenport and Bain? of the isothermal 
transformation technique for studying 
eutectoidal decompositions, a new field 
was opened. Although an enormous amount 
of work has since been done on the iso- 
thermal transformation of steel, study of 
structurally analogous systems has been 
almost totally overlooked. The outstanding 
exception was the prize-winning papert 
of Smith and Lindlief* who investigated 
the decomposition of the 8 phase in copper- 
aluminum alloys by isothermal methods. 
This was followed in 1934 by Wasserman’s 
review of available information on analo- 
gous transformations in eutectoid alloys. 
~ Manuscript received at the office of the 
Institute May 13, 1947. Issued as or. 2242 in 
METALS TECHNOLOGY, September 1 

* Assistant Professor, Metallurgy, Chitere of 
Engineering, University of Wisconsin, Madison, 
Wisconsin. 

+ Annual Award Certificate of the Institute 


of Metals Division of the AIME, 1936. 
1 References are at the end of the paper. 
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Since that time no comprehensive study of 
isothermally transformed eutectoids analo- 
gous to steel has appeared, although many 
valuable contributions have been made to 
an understanding of the structures de- 
veloped in such systems. Important papers 
have been published by Kurdjumow, 
Gridnew and co-workers,®—!7 Obinata,!8:19 
Greninger,?°?! and others.??:?8 The work 
to be described in this paper was an out- 
growth of preliminary studies on the 
isothermal transformation of a entectoid 
aluminum bronze, after it became apparent 
that the alloy under study was reacting 
somewhat differently than the similar 
alloy used by Smith and Lindlief. 


PRELIMINARY EXPERIMENTS 


The material used in this study was a 
high purity aluminum bronze especially 
prepared by Ampco Metal, Inc, It analyzed: 
Copper—88.07 pct, Aluminum—11.809 pet, 
Iron—o.o2 pct, Manganese—o.o1 pet, 
Others—Balance. Although some disagree- 
ment exists on the exact composition of 
the eutectoid, this alloy was believed to 
be of essentially eutectoid compésition 
even though some pro-eutectoid* delta 
particles existed in the microstructure 
of furnace cooled specimens. Specimens 
transformed isothermally at temperatures 
slightly below the eutectoid showed rela- 
tively large amounts of pre-eutectoid delta, 
but as will be shown later, this results 


* As used in this paper, pro-eutectoid refers to 
the rejection which occurs before the normal 
eutectoid temperature is reached in continuous 
cooling; pre-eutectoid is the rejection which 
occurs before the eutectoid reaction starts at 
sub-critical temperatures in isothermal trans- 
formation. 
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from the pronounced tendency of the 
alloy to form supersaturated solid solutions 
of non-equilibrium composition. This ten- 
dency towards super-saturation undoubt- 
edly accounts for the disagreement on the 
composition of the eutectoid. 

The bronze was received in the form of 
34-in. rods, extruded at 843-868°C. All 
specimens were cut from the rod stock, 
annealed at 850°C. for one-half hour and 
furnace cooled. After such treatment the 
specimens showed a fine pearlitic* structure 
with occasional small delta particles. 


The Eutectoid Temperature 


The phase diagram for the copper-rich 
end of the copper-aluminum system is 
shown in Fig 1, with the eutectoid tem- 
perature being given as 556°C. In common 
with the eutectoid composition, the eutec- 
toid temperature has been the subject of 
much disagreement,’ probably for the same 
reason, that is, tendency to form non- 
equilibrium phases. Consequently, a deter- 
mination was made of the eutectoid tem- 
perature for this particular alloy by three 
different methods. 

Heating curves were run on two-inch 
long specimens which were cut from the rod 
and which had a 3¢-in. diam hole, one inch 
deep, drilled axially in one end. The speci- 
men was inserted into a loose fitting 
graphite crucible having a tight cover 
through which the thermocouple could be 
inserted into the hole in the specimen. The 
crucible containing the specimen was 
placed in a vertical tube furnace, the 

* With full realization of the controversy 
which may ensue, the terms pearlite and 
martensite will be used in this paper to de- 
scribe, respectively: the lamellar eutectoid 
forme | from the B Cu-Al solid solution by the 
diffusional processes of nucleation and growth; 
and the acicular structure formed from the 8 
by lattice transformation without the diffusional 
processes of nucleation and growth. Inasmuch 
as these two types of structures occur in 
numerous metallographically analogous sys- 
tems, it is felt that the use of the terms pearlite 
and martensite should no longer be confined 


solely to the structures developed in the iron- 
carbon system. 


voltage input to which was controlled by 
means of a variac autotransformer. The 
thermocouple used was a platinum-plati- 
num rhodium couple with calibration 
certificate from the Bureau of Standards. 
The voltage input was varied to give 
heating rates for different runs varying 
from 0.5° to 1.4°C per min. The resulting 
data, when plotted as inverse rate curves, 
gave sharp breaks at the eutectoid tem- 
perature. The eutectoid temperatures so 
obtained varied from 554° to 559°C, an 
average value being 556.6°C. While cooling 
curves were also run, the alloy showed a 
tendency to undercool about 50° before 
undergoing the eutectoid reaction, hence 
only the data from the heating curves 
were used. 

For the metallographic determination 
of the eutectoid temperature, specimens 
o.1-In. thick were cut from the rod and a 
14-in. hole drilled in the center of these 
discs. Chromel-alumel couples, calibrated 
against the standard, were wired to the 
specimen so that the weld bead was 
located in the center hole. The specimens 
were suspended in a graphite crucible 
placed in the vertical tube furnace and 
heated at a rate of 3°C per min. After 
reaching the desired temperature they were 
maintained for 14 hr and then withdrawn 
quickly and quenched in cold water and 
examined for the presence of martensitic 
areas in the pearlite. The eutectoid tem- 
perature was found to be 555°C by this 
metallographic method. 

The third method employed for the 
determination of the eutectoid temperature 
was isothermal transformation in a fused 
salt bath of specimens which had been 
thoroughly homogenized as B at 810°C 
for one hour before transference to the 
salt bath. This method was the least 
accurate of the three employed because of 
variations in the temperature of the salt 
bath caused by the on-off action of the 
controller. It was found that with the 
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controller set at 567°C and the temperature 
fluctuating between 558° and 567°C, 
no pearlite appeared in 46}4 hr although 
massive pro-eutectoid 6 and some a were 


Oem 2 4 6 8 10: "2714s 16 e168 
PER CENT ALUMINUM 
Fic 1—THE COPPER ALUMINUM CONSTITUTION 
DIAGRAM, 


present after this time, indicating that 
on the average, the temperature was above 
the true eutectoid temperature. In another 
series run with the controller set at 560°C 
and the temperature fluctuating between 
553°C and 560°C, the pearlite reaction 
started in 31% hr and was complete in 
17 hr. On the basis of the eutectoid tem- 
peratures as determined by these three 
methods, it is felt that a value of 556° + 
2°C is reasonable for this particular alloy. 


The Mass Effect 


Because little was known of the reaction 
rate for this material and since the handling 
of thin specimens is always troublesome, 
two series of specimens were isothermally 
transformed at 525°C to determine if 
specimen mass had an effect on the eutec- 
toid reaction. This temperature, according 
to Smith and Lindlief,’ corresponds to 
the nose of the T-T-T diagram where the 
reaction rate is the most rapid. The speci- 
mens were transverse slices cut from the 
rod stock, each series having specimens 
whose thicknesses were: 342, 14, %o, 14, 
1340, 14, 34 and 134 in. respectively. 
The specimens were soaked }4 hr at 810°C 
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and immediately transferred to a lead 
bath at 525°C. One complete series was 
withdrawn after 2 min. and quenched in 
cold water while the other series was 
allowed to transform 20 min., removed 
and quenched. The specimens were then 
sectioned lengthwise along the center, 
polished and etched. All specimens in each 
series had identical structures: the series 
quenched after 2 min. being predominantly 
martensite with some pre-eutectoid 6 
and @ with traces of pearlite; the series 
quenched after 20 min. being all pearlite 
with embedded pre-eutectoid 6 and a. 
Since specimen mass within these limits 
had no effect on the pearlite reaction, all 
specimens subsequently used in isothermal 
studies were 1¢ in. thick with a }44-in.- 
center hole to facilitate attachment of the 
sling wire. However, it was found later 
that specimen mass was important in 
determining the lower temperature limit 
for the formation of one of the metastable 
phases which can exist in aluminum bronzes 
of this composition. This will be described 
at the appropriate time. 


PRELIMINARY SOAKING TIME AND 
TEMPERATURE BEFORE ISOTHERMAL 
TRANSFORMATION 


It is vitally important in studies of this 
nature that the solid solution from which 
the eutectoid forms be of uniform com- 
position. Thus, if undissolved phases or 
concentration gradients are present, the 
reaction rate and the end products will 
be affected, perhaps even seriously altered. 


Hence a study was made of both the effect - . 


of temperature and time at which the 
specimens were homogenized before being 
reacted isothermally. Keeping in mind 
that the eutectoid temperature is 556°C, 
soaking temperatures of 625°, 695°, 809° 
and 906°C were chosen for investigation. 
Soaking time was 34 hr and the isothermal 
transformation temperature chosen was 
again 525°C. Specimens were withdrawn 
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sa 4 = 
‘FIG 2—10 MINUTES AT 525° AFTER 4 HOUR SOAK AT 810°. 6 crystals in 6 with some pearlite. 100 X. 
FIG 3—10 MINUTES AT 525° AFTER I HOUR SOAK AT 810°. Very little 6 in the . Pearlite and a. 
100 X. 
Fic 4—10 MINUTES AT 525° AFTER 17 MINUTE SOAK AT 810°. The pearlite reaction proceeds more 
rapidly than in specimens soaked for longer time. 100 X. 
Fic 6—30 MINUTES AT 540°. The transformation of 8 to pearlite is about 60 per cent complete. 
100 X. 
Fic 7—45 MINUTES AT 540°. The transformation is complete. Pre-eutectoid 5 in pearlite. Both the 
lamellar'and granular types of pearlite are shown. 100 X. 
Fic 8—8 MINUTES AT 525°. Rosettes of 8: with 6, surrounding a on the old @ grain boundary. 
Too X. 
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from the salt bath at intervals of 1, 2, 4, 10 
and 20 min., quenched in cold water, 
sectioned longitudinally and the micro- 
structures compared. 

There was no appreciable difference in 
reaction rates or transformation products 
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To determine the effect of time at 810°C 
on subsequent isothermal transformation, 
another group was placed in the furnace, 
specimens being withdrawn in pairs after 
soaking periods (total time in furnace) 
of 17 min., 30 min., 1, 2 and 4 hr, trans- 
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Fic 5—T-T-T DIAGRAM FOR A EUTECTOID ALUMINUM BRONZE. 


among the groups with the exception of 
those soaked at 625°C, the lowest tem- 
perature. In that group, the pearlite reac- 
tion started later and finished sooner than 
in the others. Consequently, any tempera- 
ture between 695 and 906° seemed per- 
missible as the soaking temperature prior 
to isothermal transformation. A tempera- 
ture of 810°C was chosen arbitrarily to be 
the standard. 


ferred to the salt bath at 525°, and allowed 
to transform for 4 and 10 min., respec- 
tively. The specimens soaked from 30 min. 
to 2 hr were identical for the same iso- 
thermal transformation time. Specimens 
soaked 4 hr showed the precipitation of 
much more pre-eutectoid 6, Fig 2, than was 
formed in specimens soaked 2 hr or less, 
Fig 3. It is suggested this increased pre- 
cipitation of 6 probably arose from the 
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FIG 9—1I0 MINUTES AT 525°. Bi surrounding pre-eutectoid a. The pearlit 
. through either B1 or B. 500 X: 
Fic 10—16 SECONDS AT 500°. The transformation to §: is nearly complete. Precipitation of ais 
imminent. 1000 X. 
Fic 11—30 SECONDS AT 500°. a has now precipitated in the B; along the old 6 grain boundary. 
I000 X. 
Fic’ 12—SAME AS F1G If EXCEPT ETCHED WITH THE AMPCO ETCH. Shows the necessity for 
electrolytic etching to develop the 6: structure. 1000 X. 
Fic 13—THE UPPER PART OF THE PICTURE SHOWS PEARLITE GROWING INTO A Bi GRAIN FROM 
THE GRAIN BOUNDARY. Pearlite grows much more slowly into the grain where a has already 
precipitated as shown in the lower half of the picture. 2 minutes at 500°. 1000 X. 
FIG 14—8 MINUTES AT 500°. Shows the general progress of the transformation. 100 X. 


e grows indiscriminately 
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18 


Fic 15—8 MINUTES AT 500°. Remnants of the 6 are still present as the dark cellular structure in 
the 6;. Pearlite is growing into the ; encircling the pre-eutectoid @ as it STOWS. 1000 X. 
FIG 16—33 MINUTES AT 500°; The transformation is nearly complete, only a few white areas of 6; 


FIG 17—33 MINUTES AT 500°, SHOWING THE UNTRANSFORMED AREA OF Fic 16 AT 1000 X. The 
6 envelope is visible around the a particles. 
FIG 18—4 MINUTES AT 475°. a along the old 6 grain boundary and in the B, grains. Remnants of 
the 6 appear as the cellular network between particles. 1000 X. 
FIG 19—1 MINUTE AT 450°. Widmanstatten a needles adjacent to a on the grain boundary: 
The specimen has not been etched heavily enough to show characteristic markings of 6; although 
the martensite needles are clearly visible. 1000 Xs 
Fic 20—8 MINUTES AT 450°. Widmanstatten a in 8: grains. The pearlite is growing out from the 
a along the old grain boundary. 1000 X. 
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Fic 21—2 MINUTES AT 430°. Widmanstatten a in the #6; grains with a on the grain boundary 
f 500 X. . 
Fic 22—4)% wours Ar 430°. Pre-eutectoid a, massive a and pearlite. 1000 X. 
b Fic 23—4 MINUTES AT 400°. Pre-eutectoid @ in Bi. 1000 X. 


Fic 24—18}9 HOURS AT 400°, Pre-eutectoid a and massive a with pearlite. Note coring in the a. 
P 1000 KX. 
FIG 25—8 MINUTES AT 375°. @ in the old @ grain boundaries and as fine slivers in the martensite 
needles. 500 X. ; 
Fic 26—46}4 HOURS AT 375°.@ precipitated within the martensite needles. tooo X. 
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FIG 27—4 MINUTES AT 385°. @ (long slivers) precipitated prior to martensite forma 


tion and a 
precipitated after martensite formation (short slivers lying wholly within the martensite needles). 
500 X. 


Fic 28—46}4 Hours at 375°. Pearlite growing 
A different area of the s 


form the martensite and consuming the slivers. 
ame specimen shown in Figure 26. 1000 Ke 

FIG 29—43 HOURS AT 325°. a at the grain boundaries and as slivers in the martensite needles. 

The pearlite reaction is just starting. t000 X. ae 

FIG 30—45 HOURS AT 325°, PLUS 20 SECONDS AT 525°. Increased precipitation of a at the grain 

boundaries and in the martensite needles. 1000 
Fic 31—45 HOURS AT 325°, PLUS 2 MINUTES AT 525°. Pearlite nuclei in the grain boundaries and 
in the martensite. 40 X. 
FIG 32—45 HOURS AT 325°, PLUS 2 MINUTES AT 525°. Pearlite 
martensite from a grain boundary. The a slivers 


growing into the decomposing 
are being consumed by the pearlite. tooo xX. 
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presence of Al,O3 nuclei formed either 
during the long soaking period or which, if 
originally present, were somehow activated 
during the soak. Specimens which were 
soaked only 17 min. showed a much faster 
pearlite reaction rate, Fig 4, than those 
soaked longer, probably due to concentra- 
tion gradients remaining in the # solid 
solution because of the short soaking 
period. On the basis of the above results 
a soaking time of one hr at 810°C was 
used as the preliminary treatment for 
all isothermal transformations. 


ISOTHERMAL TRANSFORMATION 
T-T-T Diagram 


The results of the isothermal studies 
are shown graphically on the customary 
T-T-T diagram Fig 5. The data of Smith 
and Lindlief are included for comparison. 
It is apparent that the two sets of data 
are in moderately good agreement. The 
chief discrepancies are for the a-start 
and pearlite-start curves above 450°C and 
the reaction-end curve above 500°C. 
Although it is difficult to assign a reason 
for this disagreement, the following causes 
may be responsible: 

1. The higher soaking temperature, 
goo°C, uséd by Smith and Lindlief may 
have resulted in more complete homo- 
genization of the 8 and partial or complete 
solution of inclusions which could act as 
nuclei for the decomposition of the £. 
Probably the higher temperature also 
produced a larger @ grain size. 

2. The etching reagents used in this 
work* are believed to be considerably 


* The three etching reagents used in this 
work are as follows: 


1. A general all-purpose etch suggested by 


W. W. Edens of Ampco Metal, Inc. 


Fe(NOs)s—20 g NHsNO;s—20 g Conc. HNO:— 
2 ml H2O0—so00 g 


This reagent is particularly useful for the pre- 
liminary examination of specimens containing 
unknown or new forms of microconstituents. 

2. A i pct chromic acid solution used elec- 
trolytically as described by Coons and Blick- 
wede.29 An iron or aluminum cathode with 3 v 
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superior to those employed. by Smith and 
Lindlief with the result that transformation 
products could be identified at a very early 
stage in the reaction. 

3. There are slight but significant differ- 
ences in composition between the alloy 
used by Smith and Lindlief, and the one 
used herein. Smith and Lindlief’s alloy 
contained 0.09 pct total impurities of 
which 0.06 pct was iron, 0.or pct was tin 
and 0.02 pct was silicon. The present 
alloy contained only 0.04 pct total impuri- 
ties of which 0.02 pct was iron, o.o1 pct 
was manganese and all others 0.01 pct. 
Since nothing is known of the effects of 
such small amounts of impurities on the 
eutectoid reaction it is conceivable that 
the different compositions of the two 
alloys could account for the observed 
differences. ; 

There are several points on the diagram 
worthy of comment. Not shown at the 
left edge in its entirety is a region where 
metastable 8 must exist down to room 
temperature for a short interval of time 
before it transforms to 8,* or martensite.T 
The vertical dotted line from the M, tem- 
perature down to the lower limit of the 61 
field is merely qualitative because the 
techniques used in this work did not permit 
a determination of its location. The region 
on the “‘pearlite start” curve from A to C 
is interesting. Smith and Lindlief’s data 


gives excellent results, particularly for de- 
lineating pearlite and specimens to be 
photographed. 

3. The stale ammonium hydroxide-hydrogen 
peroxide etch suggested by Mack and Shur- 
man.39 This is the only reagent of the many 
investigated which will positively identify 6 
and enable its differentiation from a, non- 
metallic inclusions and the iron-aluminum 
compound encountered in commercial alumi- 
num bronzes. The etching solutions commonly 


-used on aluminum bronzes such as bichromate, 


hydroxide-peroxide, ammonium persulphate 
and others, are almost wholly unsatisfactory 
for the study of iscthermally produced 
structures. 

* This phase, 61, has an ordered B.C. C. 


structure while the B has the usual disordered 


lattice. Smith and Lindlief called this phase 6! 
the name now commonly used for the 


martensite. 
+ This martensite has also been called 


acicular 8, 81 and a}. 
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suggest that the curve might be con- 
tinuous from A to C but the author’s data 
support a more logical inference, that is 
that the curve should actually break from 
A to B and then resume at C below the 
M, temperature. This seems more reason- 
able inasmuch as the pearlite must form 
below M, from martensite, or from a 
mixture of martensite and #1, providing 
the temperature is above My, hence the 
curve would break as shown from A to B 
because of the impending martensite 
formation. Similar conclusions are in 
order for the “a-start” curve below M,. 
The M, temperature shown on the diagram 
is the one suggested by Troiano*! because 
the author has been unsuccessful in 
developing a metallographic technique 
which will give even the slightest indica- 
tion of My. 


TRANSFORMATION PRopDUCTS 


The isothermal decomposition of the B 
solid solution will be described at repre- 
sentative temperatures and_ illustrated 
with micrographs in this section. Unless 
stated otherwise, all photographs are of 
specimens etched electrolytically with 1 pct 
chromic-acid. 

540°C—After quenching in the salt 
bath for 10 min. a few small 6 crystals 
appear and the pearlite reaction then 
starts. 6 continues to precipitate from the 
untransformed 6 while the pearlite nuclei 
grow and other nuclei appear until after 
30 min. the structure appears as in Fig 6. 
The light etching area showing an acicular 
structure is the martensite formed from 
the undecomposed 8 existing when the 
isothermal reaction was stopped by quench-. 
ing in cold water. The decomposition of 
the 6 is complete in 45 min. giving the 
typical structure shown in Fig 7, of 6 
crystals imbedded in pearlite. It will be 
noticed that the pearlite appears as a 
uniform, lamellar structure (which is most 
common) but also as a very irregular 
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granular structure. The granular pearlite 
is very inconsistent in its behavior, some- 
times forming at the ® grain boundaries, 
sometimes in the body of the grains; 
sometimes as an isolated patch at the 
interface between the lamellar pearlite 
and the @ during growth of the lamellar 
form; other times, nearly. whole 8 grains 
transform to the granular pearlite. Numer- 
ous attempts were made to isolate the 
factors which determine the manner in 
which the pearlite would form but without 
success. However, such inconsistent be- 
havior suggests that local composition 
differences or concentration gradients are 
probably the cause. 

Some free a also appears at a few grain 
boundaries and within some grains during 
the reaction. This a is a pre-eutectoid 
reaction product because it comes from 
the 6 before it transforms to pearlite. 

525°C—The transformation is much 
the same as at 540°C. Both pre-eutectoid 
6 and @ appear at one minute, the pearlite 
reaction starts in two minutes and is 
complete in 20 min. The unusual feature 
of the reaction at this temperature is the 
appearance in the 8 in eight minutes of 
the metastable phase, §:, as first observed 
by Smith and Lindlief. This phase, which 
will be discussed in more detail later, has 
the characteristic form shown in Fig 8, 
appearing as a band surrounding pre- 
eutectoid @ or as rosettes in the untrans- 
formed 8. Its appearance at an intermediate 
point in the reaction is shown in Fig 9. 
Evidence indicates that at temperatures 
below 500°C, the 6 transforms very quickly 
and nearly completely upon quenching 
in the isothermal bath to this metastable 
B,; it is the 6; which then subsequently 
rejects a and/or 6, transforms to pearlite 
or forms martensite when quenched in 
cold water. Some 6 probably persists in 
the boundaries between the rosettes, or 
in the cell walls when the 6; forms a cellular 
structure. The rosette shape of the fi 
and its distribution suggest that it forms 
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by a process of nucleation and growth. 
This is confirmed by the C shape of the 
B1i-start curve on the T-T-T diagram. 
500°C—Pre-eutectoid @ appears on the 
grain boundaries in slightly more than 
16 sec and begins to precipitate in the B, 
grains in a Widmanstatten pattern in 
30 sec but continues to precipitate in the 


8, for at least eight minutes, even though © 


the pearlite reaction starts in one minute. 
The rejection of the a is apparently stopped 
by saturation of the 8, immediately sur- 
rounding the @ particles because at the 
end of the eight minutes an envelope of 6 
begins to form around the a particles. 
This precipitation of 6 adjacent to a@ 
continues coincidentally with the trans- 
formation of the $8; to pearlite, both 
reactions being completed in 36 min. by 
exhaustion of the remaining 6;. The 


i: progress of the transformation is shown in 
4 Fig 10 to 17. Fig 12 illustrates the necessity 
3 of etching with the one pct chromic acid 
: electrolytically to reveal the @,. 

= 475°C—The transformation is the same 
___as at 500°C except the pearlite reaction is 
4 slower. An interesting intermediate stage 
: . in the transformation is shown in Fig 18. 
oa 450°C—By the time the isothermal 
A transformation temperature is 450°C, the 
‘4 character of the pre-eutectoid a rejected 
4 within the 6; grains has changed from the 
_ rather blocky Widmanstiatten particles 
4 such as occurred at 500°C, to more slender 
4 needles or slivers. Just after their pre- 
d cipitation from the 6; they appear as in 
; Fig 19. After they have achieved full 


growth and the pearlite reaction has 
started, the microstructure appears as in 
Fig 20. The remainder of the transforma- 
tion occurs identically with that at 500°C. 

430°C—The entire transformation re- 
‘mains nearly the same as at 450°C. The 
Widmanstatten a needles are somewhat 
more numerous and finer, Fig 21. An 
interesting difference between the final 
stage of the reaction here and at 450°C is 
that the pearlite stops growing at the end 
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of 2114 hr. For another 514 hr 6 con- 
tinues to precipitate around the _pre- 
eutectoid a, some a@ then precipitates 
adjacent to the 6 and so on until finally 
all the 6; has disappeared at 27 hr. After 
transformation is complete it is almost 
impossible to distinguish this alternately 
precipitated a@ and 6 which formed around 
some of the pre-eutectoid a particles 
from the pearlite, as is apparent in Fig 22. 
Because of the relatively short distance 
the pearlite can grow between a@ needles, 
the regularity of the lamellae, as formed 
at higher temperatures, has largely ceased 
to exist. 
400°C—The pre-eutectoid a needles 
are more numerous and still finer than 
at higher temperatures, and the Wid- 
manstatten character of the rejection is 
even more obvious, Fig 23. The reaction 
goes more slowly and is still going at 
31144 hr. An interesting feature of the 
structures developed is a pronounced 
coring in the pre-eutectoid @ needles, 
Fig 24. 
385°C—This is the M, temperature 

or the temperature at which the 6; goes 
directly to martensite before any other 
reaction occurs. Specimens isothermally 
transformed below this temperature show 
a precipitation of a, but quite different in 
form from that which occurs at higher 
temperature, Fig 25 and 26. These pictures 
show that the alpha* precipitates wholly 
within the individual martensite needles, 


~ suggesting that the martensite must form 


first. When the transformation tempera- 
ture lies above M,, the pre-eutectoid a 
cuts across the martensite needles, showing 
it formed first. Specimens transformed at 
the M, temperature might logically be 
expected to show both types of a, which 
they do, Fig 27. 

375°C—The very unusual feature of 
the isothermal transformation at this 
and lower temperatures is the fact that 


*X ray diffraction evidence positively iden- 
tifies it as a. 
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while martensite forms from the (6; shortly 
after the quench in the isothermal bath, 
this martensite will ultimately transform 
to pearlite and an acicular a — 6 mixture. 
Fig 28 shows the progress of the pearlite 
transformation. The pearlite, very irregu- 
lar, consumes the martensite and also, 
apparently, the a slivers already pre- 
cipitated within the martensite needles. 

325°C—The structure shown in Fig 29 
is produced in 45 hr at this temperature. 
The temperature is low enough to reduce 
atomic mobility to the point where the 
decomposition of the martensite occurs 
very slowly. In an effort to speed up the 
martensite decomposition a group of 
specimens, allowed to react for 45 hr 
at 325°C, was then transferred to a 
second salt bath held at 525°C and allowed 
to react there for varying*® periods of 
time. The results are shown in Fig 30 
to 35. The first step, Fig 30, is the pre- 
cipitation of more @ at the grain boundaries 
and as slivers in the martensite needles. 
The pearlite-from-martensite transforma- 
tion starts in less than one minute and 
in two minutes the structure appears 
as shown in Fig 31 and 32, the a slivers 
being consumed by the growing pearlite. 
At the end of 4 min. the structure has 
changed to that shown in Fig 33 and 34. 
The growth of the pearlite has been 
. stopped by transformation of the alumi- 
num-rich martensite to 6 immediately 
adjacent to the @ slivers. The areas of 
martensite which have already transformed 
to 6 are the grey areas in the lower part 
of Fig 34 which show a sharp, dark line 
boundary with the a@ slivers. The greater 
hardness of the aluminum-rich martensite 
before transformation to 6 is nicely shown 
in unetched specimens by _polish-relief 
effects in which the a, being softer, is 
more rapidly cut away. After transforma- 
tion is complete, the structure appears 
as in Fig 35 and consists of pearlite plus 
the acicular a — 6 mixture. 

93°C—The isothermal decomposition 
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of the 6; in the range from 385 to 93°C 
remains the same except, of course, the 
reaction times increase enormously as 
the temperature drops. At 93°C the 
mode of transformation undergoes another 
change. This is the lowest temperature 
at which the 8 transforms to 6, when 
quenched in the isothermal bath. Below 
93°C the @ transforms directly to marten- 
site without undergoing the intermediate 
6; reaction. The metallographic difference 
between the martensite formed from 6 
and that formed from ; is in the absence 
of the pitting or cellular structure indicative 
of the @— 8, transformation shown in 
Fig to. Fig 36 shows martensite formed 
from B. : 

This lowest temperature of the B—B, 
transformation proved to be very elusive 
until it was realized that specimen mass 
was playing an important part. The mass 
was seemingly unimportant when the 
temperature of the isothermal bath was 
outside the range of about 70 to 125°C. 
Within that range it was necessary to 
use specimens no more than 0.05 in. thick 
before a uniform structure was obtained. 
It made no difference whether the iso- 
thermal bath was water, 5 pct NaOH or 
oil. . 


M, Temperature 


The My temperature is that at which 
the martensite reaction is finished. Pre- 
sumably, the stable 6 existing at high 
temperature could be retained in metas- 
table condition if it could be cooled rapidly 
enough to below the My temperature. 
No evidence was found in this work to 
indicate the existence of an My point. 
Obinata*! claims to have obtained a 
homogeneous alloy by quenching into 
toluene at —g9o0°C, but his work has not 
been confirmed. Probably the easiest 
method of attack on the problem of the 
My, temperature and the retention of 
metastable 6 is by the addition of a third 
metal to the copper-aluminum system, 
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thereby making the martensite trans- 
formation sluggish enough to facilitate 
easier study. 
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Kurdjumow!12,22,32 and Koch,?® offer 
evidence that the upper limit of the 8 
to 81 transformation occurs in the region 


FIG 33—45 HOURS AT 325°, PLUS 4 MINUTES AT 525°. General precipitation of 6 is now evident. 
40 X. 
Fic 34—45 HOURS AT 325°, PLUS 4 MINUTES AT 525°. The transformation of remaining aluminum- 
rich martensite to 6 is complete in some areas. 1000 X. 
FIG 35—45 HOURS AT 325°, PLUS Io MINUTES AT 525°. Transformation is complete, the structure 
consisting of pearlite and the acicular a-5 mixture. 1000 X. 
Fic 36—30 SECONDS AT 540°, QUENCHED IN COLD WATER. Martensite formed from 8. Compare with 
Figure 10. 1000 X. . 


DISCUSSION OF RESULTS 


Despite the fact that only Smith and 
Lindlief have previously worked wholly 
with the isothermal transformation of a 
eutectoid aluminum bronze, so much 
diligent and careful work has been done 
on the phase transformations in this 
system that other confirmatory evidence 
is at hand for most of the work presented 
in this paper. Obinata,?! Wasserman,** 


of 525° — 540°C. Although much of the 
published data is difficult to interpret, 
there seems to have been no previous 
positive recognition of the fact that the 8 
to 61 transformation will not occur below 
93°C. The location of the M, point, 
corresponding to the transformation, 8; > 
martensite has also been located near 
385°C by Obinata*!.19 and Kurdjumow.** 
The information on the martensite transfor- 
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mation in aluminum bronzes has been well 
summarized by Troiano*4 and Greninger.”! 


The Phase Transformations 


The conclusions regarding the phase 
transformations occurring in this eutectoid 
aluminum bronze can best be summarized 
by means of Fig 37. The arrows shown 
as full lines characterize transformations 


A o¢+8 (OTHER THAN 
PEARLITE) © 


a 
A MARTENSITE 


rage: 


Fic 37—Summary of phase transforma- 
tions for a eutectoid aluminum bronze con- 
taining 11.89 per cent aluminum. 


observed in this work; those shown dotted 
have been reported by other investigators. 
Omitted from this diagram are the pre- 
eutectoid rejections of @ or 6. It is to be 
noted that the 8 = pearlite reaction is 
shown reversible while the B<-a+ 6 
(other than pearlite) reaction is not 
reversible. This is because evidence in- 
dicates that only pearlite will be formed 
from direct decomposition of the 8. Other 
aggregates of a and 6 such as shown in 
Fig 17 and 35 must form either from the 
G1 or martensite, as shown in the diagram, 
Fig 37. 

One of the interesting questions raised 
in this work is the matter of the pre- 
eutectoid rejections which occur. From 
the T-T-T diagram, Fig 5, it is seen that 6 
is rejected* prior to the eutectoid reaction 
down to the temperature of most rapid 
reaction, 525°C; below that, a@ is the pre- 
eutectoid rejection. If this is correlated 
with the fact that the metastable 6, also 
appears at 525°C, one is led to the con- 
clusion that the rejection of pre-eutectoid a 


*Some a is also rejected above 525°C but 
it is very small in amount and is probably 


- associated with local inhomogenieties or dis- 


continuities such as the B grain boundaries. 


is associated with the 6, phase.2® 8 is 
a typical disordered body-centered-cubic 
solid solution while 6; is an ordered body- 
centered-cubic solid solution.24 In the 
transition from disorder to order, the 
capacity of the lattice to hold aluminum 
in solid solution apparently increases, 
with the result that 6, the aluminum-rich 
phase, need no longer be rejected before 
the eutectoid reaction occurs. Since the 6: 
can hold more aluminum in solid solution 
(as much as 12.8 pct,?*!#) it tends to 
reject a copper-rich phase, a, until the 
eutectoid reaction begins. The composition 
of this pre-eutectoid a is undoubtedly 
much richer in aluminum than given by the 
phase diagram. Some preliminary measure- 
ments of the pre-eutectoid a lattice 
parameter show it to be larger than the 
parameter of the a at the solubility limit 
(9.5 pet Al) as has been previously re- 
ported;* and also that the pre-eutectoid @ 
parameter increases as the isothermal 
transformation temperature decreases, in- 
dicating further increase in aluminum 
held in solid solution. The fact that some 
of the low temperature pre-eutectoid a, 
as well as the a@ which first precipitates 
within the martensite needles below the 
M, temperature are consumed by the 
growing pearlite is further evidence of 
the super-saturation of the a. 

The coring observed in the low tem- 
perature pre-eutectoid a, Fig 24, needs 
comment. The central cores in the a 
slivers are of a bright copper color and are 
not observed in specimens transformed 
above 430°C nor do they become visible 
in the pre-eutectoid a@ until the pearlite 
reaction is nearly complete. From X ray 
studies now being carried out by Paul 
Gage, graduate student in metallurgy at 
Wisconsin, it is apparent that this coring 
is associated with a decrease in the alumi- 
num content of the pre-eutectoid a during 
the course of the isothermal transforma- 
tion. But why or how this results in the 
observed structure is not yet clear. 
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DISCUSSION 


CONCLUSIONS 


From this work on the isothermal 
transformation of a high purity eutectoid 
aluminum bronze, the following con- 
clusions seem justified: 

1. The work of Smith and Lindlief* 
has been checked in all essential details. 

2. The work of other investigators on 
the phase transformations in aluminum 
bronzes of eutectoid composition has 
received additional confirmation. 

3. It has been shown that the martehsite 
formed from either the 8 or @, will, at an 
appropriate temperature, transform to 
pearlite. j 

4. It was-found that the disorder- 
order transformation in the @ solid solution 
(from 6 to B,) will not occur below 93°C. 

’ 5. The one per cent chromic acid electro- 
lytic etch suggested by Coons and Blick- 
wede has been found to be ideal for reveal- 
ing the structures developed in the iso- 
thermally transformed aluminum bronzes. 
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DISCUSSION 
(W. M. Baldwin presiding) 


E. P. Kirer*—The author seemingly as- 
sumes that the eteuciute he elects to call A: is 


* Pennsylvania State College. 
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the ordered #; structure, which has been ob- 
served by Wassermann.*’ Further, on the basis 
of the summary in Fig 37 he contends that mar- 
tensite or #’ in this alloy can form directly from 
8. Concerning the second point Greninger*! has 
shown that a sliver specimen water quenched 
from 1000°C is not only martensitic but is also 
ordered, thus invalidating the conclusion drawn 
from a consideration of Fig 37. Further, since 
the specimen studied by Greninger is reported 


_ as all 6’ it must be concluded that “complete” 


ordering took place at remarkably fast rate 
prior to martensite formation. Thus the # 
structure indicated in Fig 5 is not the. ordered 
_structure 8; reported by Wassermann, as fol- 
lows from the microstructures of Greninger’s 
alloy. 

The author states as logical the apparent 
discontinuity BC in Fig 5. From the data of 
Chiswik and Greninger*® for the bainite reac- 
tion one could just as logically contend that the 
effect should be in the reverse direction. 

Pertaining to the contention that there must 
be a time lag at temperature before 81 (ordered 
8) or 6’ (martensite) may be formed it is be- 
lieved that certain clarifying remarks are in 
order. It has been stated** that not time but 
temperature is a factor in martensite formation. 
This is unfortunately expressed as it obviously 
leads to an impossible situation in terms of the 
energy involved to effect the transformation. 
Opposing this has been a second point of view 
from which it is contended that the transforma- 
tion must be suppressible and that it necessarily 
progresses at least in part isothermally. Ex- 
perimental data pertinent to the question indi- 
cate that neither position is correct. Férster 
and Scheil*? have shown that the temperature 
in the immediate vicinity of the volume trans- 
formed by the martensite reaction in steel may 
be increased an estimated 200°C as a conse- 
quence of the transformation. The trans- 
formation then is not dependent only on the 
temperature. This conclusion is verified to a 
limited extent by the experimental results of 
Gordon and Cohen*$ and Klier and Troiano.*9 
_ Forster and Scheil*® further have shown 
that a martensite volume may be formed in a 
time interval of ~ 1 X 10-5 secinanickel steel. 
This time interval is short compared to the time 
for cooling at the available cooling velocities for 
even small specimens. On the other hand it has 
been shown that the M, point may be depend- 


ent on specimen size.3? From experimental 
observations which are available*! it must be 
concluded that the time required for martensite 
formation is short relative to the time a speci- 
men is in a given temperature interval (say 
10°C) and as a consequence cannot be appre- 
ciably influenced by any available increments 
in cooling velocity. It is otherwise, of course, if 
the cooling velocity is decreased. For all cooling 
velocities which are available for specimen 
sizes that may be considered as not affecting 
the M, in steels it is evident that M, is inde- 
pendent of the cooling velocity. From this it is 
concluded that the modified martensite interval 
as indicated in Fig 5 certainly is not required 
and probably is not correct. 
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D. J. Mack (author’s reply)—I am grateful 
to Dr. Klier for pointing out a very weak spot 
in the paper, and one which we thoroughly 
realize ourselves. This is the fact that we 
assumed the rosette-like transformation pro- 
duct which first forms from B at 525 to 530°C to 
be the ordered BCC solid solution, 6, of 
Wassermann. There is other evidence in the 
literature of a transformation in the neighbor- 
hood of 525°C, and if one assumes that our 
Bi, first observed by Smith and Lindlief, is not 
the same as the ordered 8; of Wassermann, then 
we will have the ordinary 8 transforming two 
ways simultaneously—to the rosette-like 8; and 
to a different, ordered 8,. While this is not im- 
possible, it seems improbable from the stand- 
point of complexity. Accordingly, we felt 


justified in assuming the rosettes were the — 


ordered 8; of Wassermann. 


Dr. Klier’s comments about the extremely " 


high velocity at which ordering apparently ~ 
occurs are perfectly in order but I do not believe 
there is any conflict between his viewpoint and 


our diagram in Fig 5. All evidence that we % 
obtained shows that our 81, whether it is or- | 


~ 


ve 


dered or not, forms from 8 with high velocity 
below 500°C. The left-hand edge of Fig 5 is to 
be regarded as qualitative only, as shown by 
the dotted lines. The 8; region was run down as 
indicated to 93°C in an attempt to show that 
martensite formed by quenching from within 
the upper #; region had the same microstruc- 
; ture as martensite formed during isothermal 
transformation between M, and 93°C. This 
martensite is characterized by a cellular 
structure, Fig 10, or by numerous dark pits, 
left-hand part of Fig 26; whereas the marten- 
site formed by quenching into an isothermal 
bath below 93°C does not show either, (Fig 36), 
indicating to us that it formed directly from 8 
because martensite formed by quenching from 
above the (8) — 6; line does not show these 
markings either. A rereading of Greninger’s 
paper”! failed to support the question Dr. 
Klier raised concerning the formation of order- 
ing during quenching and hence it is felt Fig 
37 is correct as drawn. 

As to the discontinuity, B to C in Fig 5, I do 
not believe there is any reaction of the usual 
bainite type encountered in the isothermal de- 
: composition of an 11.89 pct aluminum bronze. 
: The structures produced from the decomposi- 
, tion of martensite in this range are of the 
lamellar type. Hence it is anybody’s guess as to 
whether the line below C should go as our data 
t indicate or go in the reverse direction as the 
: data of Smith and Lindlief seem to show. Hence 
all I can say is that we put in the modified 
martensite interval in order to accommodate 
the observed microstructures—which consti- 


i tute our only experimental evidence. 

: R. T. Howarp*—Troiano and Greninger 
i have recognized that the martensite reaction 
: is one of the fundamental solid state reac- 
In connection with the martensite 


= tions. 
reaction, it is fundamental to know the cry- 
_ stallography of the transformation product, 
and I wonder if Professor Mack has any com- 
ments on that, or whether he is contemplating 
any work in that direction. 


D. J. Macx—I can give you no help at all, 
Dr. Howard, on that. Our work is not far 
enough along to have gotten into the funda- 
mental relationships involved in the martensite 
reaction. We are working on the structures 
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obtained at higher temperature; in other words, 
with the transformation changes occurring in 
alpha during the isothermal. changes in 
transformation. 

Maybe ten years from now I could answer 
your question. 


F. N. Ruines*—In connection with the 
occurrence of 8 and #’ together, Fig 8, for 
example, I should like to point out that, if this 
is indeed a transformation from a disordered 
6 to an ordered 8, then it is a very interesting 
example of discontinuous transformation of a 
kind that has been supposed by some to be 
nonexistent. 

One other comment that I would like to 
make is that it seems to me that where the com- 
plexities of the transformation are as great as 
they are here, and the divergence from the iron 
carbon behavior as marked as it is here, 
one ought to look into the constitution of the 
system still further to see whether perhaps the 
transformations that are being investigated are 
not complicated by other equilibria which have 
not yet been established on the diagram. 


D. J. Macx—As Dr. Rhines pointed out, 
this transformation from £6 to fi, if it is an 
order-disorder reaction, apparently proceeds 


. discontinuously by the process of nucleation 


and growth as witnessed by the rosettes, and 
which is further confirmed by the fact that the 
8 — @, transformation line as presented in the 
diagram has the characteristic C-shape of other 
similar reactions which we do know proceed by 
a process of nucleation and growth. 

I agree with him on the statement that there 
may be other equilibria which have not been 


- established on the diagram, and I think as I 


said before, much of the disagreement relative 
to the copper-aluminum equilibrium diagram 
has undoubtedly come about because of these 
extra-equilibria, if you wish to call them that. 
Maybe when we have more information we can 
attack the problem of the equilibria of the dia- 
gram itself to see whether or not there are 
other transformations. 


C. S. Smitaj—The aluminum copper 
system provides examples of many kinds 
of metallic transformation and the present 
paper is a valuable addition to its literature. 

* Carnegie Institute of Technology. — 
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The discrepancy of .14°C between the au- 
thor’s value for the eutectoid temperature and 
the value determined by Lindlief and myself 
in 1932 cannot, I believe, be attributed to the 
“tendency to form non-equilibrium phases.” 
We took great care to approach the point from 
both directions and the results were undoubt- 
edly not affected by this source of error. In the 
absence of an error in the absolute calibration 
of one or other pyrometer, it would seem that 
the most likely explanation lies in the effects of 
impurities, for the older alloys had a much 
higher iron content than those used by the 
present author. 

The phase 6; is probably ordered body- 
centered-cubic in structure. It is interesting 
that it can be detected so easily microscopically, 
for it is the only case known. As Dr. Cohen re- 
marks, it is actually the martensite resulting 
from subsequent transformation of the ordered 
and disordered regions that produces the 
etching effects observed, and not the original 
high temperature phases themselves. A small 
but detectable difference is also found in the 
appearance of the pearlite formed from the two 
regions at 500°C (see Fig 45 of the Smith and 
Lindlief paper). The appearance of these clearly 
discrete areas—which are probably even of 


different composition from the matrix—is not, 


what is generally expected by those who have 
discussed the theory of ordering. 

The low temperature formation of irregular 
pearlite after the formation of martensite was 
noted in the 1932 paper, but its genesis was not 
clearly defined. Though high and low tempera- 
ture pearlite both have ‘‘pearlitic”’ structure, 
their different origins must be distinguished. 
A eutectoid structure can occur whenever a 
reaction of one phase to give two others occurs 
at an advancing incoherent boundary. In this 
system, the three phases can be either alpha, 
delta and beta, or alpha, delta and martensite. 
If one chooses to call the latter a super- 
saturated alpha, what is happening is actually 
a case of discontinuous precipitation, which 
frequently results in pearlitic structures. The 
spacing of the pearlite growing from martensite 
is much greater than that of the pearlite that 
would have been formed from beta at the low 
temperature. This is in line with the expecta- 
tion that the free energy available for the 
feaction would be less (see C. Zener, TP 1925, 
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Met. Tech. (Jan. 1946); Trans. AIME (1946), 
167, 550-598). 

Has the author proof of the simultaneous 
appearance of proeutectoid alpha and pro- 
eutectoid gamma in the vicinity of 500°C, as 
indicated in Fig 5? One might expect that the 
two could appear together only as a eutectoid. 
The alloy used was on the delta side of the true 
eutectoid composition, and the effective eutec- 
toid composition supposedly moves to higher 
and higher aluminum contents at lower tem- 
peratures, eventually rendering the alloy 
hypoeutectoid. It is most interesting that 
neither of the pro-eutectoid constituents seems 
to nucleate pearlite immediately after its 
formation. 

I would like to add to the author’s bibliog- 
raphy the important discussion of the mecha- 
nism of transformation in this system that is 
given by Carpenter and Robertson in pp. 1278 
to 1286 of their book, Metals (Oxford, 1939). 


D. J. Macx—A careful recheck of our data 
has shown that no pre-eutectoid 6 forms below 
about 515°C—it is present upon transforma- 
tion at 520°C but not at 510°C. This means that 
the 6-start line should not have extended below 
the (8) — A; line. Also, traces of pre-eutectoid a 
appear in the old 8 grain boundaries as high as 
535°C but the precipitation of the a does not 
begin in quantity until the isothermal trans- 
formation temperature reaches 510°C. 


M. Conen*—In Fig 5 the M;, horizontal 
is not drawn to the left hand extremity of 
the diagram, and therefore indicates that the 
M, temperature is suppressable by sufficiently 
rapid cooling rates. However, the author has 
not demonstrated this to be the case. Presum- 
ably, the M, horizontal was drawn as shown. 
because 8; was found to exist below the M, 
temperature along with the martensite. 

It may be pointed out that the very same 
situation is observed in the case of steels, where 
the M, temperature is found to be insuppressa- 
ble even with extremely drastic cooling rates, 
and yet the high temperature phase (austenite) — 
is known to coexist with the martensite at 
temperatures considerably below M,. The | 
explanation for this apparent anomaly is that 
the martensite transformation does not go to 
completion at M, but only starts at this tem- 


* Massachusetts Institute of Technology, 
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perature. Hence, mixtures of martensite and 6; 
should be expected below M,, with the quan- 
tity of martensite increasing at the expense of 
the 8; phase as the temperature is lowered. 
It may even be possible to depict the course of 
the 8;— martensite reaction on cooling by 
means of a family of horizontal lines drawn at 
the proper temperature levels to indicate 10, 
20, 30 pct and so on transformation. This has 
been done recently for the austenite-martensite 
reaction in steel (‘‘Austenite Transformation 
above and within the Martensite Range’ by 
R. T. Howard and M. Cohen, Metals Tech- 
nology, Sept. 1947; Trans. AIME (1948) 176. 


D. J. Mack—The M, line was drawn, as sug- 
gested by Dr. Cohen, merely to show that 6; 
did exist with the martensite below the M, 
temperature and not with the idea that the 
M, temperature is suppressable with sufficiently 
rapid cooling rates. Obinata?! is the only one, to 
the best of my knowledge, who has stated the 
martensite reaction could be suppressed in 
these alloys. 


A. R. Trorano* and J. E. DEMoss*—The 
subcritical transformation of the 8 phase in 
Cu-Al and other similar nonferrous systems 
exhibits many of the characteristics of the de- 
composition of austenite in steel. However, the 
analogy is complicated by the fact that the 
Cu-Al system involves the disorder to order 
transformation of the metastable 6 solid solu- 
tion. This transformation is a function of time 
as are all the transformations in this system, 
martensite excepted. Apparently the 6 — 6; 
(disorder to order) transformation will occur 
first and may proceed simultaneously with the 
formation of a + 6. Further rate studies of the 
formation of a and 6 from the disordered as 
compared to the ordered 8 phase may prove to 
be interesting. One receives the impression 
that there was little difference in these rates. 
However, we are most interested in the 
implications involved in the effect of the sup- 
pression of the ordered §; phase on the marten- 
site transformation. Apparently either 8 or 6: 
will form martensite. This should result in two 
different martensites each with its own M, 
and My, temperatures as the author indicates. 
Greninger,* in his classic study of the marten- 


* University of Notre Dame. 
42 A. B. Greninger: Trans. AIME (1939) 133; 
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site transformation in 6 Cu-Al alloys, rapidly 
quenched slivers of a 9.3 pct Al alloy and 
formed martensite, the crystal structure of 
which was the same as that of ’ martensite 
except that it was not ordered. The B > p; 
transformation in this case did not occur on 
quenching. A hypereutectoid alloy containing 
13.2 pct Al, on rapid quenching exhibited only 
the ordered §’ martensite and it was not possible 
to suppress the 8 — {; transformation. Appar- 
ently Professor Mack in his eutectoid alloy has 
a situation where either or possibly both of the 
above conditions may apply. Thus it is logical 
to assume that on very rapid quenching 8 will 
decompose to the disordered 8’ martensite with 
M; at 93°C; while with less rapid cooling (Pro- 
fessor Mack’s specimen mass effect) the B —> B, 
transformation will occur first yielding ordered 
6’ martensite with M, near 385°C. The possible 
existence of both situations is merely a matter 
of relative reaction rates. Several X ray dif- 
fraction patterns should be capable of clarifying 
this. 

In the face of the above situation the author 
was confronted with the dilemma of repre- 
senting this phenomenon on the conventional 
subcritical transformation diagram. He coura- 
geously chose the method indicated in Fig 5 
which is not without justification. However, 
we feel that if the dotted line indicating the 
beginning of the 8 — 8, transformation were 
extended down and slightly to the right to 
meet the vertical dotted line at 385°C ‘the 
situation would be. somewhat clarified. This 
would definitely indicate that one has here 
essentially two overlapping subcritical trans- 
formation diagrams, one for the 6 phase and the 
other for the 6; phase. Also might not the field 
designated as 8, be more appropriately labeled 
B+ 81? 

The possibilities for unusual situations are 
almost unlimited in this system. For example, 
let us consider what may happen if a small 
specimen is very rapidly quenched to say 
300°C and held at that temperature. Pre- 
sumably the initial structure will be 100 pct 6 
and no martensite will have formed since the 
M, temperature for the 8 — martensite trans- 
formation is 93°C. After a short time the 
8B — B, transformation will be initiated. Since 
300°C is below the M, temperature for the 61 
phase one must assume that at the instant that 
B1 forms a certain amount (characteristic of 
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the temperature) of 6’ martensite must also be 
produced. This would cause the apparent 
anomaly of martensite forming at constant 
temperature. 


°C 


TRANSFORMATION TEMPERATURE 


process (tempering) to an a+ 6 aggregate. 
At the same time the 8; and/or 8 may also 
transform to a + 6 by a mechanism which we 
hope will prove to be analogous to the well- 


REACTION ENDS 
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PEARLITE 
START 


TIME IN SECONDS 
Fic 38—REVISED T-T-T DIAGRAM FOR A EUTECTOID ALUMINUM BRONZE. 


We find it difficult to subscribe to the con- 
cept that pearlite can form from martensite. 
Indeed, such a concept is inconsistent with 
the author’s own definition of pearlite (see 
footnote p. 241). The work of Smith and Lind- 
lief,4? Greninger4? and many others indicates 
that pearlite does not form directly from mar- 
tensite at any temperature in Cu-Al alloys. 
This also is true for all other alloy systems 
known at present, particularly the steels. 
Rather, on prolonged holding, in the marten- 
site range, of a specimen quenched directly to 
this temperature range from the £6 field, the 
B’ martensite will transform by a diffusion 


known bainite reaction in steel. Reheating of 
8’ martensite will result in either pearlite or 
more irregular masses of a +6 depending 
upon the heating rate as demonstrated by 
Smith and Lindlief.4* The formation of pearlite 
by reheating 8’ martensite rapidly to the 
proper temperature range is easily accounted 
for by the fact that the 6: +’ martensite 
transformation is reversible as shown by 
Wassermann‘‘ and others. Thus, the pearlite 


48C, S. Smith and W. E. Lindlief: Trans, 
AIME (1933), 104, 69-115. 
- 4G, Wassermann: Metallwirtschaft (1934) 
13, 133-139. 
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actually does precipitate from the , solid 


solution. . 
. We were disappointed that no direct: evi- 
dence of a bainite-type of reaction was ob- 
served and are reluctant to discard this idea. 
Smith and Lindlief,4* as well as the author, 
observed a difference in the nature of the 
decomposition products of 8, at high tempera- 
tures and at temperatures within the mar- 
tensite range. Less is known of the fundamental 
nature of the bainite transformation than 
any of the other transformations in steel. It is 
possible that an investigation of an analogous 
transformation in an entirely different system, 
such as Cu-Al might provide the key to the 
little-understood bainite reaction in steel. 
Professor Mack has revived interest in an 


‘important and complicated system, and has, 


in at least several instances, applied novel if 
somewhat provocative ideas to the problem. 
The possibilities for further study in this sys- 
tem are almost without limit and we sincerely 
hope that the author will continue and extend 
his careful investigation, 


D. J. Macx—I believe the suggestions rela- 
tive to Fig 5, made by Professor Troiano and 
Mr. DeMoss, will aid considerably in clarifying 
the subcritical transformations on the diagram 
and also in correlating the observed micro- 
structures with the diagram. Accordingly, Fig 
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38 is presented which incorporates the sugges- 
tions of Messrs. Smith, Cohen, Troiano and 
DeMoss. While some of the other gentlemen 
who have so kindly contributed to the discus- 
sion of the paper may not agree, it is felt Fig 38 
is still a reasonable summary of the subcritical 
transformations in a eutectoid aluminum 
bronze in the light of present data. It is hoped 
that further work will clarify controversial 
points. 

The lamellar a + 6 aggregate, which forms 
from martensite below 385°C, should not have 
been called pearlite. While lamellar in structure, 
the similarity to pearlite ceases there. 

One of the original reasons for undertaking 
this particular problem was the hope that it 
might give information of the bainite type of 
reaction. Consequently, we were also disap- 
pointed when it seemed as though the bainite 
reaction does not occur in this alloy. However, 
since we still know so little about this system 
and its reactions, it is certainly conceivable 
that as more information becomes available we 
can unscramble a bainite reaction from among 
the many present. 

In conclusion, I should like to thank all who 
have contributed to the discussion and sin- 
cerely hope that further work on the interesting 
copper-aluminum system will have been 
stimulated. 


The Copper-rich Corner of the Copper-aluminum-silicon Diagram 


By FRANKLIN H. Witson,* MemBer AIME 


(New York Meeting, February 1948) 


CoppER base alloys containing various 
amounts of aluminum and silicon are of 
considerable commercial interest. In par- 
ticular the alloy containing 7 pct aluminum 
and 2 pct silicon shows an attractive 
combination of high strength with excellent 
machinability. Since there is no evidence 
in the literature that this ternary system 
has been studied since the recognition by 
Smith! and Anderson? in 1939 of the kappa 
phase of the binary copper-silicon system, 
the determination of the equilibrium phase 
relationships in the copper corner of the 
ternary diagram has been undertaken to 
provide a fundamental basis for under- 
standing the behavior of these alloys. 
Phase boundaries have been determined by 
the micrographic examination of quenched 
samples while points on the liquidus surface 
have been obtained by thermal analysis. 
The results, of sufficient precision to serve 
their major purpose of providing a guide 
for the control of the manufacture of 
alloys in the region covered, are presented 
in a series of both isothermal and vertical 
sections of the diagram. 


ALLOYS STUDIED 


For a rough survey of the copper corner 
of this ternary system the compositions 
listed in Table 1 (Series A) were employed. 
The results of examinations of these alloys 
indicated that the compositions listed in 
Table 2 (Series B) would further clarify 

Manuscript received at the office of the 
Institute November 20, 1947. Issued as 
TP 2320 in MeraLts TECHNOLOGY, February 
ROU. tenet Research Metallurgist, The 


American Brass Co., Waterbury, Conn. 
1 References are at the end of the paper. 
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regions of greater complexity. All alloys 
were prepared as 1200 g heats, the copper 
being melted under charcoal, and then first 
silicon and then aluminum were added. An 


TABLE 1—Compositions Employed for Rough 
Survey of Copper Corner 


. +4: Liquidus 
Alloy Aluminum, Silicon, 
No. Per Cent Per Cent Tempera 

eg 

4929 4 te) 
4930 5 ° 
4931 6 ° 
4932 7 Oo 
4933 8 o 
4934 4 Ir 
4935 5 I 1038 
4930 6 I 1029 
4937 7 I 1018 
4938 8 x 1026 
4939 4 2 1028 
4940 5 2 1013 
4941 6 2 908 
4942 if 2 1003 
4943 8 2 Io1o 
4944 4 3 999 
4945 5 3 981 
4946 6 3 981 
4947 7 3 085 
4948 8 3 990 


excess of 0.05 pct silicon was allowed to 
cover deoxidation losses. Two small bars 
5¢ by 134 by 5% in. were cast using 
Durville type casting equipment. Analyses 
were made on all alloys using material 
which was hot-rolled at 800 or 850°C and 
annealed 17 hr at 650°C. All analyses were 
found to be within 0.05 pct of the nominal 
composition. Since the precision of analysis 
is not much better than this, the points of 
both isothermal sections and vertical sec- 
tions at fixed aluminum and silicon con- 
tents have been plotted at the compositions 
indicated by the nominal composition. 
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The alloys in Series A were hot rolled at 
800°C from the 5¢ in. casting to 4 in. 
One-inch lengths of these alloys were then 
held for 24 hr at 900°C and quenched. 
These pieces were cut into small specimens 
which were treated as follows: one specimen 
from each alloy was held 1 hr at 800°C, 
another for 2 hr at 700°C, another for 4 hr 
at 600°C, and another for 24 hr at 500°C, 
all being quenched in water. This procedure 
served to outline the diagram roughly and 
to indicate the compositions to be cast in 
Series B. The cast bars from Series B were 
held for 114 hr at 850°C and hot rolled 
from 5¢ to 4 in. where possible. It was 
found that those alloys which underwent a 
beta to kappa transformation just below 
the hot-rolling temperature were the ones 
which cracked badly in hot rolling. Pieces 
of hot-rolled bars were held at 650°C for 
17 hr to complete homogenization. Where 
possible alloys were hot rolled further to 
0.050 in. Others were brought to this gauge 
by cold rolling and annealing. Alloys from 
Series A were hot rolled at 900°C from 4 to 
0.100 in. and: either hot or cold rolled to 
0.040 in. Specimens from all 48 composi- 
tions were held 2 hr at 955°C, 2 hr at 850°C, 
Peurlata7so ©, 4 brat. 650°C, 2g" hr at 
550°C, 115 hr at 450°C and 170 hr at 400°C 
and quenched in water. Final establish- 
ment of boundaries was made with speci- 
mens quenched from other appropriate 
temperatures. _ 

Polished specimens were etched with an 
ammonium hydroxide, hydrogen peroxide 
etchant modified with potassium hydrox- 
ide.1 The beta phase develops an acicular 
structure on quenching and this was best 
revealéd by re-etching with dilute ferric 
chloride. Polarized light was employed for 
positive identification-of the kappa phase 
which exhibits strong birefringence. 


THE Equitierium DIAGRAM 
The Liquidus Surface 


Points on the liquidus surface were ob- 


tained by thermal analysis of some of the 


ag 


att 
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alloys using the differential couple method 
as described by Smith.? Sharp arrests were 
obtained on cooling curves at the beginning 
of solidification and the temperatures for 
these arrests are indicated in Tables 1 and 
2. These data were used in plotting vertical 
sections, and the isothermal liquidus curves 


2—Additional Compositions for 


TABLE 
Greater Detail 
Alloy Aluminum,| - Silicon Liquidus 
‘ : Temperature, 
No. Per Cent | Per Cent Deg C 
pose 4 2.50 Iors 
4972 4 2.75 1009 
4973 4 3.50 984 
aoe 5 2.50 1002 
4975 5 3.25 072 
ag 78 5 3.50 068 
4977 6 I.50 1018 
4978 6 DLS) 1009 
4979 6 2.25 994 
4980 6 eo ee 
4981 6 3.25 077 
4982 7 I.50 1009 
4983 7 2.25 908 
4984 7 2.50 od 
4985 7 2.75 
4986 7 3.25 
4987 8 25 
4088 8 2.50 
4989 8 ee 
4990 5.50 3 
4991 6.50 2 1002 
4992 7.50 2 
4993 8.50 2 
4994 6.25 3 
4995 6.50 = 
4996 6.75 3 
4997 7.25 3 
4998 7.50 a 


which make up the surface shown in 
Fig 1 were obtained by transposing 
intersections of temperature horizontals 
with these liquidus lines. The broken lines 
in the region not covered by the present 
compositions were extended to meet the 
corresponding points in the binary copper- 
silicon diagram. It will be noted that the 
line joining the ternary eutectics is an al- 
most straight line which, if extrapolated, 
will meet the binary copper-silicon border 
at the point of saturation of the liquid with 
alpha. 
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Isothermal and Vertical Sections 


The salient features of the rest of the 
diagram are illustrated in the selected 
isothermal sections at 400, 500, 600, 650, 
750, 850 and 955°C, shown in Fig 2 to 8. 
Wherever it was necessary to define 
boundaries more closely than the positions 
indicated. by the general temperature and 
composition survey, the simpler expedient 
of fixing boundaries in vertical sections by 
varying the temperature was preferred to 
fixing boundaries in isotherms by varying 
the composition. Adjustments of the 
boundaries in the isotherms were made by 
transferring the phase boundary-tempera- 
ture intersections of the vertical ‘sections 
to the isotherms. Typical vertical sections, 
at 7‘pct aluminum and at 2 pct silicon, are 
illustrated in Fig 9 and 10. Location of 
boundaries by intensive coverage of the 
temperatures is illustrated for the 7 pct 
aluminum, 2 pct silicon alloy in the region 
of the alpha plus beta plus kappa field. 
The 2 pct silicon vertical section, Fig 10, 
also illustrates the maximum deviation of 
experimentally determined points from a 
boundary in the finished diagram, as seen 
at 6 pct aluminum. This deviation could 
be accounted for by a composition a trifle 
higher than the nominal 2 pct silicon. 

It will be seen that the kappa phase of 
the copper-aluminum-silicon system exists 
at temperatures lower than it exists in the 
binary copper-silicon system. The region 
of the diagram at higher silicon and lower 
aluminum contents was not covered but 
agreement with the binary diagram re- 
quires that at temperatures below 552°C 
the kappa phase be completely surrounded 
by two-phase regions. A kappa plus gamma 
region would occur near the copper-silicon 
boundary. 

The valuable machining properties of the 
7 pct aluminum, 2 pct silicon alloy seem to 
result from the fact that the kappa phase 
extends almost to the copper-aluminum 
border at temperatures in the range of 
450 to 600°C. Hisatsune* has reported a 


continuous beta region between copper- 
silicon and copper-aluminum and it appears 
that this condition could exist around 
850°C. 


MICROGRAPHIC CHARACTERISTICS 
OF PHASES 


The peculiar relationship between the 
face-centered-cubic alpha phase and the 
close-packed-hexagonal kappa phase gives 
rise to a variety of microstructures. The 
accompanying illustrations, the specimens 
for which were all made from stock hot 
rolled at 900°C before the final anneal, show 
typical structures. 

The micrographic characteristics found 
by Smith! for the alpha and kappa phases 
in the copper-silicon system seem to be 
altered very little by the presence of 
aluminum. As the limit of the alpha phase 
is approached there is an _ increasing - 
tendency toward the formation of twins. 
Fig 11 (Alloy 4944, 4 pct Al, 3 pct Si, 
annealed 4 hr at 650°C and quenched) 
illustrates this fact and includes, as a 
darkly shaded vertical band near the lower 
border of the illustration, a small area of 
banded alpha plus kappa. A completely 
banded structure is found in 5 pct alumi- 
num, 3.25 pct silicon (Alloy 4975) at 
550°C (Fig 12). The equilibrium structure 
at the temperature of hot rolling was all 
beta; at the annealing temperature this 
alloy is near the kappa boundary of the 
alpha plus kappa region. Other character- 
istic distributions of alpha and kappa are 
shown in Fig 13 and 14. Fig 13 (Alloy 4945, 
5 pet Al, 3 pet Si, annealed 4 hr at 650°C 
and quenched), shows the massive form of 
kappa which is most frequently found in 
the commercially produced 7 pct alumi- 
num, 2 pct silicon alloy where, because 
extrusion is used in fabrication, the kappa 
is generally strung out. The regions of 
banded structure in Fig 14 developed from 
the beta regions present at the temperature 
of hot rolling an alloy consisting of alpha 
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plus beta. (Alloy 4979, 6 pet Al, 2.5 pet Si, 
annealed 4 hr at 650°C and quenched). 

As with both binary copper-silicon and 
copper-aluminum, the beta phase could 
not be retained by quenching and appears 
micrographically as an acicular structure, 
as is shown in Fig 15 in combination with 
alpha, and in Fig 16 in combination with 
kappa. 

The delta phase is characterized by a 
bluish-gray color and a distribution char- 
acteristic of the fact that it comes out at 
low temperatures. (Fig 17.) 

The rather strong birefringence of the 
kappa phase is useful in determining its 
presence. The tendency to form a banded 
alpha plus kappa is also helpful in analyzing 
complex three-phase structures. If an all 
kappa structure is reheated to equilibrium 
in a three-phase region, banded alpha plus 
kappa may appear with its orientation 
determined by the orientation of the 
parent kappa grain. This results in the 
groups of small banded alpha plus kappa 
areas having identical orientations in a 
matrix of beta which are seen in Fig 18. 
When the three-phase structure of 7 pct 
aluminum, 2}4 pct silicon quenched from 
650°C is etched with ammonium hydroxide, 
hydrogen peroxide and potassium hydrox- 
ide, the structure shown in Fig 19 is 
obtained. The grayish regions are alpha, the 
black regions are banded alpha plus kappa, 
which scatters the incident light, and the 
lighter regions are beta. This same field 
after an additional etching with dilute 
ferric chloride, which reveals the acicular 
nature of the beta phase and smooths the 
banded structure, is shown in Fig 20. 

A deceptive boundary was found in 
certain structures of quenched beta plus 
kappa and for a while it was considered 
that three phases were present. This 
structure is illustrated in Fig 21 which is an 
alloy of 7 pct aluminum, 3.25 pct silicon, 
quenched from 650°C. It will be seen that 
the kappa grains seem to be surrounded by 
a smooth etching region which forms a dis- 
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tinct boundary with the acicular beta. The 
same field illuminated with a sensitized 
tint is shown in Fig 22. It is apparent that 
the region surrounding the kappa grain has 
the same reflectivity as the kappa grain 
and hence the same orientation. As the 
specimen was rotated the change in coloring 
of the kappa grain and of the surrounding 
region occurred at the same angular posi- 
tion. It appears that the inner boundary 
outlines the kappa grain which existed at 
the elevated temperature and that it is 
surrounded by kappa which is formed by 
transformation of the beta during quench- 
ing. The equilibrium condition for this 
alloy at 450°C is an all kappa structure. 
It is surprising that etching should so 
sharply delineate a boundary between the 
original kappa grain and kappa formed 
from beta with identical orientation. The 
only explanation seems to be the difference 
in composition of the two kappas resulting 
in differences in lattice parameter. When 
such a specimen is slowly cooled no such 
boundary for the original kappa grain can 
be found. If the quenched specimen is 
reannealed in the all kappa region at 
temperatures ranging from 525 to 625°C 
the boundary becomes less sharp with in- 
creasing temperature and at 625°C it shows 
a strong resemblance to the cored structure 


’ of cast alloys. 


X RAY EXAMINATION 


As expected the delta phase gives the 
same X ray diffraction powder pattern 
as the delta phase of the copper-aluminum 
system (called y2 by Raynor®). A powder 
pattern obtained for a sample quenched 
from an all beta region, but of a composi- 
tion (Alloy 4947, 7 pct Al, 3 pct Si) which 
would be all kappa at lower temperatures, 
gave a pure kappa pattern; however, a 
quenched sample at a composition (Alloy 
4938, 8 pet Al, 1 pct Si) which is all beta 
at high temperatures but all alpha at low 
temperatures gave, in addition to the alpha 
lines, some lines which corresponded with 
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Fig 12 
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Fig t1—Alloy 4044; 4 pct Al, 3 pct Si; 4 hr at 650°C, quenched. Alpha, bichromate eteh.-75 x. 
Fig 12—Alloy 4975; 5 pet Al, 3.25 pct Si; 25 hr at 550°C, quenched, Banded alpha and kappa, 
NH‘OH4H202-KOH etch. 250. 
Fig 13—Alloy 4045; 5 pct Al, 3 pct Si; 4 hr at 650°C, quenched. Massive alpha and kappa, 
NH.,OH-H20:2-KOH, then bichromate etches. 250 X. 
Fig 14——Alloy 4979; 6 pet Al, 2.25 pct Si; 4 hr at 650°C, quenched. Alpha and banded alpha 
and kappa, NH.OH-H:O:2-KOH, then bichromate etches. 250 X. 
ss Big 15—Alloy 4942; 7 pct Al, 2 pct Si; 4 hr at 650°C, quenched. Alpha and beta, NH4OH-H202- 
¥_KOH, then dilute FeCls. 300 X. 
fee ris 16—Alloy 4996; 6.75 pct Al, 3 pct Si; 3 hr at 675°C, quenched. Kappa and beta, NHsOH- 
q ~H.0.-KOH, then dilute FeCls. 300 X. 


Pa 
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Fig I7 goes 
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Fig 17—Alloy 4948; 8 pct Al, 3 pet Si; 115 hr at 450°C, quenched. Kappa and delta, FeCl. 
250 X. 

Fig 18—Alloy 4993; 8.5 pct Al, 2 pet Si; 4 hr at 600°C, quenched. Banded alpha and kappa in 
beta, NHsOH-H:202-KOH, then dilute FeCls etches. 75 X. 

Fig 19—Alloy 4984; 7 pct Al, 2.5 pet Si; 4 hr,at 650°C, quenched. Alpha, beta and banded 
alpha and kappa, NHsOH-H20.-KOH. 300 X. / 

Fig 20—Same as Fig 19. (Same field.) After additional etch with dilute FeCls. 300 x, 

Fig 21—Alloy 4986; 7 pct Al, 3.25 pct Si; 4 hr at 650°C, quenched. Beta and kappa with partial 
transformation of beta around original kappa grains, NHsOH-H202-KOH etch. 150 xX, 


Fig 22—Same field as Fig 21 illuminated*‘with sensitized tint. Note identity of orientation 
between original kappa and transformed beta. 
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the lines of quenched beta of the copper- 
aluminum system as determined by Brad- 
ley and Jones* and Smith and Lindlief.’ 


SUMMARY 


The ternary phase diagram, hear the 
copper-rich corner, of the copper-alumi- 
num-silicon system has been determined by 
micrographic and thermal analysis. Its 
most conspicuous feature is the existence 
of the kappa phase of the copper-silicon 
system at as high as 8.5 pct aluminum. 

The author is grateful to The American 
Brass Co. for permission to publish these 
results; to its Technical Manager, Mr. John 
R. Freeman, Jr., for his encouragement of 
the investigation; and to Mr. Earl W. 
Palmer, the director of the research labora- 
tory, for his advice and criticism. 
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DISCUSSION 


(E. M. Wise and F. Foote presiding) 


F. N. Rarnes*—The author is to be con- 
gratulated upon his fruitful inquiry into the 
constitution of this very difficult alloy system 
and also upon his careful adherence to the re- 
quirements of the Phase Rule. This paper con- 
stitutes an excellent example of the confidence 
that is gained in the reliability of the experi- 
mental observations, simply by demonstrating 
that the datum points fall neatly into place is 
isotherms constructed according to rule. 

With understandable caution, the author has 
refrained from speculating upon features of the 
system that were not observed in his metallo- 
graphic studies. It might be helpful to users of 
this diagram, however, to point out that the 
construction of the isotherms at 400, 500, and 
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600°C calls for the existence of a four-phase 
isothermal reaction somewhere in this tempera- 
ture range, probably in the neighborhood of 
550°C. This reaction might be of the “first 
class,” a ternary eutectoid: 


B>a+ x -+ 6, 
or it might be of the ‘“‘second class’’: 


Beate Ki= eit, 


In either case it evidently lies very close to the 
binary copper-aluminum side of the diagram; 
that is, all of the four phases concerned must 
contain less than 2.5 pct of silicon. 

It should not be particularly difficult to de- 
termine which class of four-phase equilibrium 
exists. By making a thermal analysis of an 
alloy containing about ro pct of aluminum and 
a small percentage of silicon, say 0.5 pct, it 
should be possible to ascertain whether the 
copper-aluminum eutectoid (8 — a + 5) is de- 
pressed or elevated by adding silicon. If it is 
depressed, the four-phase reaction must be of 
the ‘‘first class,’ a ternary eutectoid; if ele- 
vated, it must be of the ‘‘second class.” 

It is noteworthy also that the form of this 
diagram suggests strongly that both the 8 and 
6 phases are isomorphous between the copper- 
aluminum and copper-silicon binaries. Refer- 
ence has, of course, been made to Hisatsune’s 
statement with respect to the 8 phase. 

Finally, I should like to point out that there 
is a very minor inconsistency between the 
“liquidus surface” and the isotherm at 955°C. 
In the latter drawing, the liquid corner of the 
a +6 + liquid field has been represented at 4 
pct aluminum, 4.5 pct silicon. This point should 
lie upon the ‘‘valley”’ in the liquidus surface 
and, hence, should lie somewhere upon a line 
between 5 pct aluminum, 3 pct silicon and 3 pct 
aluminum, 5 pct silicon. This change would also 
give more reasonable proportions to the 
a + B + liquid field of the isotherm at 955°C. 


R. S. Frencu*—The paper by Dr. Wilson 
represents a considerable amount of work and 


the author is to be congratulated for the results 


he has obtained on this very complex ternary 
system. From perhaps a practical standpoint, 
the writer would like to discuss the more or less 
pseudo-structures obtained in the study of the 
important commercial alloy of this system that 
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have not been discussed by Dr. Wilson, and to 
specifically discuss the kappa to alpha plus 
delta transformation temperature range of this 
alloy. The alloy in question is the one already 


Motes: RES 
FIG 23—7.2 pcT AL, 2.0 PCT SI; 3 
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rod sample of the alloy containing 7.2 pct 
aluminum, 2.0 pct silicon, remainder sub- 
stantially copper. These specimens were 
placed in an electric furnace at a temperature 
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D, ACICULAR BETA, DILUTE F ECL3 ETCH. 


F Zi0EX: 
Fig 24—SaMeE ALLoy; 3 HR AT 875°C, FURNACE COOLED TO 775°C, AND QUENCHED. ALPHA AND 
BETA, SMITH ETCH. 210 X. 


mentioned by the author containing nominally 


7 pet aluminum, 2 pet silicon and the re- 
mainder copper. 


A series of small specimens were cut from a 


of 875°C and heated at this temperature for 3 
hr. The furnace was then turned off and reset 
for 550°C. At this time, one specimen repre- 
senting the 875°C temperature was removed 
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and water quenched, and the remaining speci- 
mens allowed to cool with the furnace. Other 
specimens were removed and water quenched 
as the temperature of the furnace arrived at 


Pato 


chloride and Smith reagent described in Ref. 1 
of the author’s paper 

Fig 23 shows the structure obtained on the 
first specimen as quenched from 875°C after 


Fic 25—SAME AS Fic 24. FECL; ETCH. 210 X. 
Fic 26—SAME ALLOY; 3 HR AT 875°C, FURNACE COOLED TO 600°C, AND QUENCHED. ALPHA, BETA, 
KAPPA, AND SOME BANDED ALPHA PLUS KAPPA, SMITH ETCH. 210 X. 


775, 600 and 550°C and after a 5 hr arrest at the 
last temperature. 

The micrographs obtained from polished and 
etched cross-sections of the specimens were all 
made at 210 X, using normal illumination. 
Etching reagents used were: dilute ferric 


3 hr. A typical coarse grained acicular beta has 
resulted. Ferric Chloride etch. 

Fig 24 shows the structure obtained on the 
specimen held at 875°C for 3 hr and then fur- 
nace cooled to 775°C and quenched, as etched 
with Smith reagent. The phases present are the 
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expected primary alpha and beta of the two 
phase field present at this temperature as shown 
in the equilibrium diagram for this alloy, Fig 10, 
of the author’s paper. 


Fic 27—Same As Fic 25. FECL; ETCH. 
Fic 28—SamMeE ALLoy; 3 HR AT 875°C, FURNACE CO 
WITH SOME BANDED ALPHA PLUS KAPPA, SECOND 


Fig 25 shows the same structure as etched 
with dilute fetric chloride. This etchant now 
clearly defines the acicular nature of the beta, 
as in Fig 1. 


Fig '26 and 27 show the structure obtained as 
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furnace cooled to 600°C and etched with the 
two reagents. Fig 26 shows what is believed 
to be massive kappa, white, separating out in 
beta, gray, and the large primary alpha, 
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NOTE THE ACICULAR BETA, 210 x 
OLED TO 550°C AND QUENCHED. PRIMARY ALPHA 
ARY ALPHA, AND DELTA. SMITH ETCH. 210 X, 


stained, with some banded alpha plus kappa 
around the alpha. 

Fig 27 shows the same structure, as etched 
with ferric chloride, and clearly defines the 
acicular beta, kappa and alpha. 
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Fig 28 and 29 show the structure found in the _ stituent is delta, resulting from the kappa to 
specimen annealed as before and furnace cooled alpha plus delta transformation that has 
to 550°C and quenched. Fig 28, however, occurred at some temperature between 550 and 
shows instead of the alpha plus kappa equilib- 600°C for these samples as furnace cooled. 


- B 4 m ‘i ‘ ¥ Re 


FIG 29—SAME AS Fic 25. FECL; etcH. NOTE STAINING OF SECONDARY ALPHA GRAINS AROUND 
THE DELTA. 210 X. 
Fic 30—SAME ALLOY; 3 HR AT 875°C, FURNACE COOLED TO 550°C, HELD FOR 5 HR, AND QUENCHED. 
ALPHA AND DELTA, SOME BANDED ALPHA PLUS KAPPA. SMITH ETCH. 210 X. 


rium structure expected from Fig 9 and 1o of Fig 29, etched with ferric chloride does not 
the author’s.paper, that a considerable amount define the delta phase at all well, but does seem 
of a bluish spheroidal chain-like constituent has _to stain the surrounding grains, suggesting the 
appeared. This laboratory feels that this con- _ presence of a newly transformed or secondary 
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alpha as would be necessary by the kappa- Fig 31 shows the same structure as etched 
eutectoid reaction. with dilute ferric chloride, again staining the 

Fig 30 and 31 show the microstructures ob- grains around the delta suggesting that pri- 
tained by arresting the furnace cooling at 550°C _— marily only two phases are present at this tem- 


Fic 31—Same As Fic 30, FECIs; ETCH. 210 X. 
Fic 32—7.4 Pct At, 2.0 pct SI; 3 HR AT 800°C AND QUENCHED. ALPHA PLUS BETA. SMITH ETCH. 


200 X. 


for 5 hr followed by quenching. Fig 30 shows a __ perature, 550°C, alpha and delta, with only a 
clearly defined delta, in a field of what is be- small amount of kappa retained. 


lieved to be the secondary alpha, unetched by Similar structures to those shown in Fig 28 
the Smith reagent, primary alpha and a-band- to 31 are found in samples air cooled from an- 
ing of alpha plus kappa. neals of 800°C or air cooled after extrusion. 
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Fig 32 shows the microstructure of a similar 
sample containing 7.4 pct aluminum, 2.0 pct 
silicon, and balance substantially copper. This 
specimen had been annealed for 3 hr at 800°C 


iv 


Fic 33—SAME ALLOY; 3 HR AT 800°C 
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reagent and both Fig 32 and 33 are at 200 &. 
Fig 33 shows large primary alpha grains, 
secondary alpha and a very finely dispersed 
delta. 


133 
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AND AIR COOLED. ALPHA AND DELTA, SMITH ETCH. 200 X. 


Fic 34—SAME ALLOY; I000 X. 


and water quenched. The structure shown is 
primary alpha and clear beta as etched with 
Smith reagent. - 

Fig 33 shows the structure that is obtained 
by air-cooling following the same heat treat- 
ment. This sample was etched with the same 


Better resolution of this structure is obtained 
at tooo X as shown in Fig 34. The same sphe- 
roidal chain-like characteristics of the delta 
phase, as were seen in Fig 28 and 30, can be 
noted. . 

Fig 35 shows the structure of this same alloy 
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as received from the mill in the ‘‘as-extruded” kappa to the alpha plus kappa plus delta to the 
and air cooled condition. The sample has been alpha plus delta transformation temperatures 
etched with Smith reagent and the micrograph for the commercial alloy discussed are found at 


Fic 35—SAME ALLOY; “AS-EXTRUDED.” ALPHA AND DELTA. 200 X., 
Fic 36—7 pcr AL, 2 pcr Si; QUENCHED FROM 900°C AND REHEATED APPROX. 24 HR AT 575°C. 
BANDED ALPHA PLUS KAPPA, 2000 P8e 


made at 200 X. It shows the still finer distribu- a somewhat higher temperature range than is 
tion due to the hot working of extrusion of shown by the author. 


these same phases as they are more usually Dr. Wilson states that the excellence of 
found in the commercially prepared alloy. machinability of the commercial alloy may be 
It would seem, therefore, that the alpha plus due to the presence of the kappa phase. This 
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DISCUSSION 


laboratory has found very little difference in 
the machinability values as determined by the 
method of Morris® for these structures. 

Fig 36 shows the microstructure of an alloy 
containing 7.0 pct aluminum, 2.05 pct silicon, 
balance substantially copper, as quenched from 
goo°C and reheated at 575°C for approximately 
24 hr. The structure is essentially banded alpha 
plus kappa, containing only some 5 pct primary 
alpha present at the time of the quench. The 
sample is etched with Smith reagent and shown 
at 2000 diam with normal illumination. A 
machinability value of 13,750 ft lb per cu in. of 
metal removed was obtained. The normal 
annealed sample, with a microstructure similar 
to that previously shown in Fig 35, gave a 
machinability value of 13,910 and a quenched 
sample containing essentially 95 pct acicular 
beta and 5 pct primary alpha gave a value of 
14,580 ft lb per cu in. All of these values are 
quite similar—in spite of the phases present in 
comparison to the value of 8,500 obtained on 
free-cutting brass and 22,000 obtained on elec- 
trolytic tough-pitch copper. In true stress true 
strain calculations of this alloy in the annealed 
condition, a breaking strength of approximately 
150,000 psi is attained, similar to that found by 
Hollomon for cartridge brass? at a strain of 
approximately 0.60, which is only 40 pct of the 
value attained by the brass, and only 20 pct of 
that exhibited by copper.!° The strain harden- 
ing coefficient found was M = 0.275. This 
laboratory has surmised that the rapid decrease 
of ductility of this alloy attendant with work 
hardening is a more important factor responsi- 


_ ble for this alloy’s good machinability value. 


F. H. Witson (author’s reply)—Dr. Rhines’ 
remarks are greatly appreciated. We regret that 
we have not had the opportunity to determine 
whether the copper-aluminum eutectoid is ele- 
vated or depressed by the addition of silicon. 


-His suggestion for redrawing the alpha + beta 


+ liquid triangle in the 955°C isotherm is in a 
region which is covered by no datum points and 
is quite reasonable and acceptable. 

Mr. French’s introduction of the structures 
which are found in the extruded and air-cooled 
commercially important alloy will add to the 

8 Alan Morris: Trans. AIME (1932) 99, 323- 


9 J. H. Hollomon: Trans. AIME (1045) 162, 


268. ; 
10], R. Jackson, A. M. Hall, A. D. Schwope: 


‘AIME Met. Tech., Sept. 1947. T.P. 2274. This 


volume p. 296. 
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usefulness of this published material. It is felt, 
however, that in spite of furnace cooling these 
structures represent nonequilibrium conditions 
and their interpretation on the basis of the 
equilibrium diagram is somewhat different from 
that given by Mr. French. In particular, the 
appearance of delta at 550°C and the structure 
called “secondary alpha” seem to be quite 
inconsistent with the diagram as determined. 

In the process of furnace-cooling from 875°C, 
the appearance and growth of primary alpha 
divides the structure into alpha + beta of 
different compositions. If equilibrium condi- 
tions obtained when the sample reached 650°C, 
the composition of the beta as indicated by a 
tie-line in Fig 5 would be about 7.9 pct alumi- 
num, 2.5 pct silicon. Nonequilibrium conditions 
would push the copper content even lower. It is 
quite possible that the beta composition might 
be such that at 550°C it would be in the 
kappa + delta field, although the s00 and 
550° isotherms are not covered by enough com- 
positions to establish this field precisely. In the 
microstructures, the delta is always found in the 
regions which result from transformation of 
beta. We feel certain, therefore, that the ap- 
pearance of delta at 550°C does not result from 
a higher temperature of transformation from 
alpha + kappa to alpha + kappa + delta of 
the 7.2 pct aluminum, 2.0 pct silicon than is 
indicated in the diagram, but rather from trans- 
formation of beta regions with lower copper 
content than the overall alloy composition into 
kappa + beta + delta and thence to kappa 
+ delta. The 550°C isotherm is not reproduced 
but at 500°C an 8.0 pct aluminum, 2.7 pct 
silicon composition would be in the kappa 
+ delta field. Five hours at 550°C is quite 
inadequate for homogenization of such exten- 
sive segregation. (Reference in the text to 
homogenization of a structure consisting of two 
kappa constitutents of different composition 
indicated that the interface lost its sharpness 
only at 625°C. These anneals were for one hour.) 

We are unable to account for the structure in 
Fig 32 since it should be practically all beta 
according to the diagram (Fig 10). However, 
since alpha is present in considerable amounts, 
this same argument will apply to the structure 
found on air cooling. % 

With reference to the structure called “‘sec- 
ondary alpha,” the evidence seems largely to 
be a barely noticeable staining with ferric 
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chloride. The structure appears to us only to be 
speckled and this might be due to fine delta 
particles. We feel that ‘‘secondary alpha” is 
kappa in which delta appears while beta dis- 
appears on cooling. The shading around the 
delta and alpha in Fig 30 could result from a 
tendency toward homogenization. The use of 
polarized light is suggested for identification of 
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this phase as kappa, and we have examined 
similar structures and found these areas to 
show the characteristic birefringence of kappa. 

On this basis, the three structures upon 
which Mr. French made machinability tests all 
contain relatively large amounts of kappa and 
we still feel that its presence can account for the 
good machinability. 
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The Constitution and Properties of Copper-rich Copper-chromium 
and Copper-nickel-chromium Alloys 


By Watter R. Hipparp, Jr.,* Junior Memper, Frep D. Rost,* StuDENT ASSOCIATE, 
Howarp T. Crark, JR.,f AND Rosert I. O’HERRoN,{t Strupent Associate AIME 
(New York Meeting, February 1948) 


INTRODUCTION AND PREVIOUS WoRK 


IN the search to find a copper-base alloy 
with high strength properties, it was con- 
sidered that the addition of a small amount 
of an age-hardening element to a binary 
system with useful strength properties 
might result in a series of alloys of theo- 
retical and practical importance. 


TABLE 1—Chemical Composition of Alloys 
(Weight Per Cent) 


Copper Nickel Sili- eens 
99.97 Oo. oO. Oo. 
99.82 0} oO. oO. 
99.64 On oO. oO. 
99.52 oO. Os Oo. 
99.39 oO. 0. oO. 
99.16 oO. oO. oO. 
99.01 Oo. oO. Oo. 
98.77 r: oO. 0. 
98.62 A oO. oO. 
890.93 10.05 oO. oO. 0.00 
89.36 10.06 oO. Oo. oO. 0.02 
89.02 10.00 oO. oO. OF 0.02 
88.70 10.03 T; O: oO. 0.02 
79.90 20.05 oO. Oo. 0.01 
79.29 20.08 Oo. oO. Oo. 0.03 
79.98 20.01 oO. oO. oO. 0.04 
79.58 19.99 rE: oO. oO. 0.05 
69.80 30.18* Oo. oO. 0.00 
69.30 30.00* (0) oO. oO. 0.05 
68.98 30.06* (0) oO. oO. 0.03 
68.56 30527 % I oO. oO. 0.07 


*In addition the 30 pct nickel series contained 
residual boron from a borax flux possibly to the 
extent of 0.05 pct. 


The data in this paper were taken from re- 
ports submitted by F. D. Rosi, H. T. Clark, Jr., 
and R. I. O’Herron to the Department of 
Metallurgy, Yale University, in partial fulfill- 
ment for the degree of Master of Engineering. 

Manuscript received at the office of the 
Institute October 31, 1947. Revision received 
December 4, 1947. Issued as TP 2317 in 
METALS TECHNOLOGY, February 1948. 

* Assistant Professor of Metallurgy and 
Graduate Laboratory Assistant, respectively, 
Yale University, New Haven, Conn. 

+ Remington Arms Co., Bridgeport, Conn. 

t Chapman Valve Mfg. Co., Indian Orchard, 
Mass. . 


The copper-nickel system was selected 
for its basic properties and chromium was 
added as the age-hardening element in view 
of the small percentage involved and its 
decreasing solubility with decreasing tem- 
perature. A study of the Cu-Cr binary 
alloys was undertaken as a preliminary in- 
vestigation. However, in view of the re- 
sponse of these alloys to heat treatment, 
the scope of this phase of the investigation 
was widened. 


TABLE 2—Solubility Limits 


Solvus 
Wt. Per Cent Chromium ae Source 
Copper-chromium System 
0.04—.09 660 | Alexander 
OUD S rite tus arcteiath time emets tas 800 Alexander 
ONL Oa eare Narre arte setae 869 Resistivity 
858 Micro 
OR tincurarisuea bere caren Came 900 Alexander 
COSC W le cn aed ureter eared eee ear 970 Resistivity 
998 Micro. 
OPAS settled te iionae sete ote 1039 Resistivity 
1045 Micro 
(SLLOE enc MO RRO Sete year 1066 Micro 
>0.61 < 0.75 (eutectic)..... 1072 Micro 
1069 Micro 
Copper-nickel (10 pct) Chromium System 
Ossigh AAO aternie tia eee a aed 1065 Micro 
<0:89° (eutectic) /..5 7a. a. .0. 1075-1085] Micro 


Copper-nickel (20 pet) Chromium System 


OLDS Seria ie, bakes 800 | Alexander 

OLDE ssa cedte Sameis sca e hare lala 900 | Alexander 

OMS Ss cee hie een hana I075 Micro 
<0.89. (eutectic)... 0.50.55. II05 Micro 


Copper-nickel (30 pct) Chromium System 


On Lees ead crt ege tes cies is tes 660 | Alexander 
Ol TYiayaie see « styersenseetclecens 800 Alexander 
[ORE V eae sateel Geoke, Sieuat,  DaDr 900 Alexander 
ORS et tn retin are ths 1100 _ | Alexander 
OPS OMe Ser Rs aoe Res 1065 Micro 
SSS). antares oe pee re 1120 Micro 
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Corson! in 1927 reported the alpha solid 
solubility limits for the copper-chromium 
system as 0.8 pct Cr at 1000°C, 0.5 pet at 
goo°C, 0.25 pct at 800°C, and 0.05 pct- 


°C. 
eRe 


Temperature, 


K00 


o Ol 
fercent Chramium in Copper 


Fic 1—PHASE DIAGRAM OF COPPER-RICH AND OF COPPER-CHROMIUM SYSTEM. 
Alexander’s? points are taken from his solubility curve except where listed in Table 2. 


0.1 pct Cr at 500°C. Extrapolation of the 
curve passing through these points indi- 
cates a maximum solid solubility of 1.25 pct 
Cr at the 1076°C eutectic temperature and 
only a trace at room temperature. Corson 
also found that 0.6 pct Cr sufficed to pro- 
duce the maximum hardening and strength- 
ening effects on aging at 500 to 600°C. 
Alexander® showed that chromium has a 
marked restrictive influence on the re- 
crystallization and grain growth character- 
istics of copper and some copper alloys 


' References are at the end of the paper. 


because of mechanical obstruction at the 
grain boundaries by the precipitation of 
Cr from the solid solution. Small additions 
(0.3 pet Cr) restricted grain growth on 
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annealing at temperatures up to 700°C and 


increased the softening temperature from 
200-300°C to 300-400°C. With 0.73 pet Cr 
grain size was restricted to o.o1 mm at 
goo°C. When added to cupro-nickel alloys, 
the effect on grain growth is not so marked. 
In the 70:30 and 80:20 cupro-nickels addi- 
tions up to 0.25 pct Cr in the former and 


0.29 pct Cr in the latter do not appreciably _ 


affect the hardness of the annealed alloys, 
the softening curves being very similar to 
those of the chromium-free alloys. Increas- 
ing the chromium content to 0.46 and 0.54 
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pet increased the softening temperatures 
of the same corresponding alloys by about 
3o and 50° respectively. The addition of 
0.45 pet Cr was found to inhibit grain 
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The cupro-nickels show the greatest solu- 
bility for chromium at these tempera- 
tures—a feature which is not surprising in 
view of the marked solubility of Cr in Ni 
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FIG 2—ELECTRICAL RESISTIVITY MEASUREMENTS OF SOLUBILITY LIMITS FOR CHROMIUM IN COPPER. 

a. 0.19 pet chromium. Difference in resistance between alloy and copper at temperature. 
b. 0.34 pet chromium. Difference in resistance between alloy and copper at temperature. c. 
' 0.48 pet chromium. Resistance (at 20°C) of alloy sample after quenching from temperature. 


growth in the 70:30 cupro-nickel alloy so 
well that between annealing temperatures 
of 400 and goo°C the grain size increased 
only from 0.005 to 0.014 mm, while that of 
chromium-free cupro-nickel increased from 
0.01 to 0.066 mm. 

According to Alexander, the solid solu- 
bility of Cr in Cu-base alloys is small; gen- 
erally speaking, much less than o.1 pct Cr 
is soluble at temperatures below 800°C. 


(approximately 40 pct at room tempera- 
ture). From his data it is evident that the 
solid solubility of Cr in Cu decreases from 
0.5 pct at 1050°C to less than 0.05 pct at 
400°C. In the 80:20 Cu-Ni alloy, the solid 
solubility of Cr decreases from about 0.6 
pet at 1075°C to 0.08 pct at 400°C. In all 
cases the solid solubility increases with an 
increase in temperature which makes these 
ternary alloys theoretically susceptible to 
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Fig 3 


Fig 4 
FIG 3—1.33 PCT CHROMIUM IN COPPER. QUENCHED FROM LOvseOn 
Ammonia-peroxide etch. 100 X 
Fic 4—o0.88 PCT CHROMIUM IN QO: 10 CUPRONICKEL. 
Quenched from ro90°C. Potassium bichromate and ferric chloride etch, 500 X 
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precipitation hardening. However Alex- 
ander made no attempt to investigate the 
effect of heat treatment on the properties 


of these alloys. 
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5-in. molds, pouring two bars from each 
heat in a Durville casting setup. All alloys 
were hot rolled to 0.200-in. gauge (Cu-Cr 
at goo°C, Cu-Ni-Cr at rooo°C), annealed 
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Fic 5—AGE HARDENING CURVES FOR COPPER-CHROMIUM ALLOYS. 
Solution heat treated 4 hours at 1050°C, quenched in water, aged as indicated. 


C. H. Davis’ investigated the properties 
of a copper-chromium alloy in the solution- 
treated and aged condition. The alloy was 
in wire form and contained 0.89 pct Cr with 
residual amounts of silicon and iron. In 
general, Davis found that greatest strength 
is obtained by homogenizing at the highest 
alpha temperature (1000—-1025°C) and pre- 
cipitation hardening between 425-500°C. 


MATERIALS 


Alloys were prepared in the Copper Re- 
search laboratory of the American Brass 
Co. under the direction of Mr. E. W. 
Palmer. They were cast in 5 X 134 X 


46 hr at 1000°C and quenched. After careful 
cleaning they were cold rolled 6 B and S to 
o.100-in. gauge. The analyses were deter- 
mined by the American Brass Co. labora- 
tory and are listed in Table 1. 


EQUIPMENT AND PROCEDURES 


All heat treatments were carried out 
under an atmosphere of purified nitrogen 
in a vertical Kanthal wound electric resist- 
ance furnace. Temperature was controlled 
through a chromel-alumel thermocouple by 
a controller calibrated by the melting 
points of aluminum and copper. The speci- 
mens were hung by nichrome wire within 
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14 in. of the thermocouple and could be are accurate within 5°C. Heat treatments 
quenched into a bucket of water below the for constitutional studies lasted 20 hr and 
furnace by means of a trip arrangement. were followed by a water quench. 
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Fic 6—AGE HARDENING CURVES FOR COPPER-NICKEL-CHROMIUM ALLOYS. 
Solution treated 4 hours at 1070°C, quenched in water and aged at 600°C. 
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pr Fic 7—AGE HARDENING CURVES FOR COPPER-NICKEL-CHROMIUM ALLOYS. 
Solution treated 4 hours at 1070°C, and quenched in water and aged at 650°C, 
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The temperature of the hot zone of the Microspecimens were prepared in the 
furnace was carefully calibrated at 14-in. usual manner. To locate the presence of 
intervals so that it is believed temperatures chromium precipitate, a stain consisting of 
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Rockwell B Hardness 
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Aging lime in tours at 400°C. 


Fic 8—EFFECT OF COLD ROLLING ON THE AGE HARDENING CURVES OF COPPER-CHROMIUM ALLOYS. 
Solution treated 4 hours at 1050°C, quenched in water, cold-rolled 25 pct reduction in thickness, 
and aged at 400°C. 
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1 pct FeCl; dissolved in 1:1 HCl followed 
by a solution of tincture of iodine and 
potassium iodide was used. This stain 
darkened the matrix but left the precipitate 
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Electrical resistivity measurements for 
determining the solubility of chromium in 
copper were made both at elevated tem- 
peratures and after quenching to room tem- 
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: FIG 10—ANNEALING CURVES FOR COPPER-CHROMIUM ALLOYS. 
Solution treated 4 hours at 1050°C, water quenched, cold rolled 20 pct reduction in thickness, and 
annealed 44 hour at temperature indicated. 


shiny and bright. Standard potassium 
bichromate was used for etching specimens 
for cold rolling and recrystallization studies 
and potassium bichromate and a solution 
of 1 pct Fe Clin 1:1 HCI were used to etch 
the eutectic structure. Hardness measure- 
ments were made on a standard Rockwell 
tester. From 6 to 10 measurements con- 
stituted a single determination. 


perature. Eighty-inch lengths of 0.031-in. 
diam wire, made by drawing strips through 
hand dies, were threaded through porcelain 
thermocouple insulators, joined to copper 
lead wires and heat treated in purified 
nitrogen. A Wheatstone bridge was used to 
measure the relative resistances of the alloy 
sample and the control sample (the copper 
without chromium additions) at each tem- 
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perature. Resistance readings taken at 
intervals at each temperature were used to 
insure equilibrium conditions. For the 0.48 
pct chromium alloy, the resistance of the 
wire was measured at 20°C after samples 
had been solution treated at various tem- 
peratures and quenched in water. 


DISCUSSION OF RESULTS 


The results of the constitutional studies 
are listed in Table 2. For the binary system 
the solvus curve plotted in Fig 1 was found 
to be in close agreement with that of 
Alexander.” Electrical resistivity data for 
the 0.19, 0.34 and 0.48 pct chromium alloys 
are plotted in Fig 2a, 2b, and 2c, respec- 
tively. The eutectic temperature was deter- 
mined independently at 1069 and 1072°C 
which is close to that given by Hindrichs4 
and Siedschlag® at 1075-1076°C. Specimens 
containing 0.75, 0.95, 1.15 and 1.33 pct 
chromium heated just above the eutectic 
temperature and quenched, showed par- 
tially burned structures which appeared to 
be primary alpha and eutectic without 
primary chromium in the burned area. This 
finding indicates that the eutectic com- 
position is somewhat more ‘than 1.33 pct 
chromium. Siedschlag® reported primary 
chromium in a 2 pct chromium alloy but 
not in a 1 pct chromium alloy. Alexander,’ 
however, reported the eutectic at about 
0.9 pct chromium based on microstructural 
observations of specimens as cast and after 
high-temperature heat treatments. His 
alloys contained 0.73, 1.07 and 1.49 pct 
chromium but he did not include the evi- 
dence on which his findings were based. 
Alexander also reported two forms of 


eutectic structure of varying dispersion 


“possibly due to undercooling effects.” 
Two forms of eutectic structure were also 
found in this investigation depending on 
whether the partially burned specimens 
were quenched directly or slowly cooled to 
just below the eutectic temperature and 
then’ quenched. Fig 3 shows ‘the eutectic 
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structure developed in the 1.33 pct chro- 
mium alloy quenched from 1075°C, 

Less extensive studies of the ternary 
system indicated-that 10 pct nickel raised 
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II—ANNEALING CURVES FOR COPPER- 
NICKEL-CHROMIUM ALLOYS (90:10). 

Solution treated 4 hours at 1070°C, quenched 
in water, cold rolled 20 pct reduction in thick- 
ness, annealed 44 hour at temperature indi- 
cated. 


Fic 


the minimum eutectic temperature to 
about 1080°C, and raised the solvus curve 
accordingly. For 20 pct nickel the minimum 
eutectic temperature was raised to about 
1105°C and for 30 pct nickel something 
over 1120°C. Fig 4 shows the eutectic struc- 
ture in the to pct nickel alloy containing 
0.88 chromium quenched from togo°C. 

The results of age hardening treatments 
on binary copper chromium alloys are 
shown in Fig 5. These results are in general 
agreement with those of Davis*® in that 
solution treatments at 1o4o-50°C followed 
by quenching and aging at 450°C gave 
optimum hardness properties. 

Fig 6 and 7 are the results of age harden- 
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ing treatments on the ternary alloys. Water 
quenching from a solution heat treatment 
at to70°C followed by aging at 600 and 
650°C gave similar hardness results. How- 
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binary alloys. The lower aging temperature 
for the ternary alloys was required to avoid 
softening caused by recrystallization over 
the longest time intervals. 


ever the increase in hardness resulting from 
aging was considerably less for the ternary 
than for the binary alloys. In fact, for the 
go-10 and 80-20 base ternary alloys the 
maximum hardness obtained was some- 
what less than that for the binary alloys. 

Fig 8 and 9 show the results of aging fol- 
lowing solution treatment and cold rolling. 
Again no additional hardness resulted in 
the 10 or 20 pct ternary alloys and very 
little additional hardness was found in the 
30 pet ternary alloy as compared with the 
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_ Fic 12—ANNEALING CURVES FOR COPPER-NICKEL-CHROMIUM ALLOYS (80:20). 
Solution treated 4 hours at 1070°C, quenched in water, cold-rolled 20 pet reduction in thickness and 
annealed 44 hour at temperature indicated. 


Fig ro, 11, 12 and 13 are recrystallization 
curves for binary and ternary alloys which 


TABLE 3—Effect of Chromium Additions to 
Copper on Recrystallized Grain Size of 
Specimens Cold Rolled 20 Pct Reduction 
in Thickness and Annealed at 900°C for 

44 Hour 


. COMPARISON GRAIN SIZE 
Eee User AVERAGE DIAMETER, Mm. 
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0.140 
0.19 0.110 
0.34 0.090 
0.48 0.075 
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annealed at the temperatures indicated for 
one half hour. The addition of chromium 
raises the softening temperature of copper 
about 400-500°C. For the ternary alloys 
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mium-free alloys, particularly the cupro- 
nickel alloys. Possibly this is caused either 
by the restriction of grain growth as a re- 
sult of chromium additions and previously 
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Fic 13—ANNEALING CURVES FOR COPPER-NICKEL-CHROMIUM ALLOYS (70:30). 
Solution treated 4 hours at 1070°C, quenched in water, cold-rolled 20 pct reduction in thickness and 
annealed 14 hour at temperature indicated. 


this increase resulting from chromium addi- 
tions is reduced to about 150-200°C. How- 
ever the hardness of the recrystallized 
chromium-containing alloys is somewhat 
higher than that of the respective chro- 


reported in detail by Alexander,’ or the 
hardening effects of the precipitate. Typical 
results obtained’ in this investigation for 
copper with and without chromium are 
listed in Table 3. 
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SUMMARY 


The solvus curve of chromium in copper 
was found to be similar to that reported by 
Alexander,” with a maximum solubility be- 
tween 0.61 and 0.75 pct chromium at the 
eutectic temperature of about 1070 + 2°C. 
The eutectic composition appeared to be 
more than 1.33 pct chromium. 

In ternary copper-nickel-chromium sys- 
tem containing about to pct nickel the 
minimum eutectic temperature is about 
1080°C and the solvus curve is extended 
accordingly. In ternary alloys with 20 and 
.30 pet nickel the minimum eutectic tem- 
perature is raised to 1105 and over 1120°C 
respectively with corresponding changes in 
the solvus curve. 

The binary copper-chromium alloys 
which were solution treated and aged or 
solution treated, cold-rolled and aged at- 
tained approximately the same or greater 
hardness values than did the ternary cop- 
per-nickel-chromium alloys. Similarly the 
addition of chromium to copper has a 
greater effect in raising the softening tem- 
perature determined by solution heat treat- 
ments, cold-rolling and annealing than the 


addition of chromium to copper-nickel 
alloys containing 10, 20 or 30 pct nickel. 
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SUPPLEMENT: METALLOGRAPHIC OBSERVATIONS OF PRECIPITATION 
IN COPPER-CHROMIUM ALLOYS* 


By WALTER R. Hipparp, Jr.,f JUNIOR MEMBER, AND N. K. CueEn, f StupENt Associate, AIME 


Specimens of copper-chromium alloy 
(0.048 pct Cr, 0.01 pct Si, 0.02 pct Fe) were 
solution heat treated in a 93 pet Ne-7 pct He 
atmosphere for 24 hr at 1920°F. Slow cool- 
ing from this temperature (40°F per hr) 
developed a resolvable precipitate of bright 


* From a report submitted by N. K. Chen 
to the Department of Metallurgy, Yale Uni- 
versity, in partial fulfillment of requirements 
for the degree of Master of Engineering. 
Manuscript rey at the office of the Insti- 
tute June 17, I 

t Assistant ee of Metallurgy and 
Graduate Student in Metallurgy respectively, 
Yale University. 


chromium globules both at the grain 
boundaries and in the interior of the grains, 
such as is shown in Fig 14. Quenching in 
water from the solution heat treatment. 
produced a single phase, supersaturated 
solid solution. Aging at temperatures of 
1250, 1450 and 1550°F (considerably above 
that used for optimum hardening, about ~ 
850°F) produced microscopic evidence of — 
precipitation shown in Fig 15, 16 and 17, 
respectively. The precipitate does not — 
appear to be resolved at these magnifica-_ 
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_ Fic 14—0.48 pct Cr IN CU, SOLUTION TREATED 24 HR AT 1920°F, FURNACE COOLED TO 1250°F, 
HELD 24 HR AND WATER QUENCHED. POTASSIUM BICHROMATE AND FERROUS CHLORIDE ETCH FOL- 


LOWED BY IODINE STRAIN. X 500. 


Fic 15—SAME ALLOY, WATER QUENCHED FROM 1920°F, AGED 68 HR AT 1250°F. PoTasstuM BI- 


CHROMATE ETCH. 


X 2000. 


Fic 16—SAME ALLOY, WATER QUENCHED FROM 1920°F, AGED 22 HR AT 1450°F. POTASSIUM BI- 
CHROMATE ETCH. X 2000. 

Fic 17—SAME ALLOY, WATER QUENCHED FROM 1920 °F, AGED 6 HR AT-1550°F. POTASSIUM BI- 
CHROMATE ETCH. x 500. 


tions. Etching effects, however, indicate 
both continuous and discontinuous pre- 
cipitation. The partially formed Widman- 
stitten pattern in Fig 16 contains 4 


predominant directions (although some of 


the precipitate particles appear to deviate 
from these directions, this may be the 
result of lack of resolution). Four directions 
in a face centered cubic structure suggest 
that the {111} matrix plane is the plane 
of precipitation. 


DISCUSSION 
(J. S. Vanick presiding) 

J. S. Vanicx—I found it takes 20 or 30 
pet of nickel to get the desired result. The 
ternary alloys fail to build up hardness. I 
imagine Professor Hibbard may have some 
comment to offer on why they do not. 


W. R. Hissar, Jr. (authors’ reply)—I wish 
I knew the answer. If there were some way of 
finding out, it would be a very nice contribution 
to the theory of alloying. 


The Comparative Properties of Several Types of Commercial 
Coppers, as Cold Worked and as Recrystallized 


By L. R. Jackson,* MemBer, A. M. Hatt,* Junior MemBer AIME, anv A. D. SchwoPE* 


In the course of an extensive investiga- 
tion of the comparative properties of several 
types of copper, data were obtained on the 
cold working and subsequent recovery and 
recrystallization of the copper. 

In this paper, relations between the de- 
gree of cold work and the course of re- 
crystallization are developed. In particular, 
it is shown that the course of recrystalliza- 
tion over long periods of time and at low 
temperatures can be predicted with reason- 
able accuracy from short-time high-tem- 
perature recrystallization data. 


MatTeERIALS USED IN THE INVESTIGATION 


Three types of copper were used in this 
investigation; these were tough pitch, 
OFHC, and OFHC copper with 15 oz per 


ton of silver added identified herein as Lots .« 


C, D, and F, respectively. The material 
was supplied by the American Metal Co. 
Ltd., and processed by the Rome Cable Co. 
The analyses of the three types of copper 
are given in Table r. Originally, it started 
as wire bars 4 X 4 X 54 in. These bars 


were heated to 871°C in air and hot rolled. 


to 3% in. rod. 

This rod was cold drawn to 0.204 in. rod 
(7o pct reduction) in three passes and 
annealed at 427°C for 4 hr. A portion of 
the 3g in. rod was saved for more detailed 
cold-drawing experiments. 

Starting with the annealed 0.204 in. rod, 
hard-drawn wires were produced by cold 
drawing to 0.081 in. wire in 7 passes (84.4 

Manuscript received at the office of the 
Institute May 24, 1947; revision received 
July 17, 1947. Issued as TP 2274 in METALS 
TECHNOLOGY, September 1947. 

* Research Supervisor and Metallurgists, re- 


spectively, Battelle Memorial Institute, Colum- 
bus, Ohio. 


pet reduction in area). Half-hard wires 
were made by cold drawing the 0.204 
in. rod to 0.102 in. wire, (75 pct reduc- 
tion) in 6 passes and annealing at 427°C 
for 4 hr. This annealed wire was then 
drawn to 0.081 in. wire, (37.1 pet reduction) 
in 2 passes. 

Square rod was made by hot rolling wire 
bars to %@ in. rod in 8 passes. This rod 
was then cold drawn to 0.445 in.-diam rod 
and annealed for 3) hr at 538°C. It was 
then cold drawn to 0.325 in. rod and again 
annealed at 538°Cf or 3}4 hr. Hard square 
rods were then made by cold rolling this 
material: to 0.257 Xo0.257 in. rod, a 
reduction in area of 20.5 pct. Half-hard 
square rods were made by cold rolling to 
0.268 X 0.268 in. square, annealing for 
31g hr at 538°C and cold rolling to 0.257 
X 0.257 in., a reduction of 8.5 pct. 

Soft wire or rod was made from all types 
of copper by annealing the hard-drawn 
material at 343°C for 3 hr in steam. 

The grain size of the annealed 0.081 in. 
wire varied slightly among the three lots: 
from 0.015-0.025 mm in the silver-bearing 
OFHC to 0.035-0.045 mm in the OFHC 
copper. The annealed 0.257 in. wires were 
more.uniform in grain size, averaging about 
0.035-0.045 mm. Representative structures 
are shown in Fig 1. 


EFrect oF CoLtp DRAWING AND TENSILE 
STRAIN ON STRENGTH OF COPPER 


Conventional tensile tests were per- - 
formed on the three types of copper in the 
various degrees of hardness described 
above. Results of these tests are tabulated 
in Table 2. The results in Table 2 are 
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averages of from 3 to 5 tests of each type. 
The maximum range of values on different 


samples for the various properties meas- 


ured were, respectively, yield strength 
+ 10 pct, tensile strength + 3 pct, elonga- 
tion + 2 pct, reduction in area + 2 pct. 

In addition to the conventional tensile 
tests described above, true stress-strain 
curves were obtained on materials pre- 
pared from annealed copper rod 0.325 in. 
diam. The object of the preparation was to 
provide specimens of uniform diameter, but 
having progressive degrees of cold work 
produced by cold drawing. | 

To accomplish this, eight samples of 
0.325 in.-diam rod were prepared from 
each of the 3 types of copper. One sample 


TABLE 1—Analyses of Types of Copper Used 
in Investigation 


OFHC Plus 
Tough | OFHC | 15 Oz per 
otic Lot D Ton Silver 
Per Gent Per Cent | Lot F Per 
Cent 
Sb 0.0004 0.0010 0.0008 
As 0.0004 0.0004 0.0002 
Bi None None 0.0001 
Fe 0.0005 0.0007 0.0010 
Pb 0.0006 0.0002 0.0005 
Ni 0.0018 0.00II 0.0008 
Oo 0.031 
Se 0.0004 0.0001 0.0003 
Ag 0.0019 0.O00IT 0.0537 
Ss 0.0013 0.00II 0.0014 
Te None None None 
Sn 0.0002 None 0.0001 
Cu. (by diff.) | 99.9615 99.9943 99.9411 
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of each was drawn directly to 0.081-in. 
wire without annealing. The other samples 
were drawn to progressively larger sizes 
than o.08r-in. diam. All wires were then 
annealed for 1 hr at 1000°F in steam. These 
wires were then all cold drawn to 0.081-in. 
wire. This procedure yielded a supply of 
0.081-in. wire with the following degrees of 
cold work—full anneal and percentage 


reductions of 7.3, 28.3, 40.6, 57.0, 85.6, 


80.5 and 93.5. True stress-strain data were 
then obtained on all wires and the results 
plotted in Fig 2, using the principles sug- 


gested by Jackson.’ 


. — , 
1 References are at the end of the paper. 
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In this method, the “true stress” is 
simply the load divided by the current area 


Fic 1—MICROSTRUCTURE OF TWO TYPES OF 
COPPER AS ANNEALED SHOWING RANGE IN 
GRAIN SIZE. PHOTOGRAPHS TAKEN AT 75 X 
AVERAGE GRAIN SIZES IN MM INDICATED UNDER 
EACH PHOTOGRAPH. (NH,OH H,20O2) EtcH. 


The “‘true strain” is defined as 


6 = log. a 


[2] 
where A, is the original area before either 
cold drawing or tensile testing and A is the 
final area resulting from both the cold 
drawing and the tensile deformation. 

On examination of Fig 2, it will be noted: 
1. That results from all three types of 
copper lie essentially along a common. 
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curve. 2. That all points, whether obtained The location of these points is indicated 
by cold drawing or by direct tension, lie by arrows. 

along the same curve. 3. That the yield From these results it would appear that, 
points of the commercially drawn wires despite differences in composition and some 
(compare with Table 2) all lie onthiscurve. differences in grain size, the three types of 
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Fic 2—TRUE STRESS-STRAIN CURVES FOR TOUGH PITCH, OFHC, AND SILVER BEARING OFHC 
COPPER. 


TaBLE 2—Tensile Tests on Copper Wires and Rod 


Rocce in Area 
y Co! rawin 
: : Reduc- After Last = 
Yield Tensile tion in Anneall 
Lot Condition Strength* | Strength, Area calling 
Ne. psi psi Per 
’ Cent 
Per loge a 
Cent A 
C | Hard-drawn 0.081 in. wire 65,000 65,200 54.0 84.4 1.86 
C | % hard 0.081 in. wire 55,000 57,000 64.0 37.1 0.48 
C | Annealed 0.081 in. wire 6,500 34,200 78.6 
C | Hard-drawn 0.257 in. square rod 43,400 45,700 61.5 20.5 0.25 
C | 446 hard 0.257 in. square rod \ 30,500 35,300 63.0 8.5 0.0900 
C | Annealed 0.257 in. square rod 7,500 32,600 67.0 
D | Hard-drawn 0.081 in. wire 66,000 66,300 us 91.0 84.4 1.86 
D | 4% hard 0.081 in. wire 57,000 57,500 0 01.0 37.2 .48 
D | Annealed 0.081 in. wire 6,500 37,000 .0 06.0 
D | Hard-drawn 0.257 in. square rod 44,100 45,000 a 85.5 20.5 0.25 
D | 44 hard 0.257 in. square rod 29,400 34,400 mm) 88.0 8.5 0.090 
D | Annealed 0.257 in. square rod 7,000 31,800 0 890.0 
F | Hard-drawn 0.081 in. wire 65,700 65,900 a8 91.0 84.4 1.86 
F | 4¢ hard 0.081 in. wire 57,400 57,600 .0 91.0 37.1 0.48 
F | Annealed 0.081 in. wire 9,000 36,100 .0 05.5 
F | Hard-drawn 0.257 in. square rod 45,600 46,200 fe 87.0 20.5 0.25 
F | 4¢ hard 0.257 in. square rod 20,700 35,100 .0 86.0 8.5 0.090 
F | Annealed 0.257 in. square rod 7,200 32,600 a 90.0 


* Stress at 0.2 per cent offset from initial slope of stress-strain curve. 
Note: Lot C is tough pitch copper. 

Lot D is OFHC copper. 

Lot F is OFHC copper plus 15 oz per ton of silver. 


ey” 


copper have very similar strain hardening 
_ properties, although in Table 2 it is evident 
from the low reductions in area of the tough 
pitch copper that it does not have as much 
available ductility as the other two types. 


ANNEALING OF COLD-DRAWN COPPER 


Theory 


. 

T 

; 

2 In the absence of such phenomena as pre- 
a cipitation hardening, phase changes, dif- 
fusion, and others, the two effects of time 
4 and temperature on cold-worked metals are 
: characterized by the terms “‘recovery” and 
, “recrystallization.”’ Recrystallization may, 
_ or may not, be accompanied by grain 
growth. 

_. Phenomena classified under the term 
; “recovery” have not been clearly defined. 
In general, “‘recovery” is characterized by 
an increase in yield strength and possibly 
in hardness not accompanied by a change 
_ in metallographic structure. Most of the 
_ phenomena recognized as “recovery” have 
been attributed to relief or redistribution 
_ of macroscopic stresses resulting from cold 
work. The effects discussed in this paper 
are more concerned with recrystallization 
than with recovery. 

In the past 12 years a great deal of atten- 
tion has been given to the development of 
‘satisfactory methods of describing the proc- 
ess of recrystallization in metals. Among 
the more comprehensive attacks on the 
problem are those of Johnson and Mehl,’ 
Stanley and Mehl,? Avrami,* Cook and 
‘Richards,’ and Krupkowski and Balicki.® 
The theories developed agree that the 
process occurs in two steps, nucleation and 
growth, and that a heat of activation is 
associated with each process. The theories 
differ principally in details relating to the 
origin and rate of formation of nuclei and 
the mode of growth from nuclei. 

In order to make clear-cut distinction 
with regard to some of these details, it is 
1ecessary to deivse experimental methods 
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which can differentiate clearly between 
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rate of formation of nuclei and growth. 
Measurements of mechanical properties 
such as yield strength, tensile strength, 
ductility, hardness, and others, at various 
stages in the recrystallization process, pro- 
vide a sort of integration of the effects of 
nucleation and growth but cannot be ex- 
pected to provide unambiguous informa- 
tion about either process by itself. 

While an investigation of mechanical 
properties during recrystallization cannot 
provide much information about the 
mechanism of the process, it is possible to 
use certain simplified consequences of the 
theories of recrystallization to organize 
data on mechanical properties and, in par- 
ticular, to aid in extrapolating data on the 
effect of time and temperature on the me- 
chanical properties of cold-worked copper. 

Analysis of the various methods of treat- 
ing the problem of recrystallization leads 
to essentially the same types of simplifica- 
tions. The one used in this paper is given 
by Cook and Richards.® 

Cook and Richards have proposed two 
expressions which are: 


ae : As 
log. t = log. log. ans +A RT [3] 
log. t = 1/2 log. log. : < ¥ 
+B+1/22% [4] 


Ins hy 


According to their analysis, Eq 3 more 
nearly describes the case where the process 
of recrystallization is essentially one of 
growth from nuclei which are already 
present, while the second expression con- 
templates a two-stage process. On trying 
both expressions with the data presented in 
this paper, it was found that more con- 
sistent agreement was obtained through 
the use of Eq 3 than through the use of 
Eq 4. Accordingly, the curves given later 
have been derived through the use of Eq 3. 

The following discussion of the various 
terms in Eq 3 will illustrate where simplifi- 
cation has been made. 


yi 
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In developing theories of recrystalliza- 
tion, the variable X is supposed to be the 
fraction recrystallized. This quantity is 
rarely measured, so X is defined as the 
fractional change in a given property and 
is given by the equation: 


Pt — Po 


ry tsy: STFcy 


[s] 


where Pi is the value of the property after 
exposure to temperature T°K for time ¢ 
(hr). Po is the value of the property in 
the fully annealed condition, and Pc is the 
value immediately after cold working. The 
property chosen for Eq 5 may be hardness, 
yield strength, tensile strength, ductility, 
electrical resistivity or any other property 
that changes during recrystallization. In 
any case, the change in property is a func- 
tion of the amount of recrystallization, but 
cannot be said to represent exactly a given 
amount of recrystallization. As will be 
shown later, the choice of different proper- 
ties leads to different estimates as to the 
extent of recrystallization. 

In Eq 3 ¢# is the time in hours for the 
fractional change X in a property to occur 
at temperatures T°K. 

Q has the dimensions of a heat of activa- 
tion in calories per mol; however it does 
not have a simple significance, since in 
Eq 3 and 4g heats of activation for both 
nucleation and growth have been lumped 
into a single term. In analyzing the data in 
the present paper and comparing results 
with other investigators, notably Krupkow- 
ski and Balicki,* Cook and. Richards,® and 
Pilling and Halliwell,’ it was found that 
values of Q computed for various kinds of 
copper after various degrees of cold work 
ranged from 26,000 cal per mol to 37,000 
cal per mol with most values being close 
to 30,000-cal per mol. 

In this paper, a value of 30,000 cal per 
mol has been used for all three types of 
copper and all degrees of cold work in 
computing curves and to predict the effect 


of time and temperature on the properties 
of copper. 

In Eq 3 R is the gas constant and T is 
the annealing temperature in degrees 
Kelvin. 

A in Eq 3 and B in Eq 4 are constants 
which depend on the type of copper and 
degree of cold work. As will be shown later, 
there appears to be a simple relation be- 
tween the constant A and the amount of 
cold work for a given type of copper. 


EXPERIMENTAL RESULTS ON ANNEALING 
OF COLD-DRAWN COPPER 


Constant Time Annealing Curves 


Two types of experiments were con- 
ducted. In the first type, samples of each 
kind of copper representing each of the 
commercial amounts of cold work were 
annealed for one hour at a given tempera- 
ture and mechanical tests were performed. 
This was repeated on other sets of samples 
at successively higher temperatures. 

Under the condition of annealing at the 
constant time of one hour, it will be noted 
that expression (3) becomes: 


I 
1—X 


erg 
log. log. +A+ RT oO [6] 

It will also be noted that curves in which 
X is plotted against T will allow computa- 
tions of both A and Q for the various types 
of copper and degrees of cold work. 

Fig 3 to 5 illustrate results of constant 
time annealing tests. In these figures, 
values for X were computed using three 
properties as a measure of X. These were, 
elongation in 1o in., yield’ strength at 
0.2 pet offset, and tensile strength. In each 
case, Eq 5 was used to compute the value of 
X at each temperature. The properties of 
“annealed” material used as a base in 


computing ‘‘X”’ were arbitrarily taken as — 


the properties of annealed material shown 
in Table 2. These values are plotted in the 
figures. It will be noted that in practically 


all cases, the tensile strength is affected first 
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by recrystallization, then yield strength, remainder of the curve was computed from 
and finally ductility as measured by elonga- Eq 6. As seen in Fig 3 to 5, the curves 
tion. After plotting the points as described which were computed from a single point 
above, the average temperature for 50 pct at X = 0.5 agree reasonably well with the 
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transformation for all three measures of remainder of the experimental points. 


~ recrystallization was estimated graphically. Values of A for the various types of copper 


The value so found was substituted in Eq and degrees of cold work are given in Table 
6 together with the value of Q = 30,000 3. In Fig 6 the effective extension by cold 
cal per mole and the equation solved for A. drawing (€) is plotted against A. While 
Using the value of A so determined, the there are not enough points to make any 
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SOLID LINES ARE COMPUTED CURVES USING VALUES IN TABLE 3 
AND EQUATION @ POINTS ARE EXPERIMENTAL 
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generalization very sure, it does appear that 
there is a linear relation between log € and 
—log A. 


TAaBLe 3—Values of “A” (See Eq 3) for 
Various Types of Copper and Degrees of 
Cold Work 


Amount of Cold 
Work Prior to 


Recrystallization 
mo Condition Reduc-| Effec- | “4 
, tion tive 
Pee Strain 
Cent | Loge 
Ao 
A 
C | Hard 0.081 in. round | 84.4 1.86 |—32.9 
wire 
C | 4g hard*o.081 in.} 37.1 0.48 |—29.4 
round wire 
€ ant aasetuars 20.5 0.25 .|—27.35 
TO 
C |3% hard o0.257 in. 8.5 0.095 |—23.55 
square rod 
D | Hard 0.081 in. round | 84.4 1.86 |—30.90 
wire 
D | hard o.081 in.| 37.1 0.48 |—26.905 
round wire 
D | Hard 0.257in.square| 20.5 0.25 |—25.00 
ro 
D | 3g hard o0.257 in. 8.5 0.095 |—21.05 
square rod 
F | Hard 0.081 in. round | 84.4 1.86 |—25.30 
wire : 
F |% hard o.081 in.| 37.1 0.48 |—23.85 
round wire 
F speedo Ap nee. sausare 20.5 0.25 |—23.20 
ro 
F |3¢ hard 0.257 in. 8.5 0.095 |—21.15 
square rod 
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Constant Temperature Annealing Curves 


The second type of annealing curves was 
at constant temperature for variable time.. 
Fig 7 to 9 show results of annealing at 
constant temperature for times up to 
2900 hr. In these tests, temperatures were 
held constant to +5°C. 

In Fig 7 to 9, the solid curves were 
plotted from the constants in Table 3 
through the use of Eq 3. The points are 
experimentally determined. It will be noted 
that in these tests the order in which the 
various quantities used to measure extent 
of recrystallization are affected by recrys- 
tallization, is the same as in the constant 
time annealing tests. Furthermore, the 
computed curves agree reasonably well with 
the experimental points. It is possible that 
closer temperature control would have 
produced even better agreement. 

The effect of type of copper on the rate of 
annealing is shown more strikingly in Fig 
to, in which the time, computed from Eq 3, 
to achieve 50 pct recrystallization is plotted 
against ‘temperature for the three types of 
copper used in the investigation. For exam- 
ple at 200°C (392°F), the tough pitch cop- 
per recrystallizes to this 50 pct value in 
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less than 20 min. while the silver-bearing 
OFHC copper requires over 400 hr. 


DiIscuUSSION OF RESULTS 


Results of cold drawing and annealing 
tests on three types of copper commercially 
made and processed indicate: 

1. Within the range of discrimination 
provided by the tensile test, the shape of 
the true stress-strain curves for the three 
types of copper is practically the same 
despite some differences in grain size. 


FULL-HARD 0.081" WIRE 
ANNEALED AT 180°C 


While there were differences in grain size, 
it should be pointed out that all materials 
contained a considerable number of fine 
grains—some had uniformly fine grain size, 
particularly Lot F, while others had mixed 
grain sizes. Probably if any of these coppers 
had been treated to produce a uniformly 
coarse grain the shape of the curve would 
have been altered. 

It should further be pointed out that the 
tensile test is not capable of making such 
fine distinction between types of copper as 
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is a bending test such as the one described 
by Barker and Bailey.® The similarities in 
behavior of the three types would probably 
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staff for his work in heat treating test 
materials and in making tests. 


They are grateful to Dr. M. Balicki for 
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the formula and constants which are of his 
derivation. 


not be so clear-cut when finer details are 


considered. 

2. By using a simplified expression to 
describe the process of recrystallization in 
cold-worked copper, it was shown that 
softening at relatively low temperatures for 
long times can be predicted reasonably 
well from short-time higher temperature 
tests. Computations for long-time tests 
made from short-time data not only rate 
the types of copper in the right order, but 
also are in fair quantitative agreement with 
experimentally determined results. 


ACKNOWLEDGMENTS 
The authors wish to express their ap- 
preciation to the American Metal Co. for 
initiating and supporting the experimental 
work leading to this paper, and particularly 
wish to thank Mr. D. L. Ogden, Mr. H. M. 
Burkey, and Mr. H. M. Schleicher of that 

company, for their cooperation. 
They also wish to express their appreci- 


ation to Mr. E. J. Ramaley of the Battelle — 


REFERENCES 


. L. R. Jackson: Work Hardening and Rup- 


ture in Metals. Trans. AIME (1947) 171. 
Metals Tech., October, 1946, TP 2072. 


. W. A. Johnson and R. F. Mehl: Reaction 


Kinetics in Processes of Nucleation and 
Growth. Trans. AIME (1939) 135, 416- 


455- 
. J. K. Stanley and R. F. Mehl: Recrystalli- 


zation of Silicon Ferrite in Terms of 
Rate of Nucleation and Rate of Growth. 
Trans. AIME (1942) 150, 260. 


. M. Avrami: Kinetics of Phase Change. Jul. 


Chem. Phys. (1939) 7, 1103 (1940) 8, 212 
and (1941) 9, 177- 


._ M. Cook and T. L. Richards: Observations 


on the Rate and Mechanism of Re- 
crystallization in Copper, Jnl. Inst. 
Metals, (1946) 73, Paper No. 1034. 


_ A, Krupkowski and M. Balicki: The Course 


of -Recrystallization in Cold-Worked 
Metals. Rev. de. Met. (1939) 36, 21-29. 
Balicki: A Study of Work Hardening 
and Reannealing of Iron, Jnl. Iron 
and Steel Inst. (1945) 151%, 181-221. 


_N. B. Pilling and G. P. Halliwell: Softening 


of Hard Rolled Electrolytic Copper, 
ASTM (1925) 25, 97 


g. L. B. Barker and C. A. Bailey: The Effect on 


the Physical Properties of Bending, 
Copper Wire of Different Grain Sizes. 
Wire and Wire Prod. (1935) 10, 375-377- 


Flow, Fracture and Ductility of Metals 


By D. J: McApam Jr.,* MEemBer AIME, G. W. Geit,{ AND FRANCES JANE CROMWELLT 
(New York Meeting, February, 1948) 


INTRODUCTION 


Ina series of papers, the authors and their 
associates have shown that the technical 
cohesion limit is affected by the same four 
factors that affect the flow stress, namely, 
the stress system, plastic deformation, 
temperature, and the strain rate.16—*8 
Moreover, each of these factors affects the 
technical cohesion limit in the same way 
that it affects the flow stress.{ The in- 
fluence of any one of these factors may be 
represented by a curve of cohesion limits, 
although only one point on the curve may 
represent actual fracture. As the term 
“fracture stress’? has come into use with 
the same significance as ‘‘technical cohe- 
sion limit,” the authors are here using the 
shorter term with the understanding that it 
does not always refer to actual fracture. 

This paper presents the results of an 
investigation of the flow of notched and 
unnotched specimens between yield and 
fracture. A study has thus been made of 
the flow and fracture of metals as affected 
by the stress system, and of the ductility 
of metals as affected by the stress system 
throughout plastic deformation. Since two 
of the principal stresses were equal (S_ = 
S33), the stress systems can be represented 
in terms of the radial stress ratio, the ratio 
of the transverse radial stress S3 to the 

Manuscript received at the office of the 
Institute August 8, 1947. Issued as TP 2296 in 
METALS TECHNOLOGY, January, 1948. 


*Chief, Section on Thermal Metallurgy, 
RB eteast Bureau of Standards, Washington, 


t+ Metallurgist, National Bureau of Stand- 
ards, Washington, D. C 

t ‘‘Flow stress’? means the greatest prin- 
cipal stress during flow. 

16 References are at the end of the paper. 


longitudinal stress S,.* The results of the 
experiments are represented by a series of 
complete flow-stress curves for each of the 
metals investigated, and these diagrams 
have been used for the development of 
other diagrams of various types. 

Ludwik was the first to suggest that 
fracture occurs when the flow stress be- 
comes equal to a technical cohesion limit. 
Although Ludwik was incorrect in his view 
that the technical cohesion limit depends 
only on the amount of plastic deformation 
and not on the stress system, he was cor- 
rect in his view that the flow-stress curve 
for any stress system terminates at a point 
representing a technical cohesion limit. 
The authors have seen some recent refer- 
ences to assertions by other investigators 
that a point representing the fracture 
stress need not be on the flow-stress curve. 
The Ludwik principle, however, would 
seem to be axiomatic, provided that the 
flow stress and fracture stress are properly 
defined and that the fracture stress is 
properly determined. Disregard of this 
principle has led to some untenable theories 
of criteria for fracture. 

When a metal is very ductile, the con- 
ventional method of determining the 
ductility and fracture stress by dividing the 
breaking load by the sectional area after 
fracture, generally gives values that are 
much too high. With some metals and in 
some conditions, the fracture stress thus 
determined may be two or more times the 

*In this paper as in the previous papers, 
the algebraically greatest principal stress is 
designated Si, the least principal stress is 


designated S3, and the intermediate principal 
stress is designated So. 
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_ true value. To determine the flow-stress 
curves and the true fracture-stresses for 
such metals, it is necessary to make fre- 
quent measurements of the specimen 
diameter during flow, and to continue these 
measurements practically to the beginning 
of fracture.2728 In the investigation de- 
scribed in this paper, complete flow-stress 
curves and true fracture stresses have been 
obtained with copper, monel, and ingot 
iron specimens that had been machined 
after various amounts of prior plastic 
deformation. From the diagrams thus 


obtained, assembled diagrams have been - 


derived to show the effect of total plastic 
deformation and of the stress system on the 
flow stress and fracture stress of each metal 
investigated. In the assembled diagrams, 
curves have been developed to represent 
flow with the various radial stress ratios 
held constant. By comparison with these, 
a study has been made of the variations of 
the radial stress ratio during the flow of 
notched and unnotched specimens. 

It has long been known that cold-rolling 
or cold-drawing increases the total ductility 
(prior plastic deformation plus residual 
ductility) obtainable with high radial 
- stress ratios, such as those induced by 
notches. This effect of prior plastic defor- 
mation has been shown in numerous 
diagrams of previous papers.7~*1°7 No 
systematic study, however, has been made 
of the effect of changes in the stress system 
on total ductility. In this paper, by the use 
of the assembled diagrams, a systematic 
study has been made of the ductility of 
metals as affected by the stress system 
- throughout plastic deformation. 


MATERIALS, SPECIMENS, AND METHODS 
oF TESTING 


The metals used in the experiments to 
be described were oxygen-free copper, 
monel, and ingot iron. In the preparation of 
assembled diagrams to show the influence 
of total plastic deformation on the flow- 
stress and fracture stress, however, use has 
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been made of data previously obtained 
with a 0.12 pct carbon steel,?”? a magnesium 
alloy, and duralumin.?° 

The oxygen-free copper was supplied by 
the Scomet Engineering Co. through the 
cooperation of Mr. Sidney Rolle. The 
monel was supplied by the International 
Nickel Co. through the cooperation of 
Dr. W. A. Mudge. The ingot iron was taken 
from bars in stock. The duralumin, as re- 
ported in a previous paper,?° was supplied 
by the Aluminum Co. of America through 
the cooperation of Mr. R. G. Templin. 
The magnesium alloy was supplied by the 
Dow Chemical Co.”° 

One sample of the copper had been cold- 
rolled to 75 pct reduction, and two samples 
had been cold-drawn to 36 and 54 pct 
reduction. In addition, samples were 
annealed in the laboratory and extended to 
9.8 and 24 pct reduction by tension; 
another sample was tested in the annealed 
condition. The monel had been cold-drawn 
to 40 pct reduction. Part of this was tested 
as received, another part was annealed and 
extended to 13 pct reduction, and another 
part was tested in the annealed condition. 
Part of the magnesium alloy and of the 
duralumin was tested as received, that is, 
in the heat-treated condition; another part 
was cold-drawn to 13 pct reduction. Part 
of the ingot iron was tested as received in 
the cold-drawn condition; another part was 
annealed before testing. Part of the 0.12 
pet carbon steel was annealed and used in 
that condition. Another part was annealed, 
then extended by tension until the rods 
began to contract locally; they were then 
cold-drawn to about 6 pct additional re- 
duction; the total reduction was about 26 
pet. The chemical composition of each of 
these metals is given in Table 1, and details 
of the heat-treatment are given in Table 2. 

In this investigation, notched and un- 
notched specimens were used in tension 
tests. The unnotched specimens were of the 
standard cylindrical type, namely 0.505 in. 
diam and 2 in. ga. length. Most of the 
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notched specimens were 6 in. long: There 
was generally a 34-in. diam at the threads. 
Between the threaded ends, each specimen 
was machined to a selected uniform diam- 
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by means of a graduated set of wires differ- 
ing slightly in diameter, and the notch 
angle was measured on a contour measur- 
ing projector. For a description of the 


TABLE 1—Description of Metals 


Per 
Afets Desig- | Mechanical Cent 
nation | Treatment 4 
uc- 
tion 
Oxygen-free copper..... N Cold-rolled 75 
Oxygen-free copper..... NC Cold-drawn 36 
Oxygen-free copper..... ND | Cold-drawn 54 
Moneliajsaccterttte. caters ses GB Cold-drawn 40 
|Dhbeg:) ebeortksWgny 6 Sie eae DA | Heat treated 
Magnesium alloy....... MJ Extruded 
LagOEMron.. cotta tetat DF Cold-drawn 
Ingotiron 2.0. fh deies ce DG | Cold-drawn 
Low carbon steel....... AG Hot-rolled 


eter, generally 34 in., and a circumferential 
V notch was machined at the mid-section. 
The notch was carefully machined so that 
the conical sides were tangent to the arc 
at the root; care also was taken to avoid 
heating, bending, or appreciable cold- 


working during machining. The notch 


angles ranged from 165 to 50°. 


TABLE 2—Heat Treatment of Metals in 


Laboratory 
Tem- es 
. pera- ime 
Metal Design 4 | ‘ture | Held, Cooled 
Deg. | Hrs. 
F 
Oxygen-free cop- 
GY ee eel ipeert ys - 800 2 | Air 
Oxygen-free cop- 
DOL fiaG oc ator ND-8 800 2 | Air 
MAG HelC atria trate) GB-14 1400 t | Air 
TMSOt ATOM. 2... DF-17.5 | 1750 I Furnace 
Low carbon steel.}| AG-17 1700 rt | Furnace 


Before testing, each notched specimen 
was carefully measured as follows: The 
maximum uniform diameter was measured 
with micrometer calipers; the diameter of 
the minimum section, at five or more posi- 
tions uniformly spaced circumferentially, 
was determined by means of a measuring 
microscope. The root radius was measured 


Chemical Composition, Per Cent 


© | 
g ats 
& we r=] wn 
a oO = Ae o 
al Spy Be Be Be 
4°) of 38-4) 3°) ae eee 
ano Z < ah amen ed a 
99.97 
99.97 
99.9 
0.17|1.28|30.70|66.04 1.61 
6:6,13.475 Diff | 1.5 
0.2 | 0.05] 0.005] 6.5 | Diff |o.005|/1.0 
0.02/0.04 Diff 
0.02/0.03 Diff 
0.12/0.44 Diff 


apparatus and method used in the tension 
tests, reference may be made to a previous 
paper.!8 The tensile load was increased or 
decreased much more slowly than is usual 
in a tension test. In the approach to frac- 
ture, the stress generally did not change 
more than 1000 psi in 30 to 60 sec. Deter- 
mination of the load at fracture was 
accurate. 

During the tension tests, the change in 
diameter of the unnotched specimens, and 
of the notched specimens with a notch 
angle of 90° or greater, was determined 
by means of a dial micrometer to an 
accuracy of about 0.0002 in. and the 
measurements were continued to the 
beginning of fracture. For specimens with 
a notch angle less than go°, the dial 
micrometer with wedge points could not 
be used; a sufficient number of calipers 
were set at predetermined distances corre- 
sponding to specific amounts of plastic 
deformation, and were used during the test. 


FLow AND FRACTURE OF NOTCHED AND 
UNNOTCHED SPECIMENS 


Fig 1 to 6 show 12 diagrams, each con- 
taining a set of curves representing the 
variation of the flow stress with plastic 
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deformation. The metals here represented initial and current areas of cross section. 
are ingot iron, oxygen-free copper and 
monel. The diagrams for each metal are 
arranged in the order of increasing prior logarithmic scale, abscissas represent true 


‘ Ao 
Since values of Fare represented on a 


Oe Re ee 


fae ‘INGOT IRON DG, COLD DRAWN 


 . ent 


e — fo ont i : LA = aia 130 
7 “ote « fe) | - aR 
7: Moy - YO 
4 120 |S aT ae Te As "1 120 
3 . Nf 0 ¥ 2 al +: 14 | & | = 
: 110 pe ae 10 
a M 2) - 
100 Sor ewe 100 
5. iE 
z 90 se 90 
> pk a : 
4 Q 80 80 
ie Zz | 
va <6 <M =| + | 
é 2 + 70 
‘ 2 70 | 
e S 
J Paso | 
£ 5 
zZ 
i 90 
: g 50, 
: o 
oe iva} 80 
4 oO 
: a 
: BeA7O 70 
{ B 
nn 
j 4 60 
. = 60 | | 
; . 
z 50 = O- - UNNOTCHED. 50 
e ul Pe D-- NOTCHED, f= 0.0! INCH. 
a | A--f =0.03 INCH. 
5 40 +t ; + V--f =0.08 INCH, 40 
X-- YIELD STRESS. 
. ; +— ee ; a +—] M== MAXIMUM LOAD. i 
F R—- BREAKING STRESS, UN- 
30 L “a CORRECTED. 30 
, | |_| |,-- TRUE LOCUS OF FRAC- 
c i oi ss 
; 20 NUMBERS INDICATE NOTCH 
iN xX be ANGLES. 
10 10 
0 


ONE 1.2 Ie) 2.0 2.2 oO) 


EFFECTIVE LENGTH RATIO, A,/A 
' Fic 1—F Low AND FRACTURE OF INGOT IRON. 


- plastic deformation. In each diagram, strains. Each flow-stress curve is based 
i” plastic deformation is expressed in terms 0n numerous measurements of the diam- 

4 regen 3 eter of the specimen during extension from 
_ of [xin whichA. and A represent the yield to fracture. With very ductile metals, 
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measurements could be continued beyond 
the beginning of fracture. Beyond this 
point the flow-stress curves descend, as 
illustrated by some curves in Fig 2 and 4. 
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values obtained by dividing the load at 
the beginning of fracture by the area 
measured after fracture (Fig 1, 2, and 4). 
The slope of each of these lines is such 
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Generally, however, the flow-stress curves 
have not been extended beyond the maxi- 
mum, which represents the beginning of 
fracture. 

Because plastic deformation of a ductile 
metal generally continues at the rim of 
the cross section while the fracture is 
spreading from the axis to the periphery, 
the area of cross section decreases during 
fracture. A breaking stress value obtained 
by dividing the load at the beginning of 
fracture by the area after fracture, there- 
fore, is too high. Since the error in the 
breaking stress thus determined is equal 
to the percent decrease in the area of 
cross section during fracture, the relation 
between the uncorrected and the true 
values of the breaking stress may be deter- 
mined approximately by constructing a 
nearly straight sloping line* such as those 
descending from points R, which represent 


*It is not quite straight because the scale 
is semi-logarithmic, 


that the percent increases in stress are 


A: The 


intersection of the line with the flow-stress 
curve is approximately at the maximum 
of the curve, and thus represents the true 


equal to percent increases in 


value of the fracture stress. As illustrated _ 


in the figures, therefore, the fracture stress 
is a definitely determinable value, even 


. for a very ductile metal. 


The difference between the uncorrected 
and the true values of the fracture stress 
varies greatly with the ductility. For many 
metals the difference is not great, and an 
approximate value of the breaking-stress 
may be determined by dividing the “‘ break- 
ing load” by the area of cross section 
determined after fracture. When a metal 
is very ductile, however, the “rim effect” 
is so great that the breaking-stress value 
obtained in the usual way may be nearly 
twice the correct value. With oxygen-free 


copper'§ and with aluminum? a special 


- 
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procedure is necessary for obtaining even 
approximate values of the breaking stress. 

Through the points representing true 
fracture stresses in each diagram of Fig 


gil 


the notch angle. Comparison of the differ- 
ent diagrams for the same metal reveals 
the variation of the rim effect with prior 
plastic deformation. To facilitate the study 
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1 to 6 a “true locus of fractures” has been 
drawn to represent the variation of the 
fracture stress with the notch angle. In 
most of the diagrams, another curve has 
been drawn to represent the influence of 


the notch angle on the uncorrected fracture 


stress. Comparison of the two curves 


reveals the variation of the rim effect with 


of the influence of the notch angle on the 
fracture stress and on other mechanical 
properties, comparison may be made 
between diagrams of the type shown in 
Fig 1 to 6 and diagrams of a different type, 
shown in Fig 7 and 8. . 

As shown in Fig 7 and 8, the rim effect 
obtained with an unnotched specimen 
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evidently is much greater for oxygen-free 
copper than for monel. This difference 
may be attributed to the difference in the 
true ductility, the amount of plastic de- 
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54% REDUCTION, 


140 
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and the resultant increase in ductility 
during fracture. The evidence in Fig 1 to 
8 suggests that the increase in ductility 
during fracture sometimes becomes greater 
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formation before fracture. Since the true 
ductility decreases with decrease in the 
notch angle and with increase in the prior 
plastic deformation, it might be expected 
that the rim effect would decrease also. 
However, the rim effect depends chiefly 
on the decrease in the radial stress ratio 


with decrease in the notch angle or with in- 
crease in the prior plastic deformation. The 
steep initial descent of the uncorrected 
locus of fractures, R, for annealed copper, 
Fig 7, may be attributed to the dominant 
influence of the decrease in true ductility. 
The rise of the corresponding curve for 


tae 
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annealed Monel, Fig 8, may be attributed 
to the dominant influence of the decrease 
in the radial stress ratio during fracture; 
in the descent of the same curve, the domi- 


240 


the decrease of the radial stress ratio during 
fracture. 

Consideration will now be given to the 
form and significance of the flow-stress 
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nant influence is the decrease in the true 
ductility. With prior plastic deformation, 


_ the rim effect first increases then decreases, 
Fig 2, 3, and 4. These variations probably 


are caused by corresponding variations in 


curves. Attention will be given first to the 
curves obtained with unnotched specimens. 
Continuously curved lines were obtained 
with all the metals except the severely 
cold-worked Monel (Fig 6). The curvature 
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is greatest for the annealed metals, and 
decreases with increase in the prior plastic 
deformation. With sufficient prior plastic 
deformation, the flow-stress line for Monel 
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during local contraction. If the stress could 
be kept unidirectional, the flow-stress line 
would take a lower course, and would 
curve continuously as illustrated by curves 
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becomes straight. Even after severe plastic 
deformation, however, the line for copper 
is slightly curved (Fig 4). The course of the 
curve for an unnotched specimen depends 
on the increase in the radial stress ratio 


Fo in Fig 2 and 5. The derivation of these 
curves will be discussed later in connection 
with Fig 9, 10, and 12. For relatively soft 
metals such as aluminum,”* ingot iron 
(Fig 1), oxygen-free copper (Fig 2, 3 and 4) 


‘ 
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and annealed Monel (Fig 5), the increase and relatively hard nonferrous metals 
in the radial stress ratio during local con- (Fig 6), the flow-stress line is practically 
traction is not rapid enough to straighten straight. A few of the lines shown in the 
the flow-stress line. For many steels!%?%30 literature even turn upward between the 
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points representing maximum load and 
fracture. | 

The linear variation of the flow stress 
for many steels sometimes has been incor- 
rectly interpreted to mean a constant rate 
of work hardening.!*%* In such interpre- 
tation, however, the influence of the vary- 
ing radial stress ratio has been ignored. 
Variation of the stress system probably 
accounts also for the nearly linear vari- 
ation of the flow stress reported by Bridg- 
man*4 as a result of experiments with 
metals under high hydrostatic pressure. 
Evidence to be discussed in connection 
with Fig 9, 10,-12, and 13 indicates that a 
continuously curved flow-stress line is 
always obtained when the stress system 
is held constant during plastic deformation. 

Notched specimens generally give con- 
tinuously curved flow-stress lines.27 The 
curvature is slight when the notch angle 
is large, but increases with decrease in the 
notch angle (Fig 1 to 6). In each diagram, 
therefore, the curves converge after initial 
divergence. The initial divergence is the 
result of differences in the radial stress 
ratio because of differences in the notch 
characteristics. The most important notch 
characteristics are the notch depth, the 
notch angle, and the radius at the root 
of the notch. The radial stress ratio in- 
creases with increase in the notch depth, 
and with decrease in the notch angle and 
root radius. An illustration of the influence 
of the notch depth is given in Fig 6. The 
diagram at the right of this figure was 
obtained with shallow notches; the diagram 
at the left and all the other diagrams of 
Fig 1 to 6 were obtained with deep notches. 
' Because of the greater radial stress ratio 
induced by the deeper notches, the vertical 
range of the diagram at the left of Fig 6 
is much greater than that of the diagram 


at the right. An illustration of the influence 


of the notch radius on the radial stress 
ratio is given in Fig 1. The curves obtained 
with o.or in. radius rise above the corre- 
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sponding curves obtained with 0.03 in. 
radius; the effect of the difference in radius 
increases with decrease in the notch angle. 
The influence of the notch angle on the 
radial stress ratio manifests itself in each 
diagram of Fig 1 to 8. > 

The convergence of the curves after 
the initial divergence is greatest for an- 
nealed metals and decreases with increase 
in the prior plastic deformation. If the 
radial stress ratio could be kept constant 
during plastic deformation of a notched 
specimen, the curves would be similar in 
form to the curve for unidirectional tensile 
stress (curves Fp in Fig 2 and 5), and the 
curves in each diagram would diverge 
continuously. The convergences of the 
curves in each diagram of Fig 1 to 6, 
therefore, indicate that the radial stress 
ratios varied during plastic deformation. 

The variations in the radial stress ratio 
during plastic deformation are caused by _ 
variations in the notch characteristics. 
During the local contraction of an un- 
notched specimen, the notch thus formed 
becomes deeper and the effective notch 
angle and root radius decrease. Each of 
these changes tends to increase the radial 
stress ratio. During the extension of a 
notched specimen, the notch deepens and 
the notch angle decreases, but the root 
radius increases. The increase in the root 
radius tends to decrease the radial stress 
ratio, and thus opposes the effect of the 
other two changes. The increase in the 
notch radius is greater for annealed metals 
than for cold-worked metals, and is most 
rapid during the extension between yield 
and maximum load. During the plastic 
deformation of an annealed metal the 
effect of the increasing notch radius is 
dominant when the notch angle is less 
than about 120°, and the radial stress ratio 
decreases rapidly. For this reason the con- 
vergence of the curves of a diagram is 
greater for annealed metals than for cold- 
worked metals. 
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The decrease in the notch angle during 


the plastic deformation of a deeply notched 
specimen is slight when the angle is less 
than 120°, but is prominent near the root 
of the notch when the angle is 150° or 
more. When the initial notch angle is 
large, the decrease in the angle and the 
increase in the notch depth have pre- 
dominant effect and the radial stress ratio 
increases. The effects of the variations in 
the notch characteristics on the flow stress 
and fracture stress are clearly revealed in 
Fig 9, 10, 12, and 13, which will be dis- 
cussed later. 

The true locus of fractures (Zr in Fig 1 
to 6) is affected by the changes in the 
notch characteristics during plastic de- 
formation. Because of the increase in the 
notch radius during plastic deformation, 
the locus of fractures for annealed metal 
rises very little with decrease in the notch 
angle (Fig 1 and 2), and may even descend 
because of a dominant influence of the 
decrease in ductility (Fig 5). 

The characteristic form of the true locus 
of fractures is shown in the diagram at the 
right of Fig 5 and 6. The characteristic 
curve has two reversals. In each of the 
other diagrams of Fig 2 to 6, the true locus 
of fractures shows only one reversal.* If 
these curves (Zr) were extended higher, 
however, each curve would have a second 
reversal, and would approach the axis of 
ordinates at a point representing the 
disruptive stress (S; = S2 = S3). Similar 
curves for the locus of fractures have been 
obtained with aluminum,” 0.12 pct carbon 
steel and 0.46 pct carbon steel.?”? The un- 
corrected locus of fractures generally has 
the same form as the true locus of frac- 
tures. Curves of this characteristic form 
have been obtained with many steels,'8-*? 
with duralumin and magnesium,” and with 
nickel, K-monel, and phosphor bronze.” 
Earlier experiments with copper and 

* The curve obtained with cold-drawn ingot 


iron (Fig 1) is not believed to be typical for 
that metal.27 : 
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~Monel!819 led to the construction of unre- 


versed curves for the uncorrected locus of 
fractures. The incorrect form thus obtained 
with these two metals probably resulted 
from a too rapid decrease of the tensile 
load between the maximum load and frac- 
ture. When the metal is not too ductile, 
and the tension tests are not conducted too 
rapidly, the uncorrected locus of fractures 
has the correct form, and gives quali- 
tatively correct information in an investi- 
gation of the influence of the stress system, 
temperature, and plastic deformation on 
the fracture stress.}9~*? 


INFLUENCE OF PRIOR PLASTIC 
DEFORMATION AND TOTAL PLastTIc 
DEFORMATION ON THE FLow | 

STRESS AND FRACTURE STRESS 


Comparison of the diagrams in Fig 1 to 6 
reveals qualitatively the influence of prior 
plastic deformation on the flow stress and 
fracture stress. For a quantitative study 
of the influence of both prior plastic de- 
formation and total plastic deformation 
it is necessary to assemble in a single 
diagram results ‘obtained with the same 
metal after various amounts of prior 
plastic deformation; in the assembled 
diagram abscissas represent values of the 
total plastic deformation. Diagrams of this 
type are shown in Fig 9, 10, 12, and 13. 
Fig 9, derived from Fig 2, 3, and 4, shows 
the results obtained with oxygen-free cop- 
per. Since the true strains represented by 
the prior plastic deformation and the sub- 
sequent deformation during a tension test 
are directly additive, and since the abscissa 
scale in Fig 9 is the same as in Fig 2, 3, 
and 4, the flow-stress curves from each of 
the basic diagrams have been transferred 
directly to Fig 9 by placing the origin of 
each flow-stress curve at an abscissa repre- 
senting the corresponding amount of prior 
plastic deformation. The five vertical dot- 
and-dash lines in Fig 9 thus represent by 
their abscissas the amounts of prior plastic 
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deformation indicated in Fig 2, 3, and 4. 
To make it easier to distinguish the various 
groups of flow-stress curves in Fig 9, some 
curves consist of continuous lines, others 
of broken lines. For the same reason, some 
of the curves for the annealed metal have 
not been reproduced in Fig 9. 

Fig 10 has been derived in the same way 
from Fig 5 and 6; only the results obtained 


with deeply notched specimens have been 
included. Fig 12 and 13 have been derived 
in the same way from diagrams previously 
obtained with 0.12 pct carbon steel2? and 
with magnesium and duralumin.2° The 
curves representing the ideal locus of 
fractures in Fig ro and 13 will be discussed 
under the next heading. it 

In Fig 9 the only flow-stress curves 
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shown for the annealed metal are the 
curves obtained with an unnotched speci- 
men and the curve obtained with a 50° 
notch. Moreover, the locus of fractures 
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Fic 11— INFLUENCE OF INITIAL NOTCH ANGLE 
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MONEL. 


for the annealed metal is not shown. This: 


curve, however, would almost coincide 
with the longer curve obtained with copper 
that had been extended x1 pct_prior to 


rat) 


Increase in the prior plastic deformation 
increases the vertical range of the locus of 
fractures and moves it to the right (Fig 9 
and to). As illustrated in diagrams of a 
different type (Fig 11), the upward move- 
ment of the locus of fractures increases 
with decrease in the initial notch angle. 


A 
the machining of the notch (ZF = 


. 
> 


FLOW, FRACTURE AND DUCTILITY OF METALS 


As previously shown, the flow-stress 
curves obtained directly from the results 
of the tension tests are affected by changes 
in the notch characteristics during the 
plastic deformation. When the results are 
assembled in diagrams of the type shown 
in Fig 9, 10, 12, and 13, however, it is 
possible to develop in each diagram a series 
of curves, each representing flow with a 
constant radial stress ratio. Curves Fr 
and Fp are of this type. Such curves may 
be used as a basis for comparison in a study 
of the variations of the radial stress ratio 
during tension tests of notched and un- 
notched specimens. 

Curves Fo in Fig 9, 10, and 12 have been 
derived from reported results of tension 
tests of cold-drawn wire and cold-rolled 
strip.1:532, The curves are based on the 
plotted values of the ultimate stress. Since 
ultimate stress values are the stresses at 
the beginning of local contraction, and 
since there is little deformation between 
yield and maximum load in such severely 
cold-worked metals, the values for ultimate 
stress plotted in Fig 9, 10, and 12 represent 
flow under unidirectional tensile stress. 
Curve F in each of these figures, there- 
fore, is identical with the curve that would 
be obtained if the extension of an un- 
notched specimen could be continued with- 
out the notch effect of local contraction. 
Although the notch effect cannot be 
avoided in a tension test, it can be lessened 
by interrupting a tension test during local 
contraction, and machining to diminish 
the sharpness of the notch.!* Fig 9 shows 
the result of such an experiment with the 
copper, NV, that had received the greatest 
amount of prior plastic deformation 


Ao A : 
or = 4.0): A tension test was interrupted 
when the total plastic deformation corre- 

A 
sponded to a value of 8 for ve and the 


sharpness of the notch was diminished by 
machining. When the tension test was 
resumed, flow began at a lower stress, and 


ee 
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: ., Ao 
continued until qZ was nearly to. Because 


of the decrease in the radial stress ratio 
resulting from the decrease in the sharpness 


321 


lines. With a suitable index of yield, the 
radial stress ratio at yield should be nearly 
independent of the prior plastic deforma- 
tion. A curve based on the yield stresses 


LOW-CARBON STEEL 


AG-17--0,12% C STEEL, ANNEALED 
AG--0.12% C STEEL. Ao/A=1.35 


F, —-— 0.08% C STEEL, EFFECT OF COLD DRAW — 
4NG ON ULTIMATE STRESS, BRONIEWSK! 


AND ROBOWSK!, ANN. ACAD. SCI. TECH. 
VARSOVIE, VOL 4, 1937, P, 255. 
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Fic 12—INFLUENCE OF PRIOR AND TOTAL PLASTIC DEFORMATION ON FLOW-STRESS AND FRACTURE- 
STRESS OF 0.12 PER CENT CARBON STEEL. 


of the notch by machining, the total duc- 
tility was increased, yet the point repre- 
senting fracture was lowered and brought 
much nearer to curve Fo. As illustrated 
by curves Fo in Fig 9, 10, and 12, flow under 
unidirectional tensile stress is represented 
by a curve with continuously decreasing 
slope. For approximate representation, 
curves of this type have been included in 
previous papers!®—*4 and in Fig 13. 

Each Fz curve in Fig 9, 10, 12, and 13 
is an approximate representation of flow 
with a constant radial stress ratio. It is 
based on the yield stresses of specimens 
with the same notch angle, but with 
various amounts of prior plastic deforma- 
tion. In Fig 9, for example, curve Fr for 
a 50° angle is based on the yield stress 
values obtained with six 50° specimens, 
namely, a specimen of annealed metal and 
five specimens that had been subjected 
to the prior plastic deformation repre- 
sented by the five vertical dot-and-dash 


corresponding to various amounts of prior 
plastic deformation, therefore, represents 
flow with approximately constant radial 
stress ratio. A suitable yield stress for this 
purpose, however, is not the stress at the 
beginning of plastic deformation, but is 
the stress after enough plastic deformation 
to relieve the stress concentration at the 
root of the notch. The stresses at about 
2 pet plastic deformation have been used 
in establishing curves Fr.* In each diagram 
a series of curves so constructed is properly 
correlated with curve Fo. 

By the use of curves Fg and Fo as a 
basis for comparison, a study may be 
made of the variations of the radial stress 
ratio during the plastic deformation of 
notched and unnotched specimens. Atten- 
tion will be given first to the flow-stress 


* As shown in Fig 1 to 6 and in Fig 9, 10, 
12, and 13, when the notch angle is small, 
plastic deformation begins at a relatively low 
mean stress and rises rapidly during the relief 
of the initially high stress concentration 
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curves obtained with the annealed metals.* 
In Fig 12 the 50, 90 and 120° curves ob- 
tained with the annealed 0.12 pct carbon 
steel diverge from the corresponding Fr 
curves in such a way as to indicate a de- 
crease in the radial stress ratio during 


* The distinction here being made is between 
metals that are in cold-worked condition and 
those that are not. The term ‘‘annealed metal” 
will be applied to any metal that is not in cold- 
worked condition, 
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NESIUM AND DURALUMIN 


plastic deformation. The decrease was 
rapid with the 50° specimen, was less 
rapid with the 90° specimen, and was 
slow with the 120° specimen. The curves 
obtained with the 150 and 165° specimens, 
however, rise above the corresponding Fr 
curves, thus indicating an increase in the 
radial stress ratio during plastic deforma- 
tion. Similar variations of the radial stress 


ratio are revealed in Fig 9 and ro. In each 
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of these figures, the curve for the 50° 
specimen of annealed metal indicates a 
rapid decrease in the radial stress ratio, 
whereas the curve obtained with a 165° 
specimen (Fig 10) indicates an increase 
in the ratio. Fig 13 shows similar evidence 
obtained with heat-treated magnesium and 
duralumin. During plastic deformation, 
the radial stress ratio evidently decreased 
when the notch angle was small, but in- 
creased when the initial angle was large. 
The decrease when the angle is small, is 
because of a dominant influence of the 
increasing notch radius; the increase when 
the notch angle is large is because of a 
dominant influence of the decreasing 
notch angle and increasing notch depth. 
When a metal has been plastically de- 
formed before the machining of the notch, 
the increase in the notch radius during a 
tension test is less than it is for the annealed 
metal. Slight prior plastic deformation 
merely decreases the downward divergence 
of the flow-stress curves obtained with a 
small notch angle from the corresponding 
Fr curve (Fig 9 and 10). However, when 
the prior plastic deformation exceeds a 
certain amount, which varies with the 
metal, the flow-stress curves obtained with 
both small and large notch angles rise 
above the corresponding Fz curves (Fig 9, 
10, 12, and 13); the upward divergence is 
greatest when the notch angle is large. 
The fracture stress depends on the 
radial stress ratio and total plastic deforma- 
tion at fracture, but is practically un- 
affected by changes in the radial stress 
ratio during plastic deformation. This con- 
clusion is based on the fact that the flow 
stress and fracture stress coincide at frac- 
ture, and on the fact (established by ample 
evidence in the literature) that the flow 
stress at any instant depends on the corre- 
sponding radial stress ratio and total plastic 
deformation, but is practically unaffected 
by prior changes in the radial stress ratio. 
For example, curve Fo in Fig 9 can be 
used to represent continuous flow under 


unidirectional tensile stress, although it is 
derived from the ultimate stresses of cold- 
drawn wire and cold-rolled strip 

When the notch angle is no greater than 
120°, the fracture stresses are in close 
relation with the corresponding Fr curves 
(Fig 9), excepting fracture stresses ob- 
tained with annealed metal and with 
slightly cold-worked metal. When the 
initial notch angle is large, however, the 
radial stress ratio at fracture evidently 
may be as high as it is at the yield of a 
specimen with a much smaller notchangle. 
At the fracture of an annealed specimen 
with a small notch angle, the radial stress 
ratio may be as low as it is at the yield of 
a specimen with a much Jarger notch 
angle. At the fracture of an unnotched 
specimen, the radial stress ratio depends 
on the amount of the local contraction. 
When the contraction is large, as it is for 
annealed copper, the radial stress ratio 
may be higher than that induced by a 150° 
notch angle at yield. The fracture stresses 
of all such specimens correspond to the 
radial stress ratios at fracture. 

The influence of plastic deformation on 
the fracture stress is revealed by much evi- 
dence in Fig 9, 10, 12, and 13. It is most 
clearly revealed, however, by the results 
obtained with notches that induce a high 
radial stress ratio, and thus cause the 
specimens to fracture with little residual 
ductility (total plastic deformation minus 
prior plastic deformation). Such results 
have been obtained with small notch 
angles and with o.or in. notch radius 
(Fig 9 and 10). The results obtained with 
a so° angle (Fig 9) show that the fracture 
stress increases continuously with | the 
total plastic deformation. This evidence 
may be pictured as the result of two-stage 
tests. In the first stage, the metal was 
plastically deformed, either by tension 


‘without local contraction, or by cold draw- 


ing, or by cold rolling. In this stage, because 
the radial stress ratio was relatively small, 
the ductility was high. In the second 
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stage, the radial stress ratio was high and 
the ductility was slight. These two-stage 
tests, therefore, are analogous to the two- 
stage tests that have been used in investiga- 
tions of the influence of plastic deformation 
at room temperature on the fracture stress 
of pearlitic steels in liquid air, 11-19.22,27.28 
The evidence thus obtained with these 
nonferrous metals is no less conclusive 
than the evidence obtained with pearlitic 
steels. 

The relation between the points repre- 
senting fracture and the corresponding Fr 
curves in Fig 9 indicates that the increase 
in the fracture stress with total plastic 
deformation is nearly as rapid as the 
increase in the flow stress. 


DuctTitiry AS AFFECTED BY THE STRESS 
SYSTEM THROUGHOUT PLASTIC 
DEFORMATION 


Although the fracture stress depends 
only on the stress system and total plastic 
deformation at fracture, the ductility de- 
pends also on changes in the stress system 
during plastic deformation. The results 
obtained with small notch angles (Fig 9) 
show that prior plastic deformation with a 
low radial stress ratio increases the total 
ductility obtainable at fracture with a 
high radial stress ratio, but decreases the 
residual ductility.* Moreover, Fig 9 con- 
tains some evidence that prior plastic de- 
formation causes more decrease in residual 
ductility when the deformation is by 
tension (zero value for the radial stress 
ratio), than when it is by cold drawing 
(negative radial stress ratio). The residual 
ductility of notched specimens of copper 
NB which had been extended 31 pct by 
tension, was less than the residual duc- 
tility of specimens of copper NC, which 
had been extended 56 pct by cold drawing. 

Fig 9, 10, 12 and 13 contain much evi- 

* By ‘total ductility'"’ is meant the prior 
plastic deformation plus the deformation 
during a tensile test. By ‘‘residual ductility” 


is meant the plastic deformation during a 
tension test. : 


FLOW, FRACTURE AND DUCTILITY OF METALS 


dence that the total ductility is affected 
by any change in the radial stress ratio 
during flow, whether the change is by 
stages or is continuous. The evidence shows 
that when the radial stress ratio increases 
during flow, the ductility will be greater 
than if the radial stress ratio had been 
constant at the final value. When the 
radial stress ratio decreases during flow, 
the ductility will be Jess than if the radial 
stress ratio had been constant at the final 
value. The most prominent evidence for 
these effects of variation of the radial 
stress ratio is revealed by the course of the 
locus of fractures (Zr) for annealed Monel 
(Fig 10. Compare with Fig 5). Throughout 
the wide range between the points repre- 
senting fracture of specimens with 165 
and go° notch angles, the locus of fractures 
is close to the Fz curve for 150° angle. The 
radial stress ratio at fracture of these 
specimens, therefore, varied little, although 
the ductility varied greatly. The variation 
in the ductility evidently was because of 
the differences in the variations of the 
radial stress ratio during flow. During the 
flow of this annealed metal, the radial 
stress ratio increased when the initial 
notch angle was large, but decreased when 
the angle was small. Similar evidence is 
revealed by the course of the locus of 
fractures for heat-treated duralumin (Fig 
13). Throughout a considerable range, 
this curve is nearly parallel to the Fr 
curves for 150 and 165° angles. Within 
this range, therefore, the ductility changed 
greatly for the reason previously given, 
although the radial stress ratio at fracture 
changed very little. Additional evidence 
of the same kind, though less prominent, 
is revealed by a study of the locus of frac- 
tures for copper NB, which had been sub- 
jected to 31 pct prior plastic extension. 
This curve is shown in Fig 9, but is more 
conspicuous in Fig 14. 

Variations in the radial stress ratio 
during flow are the cause of the upward 
bulge of the locus of fractures for severely 
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cold-worked metals (Fig 9, 10, and 13). 
When a metal has been severely cold- 
worked prior to the tension tests, the 
radial stress ratio increases during a test, 


FLOW, FRACTURE AND DUCTILITY OF METALS 


Although such tests are not possible with 
notched specimens, results of tests with 
notched specimens may be used in deriving 
a locus of the fractures theoretically obtain- 
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whether the notch angle is large or small. 
However, the increase in the radial stress 
ratio, and the resultant effect on the duc- 
tility, are much greater for large than for 
small notch angles. To this cause may be 
attributed the bulge in the curve in the 
region representing fractures of specimens 
with large initial angles. Confirmatory 
evidence for this conclusion is found in the 
rapidly increasing. steepness of the ap- 
proach of the locus of fractures to curve 
Fo in Fig 9 and ro. If this course were con- 
tinued to the intersection with curve Fo, 
the implied ductility would be much less 
than the probable ductility of copper or 
Monel under unidirectional tensile stress. 

Since the locus of fractures depends not 
only on the radial stress ratio at fracture, 
but also on the prior variations of the 
ratio, a unique locus of fractures cannot be 
obtained directly unless the various radial 
stress ratios are held constant during flow. 


able in tests with the various radial stress 
ratios held constant. Curves so derived are 
shown in Fig 10, 13, 14, and 15. A curve 
of this kind may be termed an ‘‘ideal locus 
of fracture” or an “ideal ductility curve.” 
For a metal that has not been subjected 
to prior plastic deformation, a unique locus 
of fractures is theoretically obtainable by 
means of single-stage tests with the various 
radial stress ratios held constant during 
flow. For a metal that has been subjected to 
a known amount of prior plastic deforma- 
tion, a unique locus of fractures may be 
derived on the assumption that the radial 
stress ratio was held at a known constant 
value during the prior plastic deformation, 
and that the subsequent tension tests were 
made with the various radial stress ratios 
held constant. The ideal ductility curve 
varies with the stress system applied in 
the prior plastic deformation, and with the 
amount of the deformation. Each curve of 
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this kind must be properly correlated with 
the locus of fractures for metal that has 
not been subjected to prior plastic deforma- 
tion. Before further discussion of the ideal 
ductility curves, however, brief consider- 
ation will be given to the physical basis 
for the influence of the stress system on 
ductility. 

In the published discussions of the 
mechanism of plastic deformation, either 
in technical papers or in books, little men- 
tion is made of the possibility that scattered 
cohesion bonds may be broken prior to 
the formation of one or more cracks at the 
beginning of fracture. One of the few 
exceptions is the Marburg Lecture by 
Gough.’ He suggests that, during the late 
stages of the crystal fragmentation, co- 
hesion bonds may be broken before fracture 
begins. Kuntze!® has presented the view 
that plastic deformation in any amount 
involves the loosening of some bonds of 
cohesion, but this process is opposed by a 
process of thermal healing. Hanson® has 
discussed the possibility that during the 
second stage of creep the long, continued 
application of stress loosens some cohesion 
bonds. A few papers that the authors have 
seen at various times make passing mention 
of the possibility that breaking of cohesion 
bonds during plastic deformation is affected 
by the stress system. However, the authors 
have not found in the literature a thorough 
discussion connecting the mechanism of 
plastic deformation with the influence of 
the stress system on ductility. 

The fact that ductility depends not 
only on the stress system at fracture, but 
also on even small variations in the stress 
system during flow, suggests that plastic 
deformation in any amount causes a scat- 
tered breaking of cohesion bonds. Damage 
to cohesion thus progresses continuously 
while the flow stress is increasing until 
fracture begins. The higher the radial stress 
ratio, the more rapid is the damage to 
cohesion and the less is the ductility. The 
rate of damage could also be correlated 


with the relation between the volume stress 
and the shearing stress.* The higher the 
ratio of the volume stress to the shearing 
stress, the more rapid is the damage. The 
radial stress ratio, however, is a more con- 
venient index of the stress system. When 
S. and S3 are unequal, the mean of the 
two stresses could be substituted for S3 


in 2 thus giving Sa Although 
plastic deformation probably causes a 
gradual breakage of cohesion bonds, the 
predominant work-hardening effect of the 
deformation improves the metal for many 
uses. The foregoing discussion does not 
diminish the importance of the “fracture 
stress”? as an index of strength of metals. 

Consideration will now be given to the 
derivation and significance of the ideal 
ductility curves (Fig 10, 13, 14, and 15). 
The approximate course of an ideal duc- 
tility curve with reference to the corre- 
sponding points representing fracture of 
notched and unnotched specimens can be 
established by the use of a previously stated 
principle, which is restated in condensed 
form as follows: When the radial stress 
ratio increases or decreases continuously 
during flow between yield and fracture, the 
ductility will be less than if the radial 
stress ratio had been constant at the lowest 
value, but will be greater than if the radial 
stress ratio had been constant at the high- 
est value. For example, curves La have 
been drawn to the left of the corresponding 
points representing fractures of unnotched 
specimens and specimens with large initial 
notch angles, because the radial stress 
ratio increased continuously during the 
plastic deformation of these specimens. 
In Fig 10, curve La for Monel Ga passes 
to the right of the points representing frac- 
ture of specimens with small notch angles, 
because the radial stress ratio evidently 
decreased continuously during flow. The 

* The volume stress, }4(Si + S2 + S3), is 
the stress causing increase of volume; it is 


the opposite of hydrostatic pressure. The 
maximum shearing stress is }4(S1 — Ss). 
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ideal ductility curves for the severely cold- 
worked metals, however, pass close to the 
corresponding points representing frac- 
tures of specimens with small notch angles. 
Since the corresponding flow-stress curves 
are short, and since the initial steep rise is 
due chiefly to relief of the initially high 
stress concentration, little error results 
from the assumption that the ductility 
of these specimens was nearly the same as 
if the radial stress ratio had been constant 
during flow. The Za curves for annealed 
Monel (Fig 10) and annealed copper 
(Fig 14) evidently could not be based 
entirely on the results of the experiments 
with these annealed metals. They have 
been constructed so as to be in approxi- 
mate correlation with the curves obtained 
with the cold-worked metals. 

The upper end of each ideal ductility 
curve is at a point on curve 7, which 
represents approximately the influence of 
total plastic extension on the disruptive 
stress (Sj = S, = 93). A curve represent- 
ing this relationship probably is nearly 
independent of the stress system applied 
in the plastic extension. Curve T; is con- 
structed on the assumption that the dis- 
ruptive stress is about twice the fracture 
stress for unidirectional tension (7). The 
relation between 7,, J) and Fy is shown 
in Fig 16, to be discussed later. At fracture 
under the disruptive stress, there is no 
residual ductility. 

In the descent of the ideal ductility 
curves below the corresponding points 
representing fractures of specimens with 
large initial notch angles and fractures of 
unnotched specimens, they should conform 
to the principle that the ductility would 
have been greater if the radial stress ratio 
had been held constant at the yield value 
than if it had been held constant at the 
fracture value. The courses of the La 
curves generally conform to this prin- 
ciple. However, before the curves could 
be extended downward, it was necessary 
to know whether or not the curvature 
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should reverse as the La curves approach 
the Fy curves. It was also necessary to 
determine the proper points of intersection 
of the ideal ductility curve for annealed 
metal with curve Fo. As will be shown, the 
ideal ductility curve for annealed metal 
must be established before the curves for 
previously cold-worked metal can _ be 
completed. 

As shown in diagrams B and C of Fig 13, 
the evidence indicates that the ideal duc- 
tility curves for duralumin reverse as they 
descend below the points representing 
fractures of unnotched specimens, and 
thus descend with increasing slope in the 
field below curve Fo. The ideal curves for 
duralumin, therefore, are similar in form 
to the characteristic locus of fractures 
(Lr) obtained by tension tests of each 
metal investigated (Fig 10, 12, 13, and 14). 
The reversal, however, is less abrupt and 
the point of reversal is lower, in the La 
curves than in the corresponding Lr 
curves. This evidence suggests that the 
ideal ductility curves for very ductile 
metals are similar in form to the curves for 
duralumin. 

This conclusion is supported by a study 
of papers by Bridgman** giving results 
of tests of metals to fracture under high 
lateral hydrostatic pressures (high negative 
values of S3). A curve representing flow 
under such a stress system would be in the 
field below curve Fo in a diagram of the 
type shown in Fig 10 and 14. The greater 
the lateral pressure, the lower must the 
curve be in order to satisfy the condition 
that the shearing stress, for the same 
amount of plastic deformation, must be 
nearly constant. When the lateral pressure 
is greater than a certain amount, the ordi 
nates of the flow-stress curve would be 
negative, and the curve would slope down- 
ward. The points: representing fracture 
must be on the corresponding flow-stress 
curves at abscissas representing true duc- 
tilities. To reach these points, the ideal 
ductility curve must descend with increas- 
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ing slope through the field representing 
negative values of S3. The curves for 
copper and Monel, therefore, have been 
so drawn in Fig ro and 14. 

A series of ideal ductility curves obtained 
with any one metal must be properly corre- 
lated with the curve for the annealed 
metal (Fig to, 13, and 14). In establishing 
the curve for annealed metal, it is necessary 
to decide on an approximate value for the 
ductility under unidirectional tensile stress, 
and thus to establish the intersection with 
curve F’9. When the local contraction during 
the test of an unnotched specimen is 
small, as it is for magnesium and duralumin 
(Fig 13), the position of the intersection 
can be determined with considerable 
accuracy. When the local contraction is 
large, as it is for copper and Monel (Fig 
ro and 14), only a rough estimate can be 
made of the probable ductility under uni- 
directional tensile stress. Under unidirec- 
tional tensile stress, the ductility would 
be greater than that obtained in a tension 
test of an unnotched specimen, but prob- 
ably would be much less than that obtain- 
able in the cold-drawing of wire or the 
cold-rolling of strip (Fig 9 and 10). The 
greater ductility obtainable in the cold- 
drawing or cold-rolling is due largely to 
the lower radial stress ratio, but may be 
due partly to a size effect. If unidirectional 
tensile stress could be applied to specimens 
of the size used in the tension tests of the 
unnotched specimens, the ductility values 
for annealed copper or annealed Monel 
probably would be no greater than is indi- 
cated by the intersections of these curves 
with curve Fy (Fig 10 and 14).* 

The criterion for fracture repeatedly 


* Evidence that oxygen-free copper at room 
temperature can be broken under unidirec- 
tional tensile stress has been given in a previous 
paper.25 The copper used was the severely 
cold-rolled copper N (Fig 14). In a slow creep 
test the extension of an unnotched specimen 
at fracture was only 0.6 pct. The total duc- 
tility thus was represented by a value of 4.0 


Se FAO 
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proposed by Bridgman as a result of his 
experiments” *. is not in accordangg with 
the course of the ideal ductility curves in 
Fig 10, 13, and 14. According to this 
criterion, fracture is determined by a 
constant limiting value of the volume 
stress. This criterion obviously implies that 
a longitudinal tensile stress is always re- 
quired for fracture of a cylindrical specimen 
under lateral hydrostatic pressure, and 
that the longitudinal tensile stress at 
fracture increases with the lateral pres- 
sure. According to this criterion, a locus 
of fractures for copper under various 
lateral hydrostatic pressures would start 
at the small black circle representing 
fracture of an unnotched specimen of 
annealed copper (Fig 14), and would 
extend upward and to the right with in- 
crease in the lateral pressure. As previously 
shown, however, the greater the lateral 
pressure, the lower is the corresponding 
flow-stress curve in a diagram of the type 
shown in Fig 14. The criterion for fracture 
proposed by Bridgman, therefore, has the 
untenable implication that the points 
representing fracture are far above the 
corresponding curves of flow stress, and 
that the distance of separation increases 
with increase in the lateral hydrostatic 
pressure. 

Because Bridgman’s papers?** contain 
very little of the data from which his dia- 
grams were derived, his conclusions cannot 
be compared with the results of his experi- 
ments. He has given a special meaning to 
“flow stress,” such that a flow-stress curve 
would not traverse the point representing 
fracture. Each plotted value of flow stress 
or fracture stress has been obtained by 
applying two kinds of corrections, which 
cannot be evaluated by the reader. More- 
over, each diagram contains a ‘‘concealed 
variable,”’ which is evaluated qualitatively 
by comment. It is apparent, however, 
that many of the reported values of frac- 
ture stress and ductility were obtained in 
such a way that they are far from correct. 
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His values for fracture stress and ductility 
are baged on the areas of cross section after 
fracture, of specimens initially only o.1 in. 
in diam. As shown in the discussion of 
Fig 1 to 8, ductility values thus obtained 
may be much too high, and the fracture 
stresses of very ductile metals thus ob- 
tained may be nearly twice the true values. 
Since the error generally increases with 
the ductility of the metal, the errors in the 
values reported by Bridgman probably are 
great. The reported values of some fracture 
stresses probably are more than twice the 
true values. It is possible thus to account 
for the fact that the points represented by 
the reported fracture stresses would be 
far above the corresponding ‘flow-stress 
curves. : 

Consideration will now be given to the 
relationship between the ideal ductility 
curve for annealed metal and a curve for 
previously cold-worked metal. The point of 
intersection of the two curves depends on 
the stress system applied during the prior 
plastic deformation. For annealed metal, 
the ideal curve is theoretically determin- 
able by means of tests to fracture with 
various constant radial stress ratios. The 
curve for a previously cold-worked metal, 
however, may be viewed as the result of a 
series of tests of initially annealed metal in 
two stages. In the first stage, all the speci- 
mens were plastically deformed the same 
amount and with the same constant stress 
system; in the second stage, the specimens 
were deformed to fracture with various 
constant radial stress ratios. The point of 
intersection of the two ideal ductility curves 
evidently represents fracture when the 
stress system in the second stage was the 
same as in the first. 

Since the prior plastic deformation of 
Monel GA (Fig 10) was by tension tests, 
the ideal ductility curve for this metal must 
intersect the curve for the annealed metal 
at a point on curve Fo. Since the prior 
plastic deformation of Monel GB was by 
cold-drawing, the intersection of the ideal 
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ductility curve for this metal with the 
curve for annealed metal must be below 
curve Fo. Since the stress system during 
cold-drawing depends on the form of the 
die and on other factors, the corresponding 
flow stress curve can be represented only 
approximately. For qualitative represen- 
tation, it has been assumed that during the 
cold-drawing, the lateral compressive stress 
(S3) was equal to the longitudinal tensile 
stress ($1); the radial stress ratio thus 
would be —1. The Fez curve below curves 
Fo in Fig to and 14 has been so con-~ 
structed. At a point on this curve in Fig ro, 
the ideal ductility curve for Monel GB in- 
tersects the curve for the annealed Monel. 
In Fig 14, since two of the ideal duc- 
tility curves were obtained with copper 
that had been previously extended by ten- 
sion, these curves intersect the curve for 
annealed copper at a point on curve Fo. 
To avoid useless complication, no curve has 
been drawn to represent flow during cold- 
rolling, and the ideal ductility curve for the 
cold-rolled copper has been extended to the 
point of intersection of the curves for cold- 
drawn copper and annealed copper, Since 
the total ductility of an unnotched speci- 
men of duralumin (Fig 13) was little 
affected by the cold-drawing, the effect of 
the cold-drawing evidently was nearly the 
same as if the metal had been extended the 
same amount by tension. In each of the dia- 
grams for duralumin in Fig 13, therefore, 
the ideal ductility curve for the cold-drawn 
metal intersects the curve for the annealed 
metal at a point on curve Fo. 
The crossing of the ideal ductility curve 
for an annealed metal by the curve for a 
cold-worked metal implies that the prior 
plastic deformation has increased the total 
ductility for a second-stage test with a 
higher radial stress ratio, but has de- 
creased the total ductility for a second- 
stage test with a lower radial stress ratio. 
This relationship is in accordance with the 
principle previously applied in evaluating 
the effect of a continuous increase or de- 
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crease in the radial stress ratio on ductility. 
In applying this principle to the effects of 
two-stage tests on ductility, it may be 
restated as follows: When the radial stress 
ratio in the second stage is higher than in 
the first, the total ductility will be greater 
than if the radial stress ratio had been con- 
stant at the higher value throughout the 
entire plastic deformation. When the 
radial stress ratio in the second stage is 
lower than in the first, the total ductility 
will be Jess than if the radial stress ratio had 
been constant throughout at the lower 
value. 

As illustrated in Fig 1o and 14 the diver- 
gence of an ideal ductility curve for a cold- 
worked metal from the curve for the 
annealed metal increases with the prior 
plastic deformation. As illustrated in Fig 
13C, when a metal has been plastically 
deformed nearly to fracture in the first 
stage, the ideal ductility curve obtained by 
second-stage tests is nearly vertical above, 
and probably below, the point of inter- 
section with the curve for the annealed 
metal. As illustrated in Fig 15, similar 
nearly vertical curves would be obtained 
whether the radial stress ratio during 
prior plastic deformation is low or high, if 
the prior deformation is continued almost 
to fracture. This figure is based on the dia- 
gram obtained with copper (Fig 14), but 
the prior plastic deformations represented 
in Fig 15 are only hypothetical. The ideal 
ductility curve on the right was theo- 
retically obtained after the amount of cold- 


drawing represented by point G, which is 


near the point B representing fracture. 
The ideal ductility curve in the middle was 
theoretically obtained after the tensile ex- 


tension represented by point EZ, which is 


near the point (A) representing fracture. 
The curve on the left was theoretically 
obtained after plastic deformation with the 
radial stress ratio induced by a 120° notch 
angle, as indicated by point C, which is 
near the point (D) representing fracture. . 


As illustrated by the nearly vertical 


courses of these curves and the curves in 
Fig 13C, when a metal has been plastically 
deformed nearly to fracture the ductility 
in the second stage varies little with the 
radial stress ratio. The evidence thus con- 
firms the conclusion, expressed in previous 
papers?+?627 that fracture is determined 
by a critical value of a shearing stress, 
either the maximum shearing stress or the 
octahedral shearing stress, and that the 
critical shearing stress decreases with in- 
crease in the volume stress. 


INFLUENCE OF PLASTIC DEFORMATION ON 
THE TECHNICAL COHESIVE STRENGTH OF 
METALS 


As shown in previous papers!®—*4,2627 
and as‘ illustrated in Fig 1 to 14, the tech- 
nical cohesive strength of a metal, its 
resistance to fracture, comprises an infinite 
number of technical cohesion limits (frac- 
ture stresses), each corresponding to a 
specific combination of the principal 
stresses. The influence of plastic deforma- 
tion on the technical cohesive strength, 
therefore, cannot be represented com- 
pletely by a single fracture-stress curve. 
A complete representation of the influence 
of plastic deformation on the cohesive 
strength requires a series of fracture-stress 
curves, each corresponding to a specific 
stress system. Three series of such curves, 
each corresponding to a specific radial 
stress ratio, are shown in Fig 16, which is 
derived from Fig 14. The 7; curve, the 
series of flow-stress curves (Fo and Fn), 
and three of the ideal ductility curves (La) 
in Fig 14 have been reproduced in Fig 16. 
The three series of fracture-stress curves 
(T> and Tr) have been added to show 
approximately the relation between the 
fracture stresses and the corresponding 
flow stresses during plastic deformation. 

As illustrated in Fig 16, plastic de- 
formation increases the fracture stress a 
little less rapidly than it increases the flow 
stress. Corresponding curves, therefore, 
intersect at a small angle, at a point repre- 
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senting actual fracture. Because the angle 
is so small, any variable that has even 
slight differential effect on the flow stress 
and fracture stress may have a great effect 


fracture in liquid air. From the results of 
these experiments a series of curves was 
derived to represent the influence of prior 
plastic deformation with various radial 
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on the ductility. Such variables include 
temperature, the strain rate, and the 
radial stress ratio. 

As illustrated by the series of curves for 
annealed metal (Fig 16), the vertical dis- 
tance between corresponding fracture- 
stress and flow-stress curves at the origin 
decreases with increase in the radial 
stress ratio, and vanishes when the radial 
stress ratio is 1. The decrease in the vertical 
distance between the curves accounts for 
the corresponding decrease in the ductility. 
Numerous series of curves of this kind have 
been shown in previous papers.!§—23,26,27 Tn 
one of the most recent of these papers,?’ 
the qualitative correctness of such a series 
has been definitely established as a result 
of two-stage tests with notched and un- 
notched specimens. In the first stage, the 
specimens were plastically deformed var- 
ious amounts at room temperature; in 
the second stage, they were tested to 


stress ratios on the fracture stress in liquid 
air, and a similar series of curves was 
derived to represent the influence of plastic 
deformation on the flow stress at room 
temperature. Moreover, by proportionate 
reduction of all the ordinates of the curves 
representing fracture in liquid air, this 
series was brought into correlation with 
the series representing flow at room tem- 
perature. The result is a series of fracture- 
stress and flow-stress curves similar to 
the series for annealed copper in Fig 16. 
(Fig 12, Ref. 27.) 

Two series of curves in Fig 16 represent 
the relation between the flow stress and 
fracture stress during tension tests of cold- 
drawn metal. The two different amounts 
of prior plastic deformation by the cold 
drawing are represented by points C and D 
on the lowest Fr curve. Directly above 
these points are the origins of the flow- 
stress curves and fracture-stress curves 
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obtained in the second-stage tests. Since 
the prior plastic deformation by cold- 
drawing increased the total ductility for a 
higher radial stress ratio, it would increase 
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Fig 17 shows a qualitative representation 
of the technical cohesive strength of an- 
nealed and severely cold-worked copper. 
This diagram is derived from the diagrams 
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the vertical distance between the origins 
of the corresponding flow-stress curves and 
fracture-stress curves. The two series of 
fracture-stress curves for cold-drawn metal 
have been so constructed, on the as- 
sumption that the Fr curves should be 
continuous. 

A fracture-stress curve, such as these 
in Fig 16, represents the resultant of the 
two previously discussed effects of plastic 
deformation on the fracture stress. The 
predominant effect prior to the beginning 
of fracture is a work-strengthening effect; 
the other effect is progressive damage, 
probably caused by a scattered breaking 
of cohesion bonds. In the absence of the 
damaging effect, the curve representing 
the influence of plastic deformation on the 
fracture stress possibly would be nearly 
parallel to the flow-stress curve. The con- 
vergence of the two curves may be attri- 
buted to the damaging effect of the plastic 
deformation on the fracture stress. 


for the same metals in Fig 16. For a com- 
plete description of diagrams of this type, 
reference may be made to previous 
papers.!6-*4 In Fig 17, the point of inter- 
section of the ideal locus of fractures (La’) 
for the cold-worked metal with the curve 
(La) for the annealed metal corresponds 
to the point of intersection on the lowest 
Fr curve in Fig 16. 


CONCLUSIONS 


1. During the flow of a notched or un- 
notched specimen in a tension test the 


: —s : 
radial stress ratio = changes continu- 


ously because of changes of the root radius, 
the notch angle, and the notch depth. In 
some conditions, which have been de- 
scribed, the radial stress ratio increases; in 
other conditions it decreases. 

2. With many metals, the true fracture 
stress, namely the stress at the beginning 
of fracture, differs little from the stress 
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based on the area of cross section after 
fracture. With very ductile metals, how- 
ever, the uncorrected ductility and fracture 
stress are much higher than the true 
values. With annealed oxygen-free copper, 
the uncorrected fracture stress is nearly 
twice the true fracture stress. 

3. The true fracture stress is a definitely 
determinable value. 

4. The characteristic form of the locus 
of fractures, which represents the varia- 
tion of the fracture stress and ductility 
with the radial stress ratio, probably is the 
same for all polycrystalline metals within 
the work-hardening range of temperature. 

5. The fracture stress of copper, monel 
and duralumin increases with the total 
plastic deformation. The evidence for 
the effect of plastic deformation on the 
fracture stress of these non-ferrous metals 
is no less conclusive than the evidence 
previously obtained with pearlitic steels 
in liquid air. 

6. The fracture stress increases with the 
radial stress ratio. 

7. The fracture stress depends on the 
radial stress ratio at fracture and on the 
total plastic deformation, and is practically 
unaffected by prior changes in the radial 
stress ratio. 

8. The ductility of a metal depends not 
only on the radial stress ratio at fracture, 
but also on any changes in the ratio during 
flow. 

9. When the radial stress ratio increases 
either by steps or continuously, during flow, 
the ductility will be Jess than if the radial 
stress ratio had been constant at the initial 
value, but will be greater than if the 
ratio had’ been constant at the final value. 
When the radial stress ratio decreases 
either by steps or continuously during 
flow, the ductility will be greater than if 
the radial stress ratio had been constant at 
the initial value, but will be less than if the 
ratio had been constant at the final value. 

1o. A unique locus of fractures or ideal 
ductility curve can theoretically be ob- 
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tained by tension tests with various radial 
stress ratios each held constant during 
flow. The form of the ideal ductility curve, 
as affected by prior plastic deformation 
with a constant radial stress ratio, is 
illustrated in the assembled diagrams. 

11. The influence of plastic deformation 
on the fracture stress can be represented 
by a curve that rises and intersects the 
flow-stress curve at a small angle. The 
fracture-stress curve is the resultant of 
two effects of the plastic deformation, a 
work-strengthening effect and a. damaging 
effect due to the scattered rupture of 
cohesion bonds. In the rise of the curve 
between yield and fracture, the work- 
strengthening effect is dominant, and may 
be represented by a curve nearly parallel 
to the flow-stress curve. The damaging 
effect is represented by the convergence 
of the fracture-stress curve to the flow- 
stress curve. 
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DISCUSSION 
(J. R. Low, Jr. presiding) 


L. Sre1cLe*—No one threads his way with 
ease through the complicated work of Dr. 
McAdam and co-workers, I am sure, but one 
seeming contradiction in the present paper is 
especially difficult to get around. It is stated on 
p. 323 that the fracture stress depends only 
upon the stress system and total plastic de- 
formation at fracture. However in Fig 16, in 
order to explain the demonstrated influence 
of prior stress history upon ductility, two or 
more fracture stress curves are given for each 
of a number of notch angles, one corresponding 
to annealed material and the others to material 
cold drawn various amounts before testing. 
Thus it appears from this diagram that the 
fracture stress is not a unique function of the 
stress system and degree of plastic deformation, 
but is dependent to some degree also upon the 
prior stress history. Apparently some such 
conclusion is necessary in order to explain the 
observed variation of ductility with mode of 
prior deformation. If it is assumed, as it is by 
the authors, that the flow curve is unaffected 
by the prior stress history, then an effect upon 
the fracture curve must be postulated. Such an 
effect would, moreover, seem to be demanded 
by the theory presented by the authors ‘“‘The 
higher the radial stress ratio, the more rapid is - 
the damage to cohesion—.”’ 

One wonders, in the light of such evidence, 
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if.a true criterion of fracture in terms of stress 
system, plastic deformation, temperature, and 
strain rate exists. If the fracture strength is de- 
pendent upon the path which these variables 
take in changing the specimen from one state 
to another, then it is not uniquely determined 
by these variables alone. 


D. J. McApam, Jr. (authors’ reply)—As 
stated in the introduction to the paper, the 
stress at fracture is the resultant of four factors, 
namely, the stress system, plastic deformation, 
temperature, and the strain rate. The influence 
of any one of these factors may be represented 
by a curve of technical cohesion limits, al- 
though only one point on the curve may repre- 
sent actual fracture. It was also said that the 
authors were using the prevalent term “‘frac- 
ture stress’’ with the understanding that it does 
not always refer to actual fracture. This 
ambiguous use of the term is the reason for the 
difficulty encountered by Mr. Seigle with re- 
gard to the conclusion that ‘‘the fracture stress 
depends on the radial stress ratio at fracture 
and on the total plastic deformation, and is 
practically unaffected by prior changes in the 
radial stress ratio.” By “fracture stress” is 
here meant the stress at actual fracture. Pos- 
sibly it would be better to call this the breaking 
stress as in a previous paper.?? 

The conclusions expressed in the paper are 
based on the results of tension tests at room 
temperature. In such a test, the flow stress at 
any instant depends on the stress system at 
that instant and is practically unaffected by 
prior changes in the stress system. Use was 
made of this well known principle in the classic 
investigation by Lode of the influence of the 
stress system on the flow stress. (W. Lode: 
Versiiche uber den Einfluss der mitteren 
Hauptspannung auf das Fliessen der Metalle, 
Zisch. Phys. (1926), 36, 913-039). Since the 
point representing actual fracture must be on 
the corresponding flowstress curve, the break- 
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ing stress depends only on the stress system at 
fracture and on the total plastic deformation. 

The fracture-stress curve merely represents 
approximately the influence of plastic deforma- 
tion on the resistance of a metal to fracture. 
As shown in previous papers, this influence 
may be represented by a curve approaching 
the flow stress curve and eventually intersect- 
ing it at a small angle. As shown in this paper, 
the course of the fracture-stress curve is the 
resultant of the work-strengthening effect and 
the damaging effect of the plastic deformation. 
The higher the radial stress ratio the more 
rapid is the damage and the resultant con- 
vergence of the fracture-stress curve to the 
flow stress curve. In Fig 16, the effect of a 
change in the stress system is represented by 
an abrupt change in the distance between the 
fracture-stress curve and the flow stress curve. 
Since the angle between the two curves is so 
small, the change in the distance between them 
is negligible in comparison with the resultant 
effect on the ductility. Consequently, even 
when the term ‘fracture stress” is used to 
represent any point on a fracture-stress curve, 
the conclusion is valid that the fracture-stress 
depends on the stress system at fracture and 
on the total plastic deformation, and is prac- 
tically unaffected by prior changes in the stress 
system. 

This conclusion was not intended to apply 
when the temperature and the strain rate are 
such that flow involves considerable creep. 
Since the ductility of a metal is considerably 
affected by variations in the temperature and 
strain rate®® the total ductility probably de- 
pends not only on the temperature and strain 
rate at fracture but also on prior changes in 
these two conditions. However, it appears 
possible that the breaking stress depends pri- 
marily on the temperature, strain rate, and the 
total plastic deformation at fracture, and is 
little affected by prior changes in the tempera- 
ture and strain rate. 


Development of Residual Stresses in Strip Rolling 


By R. McC. Baxer,* R. E. RicksEcKER* AnD W. M. Batpwtn, Jr.{ JuNior MemBrr AIME 
(New York Meeting, February 1948) 


INTRODUCTION 


THE development of residual stress in 
strip during rolling has not been systemati- 
cally studied. A few scattered papers!~* men- 
tion the existence of residual stresses in 
rolled strip or touch upon some of their 
consequences,‘ but there is no report of 
experimental studies in the literature de- 
scribing the effect of roll diameter, strip 
thickness, reduction per pass, metal or 
metal temper on the magnitude of residual 
stresses developed in strip. 

A knowledge of the effect of these factors 
is of utmost importance since the present 
trend in some mills to roll thicker castings 
brings the rolling operation directly into 
that set of conditions which, as will be 
brought out in the present paper, can de- 
velop residual stresses of a high order of 
magnitude. 

Fundamentally, residual stresses are de- 
veloped when a metal is inhomogeneously 
unloaded from a plastic stress state. A 
quantitative treatment of the problem 
requires a reasonably complete understand- 
ing of. both the plastic stress state existing 
in the metal during deformation and the 
elastic stress state that would exist in the 
metal if the metal deformed as a perfectly 
elastic body. Our knowledge of either 
state during rolling is so meager that we 
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can make no more than certain limited 
predictions. 

The external stress state* operating be- 
tween the roll and the metal consists of 
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Fic 1—EXTERNAL STRESS STATE OPERATING 
ON METAL BEING ROLLED (AFTER SIEBEL AND 
LUEGS) 
compressive stresses acting almost per- 
pendicularly to the strip surface but vary- 
ing in intensity both across the width of the 
strip and along the length of contact be- 
tween the roll and the strip. An example of 
such a stress distribution is shown in Fig r. 
The nature of the internal stress state, pro- 
duced by this distribution, is not known. 
Various investigators,®-? however, have felt 
that a qualitative similarity must exist be- 
tween the internal stress state so produced 
and that produced in a wide strip that 
is compressed between two flat-nosed 
punches. In the latter case the external 
stress state is represented by a uniformly | 
distributed compressive stress acting per- 


pendicularly over the face of the tool. The 


* The terminology adopted in the present 
paper is as follows: An external stress is a stress 
impressed upon a metal by some tool or 
external agency. An internal stress is the stress 
arising in a metal as a result of its external 
loading. A residual stress is the residuum re- 
maining when the internal stress state is 
inhomogeneously unloaded or relieved. 
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elastic internal stress state in this case is 
complex—the principal stresses showing 
variation in both intensity and direction 
(Fig 2). This stress pattern will vary with 


Fic 2—ELASTIC INTERNAL STRESS STATE IN 


STRIPS 
TOOLS. 


The upper figures represent lines of constant 
(maximum) shear stress (isochromatic lines), 
the lower figures represent the directions of 
maximum shear stress. From left to right the 
figures represent ¢/l ratios or 3.0, 2.0 and 1.0o. 
(After Mesmer®) 


COMPRESSED BETWEEN FLAT-FACED 


different ratios of strip thickness, f, to 


width of tool face, 7. If the metal yields 


plastically, it will do so in areas bounded by 
contour lines representing a constant value 
of maximum shear stress (Fig 3).%89.10 
Extending these facts to rolling, Kérber’ 


DEVELOPMENT OF RESIDUAL STRESSES IN STRIP ROLLING 


Certain minimum requirements may be 
placed on the relations existing between the 
geometric factors—strip thickness, ¢, radius 
of the roll, 7, and reduction per pass, R, by 


| 
‘ I 
Fic 3—DEVELOPMENT OF PLASTIC ZONES IN 


STRIPS COMPRESSED PROGRESSIVELY BY FLAT- 
FACED TOOLS, &8-9,10 


| 


invoking the principle of geometric simi- 
larity. This principle maintains that the 
same stress state will exist at corresponding 
points in any geometrically similar system. 
Thus in Fig 4a, a given arrangement of rolls 
and strip will develop a certain stress state 
at point A,, and this stress state will be 
duplicated at the corresponding point A,» in 
the arrangement shown in Fig 4b which 
represents a photographic enlargement, as 


. ; Fic 4—GEOMETRICALLY SIMILAR ARRANGEMENTS OF TOOLS AND METAL. 
Fig 4b is a two-fold enlargement of Fig 4a. Both arrangements will produce the same stress 
states within the metal, at corresponding points, such as Ar and Ag2, 


points out that heavy reductions and. large 
roll diameters must be maintained to insure 
complete penetration of the plastic zone, 
“otherwise there is the danger of longi- 
tudinal tensile stress in the undeformed 
inner zone.” 


it were, of two-fold magnification of Fig 4a. 
In these two cases—or in any such case for 
that matter—it is seen that the reduction in 
thickness is the same since the magnifica- 
tion factor enters into both the numerator 
and denominator of the fraction represent- 
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Fic 5 EXPERIMENTAL METHODS USED TO DETERMINE RESIDUAL STRESS IN STRIP. 


In 5a, the approximation method! is described. A specimen, at least as wide as the strip 
thickness, is slit by sawing on its central plane (samples too thin to saw are etched down to their 
central plane.) The length of cut, x, thickness of the split bar, t, and the spread of the split. f, 
are measured and inserted in the equation shown in the figure. This equat:on assumes a stress 
distribution such as shown in the magnification and gives the value of the tensile stress at rolling 
surface. This will be called ‘‘apparent residual stress’’ in the balance of the paper. 

In 5b, Davidenkow's!? or Sachs and Espey’s!3 method is depicted. A sample, at least as wide 
as the strip thickness, is etched from one side only in successive small steps. The thickness of the 
strip, #, and the deflection of the strip, f, over a given constant length, x, aré measured after each 
step and substituted in the formula given in the figure. This equation assumes no stress distribu- 
tion a priori and gives the value of the residual stress at each point throughout the thickness of 


the strip. 
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ing reduction in thickness and therefore 
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Fic 6—APPARENT RESIDUAL STRESSES DEVELOPED ACROSS THE WIDTH OF 444 BEARING BRONZE 
STRIP ROLLED ON A I3-IN. RADIUS ROLL. 

The data are.for a 1.25-in. thick wrought and annealed strip given one 2 pct reduction. Spot 

checks showed the residual stresses in other cases to be virtually constant across the central por- 

taon of the bar also. 


By similar reasoning, the ratio, ¢/r, 
(which will be called relative strip thickness 
hereafter) will be independent of the mag- 
nification factor even though strip thick- 
ness, ¢, or roll radius, 7, taken independently 
vary in direct proportion to this factor. The 
variables by which we may hope to deter- 
mine uniquely the residual stress state in 
rolled strip will include the reduction per 
pass and the relative strip thickness but not 
the absolute strip thickness or roll radius. 

To progress any further in this problem, 
however, we must turn to empirical 
methods. 


STRESSES IN STRIP ROLLING 


EXPERIMENTAL PROCEDURE 


Preliminary experiments showed that, 
under the conditions employed in the pres- 
ent research, the residual stresses were 
uniaxial, in the rolling direction—except 
in restricted regions near the edges and ends 


0 4 4 nu 8 
INCHES 


of the strip where an apparently compli- 
cated triaxial condition existed. This 
uniaxiality permitted the use of two 
standard methods for evaluating the resid- 
ual stresses both of which are illustrated in 
Fig 5. The first method is the well-known 
approximation method"! by which a linear 
stress distribution running from a maxi- 
mum complession at a point midway 
between the two rolling surfaces to a 
maximum tension at the rolling surface 
(hereafter called the “apparent residual 
stress’’) is obtained. The general use of this 
method—some fifty times faster than the 
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Second and more exact method!?.3—to 
expedite the investigation was justified as 
supplementary spot checks by the second 
method subsequently showed. 
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sented a nominally constant reduction in 
thickness from its immediate starting size. 
For example, 2-in. castings (157 in. wide) 
were rolled to 1.960-in. thick, re-rolled 
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Fic 7—APPARENT RESIDUAL STRESSES DEVELOPED IN 444 BEARING BRONZE ROLLED ON A 13-IN. 
RADIUS ROLL FROM VARIOUS STARTING CONDITIONS. 
a. 2-in. thick castings. b. 1.25-in. thick castings and 1.25-in. thick wrought and annealed 


strips. c. 0.600-in. thick 
strips. Dashed 


wrought and annealed strips. d. 0.300-in. thick wrought and annealed 
line indicates the yield strength of the rolled strip. The numbers associated with 


each symbol indicate the number of passes given the strip in question, 


The basic series of experiments upon 
which subsequent work is developed con- 
sisted in rolling a variety of 444-bearing 
bronze* strips on a 26-in. diam (roll radius, 
+ = 13 in.) two-high mill having no hump. 

A number of strips, all of the same thick- 
ness, would be given a series of passes 
through the mill such that each pass repre- 


*88 pct copper, 4 pct tin, 4 pct lead, 4 pet 


zinc, 


to a 2 pct reduction of 1.960 (which was 
1.921-in, thick), re-rolled to a 2 pct reduc- 
tion of 1.921, and so on. Samples were not 
necessarily taken after each pass but some- 
times after every second or third pass. 
Reductions per pass other than 2 pct were 
used also; these were 5.5, 9, 12, or 16 pct. 
Similarly, starting sizes-other than 2 in. 
were used, viz., 134-in. castings (10 in. 
wide), r14-,.0.600- and 0.300-in. wrought 
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bars (157% in. wide). The accuracy of 
measurement in the case of castings was not 
high. The thickness varied 0.040 in. in the 
extreme because of mold roughness, inverse 
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DEVELOPMENT OF RESIDUAL STRESSES IN STRIP ROLLING 


The apparent residual stresses (along the 
center line) developed by the above rolling 
schedules are reported in Fig 7a-d. In Fig 
7a which applies to 2 in.-thick castings, it is 
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Fic 8—HARDNESS VARIATION THROUGHOUT THICKNESS OF 444 BEARING BRONZE STRIPS ROLLED ON 
A 13-IN. RADIUS ROLL IN VARIOUS WAYS. 


segregation, and the like. In the case of the 
wrought and annealed bars it was possible 
to obtain much greater dimensional uni- 
formity and for this reason the accuracy of 
measurements is of a much higher order. 


RESULTS 


The apparent residual stresses existing 
across the width of several strips rolled ac- 
cording to the above schedules are shown in 
Fig 6. It is seen that these stresses are 
relatively uniform except at the extreme 
edge of the metal. This result is of interest 
in view of the variation in external stress 
state reported, by Siebel and Lueg (Fig 1), 
though the two facts are by no means 
irrational. Despite the uniformity of 
stresses across the width of the strip, all 
subsequent data were obtained from speci- 
mens removed from the center line of the 
strip to insure sound comparisons. 


seen that the reduction per pass’ is an 
important factor, the lighter passes giving 
a high level of residual stresses (when com- 
pared to the yield strength of the alloy), 
the heavier passes giving a low level of 
residual stress. The exact level of stress 
which is developed by a given reduction per 
pass depends, however, upon the thickness 
of strip, as comparison of Fig 7a with 7b 
which applies to 1.25 castings shows. In the 
first case the 5 pct reductions gave a high 
level of stress and the 9 pct reductions per 
pass gave an intermediate level; in the 
second case, the 5 pct reductions per pass - 
gave an intermediate level of stress and the 
9 pct series gave a low level. This trend, in 
which decreasing strip thickness diminishes 
the intensity of stress developed by a given 
reduction per pass, is continued as may be 
seen in Fig 7c (0.600 in. starting size) and 
7d (0.300 in. starting size), Incidentally, 
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the results reported in Fig 7b, as uncircled 
symbols, (starting material, 1.25-in. thick 
castings) and as circled symbols (starting 
material, 1.25-in. thick wrought and an- 
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were obtained from the full thickness of 
relatively thin strips (0.040 in.). In view of 
Kérber’s remarks some inquiry must be 
made into the variation of this temper-sen- 
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Fic Q—RELATIVE APPARENT RESIDUAL STRESSES (APPARENT RESIDUAL STRESS DIVIDED BY YIELD 
STRENGTH) DEVELOPED IN STRIPS ROLLED VARIOUS AMOUNTS FROM VARIOUS STARTING SIZES. 
The value of yield strength used is that of the effluent strip. Numbers associated with each 
symbol indicate the number of passes given the strip in question. 


nealed bars) showed no appreciable differ- 
ences indicating that the microstructure 


had a minor effect. : . 
The yield strengths plotted in Fig 7a-d 


iin Sh 


sitive quantity throughout the thickness 
of the strip. The inhomogeneities inherent 
in the castings introduced such scatter to 


_ the data that it was impossible to determine 
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any significant variation in plastic straining 
by means of Rockwell or tensile tests.* 
Rockwell tests on strips rolled from the 
wrought and annealed structures proved 


STRESSES IN STRIP ROLLING 


formed in the inner zone, is an extreme 
description of the conditions actually found 
—it is an end state that is only slightly 
approached even in those cases where 
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Fic 12—SkrTCH SHOWING RELATIONSHIP BETWEEN VARIOUS GEOMETRIC FACTORS INVOLVED IN 
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consistent however. The results of these 
tests plotted in Fig 8 revealed that those 
rolling conditions which gave a low level 
of residual stress produced virtually a con- 
stant hardness throughout the thickness of 
the bar; whereas the rolling conditions that 


developed a high level of residual stress, . 


yielded a slight variation. From hardness- 
strain (Fig 8) and strain-yield strength 
charts (Fig 7a-d), it appears that this 
variation corresponds to a minor variation 
in yield strength (+3 pct) from the average 
yield strength given in Fig 7a-d. 

Kérber’s picture of a rolled strip, cold- 
worked in the surface layers and unde- 


*The alloy showed no differential grain 
growth on subsequent annealing from any 
condition that could indicate variations in 
plastic strain, 


|e ROLLING. 


residual stresses were high.* The data also 
show that the use of successive reductions 
has led to little cumulative effect in temper 
variation. This fortunate circumstance 
should allow us to compare residual stresses 
in strips of different tempers by the simple 
expedient of expressing such stresses, s,, as 
a percentage of the yield strength, s,, of the 
strip in question without introducing too 
serious an error. This ratio, s,/s,, which will 
be called relative apparent residual stress is 
plotted in Fig 9a and b. The residual 
stresses, s,/sy, developed by a constant 
nominal reduction per -pass follow a co- 
herent trend when plotted as a function of 
strip thickness or relative strip thickness. 

* This does not preclude a logical explana- 
tion for residual stress for it is quite possible 
for a uniformly plastically strained metal to 


produce such stresses by virtue of an inhomo- 
geneous elastic unloading. . 
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Fic 1 3—COMPARISON OF ACTUAL WITH APPARENT RESIDUAL STRESSES. 

Groups of specimens (indicated by solid symbols in Fig 13b) were subjected to complete 
stress analysis (Fig 5b). Comparisons between actual and apparent stress distributions are made 
in Fig 13a (above). The actual stress at the surface of the bar is higher than the apparent in the 
strips belonging to Group E, and are reentered in Fig 13b as framed symbols. 

See page 348 for Fig 13b. 1 we 
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Thus, for example, all the data to the left of across the chart. The fact that points corre- 
a point A in Fig 9a and b which were taken sponding to strips given only one pass fall 
from Fig 7a follow segments of curves that as close to the common curve as do points 
lead directly and continuously into seg- corresponding to strips given a number 
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ments of curves on which fall all of the data of passes bears out the assumption that the 
between points A and B in Fig 9a and b__ effect of any cumulative temper variations 
which were taken from Fig 7b and so on must be slight. This is born out by further 
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expetiments in which a comparison was 
made between a series of strips that were 
given a succession of 2 pct reductions (to 
develop cumulative temper variations) and 
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to experimental error since subsequent 2 pct 
reductions do not close the gap between the 
two curves. 

The curves shown in Fig 9a and b are 
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a series of strips given first a 16 pct reduc- 
tion (to produce a strip having little temper 
variation) followed by a series of 2 pct re- 
ductions. The apparent residual stresses of 
these two series are shown in Fig toa and b. 
It is seen that while there is some dis- 
crepancy between the residual stress 
obtained with the first 2 pct reduction fol- 
lowing the 16 pct reduction and the resid- 
ual stress obtained with a series of 2 pct 
reductions only, this must be attributed 


ee. 


seen to be similar in form. Indeed it ap- 
pears that they are merely expressions of a 
common curve that is transposed laterally 
various distances depending upon the re-— 
duction per pass, (that is, the abscissas of 
each curve have been multiplied by some 
constant factor). To test this intuition, Fig 
11 was constructed in which the abscissas in 


’ Fig oa and b were divided by R/(too — R). 


It is seen that such a manipulation yields a 
single trend curve. It would appear, there- 
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fore, that the relative apparent residual 
stresses are a function of the quantity, 
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to, R/(100 — R) such as, for example, R 
itself. The inherent scatter to the data 
makes a choice of the exact factor difficult 
(although the one presented here seemed to 
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Fic 16—RELATIVE INVARIANCE OF EXTERNAL STRESS DISTRIBUTION TO FACTORS OTHER THAN t/ bs 

The external stress distributions shown as solid lines in Fig 16 a-d have been computed by 
Cook and Larke'4 using Orowan's!§ formula (for the section A-A in Fig 1) for a wide variety of 
reductions per pass, roll diameters and starting strip thicknesses. The arbitrary curves given in 
Fig 16e show the external stress distribution (expressed as a percentage of the yield strength of 
the metal) for various t/l ratios. These curves ,(dotted lines) are compared in Fig 16 a-d with those 


actually computed. 


and independent of the reduction, R, itself. 
It can be-shown (see Fig 12) that this 
quantity is equal to (¢/l)? where I is the 
chord subtended by the arc of contact 
between the rolls and strip. It should be 
stated that a single trend curve such as 
given in Fig 11 can be obtained by use of 
factors other than, but lying close in value 


give the best results). Such factors result in 
quantities that lie close in value to (t/1)?, 
such as (to//)? or some average of the two. 
This is a fine point. iy 

Of more fundamental importance is the 
legitimacy of the data upon which the em- 
pirical function is based. It is conceivable, 
for instance, that it is entirely coincidental 


est ; 


re 
HI 


R. McC. BAKER, R. E. RICKSECKER AND W. M. BALDWIN, JR. 


that the data for the various reductions 
per pass fall on one trend curve. The 
actual stress distribution might be quite 
different in the case of a strip rolled with 2 
pet reductions per pass as compared with 
one rolled with 12 pct réductions per pass 
(both having been rolled so that the ratio 
(t/l)* was the same) and yet their apparent 
residual stresses would be identical. To 
investigate this point groups of strips which 
were rolled with different reductions per 
pass but with the same (¢//)? ratio were 
subjected to the more rigorous stress 
analysis shown in Fig sb. The strips which 
were So investigated are indicated by solid 
symbols in Fig 13b and the results of such 
analysis are given in Fig 13a. It is seen that 
at low values of (¢/1)?, e.g., less than 1.1— 
the actual stress distribution does not differ 
consistently or significantly from the dis- 
tribution assumed in the approximation 
method. At higher values of (¢//)? there is 
a divergence, but the divergence is entered 
into in like manner and degree by all strips 
regardless of the reduction per pass by 
which they were rolled. The fact that the 
actual residual stress at the rolling surface 
of the strip is higher than what has been 
termed the apparent residual stress is of 
interest. Values of these actual stresses are 
entered in Fig 13b as framed symbols. 
The original conclusion that the residual 
~ stress at the rolling surface is a function of 
(t/l)2 independent of the reduction per 
pass, R, still appears to be valid. A linear 
plot of (s,/sy) vs. (¢/1)? shows a direct 
proportion to exist between these two 
quantities (Fig 14). The apparent residual 
stress follows this proportionality up to 
values of (s,/sy) ~ 60 pct at which point 
divergence sets in; on the other hand the 
actual residual stress at the rolling surface 
follows this proportionality to its maximum 
possible limit: the yield strength of the 


alloy.* 


- ; 
* If s,/sy is held constant in, the equation 


| tnc() =k 4) 


DIscuSSION OF RESULTS 


It appears that the parabolic relationship 
between relative residual stresses and the 
ratio ¢/l is reasonably accurate. The au- 
thors adopt the view that within the range 
that it is valid ((¢/1)? S 3.0, s,/sy S 100 
pet), temper variations, and differences in 
reduction per pass have a small effect,* 
although they agree that at large values of 
t/l these factors may very well have con- 
siderable influence. At these values the 
“Korber conditions” might be attained or 
reasonably approached. 

It is worthwhile to discuss some of the 
practical implications of the present work. 
The presence of a high residual stress dis- 
tribution of the type described here can 
lead to fire-cracking during subsequent an- 
nealing or to alligatoring immediately fol- 
lowing the rolling operation. 

Fire-cracking is the phenomenon that 
occurs when a metal containing residual 
stresses is heated at such a rapid rate that 
the stresses are not relieved and exceed the 
reduced strength of the metal at the high- 
temperatures. It is well known that certain 
alloys are more liable to this type of failure 
than others. One such particularly suscep- 
tible alloy is that used in the present 
research. 

All of the bars in Fig 7a and toa were 
annealed in a continuous roller hearth open 
fire mill annealing furnace at one time. The 
heating rate determined by attaching ther- 
mocouples to three bars (first, middle and 


it is obvious that 
: (— ) as 
poe G igo Fk for Ss constant 


Hence a given stress state will be repre- 
sented as a straight contour line having a slope 
of one, on log-log paper in which the ordinate 
is the relative thickness and the abscissa is the 
function, R/(100 — R). (This latter function, 
incidentally, is equal to the elongation—ex- 
pressed as a percentage—suffered by the strip 
during rolling divided by 100.) Such a plot 
which is of greater practical interest than others 
discussed here is given in Fig 15. 

*Tt is of interest to note that the external 
stress state can be expressed as a function of 
t/l, and if so, is relatively independent of the 
reduction per pass, roll radius and strip thick- 


ness as shown in Fig 16. . 
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last bar through the furnace) is shown in Fig 
17 and serve as a rough description of the 
conditions to which these bars were sub- 
jected. Those bars that cracked, cracked in 
fine transverse lines regularly spaced about 
34 in. apart (Fig 18). These bars are dis- 
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Fic 17—TEMPERATURE-TIME CURVES OF FIRST, 
MIDDLE AND LAST BAR THROUGH FURNACE. 
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tinguished from those that did not crack by 
a solid symbol in Fig 7a and 10a. Obviously 
only those bars with a relatively high 
residual stress failed. This fact seems com- 


Fic 18—NATURE OF FIRE-CRACKS OBSERVED IN 
PRESENT RESEARCH. 


patible enough with the principles de- 
veloped in the present paper but the 
interpretation and implication of some of 
the results contained in Fig 7a may be seen 
to be controversial in the light of previous 
work. For example, the total reduction 
given the metal before the anneal was in 
itself irrelevant as far as fire-cracks were 
concerned: comparatively light total reduc- 
tions before the anneal did not necessarily 
cause fire-cracking (presuming that the 
individual reduction per pass was large 
enough); thus one 9 pct pass between the 
cast condition and the anneal did not 
cause cracking under the conditions of the 
experiment. This is in distinct contradiction 
to Genders’ and Bailey’s results showing 
that light total reductions are conducive to 
and heavy reductions tend to prevent fire- 
cracking, regardless of the severity of the 
individual reduction per pass. The dis- 
crepancy should not be pressed too far for it 


is quite possible that the two types of fire- _ 


cracks—those described here and those re- 


ported though not described by Genders - 


and Bailey—are quite different. The au- 
thors are quite willing to concede that 
randomly oriented residual stresses of a 
small scale could be produced at low strains 
irrespective of the manner by which those 
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strains were produced and that these 
stresses could cause a random cracking. The 
definitely oriented stress field discussed 
here gave rise to definitely oriented cracks 
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castings are inherently weak along their 
central plane because of the abuttment of 
columnar grains from each side of the cast 
surface, and it is, therefore, acceptable that 


\ Fic 19—ALLIGATORED BAR. 


and when that field was weak the cracks 
could not arise. . 

Alligatoring is that phenomenon where 
the strip splits along a plane parallel to and 
midway between the rolling surfaces (Fig 
19). The phenomenon could be wrought by 
various agencies only one of which will be 
discussed here. Certainly the presence of 
two highly energetic and opposed bending 
moments of the nature resulting from the 
type of stress distribution described in the 
present paper would seek to tear the metal 
apart on its central plane and be relieved 
by the curling back of the two halves 
(Fig 19). 

In the present experiments, if alligatoring 
occurred, it occurred only on strips rolled 
from the castings and then only in those 
cases where high residual stresses were de- 
veloped on rolling. Thus alligatoring was 
noticed only in the three cases marked “A” 
in Fig 7a and b. It is of course realized that 
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Fic 20—RELATIONSHIP BETWEEN YIELD AND 
TENSILE STRENGTH AS A FUNCTION OF ROLLING. 

Note that the former increases relative to 
the latter. 


under like stress fields, the castings will 
alligator before the wrought and annealed 
material. At first sight it might appear sur- 
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prising that castings can be given several 
light reductions per pass each one produc- 
ing high residual stresses before failure 
finally occurs. This behavior can be ex- 
plained easily, however. 

The three cases in Fig 7a developed an 
apparent residual stress—which is a better 
measure of bending moment than the maxi- 
mum actual residual stress—that repre- 
sented an almost constant fraction of the 
yield strength of the metal (these cases fall 
on the upper horizontal segment of the 
curve shown in Fig 11). On the other hand 
the yield strength increases relative to the 
tensile strength of the metal (Fig 20), hence 
the bending moment seeking to cause an 
alligator increases with respect to the 
strength of the metal on successive passes. 


SUMMARY 


An investigation of the factors giving rise 
to residual stresses in rolled strip has been 
made. It was determined that such stresses 
expressed as a fraction of the yield strength 
of the rolled strip are directly proportional 
to the square of the ratio of strip thick- 
nesses to contact length between the roll 
and strip. This relationship appears to be 
unaffected by the magnitude of the reduc- 
tion per pass. It was found, further, that 
the residual stresses are surprisingly con- 
stant over the width of the strip. The re- 
sults of the research have been extended to 


such practical rolling problems as fire- 
cracking and alligatoring. 
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Anomalies in the Appearance of Glide Ellipses* 


_ By Ropert Mapprn,{ Junior MempBer AIME 
(New York Meeting, February 1948) 


THE application of electrolytic polishing 
of metals introduced a new technique for 
preparing surfaces, especially for single 
crystals. This procedure generally has been 
assumed to eliminate the strain introduced 
by mechanical polishing and to result 
in a more truly representative surface, 
particularly in the case of soft metallic 
materials. However, apparently little in- 
formation is available concerning specific 
characteristics of a surface prepared 
electrolytically. The conventional method 
of mechanical polishing is known to pro- 
duce a layer of distorted metal which is 
usually removed by a suitable chemical 
etchant. To what depth the strain mtro- 
duced by mechanical polishing penetrates 
into the lattice is still obscure. 

The present investigation illustrates the 


apparently anomalous appearances of glide. 


ellipses on electrolytically polished surfaces 
of aluminum single crystals. 


EXPERIMENTAL PROCEDURE AND RESULTS 


Aluminum single crystals, 99.975 pet 
pure, remaining from the investigation of 
Found,! were polished electrolytically using 
a solution of fluoboric acid and a low cur- 
rent density. Laue back-reflection tech- 
nique, interpreted after the manner of 
Greninger,? was used to determine the 
orientation and the specimen axis rotation 
of the crystals. Three flat surfaces about 
4 mm wide parallel to the specimen axis, 
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‘one perpendicular to the theoretical slip 


direction and the other two 120° apart, 
were polished mechanically-and repolished 
electrolytically. A tensile load was applied 
using a Southwark-Emery tensile machine 
at a rate of about 4o lb per min. Elonga- 
tion was measured by noting the initial 
and final gauge lengths. X ray diffraction 
was used to obtain the usual x and X 
values in order to calculate the elongation 
and shear by plotting stereographically 
the specimen axis rotation by means of the 
Schmid-Boas formula.* In Table 1 may be 
found the value of the gauge diameter, 
measured elongation, calculated elongation 
and shear for the crystals investigated. 
Fig 1 shows the initial and final positions 
of the specimen axes of the crystals. 


TABLE 1—Values for Crystals Investigated 
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Elon- 
Gauge Elon- : 
Speci | Diam, | gation, | Stay’ | Shear 
In. Per Cent | pa, Cont 
Al-1 0.2345 4.12 Awt 0.022 
Al-41 0.2312 8.07 6.67 0.133 
Al-42 0.22907 7-02 7.92 0.134 
Al-3 0.2319 6.67 
pe eee ee ee 


At a low magnification the slip lines. 
developed on specimen Al-1 appeared 
straight and rather evenly spaced. How- 
ever, at a high magnification, the slip 
lines were seen to be composed of small 
markings which were present throughout 
the length of the specimen (Fig 2). The 
distance between the markings was fairly 


constant and their directions all parallel 


to one another. Fig 3-5, photographed on 
different surfaces of the specimen, illustrate 
the interesting appearance of these lines. 
It may be noticed from Fig 4 that the 
markings, which present the appearance of 
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‘‘railroad ties,” seem to ride over the raised 
surfaces caused by the “primary” slip 
lines or bulges indicating that the latter 
were formed initially. The markings 
decrease in intensity circumferentially 


ANOMALIES IN THE APPEARANCE OF GLIDE ELLIPSES 


that the markings appear the same as 
would crystallographic planes viewed from 
various points about the specimen axis. 


The primary slip lines were plotted ster- 


eographically from their traces on two 


Fic 1—POLE ROTATION FOR CRYSTALS INVESTIGATED. 


giving way to sharp and somewhat wavy 
lines as in Fig 6. It may be suggested that 
the wavy character of the slip lines is 
caused by the action of more than one slip 
system as is thought to be the case in 
alpha iron. 

To determine the effect of an etched 
‘surface on the appearance of slip lines, a 
single crystal 12 in. long by }4 in. in diam- 
eter was cut into two parts, Al-41 and 
Al-42. Specimen Al-41 was electrolytically 
polished and extended 8.07 pct. Specimen 
Al-42 was electrolytically polished, etched 
with o.5 pct HF solution and then extended 
7.02 pct. The slip-line segments appearing 


on Al-41 were again characteristically the - 


same as those on Al-1 but were longer and 
more numerous as was expected from the 
increase in elongation. It may be seen from 
Fig 7-10, photographed circumferentially, 


surfaces, Fig 11 and 12. It may be seen that 
the primary slip lines are the traces of the 
family of octahedral planes theoretically 
predicted whereas the secondary markings 
are apparently caused by cube planes. 
Since the traces on the surface were neces- 
sarily plotted with reference to the orienta- 
tion of the matrix crystal (because of the 
relatively deep penetration of the X ray 
radiation into the metal), some doubt may 
exist as to whether the markings are traces 
of cube planes or possibly some unknown 
surface effect. Fig 1 shows that none of the 
specimens was so oriented as to permit 
double slipping. 

Parallel lines were next scribed on the 


surface so as to form 1{-in. squares and 


immersed in saturated solution of HgClo. 
No adherent films could be removed by 
this technique but rather, small particles, 


Bet sie os ws Fe 


, 
A wh 


* 


S 
: pin-head size, could be seen floating to the 
a surface. These small films were too thick 
a to be viewed with the electron microscope. 
- Contrasted with this, a similar crystal, 


eee ee 


Ay’ 


si 


heavily etched and anodized in a boric acid 
solution containing a small amount of 
ammonium borate, yielded large adherent 
films. - 
The slip lines appearing on the etched 
specimen Al-42 were, however, completely 


slip lines on Al-41 indicated “‘cube” slip 
e et ct 


n 
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; Fic 2—SLip LINES IN At-1. (STRESS AXIS VERTICAL.) X 1000. 
Fic 3—SLip LINES IN AL-r. (STRESS AXIS VERTICAL.) X 1000. 
Fic 4—“ Rartroap Tres” At-r1. (STRESS AXIS VERTICAL.) X 1000. 
Fic s—MArKINGS JOINING TWO “PRIMARY” SLIP LINES. At-1. (STRESS AXIS VERTICAL.) X 1000. 


different from those on -Al-4t. While the > 
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in addition to normal octahedral glide, the 
lines on Al-42 were straight. Except for 
cross-slip,* they were the same as has been 
previously reported by other investigators. 


Fig 13 and 14 illustrate the appearance 
of the slip lines found on Al-42. 

Finally, one flat surface of an electro- 
lytically polished aluminum crystal (Al-3) 
was etched lightly with a 1 pct HF solution 


* The cross-slip referred to has ‘been found | 
on 70-30 alpha brass and is the subject of 
another paper published concurrently. 


ema 


FIG 6—SHARP WAVY SLIP LINES. CYLINDRICAL PORTION OF CRYSTAL. AL-1. (STRESS AXIS VERTICAL.) 
; X 500. 
Fic 7—MARKINGS ON FLAT SURFACE PERPENDICULAR TO SLIP DIRECTION. Au-41. (STRESS AXIS 
VERTICAL.) X 1000. 
Fic 8—MARKINGS ON FLAT SURFACE 120° FROM THOSE IN FIG 7. AL-41. (STRESS AXIS VERTICAL.) 
X 1000. é : 
FIG 9—MARKINGS ON CYLINDRICAL PORTION OF CRYSTAL ABOUT 40° FROM THOSE IN Fic 8. AL-41. 
(STRESS AXIS VERTICAL.) X 1000. 
FIG 10—MARKINGS ON FLAT SURFACE 120° FROM THOSE IN FIG 8. At-41. (STRESS AXIS VERTICAL.) 
X 1000. : 
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Fic 11—STEREOGRAPHIC PLOT OF TRACES ON TWO FLAT SURFACES, AI-1. 
S.P.1 refers to the primary octahedral slip plane and S.P.2 refers to the ‘‘cubic”’ slip plane. 


N 


Fic 12—STEREOGRAPHIC PLOT OF TRACES ON TWO FLAT SURFACES. AL-41. 
S.P.1 refers to the primary octahedral slip plane and S.P.2 refers to the “‘cubic’’ slip plane. 


and momentarily with a 1 pct NaOH solu- 
tion leaving the remaining surfaces in the 
as-polished condition. The crystal was then 
extended 6.76 pct in tension. Strangely 


_ enough, the resulting slip lines were straight 


on all, surfaces of the crystal. Except 
for cross-slip the lines appeared normal. 
No “cube” markings of any type could 
be noticed anywhere on the crystal. Fig 


15 illustrates the appearance of these 


lines. 


SUMMARY 


SURFACE PREPARATION 
OF SPECIMEN | 
Electrolytically polished 


Electrolytically polished 
followed by etching 
Electrolytically polished 
with one flat surface 

etched 


REMARKS ON GLIDE 
ELLIPSES 
Octahedral glide plane 
plus additional mark- 


ings. : 
Normal octahedral glide 
planes. 
Normal octahedral glide 
planes. 


ANOMALIES IN THE APPEARANCE OF GLIDE ELLIPSES 


Fic 13—S ii wines. At-42. (STRESS AXIS VERTICAL.) (OBLIQUE ILLUMINATION.) 0.5 pct HF. 
X 1000. 
Fic 14—SLip LINES ON ETCHED SURFACE. AL-42. 0.5 pcT HF. (STRESS AXIS VERTICAL). X . 1000. 
Fic 15—S.rp Lines. AL-3. (STRESS AXIS VERTICAL.) X 1000. 1 pct HF pus 1 pct NAOH 


No attempt has been made to offer a 
rationalization of the above observations. 
It may be well to point out, in view of the 
large amount of current research concerned 
with the plastic behavior of single crys- 
tals, that consideration should be given 
to these seemingly anomalous appearances 
of glide ellipses on electrolytically polished 
surfaces. 
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DISCUSSION 
(J. T. Eash and R. M. Brick presiding) 


J. E. Burxe*—The data presented in this 
paper indicate that on an etched surface the 
slip lines observed are entirely normal, that is 
they are straight and represent traces of 
{rz1} planes. On an electrolytically polished 
surface which has not been subsequently 


*TInstitute for the Study of Metals, Uni- 
versity of Chicago. 
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DISCUSSION 


etched, anomalous lines are found which ap- 
pear to be traces of {roo} planes. 

I should like to offer a possible explanation 
for the phenomenon. It is well known that 
anodic treatment of aluminum can -produce 
thick oxide films on the surface. We have fre- 
quently observed that such films may crack or 
reticulate upon drying, and that the cracks 
run in different directions in different grains. 
George? has described films of identical appear- 
ance upon polished magnesium surfaces. 

It seems probable that if such an oxide film 
were formed during electrolytic polishing, the 
displacement caused by the appearance of a slip 
line on the surface of the underlying metal could 
produce cracks in the brittle film, exactly as 
cracks would be produced in a brittle lacquer. 
If the surface were to be etched prior to de- 
formation, the film would be removed and the 
slip lines would be of normal appearance. 

Tt further seems possible that the direction 
of the cracks in the film could bear a definite 
relationship to the orientation of the underlying 
metal. Thick oriented films may be produced on 
aluminum by anodizing, and advantage has 
been taken of this to reveal the grains in 
aluminum with polarized light. Such an 
oriented film might have its plane of easy 
cleavage parallel to a (100) plane of the sub- 
strate, thus cleavage cracks in the film would 
correspond in direction to traces of a (100) 


_plane in the parent crystal, as is observed. 


An objection to the explanation that the 
anomalous lines result from cracking of a 
brittle film is that, in the specimen shown in 
Fig 15, no anomalous lines were found, although 
only a small part of the crystal was etched. I 
should like to ask whether there is any possi- 
bility that the film was removed from all of the 
specimen when the small face was etched. 


.C. §. BARRETT*—It seems certain that the 
appearances discussed here are due to cracking 
of the oxide film. Consider, for instance, the 
fact. that when a cylindrical crystal was 


stretched, the ‘‘railroad tie” appearance of 


Fig 4 changed over, at a different point on the 
circumference, to long single lines as in Fig 6. 
This is fully accounted for by assuming that the 


————— 


4p. F. George: Trans. AIME (1947) 38, 686. 
*Institute for the Study of Metals, Uni- 
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crystal is covered by a brittle film which 
cracks perpendicular to the direction of the 
principal tensile strain in the film. If slip in the 
crystal is represented by the displacement 


ate 


Fic 16—S.Lir IN CRYSTAL REPRESENTED BY DIS- 
PLACEMENT ILLUSTRATED. 


sketched in Fig 16, and if there is a brittle 
film covering everything, it is obvious that in 
the neighborhood of point A the film will crack 
parallel to the underlying slip line, whereas 
go° circumferentially from this point, at B,a 
plane of maximum shear is parallel to the slip 
plane, and the direction of maximum tensile 
strain will be 45° from it, so cracks will be 
expected as shown by the 45° cross hatching 
at B. 

If this view is correct, there should be 
“railroad ties” at angles between o and 45° 
to the “‘railroad track” but none greater than 
45°, and this is actually true in all the micro- 
graphs given in the paper. 


C. H. Maruewson*—The main point in- 
volved is to emphasize the necessity of extreme 
care in the preparation of surfaces on which 
observations of slip are to be made. We must 
look out for anodic films and other extraneous 
effects. 


P. Lacompet and G. CHaupron{—The 
study of Maddin on the abnormal appear- 
ance of slip lines in crystals of aluminum 
presents a great theoretical interest. It shows 


* Vale University. 
+ Head of Research, C.N.R.S. Vitry, France. 
t Director of the Laboratory, C.N.R.S. 


Vitry, France. 
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that deformation by gliding can have taken 
place on crystallographic planes different 
from the octahedral planes at ordinary tem- 
perature. Up to now; as we have been able to 


Zone 
désorientée 


Zone 
orientée 


Zone de 
transition 


Cristal intact 


FigA 


ANOMALIES IN THE APPEARANCE OF GLIDE ELLIPSES 


chanical polishing and of the electrolytic 
polishing, current density, and composition of 
bath. As a matter of fact, it is known that 
baths having a fluoboric acid base, have a 


désorientée 


Zone 
orientée 


Fic 17—CoMPARISON BETWEEN THE STRUCTURE OF A SIMPLE CRYSTAL AND A POLYCRYSTAL LINE 
DEEPLY DISTURBED BY MECHANICAL POLISHING. A. SINGLE CRYSTAL. B. POLYCRYSTAL. 


show with L. Beaujard,** one would admit that 
this multiple gliding could take place only at 
temperatures above room temperature. 

However, many objections could be formu- 
lated, in particular, from the point of view of 
the preparation of the single crystal surfaces 
as used by the author. As a matter of fact, we 
were able to show in the examination of sur- 
faces by X ray*’ that the mechanical polish- 
ing of single crystals of iron and aluminum 
disturbed their structure to a depth very 
much greater than that believed possible for 
polycrystalline specimens. 

Thus we have been able to observe the traces 
of disturbances at depths attaining 6o for 
crystals of iron and up to 2on for crystals of 
aluminum. In order to eliminate completely the 
disturbed structure, it is necessary, conse- 
quently, to use a very long electrolytic polish- 
ing. In the case of Jacquet’s perchloric-acetic 
bath which dissolves around ry of iron and 3u 
of aluminum per min. with a méan current 
density of 6 amp per dm,? the duration of the 
polishing should be at a minimum of 60 and 10 
min., respectively. Therefore, it would be 
necessary for the author to explain in detail 
the method of preparation of his surfaces, the 
size of the abrasives used, the extent of the me- 


36 References are at the end of the discussion. 


much slower rate of solution than the per- 
chloric-acetic baths. 

The persistence, even slight as it may be, of a 
disturbed structure could explain the appear- 
ance of “railroad ties” transverse to the 
general direction of the octahedral slip lines and 
parallel to the taces of the cube. As a matter of 
fact, we have shown that at an intermediate 
depth the disturbed crystal gives birth to an 
oriented texture of crystallites, Fig 17. The 
orientation of the fibrous texture was deter- 
mined not by the general direction of the 
abrasive but by the orientation of the under- 
lying crystal. Although we have not been able 
to determine up to now the relation of orienta- 
tion between the fibrous texture and the undis- 
turbed crystal, it is not impossible that the 
texture admits a fiber axis parallel to the 
direction [roo]. This could explain, then, 
the appearance of transverse slip lines. 

Finally, the cause of error due to the per- 
sistence of a disturbed structure seems sup- 
ported by the fact that the author no longer 
observes the transverse slip lines when the 
electrolytically polished surface is submitted 
further to a chemical attack with a 1 pct solu- 
tion of HF followed by a solution of 1 pct 
NaOH although the duration of the attack was 
not detailed by the author. One could think 
that the rate of chemical solution by this 


PRT yy o* 


~ 
x 


Poth 


re, visas Wie a 


~ 
i 


4 


DISCUSSION 


reagent might be sufficient to bring about 
complete disappearance of the superficially 
worked structure. 

Anyhow, it is not possible to attribute to 
electrolytic polishing itself an effect of super- 
ficial disturbance permitting one to explain the 
formation of these abnormal slip lines. As we 
have shown with L. Beaujard, electrolytic 
polishing carried out on a freshly recrystallized 
surface of aluminum permits the obtaining of a 
surface rigorously exempt from disturbance. 
This is demonstrated by the perfection of 
geometrical forms, hitherto irregular etch 
figures, obtained on aluminum electrolytically 
polished. 


R, Mapp1n (author’s reply)—The explana- 
tion offered by Dr. Burke and upon which Dr. 
Barrett has elaborated appears to be the 
answer to the strange appearances of slip lines 
since such a brittle oxide film could react to a 
tensile stress as illustrated by Dr. Barrett’s 
Fig 16. The objection to this explanation, as 
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raised by Dr. Burke, does not apply since the 
method by which the flat surface of specimen 
Al-3 was etched did not remove the film from 
the rest of the specimen as indicated by metal- 
lographic examination, that is, the etched sur- 
face exhibited a “‘frosted”’ appearance. 

The very interesting discussion presented by 
Dr. Lacombe and Professor Chaudron raises 
the objection that a cold-worked structure may 
have persisted. Since the 3- to 4-hr electrolytic 
polishing time used would remove about o.oo 
in., it seems probable that the disturbed metal 
produced by the .mechanical polish was 
eliminated. (Further discussion on p. 99.) 
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Equilibrium Relations in Aluminum-sodium Alloys of High Purity 


By W. L. Fryx,* L. A. Wittey,* MempBers, AND H. C. Stumpr,* JuNnioR MemBer, AIME 


(New York Meeting, February 1948) 


VERY few studies of the aluminum-so- 
dium system have been reported. Heycock 
and Neville! were unable to detect any 
solubility of sodium in liquid aluminum. 
Mathewson? prepared an equilibrium dia- 
gram consisting of two horizontal lines at 
the melting points of the two metals. He 
was unable to detect solubility at either end 
of the system. Scheuer’ first developed a 
method for the chemical determination of 
sodium in aluminum and then studied the 
~ solubility of sodium in liquid aluminum: 
His method involved heating aluminum 
with excess sodium under hydrogen until 
the two liquids were at equilibrium, chilling 
the melt, and analyzing the aluminum-rich 
layer. He reported the solubility to be 0.10 
pct sodium at 700°C, 0.115 pct at 750°C, 
and 0.128 pct at 800°C. 

This paper on the aluminum-sodium sys- 
tem is the twenty-first in a series from the 
Aluminum Research Laboratories describ- 
ing equilibrium relations in aluminum alloy 
systems. 


MATERIALS 


The alloys for this investigation were pre- 
pared from electrolytically refined alumi- 
num (99.99 pct) and sodium of reagent 
quality conforming to specifications of the 
American Chemical Society.4 Chemical 
analysis of the aluminum showed the fol- 


Manuscript received at the office of the 
Institute October 31, 1947. Issued as TP 2339 
in MetAts TECHNOLOGY, February 1948. 

* Chief, and Research Metallurgists, respec- 
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lowing impurities: 0.002 pct Si, 0.002 pct 
Fe, 0.002 pct Cu, <o.cor pct Mn, 0.002 
pet Mg and o.0o1 pct Na. 

The sodium content of all alloys was 
determined by either chemical or spectro- 
graphic standard procedures® No. 11A and 
No. S11 respectively. 


DETERMINATION OF MISCIBILITY 


The boundary of the miscibility gap was 
determined by a modification of the 
method of Scheuer* and of that used by 
Henry and Cordiano.® As finally developed 
the method was as follows: A fused alumina 
crucible 25 mm id with 75 mm depth and 
I.5 mm wall thickness was placed on the 
bottom of a container made from a 4-in. 
length of 1}4-in. iron pipe and pipe caps. 
The space around the sides of the crucible 
was filled with 40 mesh crystalline alun- 
dum. A charge of 60 g of aluminum and 
to to 15 g of sodium was placed in the 
crucible, the sodium first being trimmed 
and rinsed with iso-pentane to remove kero- 
sene. The container was tightly capped, 
filled with argon (99.6 pct pure), and heated 
to the desired temperature (between 670 
and 800°C). A positive pressure of argon 
(about 8 mm of mercury) was maintained 
through a small pipe to the upper cap. 
After soaking for from 2 to 5 hr, the con- 
tainer was quenched by directing a stream 
of water onto the base, so that solidification 
of the aluminum-rich layer was rapid and 
essentially unidirectional. 

Analyses were made on drillings taken 


from the bottom of the ingots after 


machining off the surface layers. Pre- 
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liminary tests established that the sodium 
content tended to be high at the surface 
and around shrinkage cavities at the top 
but uniform throughout the rest of the 
ingot. 

Analyses of the specimens prepared in 
this manner are given in Table 1. 


TABLE 1—Solubility of Sodium in Liquid 


Aluminum 
No a eee Nake oe Time at Tem- | Sodium, 
é q °C ‘| perature-hr Per Cent 
First Series 
LB24* 700 4 0.18 
LB26 750 4 0.17 
LB2s 800 3he 0.16 
Second Series 
LB30* 695 3 0.17 
LB28 730 5 0.16 
LB31 790 0.15 
Third Series 
LB35 670 434 a07, 
LB36* 770 216 0.16 


a) EEE ee ee 
* Analysis showed the following impurities: 0.002 
pet Si, 0.002 pct Fe, 0.002 pet Cu, and 0.0004 pct Mg. 


SoLtip SOLUBILITY 


The solubility of sodium in solid alumi- 
num was studied by means of electrical 
resistivity and metallographic methods. 
Precision X ray diffraction measurement of 
lattice parameters on massive specimens 
was found to be impracticable because of 
the very coarse grain size of the high 
purity metal. The use of alloy fillings for 
parameter studies was considered imprac- 
ticable because of the probability of a 
loss of sodium from the alloys during 
heat-treatment. 

Alloys for solid solubility studies were 
made by adding sodium, wrapped in alu- 
minum foil, to a 9-10 kg melt of aluminum 
after fluxing with chlorine. A phosphorizer 
was used to make the addition. After the 
melt was skimmed ingots were poured 
immediately and after several 5- or 10-min. 
holding periods. The sodium content of the 


initial ingot (poured at 700°C) was 0.05 pct. 
After a holding time of 20 min. the sodium 
content had decreased to o.o1r pct. By 
adjusting the sodium addition and the hold- 
ing times, a similar series was prepared 
with a final sodium content of 0.003 pct. 
The sheet ingots were 38 by 200 by 150 
mm. These were scalped to 32 mm thick- 
ness and rolled at 225°C to 6 mm thickness. 
The sheet was then etched in 20 pct NaOH 
solution and cold-rolled to 1.62 mm (B and 
S 14 gauge; 0.064 in.). Table 2 gives chemi- 
cal analyses of samples of the sheet alloys. 


TABLE 2—Chemical Analysis of Alloys 


Weight Percentage 

Alloy No. - 

Si Fe | Cu | Mn | Mg| Na 
S88062 0. 003]0. 003]0. OOT|0. OOT/O. 003/0.05 
S$88963 0.033 
S$88964 0.025 
S88964-1 0.01 
$89497 0.002|/0.006/0.002/0. 001/0.002/0. 02 
$89408 0.009 
$89499 0.003 
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Electrical resistivity was determined by 
comparing the potential drop across the 
test specimens and a standard resistance 
when these were connected in series with a 
storage battery. The specimens of the 


alloys, 1.62 by 6.35 by 216 mm in size, were 


held in a constant temperature oil bath 
operating with a temperature fluctuation 
of less than +0.01°C. Potential drops were 
measured with a type K-2 precision 
potentiometer. 

No change in resistivity could be de- 
tected (in excess of a probable error of 0.1 
pet) with up to 0.05 weight pct sodium 
after a heat treatment of 6 hr at 300°C. 
Heat treating specimens for 3 hr at 600°C 
and quenching in cold water resulted in a 
mean increase in resistivity of less than the 
probable experimental error. These results 
indicated that the solubility of sodium in 
solid aluminum at 600°C was very low. 
Heat treating specimens for 2}4 hr at 6 Cola @ 
and quenching resulted in greater scatter 
because of deformation of the specimens in 
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handling. Any effect of sodium on the 
resistivity was masked in the scatter of 
results which appeared to be independent 
of sodium content. 


A 


DIRECT ANALYSIS 
7 8 
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polished electrolytically in a solution of 
fluoboric acid.® 

Examination revealed the existence of 
the sodium-rich phase in alloys with 0.003 


B 


DIFFERENTIAL ANALYSIS 
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7. MEASURING COUPLE 
8. HEATING-RATE COUPLE 
9. SPECIMEN DIFFERENTIAL COUPLE 


Fic 1—ARRANGEMENT OF SPECIMENS AND THERMOCOUPLES FOR THERMAL ANALYSIS BY THE 
“DIRECT”? METHOD (A) AND THE ‘‘DIFFERENTIAL” METHOD (B). 


An examination of sheet specimens under 
the microscope was made after they were 
given the following treatments: 

1. 6 hr at 300°C and cooled in air to 
room temperature. 2. 214 hr at 650°C and 
quenched in cold water. 3. 48 hr at 600°C 
and quenched in cold water. 4. 48 hr at 
600°C, cooled in the furnace to 300°C held 
for 96 hr and then cooled in air to room tem- 
perature. All heat treatments were carried 
out in argon atmosphere. After heat treat- 
ment, o.o1 in. of thickness was removed from 
the surface of the specimens by abrading 
with emery paper. The specimens were then 


pet and higher concentrations of sodium. 
The amount of the phase increased propor- 
tionately with sodium content. No differ- 
‘ence could be observed between specimens 
heat treated at high and at low tempera- 
tures. Thus the results have indicated a 
solubility of less than 0.003 pct of sodium 
in solid aluminum even at temperatures 
approaching that of the monotectic. 


THERMAL ANALYSES 


The monotectic temperature and the 
hypo-monotectic liquidus were determined 
by two methods of thermal analysis, which 
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will be designated here as the “direct”? and 
‘differential’? methods. The alloys studied 


were in the form of 14 ga. sheet prepared 


for solid solubility studies (Table 2) and of 
sheet prepared by forging and rolling the 
small ingots prepared in the study of liquid 
solubility. 

The furnace used consisted of a refrac- 
tory core threaded with coiled resistance 
wire, which was placed inside of a stainless 
steel shell with end blocks of transite. Re- 
fractory plugs extended into the core for 
50 mm from the transite bottom closure 
and lid, leaving a heating zone 60 mm in 
diam and too mm high. The low heat 
capacity of the assembly permitted rapid 
thermal response. The specimen holder was 
suspended from the lid. It was constructed 
of thin stainless steel sheet and was collapsi- 
ble so that rectangular specimens of sheet 
metal could be clamped in it. It was sur- 
rounded in the furnace by an alundum 
thimble, which served as a thermal shield to 
help maintain uniform heating and cooling 
conditions. 

In the direct method simple time-tem- 
perature heating curves were obtained for 
a pair of specimens, each 6 by 14 by 19 mm 
in size. As shown in Fig 1A two thermo- 
couples were inserted between the speci- 
mens. These were insulated and protected 
by thin sheets of mica. One thermoelement 
was used for the measurement of tempera- 


ture and was calibrated against the melting. 


point of high-purity aluminum before and 
after the analysis of each alloy. The other 
was part of a differential element with its 
second junction located outside of the 
alundum shield and near the wall of the 
furnace. A high speed photo-electric con- 
troller maintained a constant potential 
difference and thus an essentially uniform 
rate of heat input to the specimens. 

The differential method was adapted to 
the above experimental set-up from the 
method described by Dardel.’ It was based 


on the measurement of the temperature 
difference between equal specimens of the 


test alloy and of high-purity aluminum. 
The method of specimen arrangement is 
shown in Fig 1B. The thermocouple used 
for measuring temperature in the “direct” 


TABLE 3—Thermal Analysis of Aluminum- 
sodium Alloys 


Sodium, Mono- 


Alloy No. Per Method tectic, see 
ent Ke 

$880964-1 0.01 Differential | 658.95 

$88964-1 0.01 Differential 660.15 

S$88964-1 0.01 Differential | 659.15 | 660.0 

S$880964 0.02s | Direct 659.0 659.9 

S$88963 0.033 | Differential | 658.85 

$88963 0.033 | Differential | 658.95 

S88063 0.033 | Differential] 659.0 659.85 

S88819-3 0.05 Direct 659.0 659-7 

S88962 0.05 Differential | 659.0 650.6 

$88962 0.05 Differential | 659.05 | 659.7 

LBr4 0.07 Differential | 659.0 659.5 

LBr3 0.10 Differential | 659.0 650.25 

LBto 0.12 Direct 659.0 

LB1r2 0.14 Differential | 658.95 

LB26 OnLy Direct 659.0 


method of analysis was replaced by a differ- 
ential couple with junctions at the alumi- 
num-sodium alloy specimen and at the 
high-purity aluminum. Blocks of transite 
were inserted between the specimens to 
retard heat flow from the higher melting 
aluminum to the alloy. An additional 
thermocouple was placed at the center of 
the composite and connected to a recorder 
to indicate relative heating rates and the 
melting period. 

All thermoelements were made from 28 
ga. chromel and alumel wire. For the pre- 
cision measurement of temperature in the 
“direct”? method and of temperature differ- 
ence in the “differential” method, the 
potential of the thermoelements was read 
with a Leeds and Northrup type K-2 
potentiometer. The results from the two 
methods of analysis are given in Table 3. 
The melting point of high-purity aluminum 
was taken as 660.2°C.® 

The eutectic temperature was deter- 
mined from the sodium-rich layer resulting 
from the melting and treatment of an 
aluminum-sodium mixture at 700°C under 
an argon atmosphere. Heating and cooling 
curves for this alloy and for the original 
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sodium metal showed that the eutectic lies 
within 0.1°C of the melting point of sodium 


(97.5°C). 


STRUCTURE OF ALUMINUM-RICH ALUMINUM- 
sopium ALLOYS 


Structures representative of the alumi- 
num-sodium alloys are shown in Fig 2 


800 


750 
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shows the absence of solution effects after 
heat treating a 0.003 pct Na alloy at 600°C 
and quenching in cold water. Fig 5 shows 
an alloy containing 0.009 pct Na after heat 
treating at 600°C and quenching. 

Fig 6 and 7 show structures of different 
areas of specimen No. LB25 (Table 1) pre- 
pared for liquid solubility determination. 


WEIGHT % Na 
Fic 8—A.LUuMINUM END oF AL-NA SYSTEM, SHOWING LIMIT OF LIQUID SOLUBILITY. THE 
DIFFERENT SYMBOLS INDICATE CHEMICAL ANALYSES IN THREE SEPARATE GROUPS. 


through 7. Fig 2 and 3 illustrate the in- 
crease in amount of sodium rich phase with 
increase in sodium content from 0.003 to 
0.0§ pct in alloys heat treated at 300°C 
and air cooled. Comparison of Fig 2 and 4 


Fig 6 shows the structure at the bottom of 
the ingot where analysis indicated 0.16 pct 
sodium. A finely dispersed monotectic co- 
exists with primary aluminum, which has 
been increased in amount by undercooling. 


Fic 2—ALLOY CONTAINING 0.003 pct Na (S-89499-14-47843)- 

Fic 3—ALLOY CONTAINING 0.05 PcT NA (S-88962-14-47844). SPECIMENS HEATED 6 HR AT 300°C 

AND AIR COOLED. 
(Fig 2 and 3) Electrolytic polish X 100 
Showing distribution and relative amounts of sodium constituent at different sodium contents. 

Fic 4—ALLOY CONTAINING 0.003 PCT NA (S-89499-15-48163). 

Fic 5—ALLOY CONTAINING 0.009 PcT NA (S-89498-15-48161). SPECIMENS HEAT-TREATED 48 HR AT 

600°C. AND WATER-QUENCHED. 


(Fig 4 and 5) Electrolytic polish X 100 ; 
Comparison of Fig 4 with Fig 2 (above) shows lack of solution of sodium constituent at 600°C. 
Fig 5 shows the 0.009 pct Na alloy after heat treatment. ‘ 


Fic 6—ALLOY CONTAINING 0.16 pct NA (S-97350B-48160). 


Fic 7—ALLOY CONTAINING 0.22 pcT NA (S-97350T-48159). Bottom AND TOP, RESPECTIVELY, 
P OF SPECIMEN LB25. 
(Fig 6 and 7) Electrolytic polish 100 


Fig 6 shows fine monotectic plus primary aluminum, 
Fig 7 shows coarse monotectic plus excess sodium constituent. 
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Fig 7 shows the structure near the shrink- 
age cavity at the top of the ingot where 
analysis indicated 0.22 pct of sodium. 
Excess sodium-rich phase is seen in a 


661.0 


SG 


6595 


TEMPERATURE 


6590 


658.5 


temperature, as reported by Fink and 
Freche.!° This relation may be expressed: 
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WEIGHT % Na 
Fic 9—ALUMINUM END oF AL-NA SYSTEM, SHOWING THE | MONOTECTIC HORIZONTAL AND THE 
’ 
HYPO-MONOTECTIC LIQUIDUS AS DETERMINED BY THERMAL ANALYSIS BY THE ‘‘DIRECT”? METHOD 
(FILLED CIRCLES) AND BY THE ‘‘DIFFERENTIAL’’ METHOD (OPEN CIRCLES). 


monotectic matrix coarsened somewhat as 
the result of a slower rate of solidification. 


THE ALUMINUM END oF THE ALUMINUM- 
SODIUM SYSTEM 


The equilibrium relations of super-purity 
aluminum-rich aluminum-sodium alloys 
have been investigated from o to 0.2 pct 
sodium. The results are summarized in the 
diagrams of Fig 8 and 9. At a pressure of 1 
atm, a monotectic between aluminum-rich 
liquid solution containing 0.18 wt pct 
sodium, sodium-rich liquid solution and 
aluminum solid so]ution occurs at 659.0°C. 
The solubility of sodium in liquid aluminum 
decreases at higher temperatures reaching 
0.155 pct at 800°C. 

The solubility of sodium in solid alumi- 
num is found to be less than 0.003 pct at 
temperatures approaching the monotectic. 

The results of the experimental work 
may be compared with those calculated 
from the thermodynamic relation between 
melting point lowering, eutectic composi- 
tion and solid solubility at the eutectic 


in which: 
N’ = 100 — solidsolubility of Na (at. pct) 
N = 100 — monotectic composition (at. 
pet Na) 
H = 93 cal per g = 2511 cal per g atom 
T = monotectic temperature°K 
T’ = melting point of pure Al (933.3°K) 


Solution of this equation for monotectic 
composition, assuming a monotectic tem- 
perature of 659.0°C and a maximum solid 
solubility of 0.003 pct yields a value of 0.15 
wt pct Na. Although this calculated value 
is not a good check, the discrepancy is 
about the same as that encountered in 
other systems. 
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Grain Growth in High-purity Aluminum and in an Aluminum- 
magnesium Alloy 


By Paut A. Becx,* MEMBER AIME, Josepu C. Kremer,{ L. J. DemErt anp M.L. Hotzwortuf 


(Chicago Meeting, October 1947) 


INTRODUCTION 


For alloys which are in practice heat 
treated to obtain increased strength, such 
as steels, duralumin, copper-beryllium, and 
others, the treatment usually involves 
heating to a relatively high temperature. 
At such temperatures the grain size of the 
product is largely determined by grain 
growth. Even in metals and alloys annealed 
merely to relieve work hardening, recrystal- 
lization is generally followed by a certain 
amount of grain growth. Thus, effective 
grain size control, which is often of great 
practical importance in manufacturing 
processes, depends on the grain growth 
behavior of the material used. Despite its 
importance, grain growth has been the sub- 
ject of few investigations of a fundamental 
nature. 

The term ‘‘grain growth” has been used 
to designate a group of related, but dis- 
tinctly different, phenomena. The two most 
important and best known of this group 
are illustrated by the following example. 
Curve a in Fig 1 shows the increase of the 
average grain size of a copper-beryllium 
alloy, containing 2 pct Be and o.15 pct Co, 
with increasing annealing temperature. 
The time of annealing was 2 hr. The 
grain size was quite uniform in all speci- 
mens. The results of a similar experi- 
ment with an alloy containing 2 pct Be 


Manuscript received at the office of the 
Institute June 13, 1947. Issued as TP 2280 in 
MeEtALs TECHNOLOGY, September 1947. 

* Associate Professor of Metallurgy, Uni- 
versity of Notre Dame. 

+ Graduate Student, University of Notre 
Dame. 


372 


and 0.31 pct Co are shown by curve b 
It is seen that for any annealing tempera- 
ture below T, the grain size was smaller 
than in the previous case. Grain growth 
became slower with the higher Co content. 
This “inhibiting” effect of the higher Co 
addition was associated with the appear- 
ance in the microstructure of fine, light 
blue particles of the CoBe phase. Up to 
temperature T, the structure of the inhib- 
ited alloy (curve b) was just as uniform as 
the structures represented by curve a. 
However, after annealing at T, or at higher 
temperatures, the inhibited alloy showed 
some extremely large grains (much larger 
than the grain sizes developed by the 
uninhibited alloy with low Co content) 
mixed with the small grains according to 
curve b. The presence of these mixed or 
“duplex” structures is indicated in Fig 1 
by the vertical lines branching off curve bd. 

The type of-grain growth occurring in 
uninhibited Cu-Be alloys (curve a) has 
been most frequently and best investi- 
gated in brass. This type has been desig- 
nated as “normal grain growth,” while the 
grain growth phenomena occurring in in- 


hibited materials were, at times, referred to 


as “abnormal grain growth.” However, 
since the latter term has been applied 
occasionally to the phenomenon of critical 
recrystallization, which also results in large 
grains although by an entirely different 
mechanism, in the present paper a different 
nomenclature has been adopted in order to 
avoid confusion. 

_ Typical of the grain growth in uninhib- 
ited metals and alloys is the continuous 


. 
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increase of the average grain diameter with 
increasing time and temperature of anneal- 
ing, and the fact that the grain size is 
relatively uniform at all temperatures. This 


nated as “discontinuous grain growth.” 
Common to both types of grain growth is, 
of course, the increase of the average grain 
size during heating, and the fact that the 


0.20 
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Fic 1—THE GRAIN SIZE OF COPPER-BERYLLIUM ALLOY (a) WITH 0.15 PCT Co, and (b) WITH 0.31 PCT 
Co, AFTER ANNEALING FOR 2 HR AT VARIOUS TEMPERATURES. 


type of grain growth, which is found usually 
in pure metals and in solid solution alloys, 
will be designated as “‘continuous grain 
growth.” 

A very typical feature of grain growth in 
inhibited materials is the sudden develop- 
ment of extremely large grains at -the 
“coarsening temperature,” T. in Fig t. 
This abrupt coarsening and the resulting 
‘duplex structure” have been investigated 
by various workers in aluminum killed and 
similar steels.! The type of grain growth 
occurring in such materials will be desig- 


1 References are at the end of the paper. 


grains grow at the expense of other essen- 
tially unstrained grains. 

It has been recognized that with con- 
tinuous grain growth the two most impor- 
tant factors are the time and temperature 
of heating. Because of practical limita- 
tions on varying the time, most investi- 
gations in this field studied the effect 
of varying the temperature. There are 
many results of this kind available in the 
form of curves similar to curve a in Fig 1. 
However, relatively little work has been 
done on isothermal grain growth. It has 
been generally known that, for a given 
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annealing temperature, the grain size at 
first increases with the annealing time at a 
high rate, but then the rate of growth 
gradually decreases. The idea that there is 
an “ultimate grain size” for each anneal- 
ing temperature, which is gradyally ap- 
proached upon continued annealing, has 
become quite generally accepted. One of the 
first and clearest expressions of this idea is 
found in the following quotation: ‘In 
other words, there is an apparent equili- 
brium grain size for each temperature. 
As the temperature of the metal is raised, 
grain growth takes place until the growth 
force is reduced to a point where it can no 
longer cause growth under the existing 
conditions of temperature and obstruction. 
The metal is then in a state of metastable 
equilibrium as regards grain growth.’ 
This view was accepted by Dean and Hud- 
son* who were the first to publish isothermal 
grain growth data. Their experiments were 
made with 1 pct antimonial lead at three 
different temperatures. The annealing 
times ranged from o.5 to a maximum of 
240 min. The results were fitted to curves 
according to the formula: 


log V e ae kt [r] 
where V is the ultimate grain volume at 
the temperature in question, x is the aver- 
age grain volume at time ¢ and bk is a 
material constant. It was assumed by these 
authors that after 240 min. of annealing at 
250°C the “ultimate” grain size has been 
approached to a sufficient accuracy for 
using the grain volume thus obtained as V 
in Eq 1. Tammann and Crone‘ studied 
isothermal grain growth in lead, silver and 
zinc for periods of 1 to 100 min. They 
represented their results by the following 
formula: RS 


+b [2] 


Here » is the number of grains per sq mm 
of a polished section after annealing for the 
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period #, and & and b are material constants. 
This formula also leads to a finite “ulti- 
mate” grain size for very long periods of 
heating. It is interesting to note that both 
investigations used relatively short periods 
of anneal, and that the fit of their experi- 
mental points to the calculated curves is 
not good enough to encourage extrapolation 
for much longer periods of time. Under such 
circumstances the idea of an asymptotically 
approached ‘‘ultimate grain size” for each 
temperature can not be considered any- 
thing but an assumption. Harker and 
Parker® postulated for theoretical reasons 
that cessation of grain growth does occur 
as a result of the gradual approach by the 
grains to a regular shape, such as the 
rhombic dodecahedron. Recent work by 
R. S. French® on grain growth in brass 
shows a decreasing rate of isothermal 
growth, but no stoppage of grain growth 
up to 5 hr, at three different temperatures. 
The results of Walker* indicate that there 
may be a large decrease if not a complete 
cessation, of the rate of grain growth in 
brass after about 3 or 4 hr at 700°C. 
However, the annealing periods used did 
not exceed 8 hr. This, and the scattering 
of the data, make it difficult to draw a 
definite conclusion in this respect from 
Walker’s work. 

In order to obtain data more decisive 
than those hitherto available concerning 
the main features of isothermal grain 
growth, the present investigation was 
planned so as to extend the range of both 
the time and temperature of annealing as 
much as possible. By using thin (0.020-in.) 
strip specimens and salt pot furnaces, very 
short heating-up periods could be obtained 
and annealing periods as short as 20 sec 
were fairly well defined. Considering the 
decreasing rate of isothermal growth it 
seemed most economical to increase the 
annealing periods in geometric progression. 
A maximum annealing period of 11 days 
was adopted giving a ratio of longest to 
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shortest annealing period, at each tempera- EXPERIMENTAL PROCEDURE 
ture, of approximately 4.5 X 104. 
It has been known that in some instances, For each ingot approximately 500 g of 


small amounts of impurities have consider- high purity aluminum (or alloy) were 


Fic 2—GRAPHITE MOLD WITH CYLINDRICAL FIG 3—ARRANGEMENT OF MOLD, WATER JET, 
INSERT FOR CASTING ALUMINUM INGOTS. AND HOT TOP FOR DIRECTIONAL SOLIDIFICATION 
OF INGOTS. 


able effect on grain growth. For this reason melted in a crucible machined from 
_ it appeared necessary to use a high purity Acheson Graphite AGW. During the melt- 

metal as starting material, to which planned ing period the crucible was closed by a 
additions of solid solution and second phase graphite cover. Immediately before casting 
forming elements can be made. Aluminum _ the cover was rotated to a position where 
__was used because of its availability asahigh the openings of the cover and of the crucible 
__ purity metal, because of the ease of casting coincided, so that the molten aluminum 
and processing with available equipment, could be poured into a mold. The mold, 
and finally, because of the convenient an- shown in Fig 2, was also machined from 

nealing temperature range in which high Acheson Graphite AGW. The mold con- 
accuracy could be maintained. Data were sisted of the bottom part B, and of the 
also obtained for a solid solution type alloy cylindrical insert C which hada good sliding 
of high purity, containing 2.1 pct Mg. The fit with B. The top was closed by the cover 
effect of prior deformation was studied by A. During pouring, the cover A was 
using two sets of high purity aluminum removed and the melt was poured inside 
specimens, one with 33 and the other with the insert C. After replacing the cover, the 
80 pct final reduction by rolling. — mold assembly was placed in the furnace 


———_ 
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and re-heated to about 700°C. The insert 
C was then carefully removed, the cover 
replaced, and the assembly again heated to 
about 700°C. The oxide skins formed during 
pouring were removed, to a large extent, 
when the insert was pulled out. This method 
eliminated the formation of surface cracks 
in the ingot during subsequent rolling. 

After the mold assembly reached 700- 
730°C it was removed from the furnace and 
placed in a copper cup, G in Fig 3, and 
mounted above a quenching jet Ff. The 
water spray E hit the bottom of the copper 
cup, which cooled the bottom of the mold 
B. The cover A was removed and replaced 
by a large cylindrical graphite block D, 
which had also been heated to 700-730°C. 
This kept the top of the mold hot, while 
the bottom was being energetically cooled. 
Under such strongly directional solidifica- 
tion conditions the ingots produced were 
essentially free from gas and shrinkage 
porosity and also from shrink pipe. 

The two high purity aluminum materials 
used had the following lot analyses 
furnished by the Aluminum Co. of America: 


TABLE 1—Lot Analyses 


Lot B, 


0.002 
0.003 


0.006 
Not detected 


Spectrographic analysis of the ingots failed 
to show any increase in the amounts of 
these impurities as a result of the melting 
and casting, within the accuracy of the 
analysis. The magnesium used for making 
the 2.1 pct Mg alloy was from a high purity 
distilled stock of Mg crystals. 

The ingots produced by the method 
described were so sound it was found 
that only a very small fraction of the 
top of the ingot had to be cut off. The 
cylindrical ingots of approximately 5-in. 
length, and 144-in. diam usually consisted of 
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approximately to large grains. Sometimes 
one grain occupied almost half the volume 
of the ingot. (The 2.1 pct Mg alloy ingots 
consisted of about 30 grains). These coarse 
grained ingots had to be broken down into a 
uniformly fine grained strip. This was ac- 
complished by a series of alternate rolling 
and annealing operations, which led to 
successively finer and finer grain sizes. 
The rolling and annealing schedule used 
for ingots 18(Al) and 21(Al-+ 2.1 pct 
Mg), from which the two main series of 
specimens were obtained, is given in 
Table 2. The outlined schedule of rolling 


TABLE 2—Rolling and Annealing Schedule ~ 
for Ingots 18 and 21, Specimen Thickness 
0.020 in, 


Rolled to 
Thickness 


Annealing Time—Deg. Centigrade 


1 hr at 600 

16 hr at 400 
16 hr at 400 
16 hr at 400 
1o hr at 400 
1g hr at 350 


035 inches 

800 inches 

550 inches 

360 inches 

240 inches 

160 inches 

1g hr at 350 

1g hr at 350 

10 min. at 350 

10 min. at 350 (No 18, Al only) 

9 hrs at 350 (No 21, Al + 2.1 pct 
Mg only) 


100 inches 
067 inches 
044 inches 
030 inches 
030 inches 


coooooocoooor 


020 inches 


° 


and annealing was adopted because it 
was found that the most uniform grain size 
could be obtained by using a series of 
33 pct reductions by rolling. The uniform- 
ity of the grain size increased with the 
number of 33 pct reductions. However, 
even when the above schedule was used, 
a certain amount of non-uniformity, that is, 
the occurrence of some larger grains in a 
generally fine-grained matrix, was noted in 
that portion of the high purity aluminum 
strip which was derived from the upper 
half of the original ingot. 

The rolling and annealing schedules for 
pute aluminum ingot 27, from which the 
specimens of 0.067 and 0.160-in. thickness 
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were prepared, are given in Tables 3 and 
4. The schedule for the 0.020-in. thick pure 
aluminum specimens with 80 pct final 
reduction is given in Table s. 


TaBLE 3—Rolling and Annealing Schedule 
for Ingot 27; Specimen Thickness 0.067 
and 0.160 inches 


Rolled to Thickness Annealing Time—Deg. 


Centigrades 
2 

1.035 inches t hr at 600 
0.800 inches 1g hr at 400 
0.550 inches 16 hr at 400 
0.360 inches 1g hr at 350 
0.240 inches 10 min. at 350 
0.160 inches 10 min. at 350 
0.100 inches 6 min. at 350 
0.067 inches 


TaBLE 4—Rolling and Annealing Schedule 
for Ingot 27; Series of Specimens with 
Varying Thickness 


: : Annealing Time—Deg. 
Rolled to Thickness Ceaticcade 
1.035 inches 1 hr at 600 
0. 800 inches 146 hr at 400 
0.550 inches 14 hr at 400 
0.360 inches 44 hr at 350 
0. 240 inches 10 min. at 350 
0.160 inches 10 min. at 350 
0.100 inches 10 min. at 350 
0.067 inches 10 min. at 350 
0.044 inches 10 min. at 350 
0.030 eee 10 min. at 350 
0.020 inches 


TaBLE 5—Rolling and Annealing Schedule 
for Ingot 12; Specimen Thickness 0.020 
Inches 


ee 


: Annealing Time—Deg. 
Rolled to Thickness Gontiorsde 

I.35 inches t hr at 600 

I.10 inches 50 min. at 550 
0.80 inches 45 min. at 450 
0.199 inches 30 min. at 400 
0.100 inches 30 min. at 350 
0.020 inches 


The schedule for the 0.067, 0.100 and 
0.160 in. thick specimens made from ingot 
No. 22 (Al + 2.1 pct Mg alloy) is given in 
Table 6. 

When a portion of a strip was etched 
during the processing, in order to measure 


the grain size, it was noted after subsequent 
rolling and annealing that the grain size was 
smaller in a thin layer directly underneath 
the previously etched portion of the surface. 
Apparently etching had the effect of re- 
tarding grain growth. 


TABLE 6—Rolling and Annealing Schedule 
for Ingot 22; Specimen Thickness 0.067, 
0.100 and 0.160 inches 


Rolled to Thickness Annealing Time—Deg. 
Centigrade 
1.035 inches 1 hr at 600 
0.800 inches 1g hr at 400 
0.550 inches 16 hr at 400 
0.360 inches 16 hr at 400 
0.240 inches 10 min. at 400 
0.160 inches 20 min, at 400 
0.100 inches 6 min. at 400 
0.067 inches 


After the final rolling to 0.020-in. thick- 
ness the strips were cut into specimens, 
each one extending over the full width of 
114 in. of the strips and 34 to 1 in. in the 
direction of rolling. The thicker specimens, 
used for the higher temperatures, were 
allowed 1.5 in. in the direction of rolling, in 
order to increase the total number of 
grains available for counting. The speci- 
mens were then consecutively numbered in 
the order in which they occurred in the strip 
from the bottom to the top of the original 
ingot. They were drilled through one end 
and when placed in the salt bath for anneal- 
ing, they were hung on steel hooks. The pot 
furnaces used were heated electrically and 
controlled automatically to approximately — 
+1°C for the short time runs, and about 
+ 2°C for the two longest annealing periods. 
The temperature distribution was deter- 
mined by means of a thermocouple placed 
in a thin walled steel shield and it was 
found to be extremely uniform, except for 
the bottom inch and the top two inches of 
the salt bath. Even so, the aluminum speci- 
mens were hung in the salt bath in such a 
manner that they were placed very close 
to the thermocouple tip. The weight of the 
0.020-in. thick aluminum specimens was 
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approximately 1.4 grams max. Because of 
the small mass and the large surface of 
these thin strip specimens, it could be 
assumed that their heating-up period was 
less than 2 sec. No temperature drop could 
be measured with the thermocouple placed 
in the salt bath even when six of the 
samples were simultaneously introduced. 

The annealing temperatures used were 
the following: 350, 400, 450, 500, 550, 600 
and 650°C. For the 2.1 pct Mg alloy 650°C 
exceeds the solidus temperature, and so 
600°C was the highest temperature used. 
At each of these temperatures eight speci- 
mens from each strip were annealed for the 
following periods of time (one specimen for 
each period): 29 sec, 1 min., 5 min., 25 min., 
125 min., 625 min., 3125 min., and 15,625 
min. After being removed from the salt 
bath, each specimen was immediately im- 
mersed in water at room temperature. No 
noticeable reaction took place between the 
aluminum specimens and the salt bath, 
except for the magnesium containing alloy 
at the two highest temperatures. At 600°C 
the specimens of the alloy containing 2.1 
pet magnesium, which were annealed for 
the two longest periods, were covered with 
heavy black scale to such an extent that 
the 11 day specimen could not be used. The 
oxidation at 550°C was quite noticeable, 
particularly for the longer periods of an- 
nealing, but it did not interfere with the 
experiment. The high purity aluminum 
specimens were annealed without difficulty 
‘arising from oxidation even at 650°C. 

After some experimentation the follow- 
ing etching reagent was found to give best 
results in showing the grains: 


Etching Reagent 


20; CC.fis os aes glycerine 
BO CO or ayes concentrated hydrochloric acid 
2 CCirhs a eats concentrated water solution of FeCls 
7 drops of concentrated hydrofluoric acid 
ONS aR Gerace concentrated nitric acid 


Continued etching of the specimens to 
increasing depth revealed an initial increase 
in the average grain size with the distance 
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from the surface. Numerous small grains 
were visible after a shallow surface etch 
but these gradually disappeared and, at a 
depth of about 0.005 in. below the rolled 
surface, only the larger grains remained. 
Further etching caused little or no increase 
in the average grain size of the 0.020 in. 
specimens. All these specimens were, there- 
fore, etched on both sides until their thick- 
ness was reduced to o.o10 in., From the 
thicker specimens a correspondingly thicker 
surface layer was removed, either by etch- 
ing or by milling and etching, before count- 
ing the grains. 

The instrument used in the determina- 
tion of grain size was adapted from a 
commercial Wilder microprojector by pro- 
viding it with a special illuminating device 
consisting of three Spencer universal 
microscope lamps mounted so as to give 
oblique illumination from different direc- 
tions. The lamps, each equipped with a 
different colored filter to give greater con- 
trast to the reflections from neighboring 
grains, were fastened to a cylindrical sleeve 
whose axis of rotation coincided with the 
optical axis of the microscope. Thus the 
position of the lamps could be varied while 
retaining the three beams of light focused 
on the same spot of the specimen. Projec- 
tion was made to the glass screen of the 
instrument at magnifications of 10X, 
31.5 X, 63X, or 102X. 

The grain boundaries in the projected 
specimen surface area were traced on a 
lumarith plastic sheet fastened to a glass 
screen replacing the ground glass of the 
Wilder projector. The lumarith sheet had 


opaque finish on one side; this opaque sur- ~~ 


face captured the projected image. A cer- 
tain number of grain boundaries were 
clearly delineated in each position of the 
lamps. By rotating the three lamps into 
different positions with respect to the 
specimen, it was possible to bring out 
successively all grain boundaries and to 
prepare a composite tracing showing all 
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grain boundaries in the projected area of 
the specimen surface. 

The number of grains was counted in each 
case on a square area containing at least 
50 grains. (There were a few very coarse 
grained specimens where a somewhat lower 
number had to be used.) The grains entirely 
contained within the square were counted 
and half of the number of grains partially 
within the square was added to this figure. 
Ten square areas of equal size were counted 
for each specimen, so that the following 
computations were based on at least 400 
grains and, in most cases, on many more. 

The number of grains per sq mm of the 
specimen surface was calculated for each 
of the ten squares. These were averaged to 
obtain the average number of grains per 
sq mm for the specimen. The standard 
deviation for the ten measurements was 
computed. For each specimen the average 
grain diameter was calculated from the 
average of the ten grain counts. The range 
of grain diameters was computed as follows: 
The ‘“‘extremely probable range” of error 
for the average number of grains was ob- 
tained from an alignment chart.’ This 
value can be read off the chart if the uncor- 
rected (measured) standard deviation and 
the “‘sample size” (which is here 10) are 


| _ known. The chart incorporates the correc- 


tion of the standard deviation for ‘‘sample 
size.” The range of the number of grains is 
symmetrical around the average. The range 
of grain diameters, computed from the 
“extremely probable range” of error for 
the number of grains, is not symmetrical 
around the average grain diameter. 

The described procedure had to be modi- 
fied for specimens annealed at the higher 
temperatures, where the grain sizes became 
very large. In such cases one large rec- 
tangular area on each side of the specimen 
was counted at a magnification of 6X and 
no attempt was made to. determine the 
standard deviation. 
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RESULTS 


The results of grain size determinations 

for high purity aluminum, Lot A, annealed 
after 33 pct reduction by rolling, are given 
in Fig 4. For rolling and annealing schedule 
see Table 2. Here the average grain size 
and the grain size range discussed in the 
previous section were plotted logarith- 
mically against the logarithm of the anneal- 
ing time. The points corresponding to a 
certain annealing temperature are con- 
nected with a line. It can be seen readily 
that the initial portion of this line, for all 
annealing temperatures, with the exception 
of 650°C, is straight and sloping. (The 
deviation from the straight line of the first 
points at 350, 4oo and 4so°C will be 
discussed later.) The line for 650°C is 
straight and horizontal, showing no grain 
growth from 20 sec to 11 days. The curved 
portions of the lines for 600, 550 and 450°C 
also turn almost horizontal, approaching 
the same grain size value that was obtained 
at 650°C. Such leveling off is not observed 
at 4oo and 350°C, within the annealing 
periods used. . 
_ The straight and sloping initial portion 
of the log grain size vs. log annealing time 
lines defines the empirical law of isothermal 
grain growth in high purity aluminum. For 
a certain temperature this may be ex- 
pressed, to a first approximation, by the fol- 
lowing equation: 


D=K.t [3] 


where D is the average grain diameter after 
an annealing period ¢. K and are param- 
eters which are constant during isothermal 
grain growth, but vary with the tempera- 
ture. The exponent 1 is the slope of the 
straight line portion in the log D vs. log t 
plot (Fig 4). This is immediately apparent 
from the logarithmic form of Eq 3: 


log D = log K + m. log t [a] 
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In Fig 4 the points corresponding to the 
shortest annealing period at each of the 
three lowest annealing temperatures, 350, 


1.0 
0.9 
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At the point of just complete recrystalliza- 
tion ¢, = O, and the grain size is D,. If 
Eq 3 (or 6) would be valid all the way to 


0.8 


0.7 


0.6 


S 
ws 


‘Oo 
Ww 


D, mm, (log scale) 


0.2 


400 and 450°, are located distinctly below 
the best straight line drawn through the 
other points. In Fig 4 the abscissa is 
plotted on the basis of the total annealing 
time ¢ which may be considered as the 
sum of the time for recrystallization R, 
a constant for any given temperature, and 
the time for grain growth (¢,): 


t=1,+R [s] 
Eq 3 may then be written as follows: 


D=K.(t,+ R)* [6] 


Sy EY vi 6 
Time, min. (log scale) 
Fic 4—AVERAGE GRAIN DIAMETER (LOG PLOT) OF HIGH PURITY ALUMINUM, Lot A, ANNEALED 


AT VARIOUS TEMPERATURES, AS A FUNCTION OF ANNEALING TIME (LoG PLOT). 33 PCT REDUCTION 
BY ROLLING. SPECIMEN THICKNESS 0.020 IN. 


asi) 


that point, then: 
D, = K . R* 


and the straight lines in Fig 4 would ex- 
tend to the times R for complete recrys- — 
tallization. The recrystallization times 
were determined for 350 and 400°C by 
hardness measurements and confirmed by | 
X ray diffraction. They are indicated in Fig 
4 by vertical dash-dot lines marked R359 and 
Roo. It is apparent that the grain growth 
lines for both 350 and 400°C, and also for 
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450°C, deviate from the straight line before 
the recrystallization points are reached. 
These deviations prove that, for short 
periods of annealing, Eq 3 (or 6) is not 
valid. A parameter A may be deter- 
mined for each temperature, so that the 
corrected equation 


D=K -(t, + A)* [7] 


will be valid all the way to just complete 
recrystallization. At that point ft, = O, and 


D, = K.A* [3] 


As shown above, A is not equal to R at 350, 
4oo and 450°C for high purity aluminum. 
Its approximate values for 350 and 400° 
were determined from the graphs of Fig 4. 
These values and their estimated range, to- 
gether with the times for complete recrys- 
tallization, are given in Table 7. It is seen 
that A varies with the annealing tempera- 
sure in the same sense as R does. 


TaBLeE 7—High Purity Aluminum, Lot A 


Annealing 
Temperature, °C A R 


4.7 + 0.3 min 
20 + 2 sec 


350 te 
400 


The selection of an exact value for A 


affects only the lowest points of the grain 


growth lines, and the contribution of A 


becomes negligible as /, increases. 

A definite tendency was noted for the 
average grain size, as recrystallized, to 
increase with decreasing recrystallization 
temperature.* In specimens rolled 33 pct 
and recrystallized, X ray diffraction gave 
very little, if any, indication of the presence 
of a preferred orientation. 


Differentiation of Eq 3 gives the follow- _ 


ing expression for the rate of growth: 


dD _ oF 


Since » <1, the rate is decreasing with 


time; the rate of decay depends on the 
numerical value of 2. If [9] is divided by [3], 
one obtains 


rdD_n 
Dich Gat 
from which: 
CD ey 
Serge [ro] 


This equation makes it possible to interpret 
n as the ratio of the instantaneous rate of 


dD 
growth au) the average rate of growth 


ID D, Y 7% as : . 
aa if D, is negligible in comparison 


with D, and R is negligible in comparison 
with ¢. 

It is seen in Fig 4 that the slope m of the 
straight portion of the grain growth lines 
increases with the annealing temperature. 
This effect is obscured at annealing tem- 
peratures higher than 450°C, where devia- 
tions from the straight line relation occur 
after so short annealing periods that the 
determination of reliable 1 values, with 
specimens 0.020 in. thick, becomes impos- 
sible. These deviations are a result of the 
“specimen thickness effect,’ which is 
discussed further below. In view of the diff- 
culties encountered with thin specimens at 
high temperatures, two sets of specimens 
0.067 in. thick and one set 0.160 in. thick 
were prepared, according to the schedule 
in Table 3, and used for isothermal grain 
growth study at 500, 550 and 660°C. The 
results are shown in Fig 5. Fairly good 
straight lines were. now obtained for high 
purity Al at 500 and 550°C, although the 
scatter of the points here is worse than at 
the lower temperatures. At 600°C, even 
with the specimens 0.160 in. thick, the 
straight line portion was too short to give a 
reliable value for . The best values of 
m for the various annealing temperatures, 
as determined from Fig 4 and 5, are given 
in Table 8. Line a in Fig 6 represents a plot 
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of the logarithm of » vs. the reciprocal 
absolute temperature. The points for high 
purity aluminum satisfy a straight line. The 
slope of this line corresponds to a “heat of 
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rate of a process. An attempt to compute a 
heat of activation value from grain growth 
data in a different way was described briefly 
in a previous publication.!? However, the 


0.2 | $ 2 
Time, min. (log scale) 


Fic 5—AVERAGE GRAIN DIAMETER (LOG PLOT) OF HIGH PURITY ALUMINUM, Lot A, ANNEALED 
AT VARIOUS TEMPERATURES, AS A FUNCTION OF ANNEALING TIME (LOG PLOT). 33 PCT REDUCTION 
BY ROLLING. SPECIMEN THICKNESS 0.020 IN. FOR 350, 400 AND 450°C, 0.067 IN. FOR 500 AND 
550°C, 0.160 IN. FOR 600°C. 


TaBLE 8—Values. of n for Various Anneal- 
ing Temperatures 


n 


Annealing 

Temperature 

Deg. Centi- Pure Al, Pure Al, Al + 2 Pct 
grade Lot A 33 Lot B 80 | Mg 33 Pct 

Pct Rolled | Pct Rolled Rolled 

350 0.056 0.068 
400 0.088 0.107 0.17 
450 0.13 0.152 0.265 
500 0.198 0.376 
550 0.252 0.41 
600 0.322 0.445 


activation” value of 7.7 K cal per g atom. 
It may be questioned, however, whether a 
value derived in this manner can be con- 
sidered as a true heat of activation, as ” 
does not have the physical meaning of the 


125 625 3125 15625 


values obtained varied with the annealing 
temperature and with the grain size. Also, 
they appeared to be more closely related to 
recrystallization than to grain growth. 

The complete cessation of grain growth, 
as shown by the 650°C line in Fig 4, 
when the average grain size reaches about 
0.6 mm in specimens which are 0.5 mm 
thick, might indicate a specimen thickness 
effect. This interpretation was checked by 
preparing a series of high purity aluminum 
specimens of varying thickness, according 
to the schedule in Table 4, and annealing 
them for 625 min. at 650°C. The results are 
shown in Fig 7, line a. The largest average 
grain sizes obtainable by continuous grain 
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Fic 6—EXPONENT (LOG PLOT) AS A FUNCTION OF TEMPERATURE (RECIPROCAL ABSOLUTE TEM- 
PERATURE PLOT). 
a. High purity aluminum, Lot A, 33 pct reduction. 
b. High purity aluminum, Lot B, 80 pct reduction. 
c. Al + 2.1 pct Mg alloy (high purity), 33 pct reduction. 


Maximum grain size, averoige diameter , mm. 


| 
Specimen thichness ,mm. 
Fic 7—LARGEST GRAIN SIZES OBTAINABLE BY CONTINUOUS GRAIN GROWTH IN HIGH PURITY ALUMI- 


NUM VS. THE SPECIMEN THICKNESS. — 
a. Specimens not etched before annealing. 
b. Specimens etched before annealing. 
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growth increase linearly with the thickness 
of the specimen. Line } shows the largest 
average grain sizes in specimens rolled to 
lightly 


varying thicknesses and _ then 


No 
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two pieces. One of these was etched down to 
a thickness of 0.020 in., the other to a thick- 
ness of 0.064 in., and then both annealed 
together for 625 min. at 650°C. The result 


Fic 8—TyYPpICAL STRUCTURES OF PURE ALUMINUM SPECIMENS ANNEALED FOR 625 MIN. AT 
650°C, AFTER BEING ROLLED TO VARIOUS THICKNESSES. MAGNIFICATION 3X. REDUCED APPROXI- 


MATELY ONE FIFTH. 


a. Rolled to 0.067 in. before annealing. 
b. Rolled to 0.020 in. before annealing. 
c. Rolled to 0.067 in. and lightly etched before annealing. 
d. Rolled to 0.020 in. and lightly etched before annealing. 


etched (thickness decrease due to etching: 
0.002 in.) before annealing. The maximum 


average grain size here is proportional to, | 


and just slightly larger than, the specimen 
thickness. Typical structures of these two 
series of specimens are shown in Fig 8 a, b, 
Cd: 

An additional experiment was carried out 
by cutting a 0.067 in. thick specimen into 


is shown by the open circles in Fig 7. Even 
though the whole thickness difference be- 
tween the two samples was, in this case, 
due to etching, the resulting grain sizes 
were very nearly the same as in the samples - 
rolled to the corresponding thickness and 
then just lightly etched. These two points 
indicate grain sizes equal to the specimen 
thickness. It was noted that in the etched 
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specimens the grain size was more uniform 
than in the unetched ones. 

Apart from the relatively small etching 
effect just described, it is evidently the 


men, and the grain boundary surfaces tend 
to be approximately perpendicular to the 
specimen surface. The fact that grain 
growth stops at this stage can also be 


Q 
g 
S 
2 


LI 
RL 
a 


AWA : 
S 
ie 
£ 
QF 03 


= 
‘el 


ie 


0.2 


ou 
SiS 


eS 
ae 


Oz 


foe 
NI 
GH 
a 
aw 
a 
RS 


Time, min. (log scale) ° 


Fic 9—AVERAGE GRAIN DIAMETER (LOG PLOT) OF HIGH PURITY ALUMINUM, Lot B, ANNEALED 
AT VARIOUS TEMPERATURES, AS A FUNCTION OF ANNEALING TIME (LOG PLOT). 80 PCT REDUCTION 


BY ROLLING. SPECIMEN THICKNESS 0.020 IN. 


specimen thickness that determines the 
limit to which the average grain size may 
increase in high purity aluminum by the 
mechanism of continuous grain growth. 
As seen in Fig 4, the grains in specimens 
0.020 in. thick grew to their maximum size 
at 650°C in about 20 sec or less, and grew 
no more in 11 days. Fig 7 shows that grain 
growth stops when the grain size is equal 
to or a little larger than the specimen 
thickness. At this point the grains extend 
through the whole thickness of the speci- 


expressed by stating that there is no two- 
dimensional (continuous) grain growth. 
Fig 9 gives the grain growth data for 
high purity aluminum, Lot B, which was 
subjected to 80 pct reduction by rolling 
before annealing. The processing of this 
material was done according to Table 5, to 
a final thickness of 0.020 in. In comparison 
with the data for pure aluminum rolled 
33 pct, it is noted that after annealing at 
the higher annealing temperatures, such as 
600°C, the grain sizes for the more severely 
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worked material were larger. At lower 
annealing temperatures, such as 350°C, the 
reverse was true. These conditions are 
shown in Fig 10, a schematic diagram, 


A; A? 
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assumed in this schematic representation 
that the slope 2 did not change with vary- 
ing deformation. As shown below, this is, 
strictly speaking, not true. However, the 


Aste eA 


log time 


Fic 10o—SCHEMATIC DIAGRAM SHOWING THE EFFECT OF VARYING AMOUNTS OF COLD WORK ON 
SUBSEQUENT GRAIN GROWTH.* 


where the continuous lines represent grain 
growth after a smaller deformation, and 
the dash lines indicate grain growth after a 
larger deformation. The relative position 
of the two curves at the lower temperature 
T, is the reverse of that at the higher tem- 
perature 7. (See points P and O, as against 
points L and M.) The above change in 
relative positions can be accounted for in 
terms of a displacement of the points cor- 
responding to just completed recrystalliza- 
tion (solid circles). Apparently, A decreases 
with increasing amount of cold work, as R 
is known to decrease. Fig 10 also takes into 
consideration the known fact that D, be- 
comes smaller as the amount of cold work- 
‘ing increases. For simplicity it was 


*D~1, D~2, and so on, should be read Dy, 
Dy», and 60 on. 3 


essential point of the above discussion still 
remains that the relative grain sizes may 
be accounted for, at least qualitatively, by 
considering the effect of increasing de- 
formation on the recrystallization process 
alone. 

The slopes » for the 80 pct rolled stock 
were about 1.18 times higher than for the 
33 pct rolled material (See Fig 6, line b). 
It is not ‘certain whether this small differ- 
ence in slope was a result of the increased 
cold working, or of the slight difference in 
lot analyses. The slope values obtained 
for temperatures above 450°C are again 
unreliable because of the specimen thick- 


ness effect. The maximum average grain 


size in specimens 80 pct reduced by rolling 
was very much the same as that in speci- 
mens finished to the same thickness by 


o~oee 
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33 pet rolling, namely slightly larger than 
the specimen thickness. 

The microstructure of the pure alumi- 
num specimens 80 pct rolled and just re- 


crystallized had a characteristic “stringy” 
appearance, with many grains elongated in 
the direction of rolling (Fig 11). It was at 
: first suspected that these specimens repre- 
sent incomplete recrystallization. However, 
X ray diffraction, as well as hardness 
measurements, showed clearly that this 
was not true. Apparently, the grains formed 
by recrystallization were, in such samples, 
not all equiaxed. Traces of this peculiar 
structure were detected even after long 
annealing periods at 350°C, when consider- 
able grain growth had occurred. 

In the specimens rolled 80 pct and re- 
crystallized, X ray diffraction showed the 
presence of a very definite preferred orien- 
tation. This was clearly present even after 
125 min at 350°C, after some grain growth 
had taken place. 

The results obtained with 0.020 in. ‘thick 
specimens of the Al + 2.1 pct Mg alloy, 
prepared according to the schedule in 
gavle 2, are given in Fig 12. It is apparent 


Ce IA 


NT NE ee 


0 


that grain growth in this alloy also followed, 
at least approximately, the D=K.¢ 
relation. The deviations occurring at the 
lower end of the sloping straight lines were 


Fic BS esrawc? STRUCTURE” OF COMPLETELY RECRYSTALLIZED PURE ALUMINUM SPECIMEN, 
ANNEALED FOR 20 SEC AT 400°C, AFTER 80 PCT REDUCTION BY ROLLING. MAGNIFICATION 25%. 


in a direction opposite to that found for 
pure aluminum. As a result, the param- 
eter A, calculated as described previously, 
is in this case larger than the time of 
recrystallization R. The time of recrystal- 
lization was determined by hardness 
measurements and checked by means of 
X ray diffraction for 400 and 450°C. These 
values and their estimated range, together 
with the corresponding A values, are given 
in Table 9. 


TABLE 9—A/ + 2.1 pet Mg Alloy 


Annealing 
Temperature, R 
Deg Centi- 
grade 
400 60 + 15 seconds | 40 + 5 seconds 
450 52 + 10 seconds | to + 3 seconds 
500 30 + 8 seconds << 20 seconds 


X ray diffraction gave only a very slight 
hint, if any, of preferred orientation in the 
recrystallized specimens. 


388 GRAIN GROWTH IN HIGH-PURITY ALUMINUM 


In the temperature range of 400 to 500°C 
the data for the alloy may be represented 
by a straight line, parallel to that for high 
purity aluminum, if log 7 is plotted versus 


In the Al + 2.1 pct Mg alloy, as in pure 
Al, grain growth terminated when the aver- 
age grain size became approximately equal 
to the specimen thickness. For this reason 


D, mm.(log scale) 


0.07 


0.2 I 5 25 


125 625 3125 15625 


~ Time, min. (log scale) 


Fic 12—AVERAGE GRAIN DIAMETER (LOG PLOT) oF Al + 2 pcr Mg ALLOY ANNEALED AT 
VARIOUS TEMPERATURES, AS A FUNCTION OF ANNEALING TIME (LOG PLOT). 33 PCT REDUCTION BY 


ROLLING. SPECIMEN THICKNESS 0.020 IN. 


. the slope values obtained from Fig 12 are 
unreliable for temperatures above 450°C. 
In order to obtain more accurate values at 
500, 550 and 600°C, thicker specimens were 
prepared according to the schedule in 
Table 6. The results are shown in Fig 13, 
together with the data from Fig 12 for 
450 and 400°C. The best slope values 
calculated from these data are given in 
Table 8 and plotted in Fig 6 (curve c), as 
a function of temperature, together with 
the slope values for high purity aluminum. 


the reciprocal absolute temperature. The 
displacement of the two lines indicates 
that 2 was about 1.9 times higher for the 
alloy than for high purity aluminum in the 
above temperature range. At higher tem- 
peratures the exponent n, for the alloy, 
became almost independent of the tem- 
perature, approaching a value of approxi- 
mately 0.45. This result was first obtained 
with specimens of 0.067 in. thickness. After 
concluding that the effect may have been 
due to insufficient specimen thickness, the 
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experiment was repeated with specimens 
of o.160 in. thickness. The same slope 
values were again obtained. 

Comparison of the Al+ 2.1 pct Mg 


total annealing time. It is clear that the 
difference in grain size decreases until, 
finally, at X the two curves intersect. For 
annealing periods longer than about 4320 
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AL + 2pctMg 


ass 
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Fic 13—AVERAGE GRAIN DIAMETER (LOG pLot) or Al + 2 pcr Mg ALLOY, ANNEALED AT 
VARIOUS TEMPERATURES, AS A FUNCTION OF ANNEALING TIME (LOG PLOT). 33 PCT REDUCTION BY 
ROLLING. SPECIMEN THICKNESS 0.020 IN. FOR 400 AND 450°C, 0.067 IN. FOR 500°C, AND 0.160 IN. 


FOR 550 AND 600°C. 


alloy with pure aluminum, as to grain size, 
after the same annealing treatment, shows 
that just after recrystallization the alloy 
was considerably finer grained, but that 
this difference decreased with increasing 
time for grain growth. These conditions are 
shown in Fig 14 for an annealing tempera- 
ture of 400°C. The solid circles, at the 
lower end of the curves, represent just com- 
plete recrystallization and the lines indicate 
the increase in grain size as a function of the 


min. (at 400°C) the grain size of the alloy 
was larger than that of high purity alumi- 
num. At higher temperatures, the inter- 
section takes place after shorter annealing 
periods if the specimens are thick enough 
for the grains to grow freely. This is shown 
schematically in Fig 15, where the lines 
corresponding to a lower annealing tem- 
perature 7, would intersect at a point far 
to the right, whereas the lines for the higher 
temperature 7, intersect at X. After an 
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annealing period #¢, the grain size of the 
alloy (ZL) is larger than that of the pure 
metal (7) at the higher annealing tempera- 
ture T2, but the reverse is true for the lower 
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the figure not too clearly, that initially 


dD 
the instantaneous rate 77) for pure alu- 


0,2 | 5 25 
Time, min.(log scale) 


Fic 14—COMPARISON OF GRAIN GROWTH IN PURE ALUMINUM. AND IN Al + 2 pct Mg ALLOY AT 
400°C, USING LOGARITHMIC PLOT. 


temperature 7, (points P and QO). These 
somewhat complicated relations are, of 
course, due to the combined effects of solid 
solution upon recrystallization on the one 
hand and upon grain growth on the other. 
The grain size, as recrystallized, is decreased, 
and the time of recrystallization (and the 
parameter A) is increased by solid solu- 
tion. This results in a smaller initial grain 
size. But, while the rate of recrystallization 
is lowered, the over-all rate of grain growth 
is increased, as shown by the intersection 
of the grain growth lines. ; 
The effect of solid solution on the rate 
of grain growth requires some further 
consideration. The larger exponent 
results in a higher over-all rate of growth 
over long periods of annealing. This does 
not necessarily mean, however, that the 


} dD . 2 
instantaneous rate a's also larger during 


the whole process of grain growth. In order 
to clarify this point, in Fig 16 the grain 
size D is plotted on a linear scale vs. the 
annealing time on a linear scale, for 400°C 
(compare with Fig 14, which gives the 
same data plotted on a log D vs. log ¢ 
basis). It appears, although at the scale of 


125 625 3125-15625 


minum was higher, but that it decayed at a 
greater rate than that for the alloy. Thus, 
after prolonged annealing, the instantane- 
ous rate of grain growth for the alloy was 
larger. This resulted in a higher over-all 
rate for the alloy and, finally, in the inter- 
section of the two curves. 


DISCUSSION OF THE RESULTS 


The often observed fact that the rate of 
isothermal grain growth rapidly decreases 
with increasing grain size, led to the 
generally accepted view that, at any 
annealing temperature, the grain size 
approaches a finite, ‘‘metastable equilib- 
rium” value, or “ultimate ‘grain size,” 
characteristic of the material and of the 
temperature of annealing.?:*:4 The present 
results indicate that, for continuous grain 
growth in high purity aluminum and in an 
Al + 2.1 pet Mg alloy, this conception is 
wrong. By using a logarithmic time scale 
to represent the results of grain growth 
studies for extended periods of annealing, 
it was shown that, although isothermal 
grain growth takes place at a decreasing 
rate as the grains become larger, the grain 
size does not tend to approach a finite limit. 
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The above condition existed as long as 
the grain size was small in comparison 
with the specimen thickness. A limitation 
to grain growth, of a different nature than 


or the approach by the grain shape to a 
rhombic dodecahedron.® Heretofore ‘no 
instance where this phenomenon is basi- 
cally connected with the specimen thick- 


log D 


Ay A’ 


log time 


Fic I5—SCHEMATIC DIAGRAM SHOWING THE EFFECT ON GRAIN GROWTH IN ALUMINUM OF MAG- 
NESIUM IN SOLID SOLUTION.* 


that considered previously, arises when the 


- grain size approaches the specimen thick- 
“ness. It was found that neither in high 
- purity aluminum (previous deformation: 


33 or 80 pct reduction by rolling) nor in 
an Al + 2.1 pct Mg alloy does the average 
grain size increase further after reaching a 
value equal to or slightly larger than the 
specimen thickness. This relationship be- 
tween the maximum average grain size 
and the specimen thickness was verified 
for pure aluminum in the thickness range 
of 0.020 in. to o.100 in. Examples of 
cessation of grain growth have been 
observed previously by other investigators, 
but the phenomenon has been interpreted 
as a result of the high purity of the metal,? 


* Dx1, D~2, should read Dry, Dro. 


ness, as described in the present paper, 
appears to have been found or recognized. 

The effect of increasing prior deformation 
on the grain size of pure aluminum after 
recrystallization and grain growth seems 
to be largely accounted for by its effect 
on the recrystallization process alone. 
Apart from a possible, relatively small in- 
crease (approximately 18 pct) of the 
exponent 1, the increase of the prior de- 
formation from 33 to 80 pct does not 
have great influence on the grain growth 
behavior. ‘ 

In the temperature range of 400 to 500°C 
2 pct magnesium in solid solution increases 
the exponent ” to almost twice the cor- 
responding value for pure aluminum. At 
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around 550°C the m value for the alloy 
approaches a limit approximating 0.45. 
Above 550°C um is practically independent 
of the temperature. On the other hand, for 


0.4 


0 | 


2 3 
Annealing time, 1000 min 


GRAIN GROWTH IN HIGH-PURITY ALUMINUM 


interesting to note the fact expressed, for 
instance, in Fig 5 that grain growth is by 
no means absent in the case of high purity 
aluminum, even though any concentration 


4 5 


Fic 16—COMPARISON OF GRAIN GROWTH IN PURE ALUMINUM AND IN Al + 2 pct Mg ALLoy AT 
400°C. BOTH AVERAGE GRAIN DIAMETER AND ANNEALING TIME ARE PLOTTED ON LINEAR SCALE. 


pure aluminum » varies with the tem- 
perature according to the equation n = 
Bj 

noe ®T within the whole temperature 
range explored (Fig 6). The reason for 
this difference between pure aluminum 
and Al + 2.1 pct Mg is not clear. It may 
be noted, however, that the extrapolated 
value of m for pure aluminum at its melting 
point (0.43) is very close to the above 
mentioned limit for the alloy. 

Of the various types of grain growth, 
the continuous type, as found in pure 
metals and in solid solutions, appears to be 
fundamentally the simplest. Yet it must 
be admitted that even continuous grain 
growth has not been satisfactorily ex- 
plained in terms of basic physical concepts. 
There have been three explanatory ideas 
advanced, none of which was so far capable 
of being developed into a quantitative 
theory. 

One explanation of grain growth is 
based on the idea that small concentration 
differences between grains cause differences 
in vapor tension and result in the relative 
instability of some grains in comparison 
with others.!° In this connection it is 


differences between grains must be, of 
necessity, extremely small. On the other 
hand, it should be considered also that. 
after long annealing periods, the rate of 
grain growth is considerably higher in the 
Al + 2.1 pet Mg alloy than in high purity 
aluminum. 

A second explanation of grain growth is 
based on the assumption that small residual 
strains are present in the recrystallized 
grains. It is further assumed that the free 
energy differences between grains, resulting 
from such residual strains, serve as the driv- 
ing energy for grain growth.!° Several years 
ago experiments were carried out on the 
recrystallization of bent aluminum single 
crystals.1! In that work bent single crystals 
were heated for about 14 hr at 640°C and 
found afterwards to be partially recrys- 
tallized. The significant observation, from 
the point of view of the present discussion, 
is that parts of the deformed single crystal 
were retained (that is, the boundary sur- 
faces ceased migrating) in spite of the high 
annealing temperature, and of the fact 
that they were in contact with unstrained 
recrystallized grains. This observation 
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tends to eliminate the residual strain 
theory of grain growth. 

A third explanation, probably the one 
most generally accepted, ascribes the 
growth tendency of the grains to the 
decrease in surface energy corresponding 
to the decrease of the total grain boundary 
surface area with increasing grain size. 
Although qualitatively this picture is 
undoubtedly correct, no quantitative 
theory of grain growth has as yet been 
worked out on this basis. Any such theory 
would have to account for the D = K.i" 
relation found in the present work, and for 
the actual values of m as a function of 
temperature and alloy content. It is inter- 
esting to note that a D=K.i> type 
equation may be deduced from very simple 
assumptions. The total grain boundary 
surface area per unit volume of metal is, 
to a first approximation, inversely propor- 
tional to the average grain diameter: 


The boundary surface energy per unit 
volume is proportional to the surface 
area S. If the average instantaneous growth 


dD : 
rate “7 is assumed to be proportional to 


the instantaneous surface energy, the 
following equation is obtained: 


OT pes 


dt D 
or Dap = © 20t: 


By integration and extracting the square 
root: 


I 
D = C.t2 [x1] 


This equation is identical with [3] if 
n= : Actually, for pure aluminum, the 


value of ”, obtained by extrapolation to 
the melting point, is 0.43. For the Al + 
2.1 pet Mg alloy » approaches the same 
value (within the experimental accuracy) 


already at a lower temperature. Ap- 
parently, the elementary considerations 
outlined above do not only give correctly 
the general type of relation between D 
and #, but also give an » value compatible 
with the experimental results for Al and 
Al-+ 2.1 pet Mg at temperatures near 
the melting point. It may be noted that 
Eq 11 was derived without reference 
to any specific metal. Further experimental 
work will have to decide whether or not 
for other metals n also approximates 0.5 
at their melting points. Also, further 
development of the theory will be necessary 
to explain the variation of » with tem- 
perature and composition. 


CONCLUSIONS 


Isothermal grain growth was investi- 
gated in rolled strips of high purity alu- 
minum and of a high purity Al + 2.1 pet 
Mg alloy at a series of temperatures. The 
results support the following conclusions: 

1. Regardless of temperature, alloy 
content and amount of prior deformation, 
the average grain size ceased to increase 
further after reaching a value approxi- 
mately equal to, or slightly larger than, 
the strip thickness. 

2. When grain growth was not limited 
by the specimen thickness, the average grain 
diameter increased approximately propor- 
tionally to a fractional power of the 
annealing time. The fractional exponent 
increased with the temperature up to a 
value of approximately 0.45. Since grain 
growth was observed to continue, accord- 
ing to the above power relation, for periods 
as long as eleven days, the generally 
accepted view that the grain size ap- 
proaches a finite “ultimate” or stable 
value, determined by the temperature, 
was not confirmed by the present work. 

3. The effect of 2.1 pct magnesium in 
solid solution was to decrease the grain 
size, as recrystallized, and to increase the 
fractional exponent, which determines the 
rate of grain growth and its decay. 
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GRAIN GROWTH IN HIGH-PURITY ALUMINUM 


DISCUSSION 
(G. Ansel presiding) 


J. J. Harwoop*—The authors have pre- 
sented a significant contribution to the prevail- 
ing knowledge of grain growth by their 
determination of the effect of specimen thick- 
ness (or surface hindrance) upon the continuous 
grain growth behavior of a pure metal or solid 
solution alloy. It seems likely that an applica- 
tion of their findings that the maximum grain 
size attainable during ‘“‘continuous” grain 
growth is approximately limited to the thick- 
ness of the specimen may be instrumental in 
clarifying the somewhat confusing results that 
have been reported heretofore. 

It is interesting to note, however, that the 
same phenomenon of growth inhibition does not 
seem to prevail during the process of recrys- 
tallization. In their study of the isothermal 
recrystallization behavior of high purity 
aluminum, Mehl and Anderson" reported that 
thin sheet specimens undergo “two-dimen- 
sional” recrystallization, that is, the diameter 
of the recrystallized grains exceeded the sheet 
thickness. In that investigation, sheets o.o15-in. 
thick were employed and grain size values may 
be calculated from the data presented which 
are considerably larger than the specimen 
thickness. In the authors’ study, specimens 
0.02-in. thick were mainly used and the maxi- 
mum grain size obtained with those specimens 
was approximately 0.6 mm or 0.024 in. in 
diam. It may well be that the phenomenon 
does not occur with extremely thin specimens, 
although the linear relationship of Fig 7 
would tend to preclude such an effect. It seems 
most probable that the restraining influence of 
surface hindrance does not come into play 
until recrystallization is complete. In this re- 
spect it is important to note that the surface 
has little or no effect upon the formation of 
recrystallization nuclei!415 and that it does 
not inhibit grain boundary migration in strained 
metals.1® Since the study of Mehl and Anderson 
was confined to recrystallization no data on 
coalescence or grain growth were presented. 
It would be interesting to observe the isother- 
mal grain growth behavior of a specimen which 
underwent “two-dimensional” recrystallization 

* Office of Naval Research, Navy Depart- 


ment. Washington, D. C. 4 
14 References are at the end of the discussion. 
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DISCUSSION 


to determine whether the as-recrystallized grain 
size would be the “ultimate” size obtained 
or whether further growth would occur. - 

In order to clarify the overall concept of 
grain growth and the. mechanisms that are 
involved it may be well to consider the differ- 
ent stages by which grain boundary migration 
and grain growth may occur during the iso- 
thermal annealing of a pure metal or solid 
solution alloy which has been previously 
strained. 

1. Pre-recrystallization—Grain growth of the 
strained metal without the occurrence of 
recrystallization. 

2. Recrystallization 

(a) Growth of recrystallized grains 
which are not impinging upon other 
recrystallized grains, but are grow- 
ing in the strained metal matrix. 

(b) Growth of recrystallized grains 
which are impinging upon other 
growing recrystallized grains and 
are also fronting on the strained 
metal matrix. 

3. Post-recrystallization 

Normal ‘‘continuous” grain growth of 

fully recrystallized equiaxed grains. 

Type 1 has been recently discussed by 
Burke and Shiau!® who demonstrated that 
grain growth may occur in strained metals 
under conditions where the grain size is small 
and the strain is low, without the occurrence of 
recrystallization. They postulate that strain 


_energy difference or other lattice energy dif- 


ferences are the driving forces for grain 
growth. 

Types 2a and 2b were reported by Mehl and 
Anderson! in their study of nucleation and 
growth during the recrystallization’ of alumi- 
num. They showed that for type 2a the rate of 
growth is independent of time and increases 


with increasing deformation and increasing 


‘temperature. Thus, isothermal grain growth 


of this type may be characterized by the fol- 
lowing linear relationship 


D=I+G 


where D is the grain size diameter and J and G 
are temperature dependent constants. J consti- 
tutes a measure of the “‘induction”’ or “‘incuba- 
tion” period and G is the rate of growth. 


- Mehl and Anderson also showed that during 
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recrystallization the number of grains, n, 
increases with time by a function of the type 


cnn =cnl + dint 


in which ¢ and d are temperature dependent 
constants. This may be written as 


enced 


and may be considered representative of 
growth of type 2b since the total number of 
grains is considered. Since D, the grain size, | 
is inversely proportional to the number of 
grains the equation may be rewritten as 


D = kt, 


The striking parallelism of this equation to 
that proposed by Beck et al., 


D = ki*. 


in the present study, is obvious. On applying 
this equation to their data, the authors found a 
deviation for the short annealing periods at low 
annealing temperatures, and therefore intro- 
duced a parameter, A, such that 


D= Rtg =e Ayr 

or Da —aipAr when tj =0 

in order to maintain the linear slope of the log- 
log plot of Fig 4. Some significance of the 
parameter, A, may be obtained from a consider- 
ation of grain growth in terms of the four stages 
outlined above. At low annealing temperatures, 
the incubation period and time for recrystalliza- 
tion are greatest, and it is under these condi- 
tions that the growth influence of types 1 and 2 
would exert a maximum effect. The relative 
influence of each type upon the overall growth 
would be dependent upon the initial grain size, 
amount of strain and temperature of annealing. 
At high temperatures, the rate of nucleation 
and growth during recrystallization would be 
sufficiently rapid so as to make their effect upon 
the overall rate of growth negligible, as the au- 
thors have clearly demonstrated by the lack 
of deviation above temperatures of 500°. 
Thus, the basic equation, D = ki", may be 
characteristic of grain growth of type 3 which is 
believed by many to be dependent upon sur- 
face energy relationships of the grain boundary. 
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GRAIN GROWTH IN HIGH-PURITY ALUMINUM 


If a series of grain growth curves obtained at 
different temperatures are available, and if time 
and temperature are indeed related in the above 
way, it is possible to evaluate H, by determin- 
ing the value which will permit all the experi- 
mental points to be plotted at a single reference 


TIME-MINUTES 
Fic 17—IsOTHERMAL GRAIN GROWTH CURVES OBTAINED BY WALKER.* 


J. E. Burxe*—The study of grain growth in 
metals has been sadly neglected in recent 
years, and Dr. Beck and his coworkers are to 
be congratulated on the excellence of the 
‘present paper on this subject. The effect of 
specimen thickness on the maximum possible 
grain size is both interesting and important, 
and has not been reported previously. 

The authors show that grain growth con- 
tinues with isothermal heating, and that 
the rate of growth increases with increasing 
temperature. It is interesting to inquire whether 
time and temperature are connected solely 
through a heat of activation H. If this is so, 
one should expect that the time required for 
growth from a starting grain size Dp to a final 
grain size D should depend upon the tempera- 
ture so that 


(D — Do) = f(t 7 #/®7), {r2] 


At two different temperatures, T; and 7:2, the 
times required for the given amount of growth 
should be such that 


in (#) -3 (7 - Z): [13] 
EJP RNC ots 

* Institute for the Study of Metals, Uni- 
versity of Chicago. 


temperature. The excellence of the fit will 
serve as an indication of the validity of the as- 
sumption that time and temperature are related 
only through the heat of activation H. 

Using the extensive data obtained by Walker* 
it has been possible to show that a heat of 
activation can be assigned to the process. 
The data are to be published in the Jn/. of Appl. 
Phys. (Nov., 1947) but since they are pertinent 
to this paper it seems desirable to present them 
here. Fig 17 shows the isothermal curves ob- 
tained by Walker. Fig 18 shows their superposi- 
tion at a reference temperature of 500°C, 
taking H as equal to 60,000 cal per mol. No 
correction has been made for the time re- 
quired for recrystallization since it is small 
at 500°C. One obtains in this way an isothermal 
curve extending over the full range of grain 
sizes observed and over a tremendous range of 
time. The scatter of points is not more than 
one might expect from such a large number of 
independent specimens, and at least in this case 
it seems proper to assign an activation energy 
to. the process. 

The existence of such a relationship requires 


* Harold L, Walker: Univ. of Ill. Eng. Expt. 
Sta. Bull. No. 359 (Nov. 1945). 
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that the slope of the isothermal curve be inde- 
pendent of temperature. Since in the present 
paper the authors find that the slope increases 
with increasing temperature, it appears that 


1.0 


0.1 
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D — Do — Ki [14] 


Here n is independent of the temperature, and 
K varies with the temperature as ¢ 4/FT. 


GRAIN SIZE-MM 
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time and temperature cannot be related through 
an activation energy in the above way, as 
the authors point out in their ref. 12. 

It might be pointed out that the shape of the 
log D vs. log ¢ curve is not independent of the 
starting grain size. Assume that one gets a 
straight line relationship between log D and log 
# with a very small initial grain size. With a 
larger initial grain size the slope of the curve 
at short times will be less, since the rate of 
growth with the larger grain size will be less. 
For longer annealing times where the initial 
grain size is small compared to the present grain 
size, the slope of the curve will, of course, 
be practically unaffected. 

I should also like to discuss briefly the equa- 
tion used to describe the grain growth process. 
Dr. Beck has proposed the equation: 


D= Kt b) 


and the point ¢ = o is taken as the time when 
the specimen has been heated just to the test 
temperature, before recrystallization starts. 
The exponent m is found to increase with in- 
creasing temperature. The data for alpha brass 
did not fall on a straight line although a rea- 
sonably good straight line .was given by the 
equation: 


3 
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TIME-MINUTES 

Fic 18—GRAIN GROWTH DATA OF FIG 17 CONVERTED TO 500°C. 


In this equation, zero time was taken as the 
time when recrystallization is complete, and 
the grain size equal to Do, thus Eq 3 and 14 
cannot be directly compared. Eq 14 was pro- 
posed because it seemed to be desirable to take 
the recrystallized grain size into account in 
some way, although the equation has no theo- 
retical basis. 

In the present paper, the authors point out 
that if one considers the rate of grain growth 
to be proportional to the total grain boundary 
area, one may write: 


dD _K. 
eT) 


t 


This equation seems quite reasonable in view of 
the facts now available. On integrating this 
equation, a constant of integration should be 
included so that one gets: 


D?=K't+C. 


The integration constant may be evaluated 
by setting ¢ = 0, and since the equation refers 
only to the grain growth process it appears that 
zero time should be selected as the time when 
recrystallization is* complete, thus C = Do’, 
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where Dy is the recrystallized grain size and one 
gets: 


D? — D,? = K't [rs] 


GRAIN GROWTH IN HIGH-PURITY ALUMINUM 


P. A. Beck (authors’ reply)—In connection 


with Dr. Burke’s discussion of grain growth 
in 70-30 brass, we should like to refer to our 
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FIG 19—RE-PLOT OF GRAIN GROWTH DATA FOR HIGH-PURITY ALUMINUM AT 400°C. 


Unfortunately this equation is not equivalent 
to Eq 14. However, under conditions where 
Do is negligible compared to D, Eq 14 and 15 
reduce to Eq 3, except for the variation of the 
exponent. In the case of the data obtained for 
alpha brass, the exponent was independent of 
temperature, but its value was considerably 
less than that which would be predicted by 
Eq 8. In the case of aluminum, the exponent 
increases with increasing temperature, but at 
high temperatures it approaches the value of 
0.5 predicted by the equation, as the authors 
show. 


recent paper,!?7 in which the questions raised 
by Dr. Burke are given detailed consideration. 
In contrast to high purity aluminum, in the 
case of 70-30 brass the logarithmic grain growth 
lines for the various temperatures are parallel, 
at least between 450 and 700°C, and, therefore, 
it is possible here to ascribe to the grain growth 
process a heat of activation, independent of 
grain size. The question of the correct iso- 
thermal formula is an important one and it 
requires careful consideration. It has been 
shown"? that the isothermal formula 14, de- 
rived by Dr. Burke from earlier data on brass, 
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does not fit the new, more accurately deter- 
mined data for that alloy. It is easy to show that 
this formula is in contradiction also with our 
data for high purity aluminum. Fig 19 gives 
a re-plot of our grain growth data for high 
purity aluminum at 400°C, as given in the 
paper, and side by side with it the plot of the 
same data in terms of log (D — D,) vs. log ty. 
The latter plot should give a straight line if 
Dr. Burke’s formula was correct. It is readily 
seen that, actually, this plot gives a curve which 
assymptotically approaches the straight line of 
the log D vs. log # plot at long annealing times. 
It has been shown!® that the initial slope of 
the curve is equal to one, independently of the 
temperature and of the material, whereas the 
long-time slope of the curve approaches n, a 
parameter depending on temperature and alloy 
content, as seen in Fig 6. 

Dr. Burke briefly discusses the question of 
the effect of the initial grain size on the log- 
arithmic grain growth curve and implies that 
the isothermal formula given in the paper is 
not adequate to express this effect. It has been 
shown in the paper that the initial deviations 
from the straight line relationship between log 
D and log #, occurring in our data, can be ac- 
counted for by means of the parameter A which 
is defined by Eq 8. From this 
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where K and n are parameters which may be 


” wetermined from the straight long-time portion 


df the log D_ vs. log ¢ plot. A may thus be 
onterpreted as the time of imaginary grain 
igrowth, which would produce the grain size D, 
from an initial grain size of zero, in accordance 
with the extrapolation of. the simple power 
formula describing real grain growth subse- 
quent to recrystallization. The above formula 
allows the proper determination of A for Eq 7 so 
that, with the virtual zero point of the “grain 
growth time-scale” properly fixed, the rea/ part 
of the D = K. parabola (when D > D,) 
accurately describes isothermal grain growth, 
as observed. It is clear that the initial deviations 
from the log D vs. log ¢ straight line are not 
determined solely by D, as might be construed 
from Dr. Burke’s discussion. These deviations 
rather depend on the time for imaginary grain 
1/n 
growth to size D,;: A = a in relation to 
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the time R which it actually takes for the 
process of recrystallization to produce a com- 
pletely annealed structure of the same grain 
size (D,). If A = R, the log D vs. log ¢ plot 
will be a straight line, no matter what D, may 
be. If A > R, there will be an initial deviation 
in the sense indicated by Dr. Burke (that is, 
toward high D values, as found for the Al + 2 
pet Mg alloy). If A < R, the initial deviation 
will be in the opposite direction (as found for 
high purity aluminum). These relationships 
are more fully discussed in a recent note.}9 

Mr. Harwood is to be thanked for calling at- 
tention to the fact that grain sizes much larger 
than the specimen thickness can be readily 
produced in sheet metal by means of recrystal- 
lization after a properly chosen deformation. 
By using very low deformations even single 
crystals can be made, as is well known. The s pect- 
men thickness effect does not apply for recrystal- 
lization. It is furthermore known that extremely 
large grain sizes can be developed in sheet metal 
even by certain types of grain growth. It 
is, therefore, important to call attention ex- 
plicitly to the fact that the specimen thickness 
effect, as demonstrated in the present paper, 
applies only in the case of the continuous or 
gradual type of grain growth found in pure 
metals and in solid solutions. 

Subsequent to the presentation of the paper, 
we have found earlier references to phenomena 
which may now be interpreted as manifesta- 
tions of the specimen thickness effect. Smith- 
ells?° stated that in pure tungsten filaments at 
high temperatures the grains tend to grow until 
they fill the full cross section of the wire and 
attain a length approximately equal to, or 
somewhat. larger than, the wire diameter. 
He also mentions that wires made of other 
pure metals behave similarly. Feitknecht?! in 
his experiments with a pure grade of aluminum 
found that the largest average grain sizes pro- 
duced by annealing at various temperatures in a 
strip of 2.5 mm thickness was approximately 
2.1 to 2.6 mm. He also noted that in a thinner 
strip of o.15-mm thickness, the final grain size 
was also smaller, namely 0.39 to 0.54 mm. If he 
had extended his work to a few additional strip 
thickness values and had determined the grain 
size more accurately for each of them, he would 
have been led probably to the same conclusions 
which we were able’to reach. 
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The Use of the Jominy Test in Studying Commercial 
Age-hardening Aluminum Alloys* 


By Biaxe M. Lorinc,t Mremper AIME, Wri1tam H. Barrt AND GEORGE M. Carton 
(New York Meeting, February 1948) j 


Ir is a well known fact that age-harden- 
ing alloys remain in a supersaturated, or 
partially supersaturated, condition only for 
limited periods of time at temperatures 
below the solvus. In order to develop 
optimum properties by subjecting the 
quenched alloy to precipitation or age- 
hardening treatment at a specified tem- 
perature, it is necessary that the cooling 
rate be sufficiently high to maintain the 
required degree of supersaturation of the 
solid solution. In practical applications 
the size and shape of the specimens ob- 
viously have considerable influence on the 
rate of cooling and there is need for more 
information on the effects of various rates 
of cooling. 

Cooling rates of quenched aluminum 
alloys generally have been established by 
the type of quenching medium, the tem- 
perature of the medium and the dimensions 
of the specimen.}.2.3 Except for the work of 
Roth? little quantitative information is 
available on the measurement of cooling 
rates of aluminum alloys and the signifi- 
cance of the influence of various cooling 
rates upon the mechanical properties. The 
purpose of the present investigation was to 
study the use of the Jominy test for alumi- 
num alloys (Table 1). 


Manuscript received at the office of the 
Institute July 1, 1947. Issued as TP 2337 in 
METALS TECHNOLOGY, February, 1948. 

* The opinions expressed herein are those of 
the authors and do not necessarily reflect the 
views of the Navy Department. 

+Senior Metallurgist and Metallurgist, re- 
spectively, U. S. Naval Research Laboratory, 


' Washington, D.C. 


t Metallurgist, Monsanto Chemical Com- 
pany, Oak Ridge, Tennessee. - 
1 References are at the end of the paper. 
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EXPERIMENTAL PROCEDURE 


The material for this investigation con- 
sisted of extruded rods 134 to 14 in. in 
diam. The chemical compositions were as 
follows: 


TABLE 1—Chemical Compositions 


Cu, Si, | Mn, 
Alloy Per | Per | Per 
Cent | Cent | Cent 
14S 4.51| 0.82] 0.73] 0. ‘ 
248 4.22| 0.12| 0.62] I. s 
’ 61S 0, 17) 0.52 s ‘ . 
159 I.44| 0.61}_0'.23] 2. : A 
R-301 4.68] 0.92] 0.79] 0. 
EE Se 


The modified L-type Jominy specimen 
with dimensions shown in Fig 1 was se- 
lected as the most convenient means for 
obtaining a wide range of cooling rates. The 
standard Jominy specimen was not satis- 
factory because its cooling rate was not 
sufficiently high. The four flat surfaces 
machined at right angles along the length 
of the L-type specimen to a depth of 0.015 
in. facilitated the hardness measurements. 
The specimens were machined from the 
extruded stock with no intermediate forg- 
ing. New specimens were used for each 
aging experiment. The specimens were 
given solution treatments of 2 hr duration 
at recommended temperatures in a Hoskins 
furnace (Table 2). The temperature of the 
furnace was maintained constant to +3°C. 
No protective atmosphere was necessary 
because the thin film of oxide that formed 
on the surface of the specimens had no 
effect on the hardness measurements. 
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The time required to transfer the speci- 
mens from the furnace to the quenching jig 
did not exceed 3 to 4 sec. During this time 
the temperature at the surface of the speci- 
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Rockwell hardness measurements were ~ 
made 1¢ in. apart along the flat surfaces of — 


the Jominy specimens. Steel cones were 
machined to fit into the cavity of the speci- 


| Re 
FS 
GO 
ae 
oO 
Vigsres 8 eas | 
a’, 
Wy 
\ % 
\y 
Oy 
Ny 
OS 
ys 


Fic 1—Jominy L BAR TEST SPECIMEN. 


mens dropped by approximately 1ro°C as a 
result of air cooling. The temperature of 
the water in the quenching apparatus was 
23 + 1°C and the height of free flow was 
214 in. The other conditions of the pro- 
cedure were the same as used for steel. 
After being end-quenched for 5 min. the 
specimens had cooled to room temperature 
throughout and were then removed for the 
hardness measurements. 


-mens to prevent possible deflection during 


the hardness measurements. Specimens of 
each alloy were measured for both Rockwell 
hardness (B and F scales) and Vickers 
hardness (5 kg load). The measurements 
were always begun on the quenched end. 
Approximately to min. was required to 
complete the hardness measurements on 
one side of the specimen. The variation in 
hardness at the water-quenched end of the 
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specimens was approximately +3 Rock- 
well numbers on both B and F scales on 
repeated measurements with new speci- 
mens. Three curves of hardness vs. distance 
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ments were made for the measurement of 
the furnace temperature with a potentiom- 
eter, and also for starting the recording 
mechanism on the oscillograph before the 
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_in each figure were made from measure- 


ments on a single specimen. The precipita- 
tion hardening at elevated temperature 
was done in thermostatically controlled oil 
baths with the temperature held constant 
to +1°C. 

Cooling rates on one surface of a 245 
Jominy specimen were determined by 
means of a Hathaway S-12 oscillograph 
equipped with four Hathaway type OD 
galvanometers having a period of one one 


hundred-twentieth of a second. The ther- 


mocouples were made of 28 gauge, chromel- 
alumel wires, butt-welded and forced into 
slots 0.012 in. wide milled. across the flat 
surface of the Jominy specimen. Arrange- 


@ 2 HOURS 
A 4 HOURS 
i = fecathiins 
2 3 


specimen was taken from the furnace. 
Accurate measurements of air cooling and 
time of transfer were obtained in this 
manner. The time-temperature curves 
began from the instant that the jet struck 
the specimen. These curves represent aver- 
ages of five determinations. 

The effect of cooling rate on mechanical 
properties was investigated with strip- 
tensile specimens of approximately o.1 in. 
thickness rolled from extruded material. 
The test specimens conformed to ASTM 
specification E8-4oT for sheet material. 
The gauge length was 2 in. and the overall 
length 8 in. The previously described 
technique of measurement of temperature 


404 
90 


THE USE OF THE JOMINY TEST IN STUDYING ALUMINUM ALLOYS 


80 ie 


AlIAAA 
70 Ie 
i belle th 
s 
Wi ©, 0? %e Lee 
8 ee @ e CP eetecee 
z 60 @ 
e 

3 oe 
z 
2 50 
< 2 
@ 
coil 
40 
ce SOLUTION TREATMENT 
8 2 HOURS AT 493 °C 
& @ AS QUENCHED 

30 a AGED AT ROOM TEMPERATURE 

; ™@ | DAY 
A | WEEK 

we 

20 ea Me | | ! tee | 

2 Sn. 


DISTANCE FROM QUENCHED END IN INCHES 
Fic 3—EFFECT OF COOLING RATE ON HARDNESS OF 24SW AND 24ST. 


TABLE 2—Heat Treatment of Strip-tensile 


Specimens* 
Hard- 

Hard- 

pre arkean nest Aging |Aging} ness 

Alloy Temp.,|Time, as “A Tens Go Re 
s ue 4 Aging 

(I) 33 (1) or 

75S 493 | 2 |(2) 44 121 24 |(2) 84 
(3) 38.5 (3) 58.7 

(1) 26 (1) 80 

148 500 | 2 |(2) 41 177 4 |(2)77 

(3) 39 (3) 76 

(1) 15 (1) 79 

R301 488 2 i(2) 22.5 171 4 |(2) 78 

(3) 22.5 (3) 73 

(1) 46 (1) 77 

245 493 2 |(2)56.5|R.Temp.| 168 |(2) 74 

(3) 56 (3) 68 

(1) 10 (1) 81 

61S 521 2 |(2)17 177 4 |(2) 86 

(3) 18 (3) 87 


* Specimens treated according to commercially 
recommended procedures for precipitation hardening 
except for solution time of 2 hr and quenching rates. 

+ 1 = quenched-in water, 2 = quenched in oil, 
3 = air-cooled. 


was used with a 24S strip tensile specimen. 
The thermocouple was peened into a slot 
milled at the center of the gauge length of 
the specimen. 

Another experiment was performed with 
a strip of 24S 0.08 in. in thickness X 1.0 X 
8 in. The strip was heated for 2 hr at 493°C 
and the end was quenched in water to a 
depth of one inch. The hardness was taken 
along the center of the strip in the direction 
of the quenching gradient both as quenched 
and aged for 24 hr. This experiment was 
performed to confirm the hardness varia- 
tions found in the Jominy tests. 


DISCUSSION OF RESULTS 


Fig 2 to 7 present the hardness measure- 
ments taken along the surface of the 
Jominy specimens. The rates of cooling of 
the Jominy specimens may be estimated 
by reference to Fig 8. The hardness curves 
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of the aluminum alloys in the quenched 
condition in Fig 2 to 7 have much in com- 
mon in spite of the variations in chemical 
composition of the alloys. A progressive 
increase in hardness extends for one inch or 
less from the end of the specimen. Beyond 
this region most of the alloys show a pla- 
teau of hardness in the quenched condition 
indicative of insensitivity to quenching rate 
in this range. There are fairly sharp breaks 
in the curves between the portions that are 
sensitive and insensitive to cooling rate. 
The change in direction of the 61SW curve 
at approximately 14 in. from the ordinate 
is not very apparent because the initial 
hardness falls off scale at 12 Rockwell F. 
The reasons for the apparent critical rate of 
quenching are related to diffusion and 
precipitation phenomena. Another feature 
of these alloys, with the exception of 75ST, 
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TABLE 3—Mechanical Properties of Alumi- 
num Alloys* 


Yield Elon- 

Alloy Qusneh ST., psi Tensile gation, 
2 Madianialieoe Pct ST., psi Pct in 
Offset 2In. 

H20 72900 79700 10.5 

759T Oil 70600 78500 13.0 
Air 44300 58300 10.5 

H20 50700 67500 16.0 

149T Oil 49700 68300 17.0 
Air 49400 65100 {2:5 

H20 53800 68300 - 10.5 

R301T Oil 53100 68000 10.0 
Air 49100 65000 10.5 

. H20 46100 69400 19.0 
24ST Oil 45400 69600 22.0 
Air 36000 60500 18.5 

H2O 36800 45900 oes 

61ST Oil 37400 44600 I2.0 
Air 29700 40000 13.0 


*Specimens treated according to commercially 
recommended procedures for precipitation hardening 
except for solution time of 2 hr and quenching rates. 
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is their uniformity of hardness after aging 
regardless of the wide range of quenching 
rate. There is a slight tendency for higher 
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shown in Fig 7. It is to be noted that the 
low hardness of the quenched end and the 
existence of an apparent critical rate of 
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hardness at the more rapidly cooled end of 
most of the aged Jominy specimens. This 


TABLE 4—24SW and 24ST Strip Specimen 


A Rockwell B Vickers 5 KG 
Distance 
from 4 
Gaeachee As. -| As As As 
7 Quenched | Aged | Quenched | Aged 
a 40.5 65.5 95.5 138 
44 44.5 74.0 | 104.0 139 
86 43-5 72.5 105.0 144 
4g 49.0 73.0 | 107.0 143 
a4 59.0 714.0 113.0 146 
I 62.5 70.5 T2ar..0 150 
1% 712.0 71.0 131.0 143 
2 66.5 71.0 139.0 137 
2% 64.0 60.5 137.0 136 
3 57-5 79.0 131.0 133 


was shown by the Vickers hardness as well 
as the Rockwell. A typical Vickers curve is 


quenching have been verified on the 
quenched material. 

The measurement of the cooling rate 
with the oscillograph shows that the 
Jominy specimen at’ 1¢ in. from the end is 
cooled somewhat more slowly than the 
strip tensile specimens quenched in water 
at 23°C (Fig 8). Oil quenching the strip 
tensile specimens produces a rate of cooling 
at 300°C that is very close to the rate 7 in. 
from the quenched end of the Jominy 
specimen. The rate of air cooling of the 
strip is equal to the cooling rate 2 to 3 
in. from the quenct.ed end. 

The mechanical properties of the alumi- 
num alloys are little affected by oil quench- 
ing (see Tables 2 and 3). The slight increase 
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in elongation of 75ST, 14ST, and 24ST 
shown in Table 3 is believed to be too small 
‘to be significant. The low mechanical prop- 
erties of the 75ST following air cooling and 
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produced the results given in Table 4. The 
low hardness at the rapidly cooled end ~ 
compares favorably with the hardness at 
the quenched end of the L-type Jominy 
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age hardening are to be expected from the 
low age hardening 2 to 3 in. from the 
quenched end shown in Fig 5. The 14ST 
was affected most by a decrease in elonga- 
tion after air cooling and aging. The 
R301T decreased somewhat in both yield 
strength and tensile strength but not in 
elongation. The 24ST and 61ST were like- 
wise affected in tensile strength and yield 
point but not in elongation. 

The gradient quenching of the 24S strip 


specimen. The hardness at increasing dis- 
tance from the quenched end is determined 
by the rate of cooling of the strip at these 
particular positions and bears only qualita- 
tive similarity to the hardness of the 24SW 
at corresponding positions. 


CONCLUSIONS 


1. The modified L-type Jominy specimen 
offers a convenient means for investigating 


DISCUSSION 


the effect of cooling rate on age hardening 


phenomena of aluminum alloys. This is 
important for alloys to be used in heavy 
sections. 

2. There is an apparent critical rate of 
quenching that may be recognized in all of 
the alloys in this investigation. High rates 
of cooling cause progressive decrease in 
hardness of the quenched alloys. Low rates 
of cooling produce relatively small changes 
in hardness as shown by the plateau in the 
hardness curves. 

3. With the exception of the 75ST the 
widely different rates of cooling used in this 
investigation had little effect on the hard- 
ness attained in aging. 
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DISCUSSION 
(B. W.Gonser and L. S. Deitz, Jr. presiding) 


B. W. Gonser—This is a rather unusual 
paper, in that it takes the tool that we usually 
think of as belonging to the steel industry 


_ in hardening steel and applies it in this work. 
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M. L. V. GAyLER*—This paper is a very 
valuable contribution to the study of light 
alloys, since it shows that the Jominy test can 
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be used as a means of determining the variation 
in hardness in light alloy heavy sections. 

The authors have found that there is a criti- 
cal rate of quenching which, in the case of the 
alloys investigated, is largely independent of 
composition. 

As the authors note, ‘‘the reasons for this 
apparent critical rate of quenching are related 
to diffusion and precipitation phenomena.” 

During an investigation’ into phenomena 
associated with the aging of high purity 4 pct 
copper-aluminum alloy, I examined the effects 
of similar rates of cooling on the aging at room 
temperature and at 130°C. The interesting fact 
observed was that the rate of cooling from the 
quenching temperature had a profound effect 
on subsequent aging at room temperature, but 
that at the higher aging temperatures, apart 
from differences in the initial rates of aging up 
to a period of about 12 hr, the courses of the 
aging curves were identical within the limits of 
experimental error. 

The courses of these hardness curves I 
attributed to a dependence on the number 
and/or size of particles formed during cooling 
from the solution heat-treatment temperature. 

While an exact analogy may not be drawn 
regarding the process of aging of high purity 
4 pct copper-aluminum alloys and those of the 
alloys used by the authors, in the case of the 
alloy 14S, Table 2, for instance, the process of 
aging is, probably, not very dissimilar. It is 
therefore probable that the curves shown in 
Fig 2 may be explained on the lines mentioned 
above. The following interpretation is therefore 
suggested: If the rate of cooling after quenching 
(Fig 2) is very high, no submicroscopic copper- 
rich particles, and the associated submicro- 
scopic aluminum crystallites, will be formed. 
On the other hand, when the rate of cooling is 
very low, then visible, microscopic copper-rich 
particles and aluminum crystallites will be 
formed. At intermediate rates of cooling the 
number and size of copper-rich particles will 
depend on the rate of cooling. However, the 
size and nimber of copper-rich particles in- 
crease with time and temperature of aging 
and, when ultimately a critical size is reached, 
the strain-hardening, set up locally in this 
manner by their formation, is relieved by a 


4M. L. V. Gayler: Jnl. Inst. Met. (1946) 
72, 243. 
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process of precipitation of submicroscopic, 
copper-rich particles, and by the formation of 
submicroscopic aluminum crystallites. This 
critical particle size is associated with the 
“flat” on the time-hardness curve and I there- 
fore suggest that the ‘‘flats” on the hardness 
curves shown ‘in Fig 2 to 7 may be attributed to 
similar phenomena. 

In other words, it is suggested that the in- 
crease in hardness, as quenched, shown in Fig 
2 to 7, is related to an increase in hardness due 
to the segregation of atoms to form particles of 
a precipitating phase; while the ‘‘flat” on the 
curves is due to the formation of particles of a 
critical size, the precipitation of this reduces 
the strain-hardening set up in the surrounding 
matrix. As the rate of cooling decreases, so the 
number of particles of critical size increases, 
and the relief of strain also proceeds, counter- 
balancing the hardening due to formation of 
fresh particles during cooling. 

Similar explanations could be put forward of 
the effect of the rate of cooling on aging at 
higher temperatures as shown in Fig 2 to 7. 

The authors are to be congratulated on a 
most interesting paper. 


E. H. Drx*—I second what the Chairman 
has said, that this investigation is a very inter- 
esting application from one field to another and 
shows the advantage of having our metal 
people get together in their technical sessions. 

Because of our interest in this paper, I have 
read it perhaps more critically than I would 
have many other papers, and I have a few 
comments that I thought of as I went through 
the paper which I would like to give to the 
authors, not meaning to be critical, but think- 
ing that perhaps it will add to the permanent 
value of the paper. 

In the first place, not being a steel man, I 
knew only vaguely about the Jominy test. 
When I saw the bar apparently upside down in 
the illustration, I was so puzzled that I tried to 
find a reference to the Jominy paper, and I did 
but it took about twenty minutes,’so I would 
suggest that maybe a reference to the Jominy 
paper and related articles would help the 
reader. 

I think, also, that the alloy terminology, 
R-3o1, is perhaps incorrect. According to our 
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understanding, R-301 is a clad product and is 


not produced as a rod. 

In reference to the aging treatments used 
which are said to be commercial treatments, I 
think we should point out that generally the 
times used in this investigation are shorter than 
are employed in most commercial practices. 

Dr. Loring, in presenting the paper, covered 
a point that I had in mind—at least I think he 
covered it—but I was interested particularly 
in connection with the effect of the quenching 
rate on the ‘‘as quenched” material. Just how 
much time was consumed between the time of 
quenching and the beginning of your measure- 
ments? The paper said the specimens were end 
quenched for 5 min. and then it took 10 min. to 
make the measurements. I assume it was a con- 
tinuous process, that is, you had finished your 
measurements in 15 min. 

The effect on the hardness of unaged (that is, 
I5 min. room temperature aging) material is 
interesting largely from a theoretical stand- 
point because those materials are not used in 
that condition. However, some parts are formed 
immediately after quenching, and it is indi- 
cated that the rapid quenching would perhaps 
give better formability. 

The discussion from England has said what 
I was going to say in about three words, and 
that is that the effect shown by the difference 
in quenching rate is largely one of artificial 
aging occurring during the quenching. In other 
words, in slow quenching, some artificial aging 
is taking place, with resulting higher hardness. 

I would like to show a couple of illustrations 
which I think will be of interest on this general 
subject. Some of you may have seen the paper 
presented by W. L. Fink and L. A. Willey at the 


AIME meeting last October in which the pro-_ 


cedure used in obtaining these curves is 
described. 

Without going into detail, it has been fairly 
well demonstrated that the range of tempera- 
ture through which the cooling rate is most 
critical is about 750° down to perhaps 600°F 
for 24S, and from about 750° down to 550° for 
755, so that the quenching rates shown at the 
bottom of Fig 9 in degrees per second are taken 
over these ranges for the two alloys. 

You notice in this figure we are using the 
revised nomenclature in which the temper 
designation for 24S will be —T4, because it is 
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naturally aged, and for 75S will be —T®, 
because it is artificially aged. 

The yield strength is perhaps the most sensi- 
tive characteristic. There is very little effect 


A4II 


type of attack caused by corrosion in this 
accelerated test. 

Now considering, first 24S-T4 it may be 
seen that if the quenching rate is less than 
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Fic 9—EFFECT OF QUENCHING RATE ON TENSILE PROPERTIES OF 24S-T4(-T) AND 7 5S-T6(-T). 
(L. A. Willey, Aluminum Research Laboratories.) 


on the yield strength or tensile strength of 
24S-T4 until the cooling rate is definitely 
under 100°F per sec, probably down to perhaps 
50°F per sec. 75S is more sensitive as is also 
shown by the authors’ paper. The yield 
strength of 75S-T6 begins to fall off sharply at 
well over 100°F per second. 

Perhaps the most important characteristic 
that we are concerned with in the quenching 
of these alloys is resistance to corrosion. The 
curves in Fig 1o for the two alloys were ob- 
tained by quenching specimens in different 
ways so as to obtain the cooling rates shown 
by the points on the curves, and then speci- 
mens l¢-in. thick of the alloys so quenched 
were subjected to an accelerated corrosion test 


so as to determine the effect of the corrosion on . 


tensile strength. 

Plotted here is percent loss in tensile 
strength. The corrosion tests were conducted 
(1) without any stress on the specimen and 


(2) with the specimen stressed to 34 of the 


yield strength while subjected to corrosion. 
In addition to the quenching rate at the 
bottom of the curve, you will see indicated the 


about rooo°F per sec, that the losses are 
greater than in the case of a more rapid quench. 
The losses reach a maximum at perhaps 20 or. 
30°F per sec, and then are less at slower rates. 
However, such low quenching rates are of no 
practical interest because the strength obtained 
is too low. 

I might add that when stressed to 34 of the 
yield strength, the effect of quenching rates is 
far more pronounced than in the case of the 
unstressed specimens. 

Now, for 75S-T6, the conditions are quite 
similar, except that it will be noted that the 
resistance to corrosion of 75S-T6 is much less 
sensitive to quenching rate than in the case 
of 24S-T4. 

One additional comment. It is a matter of 
practical experience, that, with very thick 
sections, slow quenching rates as, for instance, 
in boiling water, will have a fairly definite 
effect in lowering the strength of 14S. In other 
words, 24S is the least sensitive, then 14S, and 
lastly, 75S, where the sensitivity is quite 
important. 
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M. B. Bever*—This paper ies an interest- 
ing precedent for the use of the Jominy test 
outside the field for which it was originally 
designed. There may well be other applications 

« in nonferrous metallurgy. 
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rate appreciably, but it seems desirable to do 
work of this kind with specimens free of scale. 

Concerning the interpretation of the results, 
Drs. Gayler and Dix have already discussed 
the effect of the cooling rate on the hardness of 
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CORROSION, FOR 24S-T4(-T) AND 75S-T6(-T) specimens }¥ g-in. THICK. (L. A. Willey, Aluminum 


Research Laboratories.) 


I should like to make one criticism but do 
not wish to exaggerate its importance. In fact, 
I cannot judge the magnitude of the effect to 
which I want to call attention. The authors did 
not use a protective atmosphere for heating 
and scale was therefore present on the speci- 
mens. It can readily be conceded that the scale 
did not interfere with the hardness measure- 
ments. It must, however, have affected the rate 
of cooling. The effect of scale on the cooling 
rate is well-known in ferrous metallurgy. 

It is true that Fig 8 furnishes the actual rates 
of cooling along the bar but this figure refers 
to one particular alloy composition and thus 
to one particular scale. The scales on other 
alloys may have different composition, thick- 
ness, porosity and surface characteristics. 
Perhaps these differences between different 
scales are not large enough to affect the cooling 


* Massachusetts Institute of Technology. 


the samples in the quenched condition. The 
effect of the cooling rate on the hardness after 
aging is also of great interest. The authors are 
justified in concluding that the most rapidly 
cooled part of each specimen tended to give a 
slightly higher hardness on aging than the 
rest of the specimen. This fact may be of 
practical interest and certainly is of theoretical 
importance. The explanation of this phe- 
nomenon will have to be sought in the theory 
of nucleation as it applies to precipitation 
hardening. 


B. M. Lorine (authors’ reply)—The authors 


wish to thank those who chose to discuss the ~ 


paper, especially to fill in the parts that per- 
haps due to lack of time could not be covered. 

The authors agree with the theory advanced 
by Dr. Gayler, and they hope sometime to 
show experimentally that the critical rate is 
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chiefly a matter of the size and distribution 
of small precipitated particles. 

The additions made by Dr. Dix are very 
timely. When this paper was submitted for 
publication last July 1, we did not know about 
the work that had been done at the Aluminum 


Co. In fact, we did not know about the work - 


that was being done by Dr. Gayler at the 
time of our experiments several years ago; 
hence the lack of references to these very 
important papers. 

In regard to Dr. Bever’s comments on the 
effect of the magnitude of the error caused by 
scaling of the specimen, this is a very reason- 
able criticism, because scale is a very good 
insulator. However, we have carried out a 
number of tests on polished specimens, heated 
to the solution temperature, and later viewed 
under the microscope for examination of struc- 
ture in the unetched condition, and the 
structure was fairly well distinguishable. Had 

_there been any marked oxidation effect, one 
would have thought that the microstructure 
would have been less easily discernable. 

Then, in regard to the methods by which 
the cooling rates were taken, the bead of the 
thermocouple, although not so stated in the 
paper, was peened into place at elevated tem- 
perature, and this peening action was sufficient, 
we felt, to break up any scale which may have 
formed at the elevated temperature. 

The same practice of peening the couple 
into place was carried out both with the 
measurements of temperature on the Jominy 
specimen and also the same practice was used 
with the strip tensile specimen. We believe 
that although the criticism by Dr. Bever is 
well justified, we have cared for this in the 
experimental technique. 

We also have been very much concerned 
over the slight increase in hardness noted at 
the quenched end of the specimen. We have 
made several measurements of the elastic 
stresses in the quenched material by X ray 
diffraction. We found that appreciable elastic 
stresses were present in the quenched end of 
the Jominy specimens. Whether or not they 
were sufficient under the conditions imposed in 
the experiment to cause plastic deformation, 
we are not prepared to say. The presence of 
these elastic stresses, however, may very well 
have influenced the nature of nucleation taking 
place, contributing to the slight increase in 
hardness at the quenched end. 
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B. W. Gonser—I always thought the 
skin formed on aluminum was so very thin 
that it was scarcely a factor in a case like this. 

Dr. Dix, have you any comment to make on 
the skin effect? 


E. H. Drx—I would just like to say for the 
record that the surface condition of a piece of 
aluminum has a tremendous effect on the rate 
of cooling during quenching. That is, there is 
quite a difference between a polished specimen 
and one that has stain on it. If you go further 
and put an artificial oxide coating on it, you 
still further influence the cooling rate, so I 
think that the condition of the surface is a very 
pertinent factor. Of course, from a practical 
viewpoint, aluminum is generally heated in an 
air furnace. It should be noted, however, that 
in Dr. Loring’s experiments the rapid flow of 
water would tend to wipe off steam films so that 
the surface condition of the metal has less 
effect on film formation. 


B. M. Lorrnc—It was perhaps an oversight 
on the part of the authors not to refer to the 
paper which formed the basis for the present 
modification of the Jominy test.* To the 
authors, the spray quenching apparatus of 
standard design has become nearly as com- 
monplace as the hardness machine or the 
metallograph. 

With regard to the designation R3o1 it is 
maintained that this is substantially correct. 
The material was given to the laboratory 
through the courtesy of the Reynolds Metals 
Co. The composition corresponds to the com- 
position of the core of R301. The material was 
not obtained as clad material and it was made 
known to the Reynolds laboratory at the time 
of acquisition that it was for special research 
purposes not requiring cladding. 

In transferring the specimens from the 
quenching jig to the Rockwell machine, as little 
time as possible (a matter of seconds) was 
taken in order to avoid age hardening at room 
temperature ‘before the hardness measure- 
ments. It was practically a continuous process 
as assumed by Dr. Dix. 

In conclusion the authors express apprecia- 
tion to the Aluminum Co. of America and the 
Reynolds Metals Co. for providing the alloys 
for this investigation. 

*W. E. Jominy: A Hardenability Test for 


Shallow Hardening Steels. Trans. Amer. Soc. 
for Metals. (1939) 27, 1072. 
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Quenching of 75S Aluminum Alloy 


By W. L. Frnx* ano L. A. WILLEY,* Mempers AIME 


(Chicago Meeting, October 1947) 


DurinG the war there was introduced 
a new higher strength aircraft alloy 
designated 75S.1:-3 The properties of 
this alloy assure extensive applications 
in both military and commercial aircraft. 
It is therefore important to understand 
its limitations as well as advantages. 

The properties of 75S alloy in the heat- 
treated tempers, like those of many other 
aluminum alloys, are affected by the rate 
of quenching. In general, low quenching 
rates tend to cause low strengths and to 
adversely affect the resistance to corrosion. 
Commercial quenching procedures are 
usually sufficiently rapid to permit the 
development of maximum properties. How- 
ever, in the center of heavy sections, such 
as large rolled and extruded shapes, the 
quenching rates may not be rapid enough 
to develop maximum strength or resistance 
to corrosion. 

The investigations of 75S alloy described 
herein reveal the most critical range of 
temperature and the effects of quenching 
sheet and extrusions at different rates 
through that temperature range, on 
the tensile properties and resistance to 
corrosion. 


PROCEDURE 
Preparation of Specimens 


Sheet specimens (3 in. by‘9 in.) were 
prepared from a commercial lot of 75S 


Manuscript received at the office of the In- 
stitute April 4, 1947. Issued as TP 2225 in 
METALS TECHNOLOGY, August 1947. 

* Chief and Research Metallurgist, respec- 
tively, Physical Metallurgy Division, Alumi- 
num Research Laboratories, Aluminum Com- 
pany of America, New Kensington, Pa. 

1 References are at the end of the paper. 


‘as rolled” sheet (0.064 in. thick). The 
composition‘ was as follows: 


Weight Percentage 
Cu Mn Mg Zn Cr AI with Normal 
Impurities 


1.64 0.16 2.58 5.66 0.27. Remainder 


The specimens employed for the deter- 
mination of the time-temperature relations 
during quenching of sheet were prepared 
by the following procedure: the hot junc- 


tion of a 28-ga. iron-constantan thermo- © 


element (asbestos insulated) was brazed 
to a thin strip of aluminum which was in 
turn brazed into the end of a 3%¢-in. 
id by 14-in. od by 30 in. long aluminum 
protection tube. Before brazing, the tube 
was flattened to 0.064-in. thickness over 
the junction and adjacent lead wires for 
a distance of 144 in. The flattened end 
of the tube was fitted into a slot cut from 
one edge to the center of the 3-in. by 9-in. 
by 0.064-in. sheet and brazed into place. 
The brazed joint was dressed to the thick- 
ness of the sheet and the entire specimen 
buffed to approximately the brightness 
of ‘fas rolled” material. Because of the 
brazing operations required, these speci- 
mens were prepared using 3S alloy. 

For the investigation of quenching 
rates in heavy sections, there were used 
75S extrusions which had compositions 
similar to that of the sheet. The specimens 


‘consisted of 14 in. lengths of 34-in., 2-in., 


3-in. and 4-in. diam cylindrical rods and a 
roughly rectangular extruded section which 
was approximately 4 in. by 74 in. Ther- 


mocouples were peened into the bottoms | 


of 1-in. diam wells drilled into one end 


and parallel to the axis to a depth of 
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414 in. at one to four locations between the 
center and the surface. The thermo- 
elements were protected with }4-in. od 
aluminum tubes which were placed over 
the leads and driven into a counterbore 
For comparison, longitudinal 7¢-in. 
diam by 3}4 in. long bars were machined 
from various locations of the large sec- 
tions, and quenched in the same way as 
the full sections. 


Heat-treating and Quenching 


All specimens were heat-treated in a 
Homo furnace operating at 870 to 880°F. 
This range was chosen to be consistent 
with the heat-treating range (860 to 
880°F) specified for 75S extruded sections 
and the range (860 to 920°F) specified for 
75S sheet. Sheet specimens were held at 
the heat-treating temperature for 20 min. 
and the extruded specimens for 2 hr. 

Sheet specimens were racked with 34-in. 
spacings. The specimen used for the 
determination of time-temperature rela- 
tions was placed in the center and guard 
sheets were placed on the outside of the 
rack to assure like quenching conditions 
for all materials involved. 

Quenched specimens for testing in the 
naturally aged (W) temper were held for 
one month at room temperature. All other 
specimens were held for four days at 

‘room temperature and then aged for 
24 hr at 250°F (T temper). 


Measurement of Quenching Rates 


In all tests the time-temperature rela- 
tions during quenching were recorded 
with a Leeds and Northrup Speedomax. 
Only single curves were recorded in tests 
involving sheet materials. For large sec- 
tions (2-in. diam and larger) two to four 
; time-temperature curves were recorded 
with the one instrument through the use 
of a motor-driven selector switch. With a 


section having four stations, for example, 


the thermo-elements were connected to 
the instrument in succession for approxi- 
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mately 34 sec each. Thus, a record of 
temperature and time was obtained re- 
peatedly for each location at approxi- 
mately 3-sec intervals. 

Although the Speedomax is an accurate 
and reasonably rapid recording instrument, 
it does not record fast enough to show 
the rate of temperature change that 
occurs in 0.064 in. (14-ga.) aluminum 
alloy sheet during: quenching in certain 
media of high cooling capacity, such as 
cold water. In calibration tests, which were 
conducted on this instrument, it was found 
that little or no lag exists when the speci- 
men cools at rates of 1too°F per second or 
less. On the other hand, approximately 
2, 5, 10 and 4o pct lag were found for 
rates equivalent to 300, 600, 1,000 and 
3,000°F per second, respectively. Conse- 
quently, the quenching rates determined 
in these investigations have been cor- 
rected for the lag of the instrument. It is 
believed that these corrected rates mea- - 
sured from curves showing cooling up to 
1000°F per second are accurate, but 
that rates in excess of 1000°F per second 
are only approximate. The lower accuracy 
above 1000°F per second does not affect 
the conclusions. 


Determining Effects of Quenching Rate 


Three quenching procedures were used. 
The first designated ‘‘delayed quenching,” 
involved cooling the alloy to various 
temperature levels at rates that were 
slow enough to permit precipitation, 
and then quenching fast enough to prevent 
further precipitation. The second desig- 


‘nated “interrupted quenching,” involved 


quenching to various temperatures at rates 
that prevented precipitation, holding at 
those temperatures for various periods of 
time, and finally quenching at rates that 
prevented precipitation. The third method 
was a simple quench in various media, 
or in a single media with the bead of the 
couple at different distances from the 


‘surface. 
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In the delayed quenching procedure, capacity, were agitated with a Y4-hp © 


° 


the specimens of sheet were removed from 
the heat-treating furnace at 870-880°F, 
held in a medium. having low cooling 
capacity until various temperatures were 
reached (approximately 800, 750, or 700°F, 
and so on) and were then quenched in 
cold water. The initial cooling media 
employed in these tests were alcohol at 
70°F, boiling water, air blast, and still 
air (air at room temperature in both cases). 
The average cooling rates in these media 
were 86, 42, 13 and 4°F per second, 
respectively. 

In the interrupted quenching tests, 
the specimens were quenched initially 
in a medium having relatively high cooling 
capacity, removed from this medium as 
the temperature approached that selected, 
immediately placed in a constant-tem- 
perature salt bath at that temperature, 
held for various periods of time from 
approximately one second up to eight 
min., and then quenched in cold water. 
The initial quenching medium was a 
low-melting salt mixture in the case of 
the three higher temperatures and Wood’s 
metal in the case of the three lower tem- 
peratures. In all cases the temperatures 
of the initial quenching media were lower 
than the temperatures of interruption in 
order to accelerate the quench. 

The simple quenching of sheet was 
carried out in various media. These 
media, in the order of decreasing capacity 
for cooling, were as follows: 

(A) Water at 70°F (B) Wood’s metal 
at 170°F (C) Light Oil (Viscosity, 39 
S.S.U. at 1oo°F) at 70°F (D) Medium 
Oil (Viscosity, 129 S.S.U. at 100°F) at 
70°F (E) Heavy Oil (Viscosity, 7900 
S.S.U. at 100°F) at 85°F (F) Alcohol 
(Denatured) at 70°F (G) Boiling water 
(H) Air blast (low velocity) at room tem- 
perature (I) Still air at room temperature. 

The oils (C, D, E) were agitated during 
the quenching. In each case four gal, 
contained in a cylindrical can of 5-gallon 


portable mixer operating a single 40 
pitch, 3 in. diam, 3-blade propeller at 
1725 rpm. The quenching in the air 
blast (H) consisted of holding the speci- 
mens in an air stream from a 12 in. fan. 
The quenching procedure in all other 
media simply involved immersion of the 
specimens in the still media at the tem- 
peratures indicated. 

In the case of extrusions, the quenching 
was carried out in cold water only. 

Specimens from all three types of 
quenching procedures were aged and 
subjected to tensile and corrosion tests. 

The tensile tests were made on standard 
A.S.T.M. transverse sheet specimens and 
on standard A.S.T.M. }4-in. diam longi- 
tudinal specimens from extrusions. These 
were tested in an Amsler testing machine 
equipped with self-aligning grips. The 
yield strength was determined from the 
stress-strain curves drawn by an electric 
recording extensometer.® 

The resistance to corrosion was deter- 
mined from loss in tensile strength in 
sheet specimens only. The transverse 
sheet specimens were exposed for three 
months to 3}4 pct salt solution at room 
temperature by alternate immersion (speci- 
mens in the solution for 10 min out of 
each hour of exposure). They were exposed 
in both the unstressed and stressed con- 
dition. In the latter, the specimens were 
end milled to lengths predetermined from 
the yield strengths, bent, and held in a 
fixture in order to produce a stress of 
75 pet of the yield strength in the outer 
fibers. 


RESULTS AND DISCUSSION 
Delayed Quench 


A typical set of time-temperature 
curves for delayed quenches with the 
initial cooling in boiling water are shown 
in Fig 1. The effects on the transverse 
tensile properties of artificially aged sheet 
are shown in Fig 2. 
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It will be noted that, regardless of the 
rate of initial cooling or quenching, the 


. tensile and yield strengths begin to decline 
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the temperatures at which the strengths 
decrease at the most rapid rate. This most 
critical temperature also decreases with 
the cooling rate being somewhat above 
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Fic 1—COOLING CURVES FOR 0.064-IN. THICK ALUMINUM ALLOY SHEET IN DELAYED COLD WATER 
QUENCHING WITH INITIAL COOLING IN BOILING WATER. 
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Fic 2—EFFECT OF COOLING RATE AND QUENCHING TEMPERATURE IN DELAYED QUENCHING ON 
TENSILE PROPERTIES OF 75S-T. 


800°F. The temperature at which the 
decline in these properties stops or vir- 
tually stops, however, decreases with the 
rate. These temperatures are approxi- 
mately 600, 550, 500 and 450°F for the 
average rates of 86, 42, 13 and 4°F per 
second, respectively. 

From the curves in Fig 2 it is possible 
to determine the rate of decline in these 
properties with change in temperature 


-at each temperature (that is, the slope of 


the curves in Fig 2). The results are shown 
in Fig 3. These curves distinctly show 


6s0°F for the fastest rate (86°F per 
second) and at 600°F for the slowest 
rate (4°F per second). The total area 
under these curves, of course, is equal to 
the total loss in the strength for the 
respective cooling rates. 


Interrupted Quenching 


Typical time-temperature curves from 
interrupted quenching tests are shown in 
Fig 4. The curves show interruption of 
the quench for an 8-sec period at the six 
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temperatures employed (800, 700, 600, 
500, 400 and 350°F). 

It will be noted that cooling occurred 
within one second or less in both the 
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initial and final quenching. The tempera- 
ture of interruption could not usually be 
maintained at exactly that selected. 
However, it was maintained on the average 
well within +15°F. 

The results of tensile tests made on 
sheet specimens from the interrupted 
quenching tests are shown in Fig 5. These 
results are perhaps more clearly sum- 
marized by: the C curves of Fig 6..which 
were derived from the data of Fig 5 and 
which show the overall effect of ‘tem- 
perature and time on tensile properties 
of the alloy. 


The Critical Range 


The results of both the delayed and the 
interrupted quenching tests have shown 
that the most critical temperature in the 
quenching of 75S will vary somewhat 
with the quenching rate and also that 
the range of temperature through which 
the properties of the alloy will be adversely 
affected will widen with decreasing quench- 
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ing rate. From a practical standpoint, 
however, it appears that the most critical 
temperature is at about 650°F and that 
the range of temperature through which 
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the properties will be most adversely 
affected is from 750 to 550°F. 


Simple Quench at Different Rates 


Fig 7 and 8 show the time-temperature 
curves for the 0.064-in. 14 ga. sheet speci- 
mens quenched in the different media. 
Table 1 and Fig 9 present the tensile 
properties of transverse specimens cut 
from these samples in the W (aged 1 
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month at room temperature) and T 
(aged 24 hr at 250°F) tempers. As shown, 
the tensile and yield strength of 75S-W 
and 75S-T remains at the maximum level 

900 
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87 pct, respectively, of the maxima. 
At rates below 40°F per second these 
properties fall very rapidly, reaching 


values equal to only 63 pct of the tensile 
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Fic 6—EFFECT OF TIME AT CONSTANT TEMPERATURE IN THE QUENCHING RANGE ON TENSILE PROP- 
‘ ERTIES OF 755-T. 


when the quenching rates exceed 800°F 
per second. 

However, the tensile and yield strengths 
of 75S-T decrease with lower quenching 
rates. At 200°F per second the strengths 
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‘Fic 7—COOLING CURVES FOR 0.064-IN. THICK 
ALUMINUM ALLOY SHEET IN MEDIA HAVING HIGH 
AND INTERMEDIATE CAPACITIES FOR COOLING. 


are 99 pct and 97 pet, respectively, of the 
average attained on quenching at rates 
in excess of 1000°F per second. The 
decreases continue quite gradually down 
to 40°F per second (equivalent to quenching 
0.064 in. (14 ga.) sheet in boiling water). 
At this rate, the strengths are 92 pct and 


strength and 36 pct of the yield strength 
of rapidly quenched material at 4°F per 
second (equivalent to cooling 0.064 in. 
(x4 ga.) sheet in still air). 

The strengths of 75S-W do not decrease 
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Fic 8—CooLiNnc CURVES FOR 0.064-IN. THICK 
ALUMINUM ALLOY SHEET IN MEDIA HAVING 
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as rapidly with decreasing quenching 
rates as do those of 75S-T. At very slow 
rates the strengths. of 75S-W (aged one 
month at room temperature) are greater 
than those of 75S-I quenched at the 
same rates. 

The elongation of 75S-T remains prac- 
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tically constant with quenching rates 
above 10°F per second, but appears to 
increase slightly at lower rates. At rates 
below 800°F per second, the elongation 
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eet 


STRENGTHS IN 1000 PS!. 


ELONGATION-% 


QUENCHING OF 75S ALUMINUM ALLOY 


center of a 34-in. diam rod and at four 
locations from the center to within 3%¢ in. 
of the surface of a 4-in. diam rod. The 
accentuated parts of the curves for the 


—e— 75ST 
---O--- 75S-W (imo. at room temp) 


[e) OO 1000 00 
AVERAGE QUENCHING RATE ( miareetr es RANGE) *F/SECOND 
Fic 9—EFFECT OF QUENCHING RATE ON THE TENSILE PROPERTIES OF 75S-W AND 75S-T. 


of 75S-W decreases gradually with decreas- 
ing quenching rates. 

Typical examples of the time-tempera- 
ture curves for 75S cylindrical rods 
quenched in water at 70°F are shown in 
Fig 10. These curves show cooling at the 


4-in. diam rod indicate recordings at each 
location. These curves serve as a demon- 
stration of the large decrease in quenching 
rate at the center of solid cylinders with 
increase in diameter. 

The average quenching rates through 


TABLE 1—Effect of Quenching Rate on Tensile Properties of 75S-W and 75S-T! 


75S-Ws 75S-T# 
Average 
? ; Quenc . 
Quenching Mediu ing’ Bate, glensile | Yield euion: | Tensile | Yield | Elon- 
trength, | Strength, ae) gation 
per Sec. Pee Pee Pct in 2 ahh oa strengths Pet in 2 
In. In, 
WiStetab 7OCE se sressm cicetlaielt srencin « 52,500 77,800 47,800 17.5 83,02 2 
Wood's metal at 170°F Bielale' abseil 51,900 76,400 48,900 12.0 Racage varnn ate 
Light oil (39) at 70 Fs. SEES ee 51,600 77,000 48,000 18.0 83,050 72,975 12.8 
Medium oil (126) at 70° Be eiiaie e's 275 75,800 46,300 17.0 83,200 1,425 13.0 
Heavy oil (7900) at 85°F*....... 128 | 75,000 | 45,000 16.5 81,200 8,900 13.0 
Alcoliol Bt FOcL xc cela tevene se ak 98 75,900 45,400 17.0 81,700 68,375 13.0 
Boiling water......---++++++++- 42 72,400 42,300 TSs 77.975 63,625 12.9 
Air blast........ssseeeeeee eens 13 67,600 37,100 13.0 56375 43,750 13.0 
SELL Giri. B Arie ate ese a. Rie sik Wie ern 4 58,300 29,400 13.0 53,275 26,450 15.3 


so 
10,064 in. (14 ga.) 75S—"“‘as rolled”’ sheet heat treated 20 min. at 870°-880°F. Specimen cut transverse to 


direction of rolling. 


2 Average rate of-cooling through the range 750° to 550°F. Average of two tests. 


test. 


1 W temper—Specimens aged for one month at room temperature before testing. Results are from a single 


4 T Temper—Specimens aged, after 4 days at room temperature, for 24 hrs at 250°F. Results are average of 


four tests. 


+ Oil mechanically agitated during quenching operation. Values in parentheses are viscosities in Saybolt 


Seconds Universal at 100 oF, 


tien 


—_~_ *. = 
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the critical temperature range (750-550°F) 
are given in Table 2 for cylinders of four 
different diameters and for the irregularly 
shaped extruded section which is shown 
in Fig 11. 


g 
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iene 16 28 
TIME— SECONDS 


Fic 10—CooLING CURVES FOR 34-IN. DIAM- 
ETER AND 4-IN, DIAMETER RODS OF EXTRUDED 
75S QUENCHED IN WATER AT 70° FAHRENHEIT. 
x/L = RATIO OF DISTANCES, COUPLE TO CEN- 
TER: CENTER TO SURFACE. 


In order to establish clearly the effect 
of quenching rate on the tensile properties 
throughout these sections, it was found 
desirable to determine the maximum 


TABLE 2—Quenching Rates in 75S Extruded 
Sections of Various Sizes’ 


; Average 
° ° i i 3 
Size and Type of Section abies prea 
per Sec. 
Bees iat TOMs wv. dies ise os (0) 830 
meatienGiamM TOG... 5.15 «2 ink ee 0.88 430 
oO 135 
BiifiGiam! TO sl. 2e -1= 0.88 192 
4 0.58 87 
fo) 71 
nina sO eters itierers) «le 0.94 280 
0.70 64 
0.38 43 
° 42 
Irregular section’.......... 0.96 255 
0.71 33 
0.48 27 
fo) 22 


1 Quenched from 870° to 880°F into water at 70°F. 
2x/L: Ratio of distances, couple to center: center 
to surface. 


3 Average rate through the range 750° to 550°F. 

«Irregular extruded section (See Fig II). 
properties that could be attained by 
rapidly quenching material from cor- 
responding locations. This was desirable 
not only to establish the maximum proper- 
ties attained by rapid quenching but 
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also to take into account the variation 
in properties that occur throughout ex- 
truded sections, particularly of the larger 
sizes, as a result of inherent variations in 
composition and internal structure. As 


Fic 11—DRAWING OF THE EXTRUDED SEC- 
TION SHOWING THE LOCATION OF WELLS FOR 
THERMOCOUPLES. 


stated before, these maximum properties 
were determined by heat-treating and 
quenching longitudinal 3{¢-in. diam by 
314-in. long bars, using the same experi- 
mental practice which was employed on the 
full section. The average quenching rate 
for these bars was found to be equal to or 
greater than 1500°F per second. 

The results of tests made on standard 
\4-in. diam tensile test specimens from 
several locations in the four cylinders and 
in the extruded section of irregular shape 
are given in Table 3 along with quenching 
rates and maximum properties as actually 
determined for the same sectional location 
or as interpolated for those locations. . 
These results have been compared with 
the- results on 0.064-in. thick sheet in 
Fig 12. In this instance the percentages of 
the maximum strengths have been plotted 
against the quenching rates. The solid 
lines represent the values for sheet, and 
the open and solid circles represent the 
values for extrusions. It is shown that the 
effect of quenching rate is virtually 
the same on a percentage basis, although 
the tensile and yield strengths of the ex- 
truded sections in the longitudinal direction 


' 
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are appreciably higher than those of sheet 
in the transverse direction. 


Resistance to Corrosion 


Results of corrosion tests on 75S-T are 
given in Table 4 and shown in Fig 13-15, 
inclusive. As shown in Fig 13, the resistance 
to corrosion of 75S-T in the alternate 
immersion test is not materially impaired 
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type of attack develops in the 75S-T. The 
pitting type predominates with some inter- 
granular type in the materials quenched 
at rates in the range of 80 to 120°F per 
second. Below about 80°F per second and 
down to 10°F per second severe inter- 
granular attack predominates. In material 
quenched at 4°F per second pitting again 
predominates. 


TaBLeE 3—Effect of Quenching Rates in Extruded Sections on the Longitudinal Tensile 
Properties of 75S-T? 


ine Maximum! Pe Ore 
preter . ; Elon- 
Si dT Loca- ing Tensile Yiel . 
sa artes tion? Rate,’ |Strength,|Strength, a ; : 
x/L Deg F Psi Psi Tensile | Yield | F . 
/ g 2In. St h.|St th Tensile | Yield 
per Sec. ee , Pee "| Strength] Strength 
34 in. diam rod...... (7) 830 88,500 9.5 95,000 | 87,200 | ‘99.8 IOI.5 
2in. diam rod....... 0.83 320 85,950 10.0 94.750 | 88,600 99.1 97.0 
. ; (+) 85,100 9.5 93,800 | 88,300 98.4 96.4 
Zim diam: TOs cree 0.88 84,700 Tr0 94,850 | 88,150 99.1 96.1 
0.50 84,100 9.0 95,200 89,300 97.0 94.2 
; ° 81,850 10.0 | 93,600 | 88,000 96.9 93.0 
4in. diam. rod....... 0.91 86,100 II.o0 95,500 | 88,850 99.0 96.9 
0.63 gine 9.5 eae ul 94.6 as 
0.34 76,700 9-0 | 94,2 ,100 92.4 . 
Irregular section5..... 0.94 84,200 9.0 95,100 | 88,300 98.0 05.4 
0.71 75,500 8.0 95,900 89,600 89.9 84.3 
0.47 69,800 9.0 92,000 | 84,700 88.4 82.4 


1 75S Extruded sections heat treated 2 hrs at 870° to 880°F. quenched in water at 70°F and aged, after 4 days 
at room temperature, for 24 hrs at 250°F. Tests made on standard }4 in. diam tensile test specimens in a direc- 
tion parallel to the extrusion axis. Results are average of two tests. 

2x/L: Ratio of distances, specimen to center: center to surface. 


3 Average rate through the range 750° to 550°F. 


‘Strengths determined from 6 in. diam rods machined from the ‘‘as extruded” section and then heat 
treated, quenched and aged as given above. Average quenching rate 5 1500°F per sec. 


5 Irregular extruded section (see Fig 11). 


by quenching rates as low as 200°F per 
second, either unstressed or stressed to 
75 pet of the yield strength.* At slower 
rates the resistance to corrosion decreases 
very rapidly, reaching a minimum at about 
35°F per second. At still slower rates it 
improves. 

The effect of the quenching rate on the 
resistance to corrosion in this alternate 
immersion test is also shown by the type 
of attack. With quenching rates above 
about 120°F per second, only pitting 


*In the absence of experimental determi- 
nations it has been assumed that the resistance 
to corrosion is affected through the same range 
of temperature as the tensile properties. It 
is believed that if the range is not exactly the 
same it is nearly enough so that the average 
quenching rate actually used (750-550°F range) 
gives the correct relative ratings. 


All of these results are confirmed by 
the appearance of corroded test specimens 
as shown in Fig 14 and 15. The specimens 
quenched at the average rate of 42°F per 
second are the most severely attacked. 


Explanation of Results 


The shape of the C curves in Fig 6 
can be explained as follows. At heat- 
treating temperatures all or practically all 
of the soluble alloying elements are held 
in solid solution. In lowering the tempera- 
ture to slightly below that used for heat- 
treating, the solution may attain a slightly 
super-saturated state. Although a high 
rate of diffusion exists at such tempera- 
tures, the degree of super-saturation is 
so low that equilibrium is approached 
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slowly. In addition, the amount of the 
alloying elements remaining in solid solu- 
tion is still sufficient to maintain nearly 
maximum properties even after relatively 
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forms at these temperatures is too coarse 
to contribute much to the strength, and 
too little solute remains in solution to 
maintain high properties or to permit 


Tens: 
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60 


PERCENT OF STRENGTH 
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75S-T Sheet 


e@oando 75S-T Extrusions 


40) 


= 10 100 1000 
AVERAGE QUENCHING RATE (750-550°F RANGE) —°F/SECOND 


10000 


Fic 12— EFFECT OF QUENCHING RATES ON THE RELATIVE TENSILE PROPERTIES OF EXTRUSIONS AND 
SHEET. 


long periods at such temperatures. At 
intermediate temperatures the degree of 
super-saturation becomes relatively great 
and the rate of diffusion remains high 
so that the alloy rapidly approaches an 
equilibrium state. The precipitate which 


subsequent increase in properties by 
precipitation hardening treatments. Thus, 
even relatively short exposure at these 
intermediate temperatures causes an ad- 
verse effect upon the properties of the 
alloy. At the lower temperatures, however, 


TaBLe 4—Effect of Quenching Rate on Resistance to Corrosion of 75S-T? 


Average 
Quenching? 
Quenching Medium Rate, 
Deg F 
per Sec 
oS ee ee ee 
Water tl7O ribet sick muske euelslelersye sie ..-| 52500 
Wood's metal at 170°F..........-.+:: 51900 
Laght oil at 70°R 3. ose sie we se 51600 
Medium oil at 70°F. ......55- ese see: 275 
Heavy oil at 85°F 128 
Alcohol at 70°F ..... 98 
Boiling water........- 42 
Pir asticate «tolsie csnnedote atauetonai te 13 
Pal rate eee tie cetera ds Coareke erakine ca easy ion 4 


Per Cent Loss by Corrosion 


Solution 


4 Type of ial,6 
Unstressed Stressed Altacks roe 
T.S El. T.S El. 

Gf 70 15 84 i) —0.831 
8 64 18 84 i2 —0.825 
8 14 14 76 P —0.824 
Io 74 12 74 12 —0.821 
14 82 37 90 Ve — 0.833 
18 84 46 94 PorP+I1 —0.822 
40 92 57 92 I+ Porl —0.841 
26 82 53 90 I —0.851 
I5 68 35 82 PorP+I —0.879 


19.064 in. (14 ga.) 75S—“‘as rolled" sheet heat treated 20 min. at 870°-880°F. quenched and aged, after 4 


days at room temperature, for 24 hrs at 250°F. 


2 Average rate of cooling through the range 750° to 550°F. Average of two tests 


3 Specimens, cut transverse t 


immersion (specimens in the solution for 10 min out of each 


4 Specimens stressed to 75 pct of yield strength. 
5 Type of attack: P—pitting; J—intergranular. 
6 “*Steady’’ Solution Potential: 


o direction of rolling, exposed for 3 months to 346 pet NaCl solution by alternate 


hour of exposure). Results are average of two tests. 


Measured in stendard NaCl-H20: solution (53 g NaCl and 9 cc Merck's 
Superoxyl (30 pct H202) per liter) at 77°F (25°C) agaiast N/ro calomel electrode.» 
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—*— unstressed 
--O-< Stressed 


Type of Attock 


P — Pitting 
1 — Intergranulor 


PER CENT LOSS IN TENSILE STRENGTH BY CORROSION 


° 


10 100 ; 1000 
AVERAGE QUENCHING RATE (750- 550°F’ RANGE)— °F / SECOND 
Fic 13—EFFECT OF QUENCHING RATE ON RESISTANCE TO CORROSION OF 759-T. 
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Fic 14—RADIOGRAPH SHOWING EFFECT OF QUENCHING RATE ON CORROSION IN UNSTRESSED 
755-T SHEET EXPOSED FOR 3 MONTHS TO 344 pct NACL SOLUTION BY ALTERNATE IMMERSION. 
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the rate of diffusion becomes very slow 
and although the degree of super-satura- 
tion is very high, precipitation begins and 
proceeds slowly. The properties of the 
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less than 1 pct copper have been slowly 
quenched without rendering them sus- 
ceptible to intergranular attack. Therefore, 
intergranular 


the attack is probably 
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Fic 1s—RADIOGRAPH SHOWING EFFECT OF QUENCHING RATE ON CORROSION IN STRESSED (75 
PCT OF YIELD STRENGTH) 75S-T SHEET EXPOSED FOR 3 MONTHS TO 3% ect NaCt SOLUTION BY 


ALTERNATE IMMERSION. 


alloy, therefore, are not materially im- 
paired by relatively long periods at these 
lower temperatures. 

The effects of quenching rate on resist- 
ance to corrosion are consistent with the 
following hypothesis. The aging practice 
of 24 hr at 250°F is sufficient to precipitate 
the Al-Zn-Mg phase fairly uniformly 
throughout the whole structure of this 
alloy—grains and grain boundaries. The 
surface would therefore be substantially 
equi-potential were it not for the copper. 
In fact, some alloys of this type with 


caused by preferential precipitation of 
copper along the grain boundaries during 
a slow quench. This would leave the solid 
solution along the grain boundaries anodic 
to that within the grains, and thus cause 
electrolytic intergranular corrosion in a 
salt solution. The aging treatment is at 
too low a temperature to equalize the 
potential by precipitating the copper 
which was left in solution after the quench. 
The copper concentration can be equalized 
by holding at a sufficiently high tempera- 
ture. This probably: explains the pitting 


, 
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attack encountered in very slowly quenched 
tees 

- Unlike 24S-T, 75S-T suffers a Tas in 
tensile strength as a result of slow quench- 
ing before the resistance to corrosion is 
impaired significantly. Therefore tensile 
tests could be used to detect material 
with poor resistance to corrosion. 


SUMMARY 


It has been found that sufficiently slow 
quenching impairs the strengths and 
resistance to corrosion of the new high- 
strength alloy 75S. The range of tem- 
perature through which tensile properties 
are the most adversely affected by a slow 
quench is from 750 to 550°F. 

When the average quenching rate 
through that range exceeds 800°F per 
second, maximum strengths and resistance 
to corrosion are obtained. When the 
average quenching rate over the critical 
range lies between 800°F per second and 
. 200°F per second, the strengths are 
impaired slightly, but the _ resistance 
to corrosion is substantially unaffected. 
At rates down to 35°F per second, the 
strengths decrease more rapidly and the 
resistance to corrosion decreases to a 
minimum. At still lower rates the strengths 
decrease very rapidly, but the resistance 
to corrosion improves. 

The percentage change in strength for 
a given quenching rate is the same for 
heavy extrusions as for sheet. Of course, 
a given quenching procedure will give a 
lower rate of quench for the heavy sec- 
tions—especially at the center. 
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DISCUSSION 
(J. H. Scaff presiding) 


L. L. WatsMAN*—The paper presented by 
Messrs. Fink and Willey should prove of in- 
estimable value to both producers and con- 
sumers of 75S material. The generalizations 
advanced should allow the replacement of 
laborious “‘cut-and-try”’ experiments to deter- 
mine the mechanical properties of large sections 
by a rapid method of making. predictions. 
The data will also allow rapid checks on quench- 
ing facilities without the necessity of the ex- 
pense and delay of preparing samples, aging and 
testing. 


I would like to ask for the authors’ Pet 


on three points: (1) All tests on sheet material 
were conducted on a single lot. The extruded 
bars and section tested presumably represented 
one or more additional lots of material. Do the 
authors have any additional data which would 
indicate the maximum variation in “critical 
cooling rate’? to be expected in the normal 
variation in composition, grain size and mill 
practices in sheet, plate and extrusions? 
Specifically, is it safe for the consumer to as- 
sume that optimum properties will be devel- 
oped for all lots if the cooling rate exceeds 800°F 
per sec in the range of 750 to 500°F? 

(2) Examining Table 1, we note that the 
0.064-in sheet developed optimum properties 
during a Wood’s metal and light oil quench as 
well as during a water quench. Samples 
quenched in the medium and heavy oil show a 
slight strength decrease. These data bring to 
mind, of course, the possibility of employing an 


* Douglas’ els Corp., Santa Monica, 
California, ~ 
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oil quench in commercial heat treating opera- 
tions to reduce warpage of formed sheet metal 
parts. Would the authors care to comment on 
the possible application of oil quenching to 
commercial heat treating, bearing in mind that 
actual shapes ate frequently quite complex, 
and that in the quench of large quantities of 
parts some local heating of the oil will occur? 
(3) Many plants heat treating 75S sheets, 
solution treat at g10 to 930°F rather than the 
870 to 880°F used by the authors, in order to 
allow the use of the same equipment for the 


_ quenching of both 24S and 75S. Do the authors 


believe that the quantitative data in. their re- 
port would be appreciably different for a solu- 
tion treatment at 920°F? Is it safe to apply 
their data directly to the 920°F treatment? 


D. W. Smrra*—In connection with the one 
point that Mr. Waisman brought up in regard 
to the use of light oils in quenching 75S formed 
parts, I do not believe there would be very much 
advantage. The fact that essentially the same 
quenching rate obtains in both media means 
that essentially the same distortion results upon 
quenching in light oil as in water. 


W. L. Frxx (authors’ reply) —Mr. Waisman 
is right—the laboratory work was carried 
out on a very limited number of lots of ma- 
terial. However, we believe that it is safe for the 


* The Glenn L. Martin Co., Baltimore, Md. 
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consumer to assume that optimum properties 
will be developed for all lots if the cooling rate 
exceeds 800°F per second in the range of 750° to 
500°F. This is substantiated by the results of 
routine production of sections which are large 
enough that the average quenching rate could 
not exceed 800°F per second in cold water. 

In regard to the commercial use of light oil 
for quenching 75S, I would like to emphasize 
that oil was used in these experiments merely 
as a means of getting the desired quenching 
rate and there was no intention of developing 
a commercial quenching treatment ‘using 
oil. I would also like to point out that the oil 
used in these experiments was vigorously 
agitated as described on p. 416. Without such 
vigorous agitation or with the complicated 
shape in which there would be quiescent 
pockets, the quenching rate would be much 
lower. We would, therefore, not recommend 
the use of oil for commercial quenching. 

In regard to the heat treating temperature 
we do have some experimental data. It has been 
found that in a given quenching medium the 
quenching rate through the critical range is 
substantially the same regardless of the heat 
treating temperature. However, soluble constit- 
uents go into solution more rapidly at the 
higher temperature so that in a commercial 
heat treating operation, there is the tendency 
to approach equilibrium more closely, and thus 
secure slightly higher properties. 


The Effect of Tensile and Compressive Stresses on the Corrosion 
of an Aluminum Alloy 


By W. D. Rosertson,* Junior MEMBER AIME 
(Chicago Meeting, October 1947) 


INTRODUCTION 


THE effect of a tensile stress in accelerat- 
ing the corrosion-cracking of certain alloys 
of aluminum, magnesium and iron is widely 
recognized. The literature is extensive and 
it is only necessary to cite the recent 
ASTM—AIME Symposium.! There are, 
however, no experimental data conclusively 
showing the effect of an applied compres- 
sive stress. 

It has been inferred, from the generally 
accepted mechanism postulated for the 
acceleration of corrosion by an applied 
tensile stress, that a compressive stress 
would inhibit corrosion. Furthermore, it is 
observed that corrosion cracks invariably 
start on the tension side of a specimen bent 
as a simple beam. This observation has led 
to the suggestion that shot-peening of the 
surface would inhibit or eliminate stress- 
corrosion cracking in magnesium alloys? 
and aluminum alloys.’ However, the degree 
of inhibition produced by shot-peening does 
not appear in the literature except for the 
above qualitative references which are 
unsupported by experimental data. More- 
over, while peening undoubtedly imposes a 
surface compressive stress, the alteration 
of the surface by the severe cold-working 
involved complicates the interpretation of 
the results with respect to the effect of a 
compressive stress alone. 

If corrosion proceeds along preferential 


Manuscript received at the office of the 
Institute July 14, 1947. Issued as TP 2281 in 
MetTAts TECHNOLOGY, September 1947. 

* Corrosion Laboratory, Massachusetts Insti- 
tute of Technology, Cambridge, Mass. 

1 References are at the end of the paper. 


paths produced by precipitation from solid 
solution, it is easily understood how a com- 


ponent of tensile stress normal to these - 


paths will accelerate the corrosion and lead 
to ultimate failure. On the other hand, if 
the metallurgical conditions are such as to 
create preferential corrosion paths, then it 
is difficult to understand how a compressive 
stress, produced by shot-peening or any 
other method, can inhibit corrosion except 
in the sense that the accelerating factor is 
removed. Thus, if the basic corrosion 
mechanism remains unaltered, there should 
be little or no inhibition resulting from the 
application of a compressive stress if in- 
hibition is defined as the reduction of the 
degree of corrosion below that experienced 
in the unstressed state. 

The experiment described below was per- 
formed to isolate and evaluate the effect of 
a compressive stress on the corrosion and 
stress-corrosion cracking of a high strength 
aluminum alloy (24-S); and, by a compari- 
son of the corrosion rate of specimens 
subjected to an applied tensile stress, com- 
pressive stress and in the unstressed state, 
to clarify the role of stress in intergranular 
corrosion. 


EXPERIMENTAL PROCEDURE 


The experiment was conducted with the 
aluminum-copper-magnesium alloy known 
as Duralumin 24-S.* Specimens, 0.064-in. 
thick, in the form of 1-in. wide strips 
sheared parallel to the rolling direction, 


* Composition: Cu—q.65 pct, Mg—1.64 pct, 
Mn—o.82 pet, Fe—o.32 pct, Si—o.35 pct, 
Ti—o.or pct. 


428 


piano 


W. D. ROBERTSON 


were heat treated in a salt bath for 30 min. 
at 495°C and quenched in water at 20°C. 

The specimens were divided into two 
groups. one of which was allowed to age at 
room-temperature while the other was pre- 
cipitation treated at 170°C for 2 hr to 
render it susceptible to intercrystalline 
corrosion. The two groups of specimens 
were further subdivided into three sets of 
six specimens each which were then sub- 
jected to the corrosion test in the three 
states of applied stress, namely: tensile 
stress, compressive stress and in the un- 
stressed condition. 
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chloride-o.3 pct hydrogen peroxide elec- 
trolyte for a period of 48 hr at room tem- 
perature. At the end of this period the 
specimens were cleaned and machined to 
standard tensile test specimens; a proce- 
dure which eliminated edge effects and 
confined the test to the surfaces under 
stress. The residual mechanical properties 
were then determined for comparison with 
the same uncorroded material. 


EXPERIMENTAL RESULTS 


Table r incorporates the results obtained 
from the corrosion test in terms of percent 


TABLE 1—The Effect of Stress and Precipitation Treatment on the Corrosion' of Duralumin 24S 


a 


Unstressed Tension? Compression? 

Treatment Loss Loss Li Loss Loss Loss 
AS. pale otd. El., Std. [Tr Std. Et, Std.« || ‘T.S., | Std. El., Std. 
Per | Dev. | Per | Dev. Per | Dev. Per | Dev. Per | Dev. | Per | Dey. 

Cent Cent Cent Cent Cent Cent 
Aged at room temp.|~ 6.1 Las Ws7.5 7.7 | 11.4 | 1.83 | 53-5 2.1 3,0 £53 .4(2023 4.2 

Aged 2 hours at ; 

BOG seri ctcier sete 22.8 3.5 | 60.8 G25) IN 33~3) 18325 FOF 4.3 | 23.0 Bee Ogss OFF 


1 Total immersion in 5 pct sodium chloride and 0.3 pct hydrogen peroxide for 48 hr. 
2 Stress applied by bending equal to 80 pct of tensile yield stress. 


The stress was imposed by bending the 
specimens as simple beams in a porcelain 
holder of such length relative to the length 
of the specimen that the maximum applied 
fibre stress was equal to 80 pct of the tensile 
yield strength. Under this condition of 
deflection the concave side of the specimen 
was subjected to a compressive stress equal 
to the tensile stress on the convex surface. 
The effect of the applied tension or com- 
pression on the corrosion rate was differ- 
entiated by protecting the concave or 
convex side of the specimen with a 2:1 
paraffin: beeswax coating applied with a 
_ brush after springing the specimens into 
their holders. Likewise, the unstressed 
specimens were coated on one side so that 
direct comparison could be made with the 
stressed specimens. - 

After the above preparation, all the 
specimens and holders were totally im- 
mersed in 60 liters of a 5 pct sodium 


loss in tensile strength and elongation. So 
that a more efficient comparison can be 
made and its significance estimated, the 
standard deviation within each set has been 
calculated and included in the table. 

Representative cross-sections showing 
the characteristic type of corrosion for each 
of the six combinations of stress and heat 
treatment embodied in Table 1 are assem- 
bled in Fig r. 


DISCUSSION OF RESULTS 


With respect to material aged at room 
temperature after rapid quenching in water 
from the solution heat treatment, the three 
sections in Fig 1 show that under all condi- 
tions of stress the corrosion is of the pitting 
type and independent of the metallurgical 
structure. This is further substantiated by 
the characteristically low values for the 
percent loss in tensile strength. But a com- 
parison of the three sets of values in Table 
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; * tte oat OO ia OU 
Fic 1—SEctions or DURALUMIN 24S AT 300X AFTER TOTAL IMMERSION 
CHLORIDE AND 0.3 PCT HYDROGEN PEROXIDE FOR 48 HOURS SHOW 
TREATMENT AND STRESS ON THE TYPE OF CORROSION. 

Aged at room temperature: a, Unstressed, b, Tensile stress, c, Com 
2 hours at 170°C: d, Unstressed, e, Tensile stress, f, Compressive stress. 


oq, oy 


IN 5 PCT SODIUM 
ING THE EFFECT OF PRECIPITATION 


pressive stress. Aged 
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1 indicates an acceleration of the rate of 
corrosion owing to the applied tensile 
stress and, correspondingly, an inhibition 
resulting from the compressive stress. 
While these latter differences are small 
they are, nevertheless, significant when 
compared to the experimental variation. A 
calculation’ of the significance of the dif- 


ferences between the means of the two sets, 


unstressed-tension and unstressed-compres- 
sion, leads. to the conclusion that the 
probability of the chance occurrence of 
such differences is less than o.o1. It may 
be concluded, therefore, that the effects of 
tension and compression are small but 
real, 

The reason for the acceleration and in- 
hibition, when the corrosion is not following 
preferential paths such as grain boundaries, 
probably lies in the rupturing or compres- 
sion of the protective oxide film which 
promotes or inhibits access of the elec- 
trolyte to the underlying metal. This is also 
indicated by the work of Kroenig and 
Boulitschewa® who found that the corrosion 
of annealed aluminum (99.6 pct Al), as 
measured by weight loss, is proportional 
to the applied stress (dead-weight tension) 
in a 3 pct sodium chloride and o.1 pct 
hydrogen peroxide electrolyte and that the 
solution potential is independent of the 


stress. 


After precipitation treatment, the char- 
acter of the corrosive attack is completely 
altered. The sections in Fig 1 show inter- 
crystalline corrosion irrespective of the 
form of applied stress. In conformity with 
this type of corrosion, the rate is acceler- 
ated by an applied tensile stress as indi- 
cated by the loss in mechanical properties 


~ when compared to the loss suffered by 


similarly treated material corroded in the 
unstressed state. 

However, unlike the room. temperature 
aged alloy, the application ofa compressive 
$tress does not result in the inhibition of 


corrosion. Both the form of attack and the 


rate are identical for corrosion under an 
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applied compressive stress and in the un- 
stressed state. 

It is therefore apparent from the above 
results that inter-crystalline corrosion, at 
least in alloys of this type, is independent 
of the existence or the nature of the applied 
stress. If the metallurgical conditions are 
such that preferential corrosion paths are 
developed by localized precipitation at 
grain boundaries, intercrystalline corrosion 
will occur in an appropriate electrolyte. 
Conversely, the application of a tensile 
stress does not, of itself, produce inter- 
crystalline corrosion in the absence of the 
necessary metallurgical condition. The 
function of a tensile stress is thus reduced 
to that of an accelerator which does not 
play a primary part in the mechanism of 
intercrystalline corrosion. Furthermore, 
apart from its effect on the oxide film, an 
applied compressive stress does not inhibit 
or alter the type of corrosion experienced 
by material that has been rendered sus- 
ceptible to intergranular corrosion by pre- 
cipitation treatment. 


SUMMARY 


The effect of an applied tensile stress and 
a corresponding compressive stress on the 
general and intergranular corrosion of an 
aluminum alloy (24-S) has been investi- 
gated with the following results: 

1. The type of corrosion, general or inter- 
granular, is independent of the existence or 
the nature of the applied stress. It depends 
only on the metallurgical condition with 
respect to the Slevelop nicht of prefer- 
ential corrosion ‘paths by nonuniform. 
precipitation. ; 

2. The function of a tengjle stress is 
shown to be that of an accelerator only and 
therefore not a primary component of the 
mechanism of intergranular corrosion. 

3. An applied compressive stress is with- 
out effect either on the type or the rate of 
attack when the metallurgical conditions 
are such that intergranular corrosion is 
possible. 


432 EFFECT OF TENSILE AND COMPRESSIVE. STRESSES ON AN ALUMINUM ALLOY 


ACKNOWLEDGMENT 


The experimental work reported above 
was conducted at the Aluminum Labora- 
tories Limited, Kingston, Canada. The 
assistance and cooperation rendered by 
both the management and the staff are here 
acknowledged with thanks. 


REFERENCES 


1. Symposium on Stress Corrosion Cracking of 


Metals, (1944). Amer. Soc. for Testing 
Materials—AIME. 

V.N. Krivobok: ibid., 431. 

E. H. Dix, Jr.: ibid, 2,-115. R. B. Mears, 


R. H. Brown, E. H. Dix, Jr.: ibid., 330. 
R. A. Fisher: Statistical Methods for Re- 
search Workers, Oliver and Boyd, (1941), 
Edinburgh, 167. 
W. O. Kroenig and A. J. Boulitschewa. 
Korrosion und Metallschutz, (1936), 12, 73, 


DISCUSSION 
(J. H. Bruckner and F. N. Rhines presiding) 


Pes Moss 


mn 


H. Brown*—I am interested from a curi- 
osity standpoint in knowing exactly how you 
had this test set up. I wonder if it would be 
possible for you to show me a sketch of how 
you had this piece mounted, and the approxi- 
mate angle the piece was bent, and how you 
measured the amount of force applied during 
that bending operation; and whether any 
adjustment was made in the bend to account 
for the amount of force, or was the tensile of 
each of those the same in both cases? 


W. D. Rosertson (author’s reply)—The 
specimens were held in a porcelain fixture. The 
length of the specimens was such that when 
bent in an arc between the ends of the fixture, 
the maximum applied fibre stress was approxi- 
mately equal to 80 pct of the tensile yield 
strength with the concave side in compression 
and the convex in tension. 

The applied stress was not measured directly 
but was calculated from the thickness of the 
sheet and the shape of the arc. All stressed 
specimens were bent in the same arc and are, 
therefore, under comparable stress. The exact 
magnitude of the stress, within wide limits, does 
not affect the result with respect to tension and 
compression. 


H. Brown—Where were the samples taken? 


* Solar Aircraft, Des Moines, Iowa. 


W. D. Rosertson—The metallographic 
samples were taken at the midpoint of the 
specimen where the stress was a maximum, 
and away from the sheared edge to eliminate 
any effects not characteristic of the material as 
a whole. 

Further, the specimens and their fixtures 
were horizontal in the corrosion test, with 
respect to their length, and the plane of the 
sheet was vertical. Disposed in this way, 
the corrosion products cannot collect under 
the concave arc. 


J. Harwoop*—Mr. Robertson’s experiments 
on the influence of stress state on the type and 
rate of corrosion of the precipitation-hardening 
aluminum alloy, 24 S, are most interesting. 
But as the author has indicated, the observa- 
tion that intercrystalline corrosion is independ- 
ent of the presence and type of applied stress 
(tensile or compressive) may not be applicable 
to all metal systems. 

There was considerable interest and activity 
during the past war on the stress-corrosion or 
““season-cracking”’ of the brasses, particularly 
70-30 cartridge brass. As part of the program 
aimed at the development of methods that 
would provide effective protection, an investi- 
gation was conducted (at the Naval Gun Fac- 
tory, Wash., D. C.) for the study of the effects 
of various surface treatments on the prevention 
of stress-corrosion of 70-30 brass. Three treat- 
ments which seemed promising—zinc plating, 
lacquering and shot peening—were selected for 
study. Simple beam specimens similar to those 
described by Mr. Robertson were exposed to 
ammoniacal atmospheres in an accelerated 
stress-corrosion test. 

Various tests were run in which both the 
upper surface (tension side) and the lower 
surface (compression side) of the specimens were 
treated, only the tension surface or compression 
surface was treated, and neither surface 
was treated. One of the important obser- 
vations was that in none of the tests, regardless 
of the presence or absence of any protective 
surface treatment, did cracking occur on the 
compressive side. Examination for cracks was 
made by microscopic examination at suitable 
magnification after removal of the plate or lac- 
quer, followed by a light pickling treatment. If 


* Office of era Research, Navy Dept., 
Washington, D. C, 
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no cracks were observed the specimens were 
bent flat upon themselves to open up any 
incipient cracks. Zinc coatings and several 
lacquers were found to be most effective in 
preventing the occurrence of cracking. Whereas 
untreated specimens cracked in an extremely 
short period of time, chromate-dipped zinc- 
plated specimens lasted for more than five days 
without the formation of cracks. Tests were 
usually discontinued after a five-day exposure 
period. The protective effect of zinc remained 
as long as sufficient zinc was present to provide 
electrochemical protection. Shot peening was 
also effective, when the compressive stresses 


introduced by peening were greater than the . 


tensile stresses induced in the outermost fibers 
of the test specimen. 

Similar surface treatments were also applied 
to cartridge cases on the inner, outer or both 
surfaces. The base region of a cartridge case, 
which is the most highly stressed region as a 
result of fabrication, is particularly susceptible 
to stress-corrosion attack. Of the three treat- 
ments investigated, the introduction of com- 
pressive stresses by shot peening was most 
effective for unfired cases, with lacquers and 
zinc plate also providing considerable protec- 
tion. An “annular ring” or circumferential 
notch is often found in the base sections of 
cartridge cases, and this is extremely difficult 
to peen adequately. In these cases, cracks 
would develop at the root of the notch. How- 
ever, where peening managed to “‘seal”’ the 
notch, then prevention of stress-corrosion 
cracking was effective. 


H. H. Ustic*—Mr. Harwood’s remarks 
serve to differentiate between two types of cor- 
rosion; namely, intergranular corrosion and 
stress corrosion cracking, the description of 
which is now confused in the literature. Mr. 
Robertson’s paper does much to clarify the 
situation. 

It may be well to emphasize that intergranu- 


- Jar corrosion requires only a specific metallurgi- 


cal structure and a corrosive environment; 
stress is not involved. Hence, peening is not 
expected to have any effect in reducing corro- 
sion of this kind. On the other hand, stress cor- 


“rosion cracking involves a specific corrosive 


environment combined with a critical stress 


* Massachusetts Institute of Technology, 
Cambridge, Massachusetts. 
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applied to or residual in the metal. To reduce 
stress corrosion cracking, therefore, one expects 
peening or any similar operation relieving 
tensile stresses at the surface to be effective. 

Confusion between these two types of cor- 
rosion presently exists with respect to the stain- 
less steels. Intergranular corrosion resulting 
from carbide precipitation along grain bounda- 
ries is sometimes described erroneously as stress 
corrosion cracking. The latter is a transgranular 
failure which does not have its origin in the 
same source as intergranular failure. Stress 
admittedly may help open up cracks along 
grain boundaries, and in this way accelerate 
failure, but the alloy would fail eventually 
whether or not stress were present. With trans- 
granular failure of the stainless steels, stress is 
a vital element in causing failure. ' 


F. N. Rurnes*—The material under obser- 
vation was 70-30 brass which had been fully 
annealed until it was in a dead soft condition. 
Small squares of perhaps 2-in. across were 
available for this material. The brass was 
cleaned with nitric acid and washed, and then 
on one side of the piece was placed a circle of 
mercury by deposition from mercurous chlo- 
ride, and then the chloride was washed off. 
Pieces which had no mercury on them could be 
bent double and squeezed up in a vise without 
cracking. When the piece with mercury on it 
was bent with the mercury on the outside of 
the bend (the tensile side), cracking occurred 
very quickly with a relatively small amount of 
bending as one might expect. 

The surprising thing to me, however, was 
that if the piece were bent the other way with 
the mercury presumably on the inside, cracking 
occurred almost as easily as when the mercury 
was on the outside. I do not think that refutes 
the contention here that on compression 
present stresses should not include compression 
corrosion cracking, but that little observation 
has worried me considerably. 


R. B. Mears{—In the example just de- 
scribed, cracking of a stressed metal in contact 
with mercury is mentioned. This type of failure 
is not strictly stress corrosion cracking. Pre- 
sumably, the mercury simply alloys selectively 


* Carnegie Institute of Technology, Pitts- 
burgh, Pa. Z 

+ Carnegie-Illinois Steel Company, Pitts- 
burgh, Pa. F 
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with the material at or near the grain bound- 
aries. The mercury alloy or amalgam thus 
formed is very weak and the stressed specimen 
then simply falls apart. It is not necessary that 
any corrosion in the usual sense is required to 
cause this failure. 

It might also be pointed out that Mr. 
Robertson’s paper throws some light on the 
mechanism of stress corrosion cracking. It will 
be noted from Mr. Robertson’s data that there 
is no appreciable acceleration of corrosion by 
stress unless the duralumin specimens were 
susceptible to intergranular corrosion in the 
absence of stress. Thus it is not necessary to 
postulate that stress causes grain boundary 
precipitation for these alloys. Grain boundary 
precipitation may have already occurred as a 
result of the thermal history of the material. 

For other materials the effect of stress in 
stimulating precipitation: may be important. 
However it is not an essential requirement in 
order that a material be susceptible to stress 
corrosion cracking. 


W. D. Rospertson—With regard to Dr. 
Rhines’ example, I agree with Dr. Mears that 


the cracking of brass in mercury is an alloying 
phenomenon rather than one of corrosion in the 
usual sense. It is unfortunate that so much of 
our data regarding the stress-cracking of brass 
have been obtained with the mercury test 
which has added another variable to an already 
complex mechanism. 

I should like to thank Mr. Harwood for his 
contribution of data which so clearly illustrate 
the apparent differences between this aluminum 
alloy and the copper-zinc alloys. Also, as Dr. 
Uhlig has pointed out, the two types of cor- 
rosion can occur in the same alloy (stainless 
steel). 

Certainly Dr. Mears’ deduction from the 
data that it is unnecessary to postulate grain 
boundary precipitation as a result of stress is 
correct. In these alloys, it has been shown that 
the time and temperature of precipitation 
treatment can be quantitatively correlated 
with the susceptibility to intergranular cor- 
rosion, and it is independent of stress applied 
after the thermal treatment.® 


6 W. D. Robertson: Trans. AIME (10946) 
166, 216. 


Effect of Various Stress Histories on the Flow and Fracture 
Characteristics of the Aluminum Alloy 245T* 


By J. J. Lyncu,} E. J. Rretinc,f anp G. Sacus,t Mremper AIME 
(New York Meeting, February 1948) 


INTRODUCTION 


General 


_ Ir is general practice to evaluate the 


strength properties of a particular metal 
from its stress-strain (si — €:) curve ob- 
tained by means of a conventional tension 
test. Such a stress-strain curve, Fig 1, 
illustrates two important properties of a 


- metal, its ability to strain harden, and its 


ability to withstand a certain limiting 
stress, the “fracture stress,” (s’s), and a 
certain limiting strain, the ‘ductility” 


(e,), before it fails by separation. These two 


fracturing characteristics are the coordi- 
nates of the point of fracture in Fig 1. 

In the case of a metal which necks in a 
tension test, both the fracture stress and 
the ductility (measured in a tension test) 


are dependent upon (1) the shape of the 


neck and (2) average values of the stresses 
and strains over the cross-section at the 
moment of fracture. However, for the pur- 
pose of this investigation, these average 
quantities, rather than the actual values, 
may be considered for reasons of simplicity. 
It appears that the conclusions also hold 
true if the analysis were carried out for 


Manuscript received at the office of the 
Institute June 23, 1947; revision received 
October 31, 1947. Issued as TP 2307 in METALS 
Tre*HNOLOGY, January 1948. ~ 

* This paper is one of a series of reports ina 
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Institute of Technology, Cleveland, Ohio, in 
cooperation with the Office of N aval Research, 
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actual values of fracture stress and ductility 
at the locus of failure. 

In this paper, the effects of straining (at 
room temperature) by various methods on 
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Fic I—EFFECT OF INCREASING STRAIN ON THE 
FLOW STRESS OF A METAL. 


the above metal characteristics, which were 
determined by subsequent tension tests 
will be discussed. 

According to our present knowledge, any 
such prestraining results in a stress-strain 
curve (in subsequent testing by tension), 
Fig 2, the general shape, or flow charac- 
teristics, of which can be derived from the 
original stress-strain curve of the unstrained 
metal minus a certain portion exhausted by 
the initial straining. This phenomenon is 
called strain hardening, and may be meas- 
ured by the magnitude of the cut-off, or the 
“effective strain,” from which the new 
curve must start in order to coincide in its 
plastic branch with the original stress- 
strain curve. 
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The relation between the actually per- 
formed strains and the effective strains or 
the strain hardening is recognized only for 
a few simple types of prestraining, so far. 
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Fic 2—EFrFrecT OF STRAINING A METAL IN 
TENSION AFTER OBTAINING AN INITIAL EFFEC- 
TIVE STRAIN BY A METHOD OTHER THAN TENSION. 


Some additional information on this sub- 
ject is presented in this paper. 

The fracturing characteristics of any 
metal change with prestraining in a gen- 
erally unpredictable manner, Fig 2. 

The ‘‘retained ductility,” e,, is usually 
found to decrease continuously with in- 
creasing prestrain from the original value, 
€so, to the value zero at some maximum 
value of prestrain. This limit of prestraining 
may be considered as the ductility of the 
metal under the conditions of prestraining. 

The fracture stress, s’,, of the prestrained 
metal may be equal to, larger than, or 
smaller than the fracture stress, s’,o, 
measured in a tensile test. 

The re-evaluation of previous test results 
offers ample evidence that both the duc- 
tility and the fracture stress, observed after 
prestraining by a certain amount, differ 
considerably from those encountered after 
an equivalent prestrain in tension. Addi- 
tional test data which confirm this conclu- 
sion and eliminate some uncertainties are 
presented in this paper. 

To evaluate quantitatively the effects of 
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various methods of prestraining, the de- 
pendence of the fracture characteristics 
upon the following variables must be 
considered: 

1. The shape of the specimen (neck) at 
the moment of fracturing. Both the fracture 
stress and the retained ductility of any 
metal condition depend upon the trans- 


verse stress which, in turn, is determined 


by the neck contour. 

2. The strain history, that is, the ratios 
of the three principal strains during 
prestraining. 

3. Thestress history, that is, the ratios of 
the three principal stresses during the pre- 
straining. For a given strain history, the 
stress history may vary within wide limits. 
Thus, for example, in tension the two 
transverse (natural) strains are equal and 
minus one half of the longitudinal strain. 
The same strain history Occurs in drawing, 
extrusion, in combined tension, hydro- 
static pressure, and others, that is, stress 
states very different from tension. 

An attempt has been made in the present 
investigation to evaluate the magnitude 
of the different effects listed above. First, 
the effects of various stress histories will be 
considered for identical strain states which 
result in a specimen shape identical to that 
obtained in regular tension (for the same 
strain). Subsequently, the dependence of 
the metal characteristics upon the specimen 
contour will be evaluated. Finally, the very 
complex effects of differences in strain his- 
tory will be discussed. 

As material for this investigation, the pre- 
cipitation-hardened aluminum alloy 24ST, 
containing 4.5 pct copper, has been selected. 
This alloy exhibits only a shallow neck in 
tensile tests, rendering the effects of speci- 
men shape small. It has also been found to 
yield very consistent test results. 


Strain Hardening for Identical Strain States 


Regarding strain-hardening for identical 
strain states, it is generally assumed that it 
depends only upon the state of strain, that 
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is, the magnitudes of the three principal 
strains. Thus, if (1) all three strains are 
equal for two specimens prestrained by 
means of different stress states and (2) the 
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strain curves possessed a shape independent 

of the magnitude of the hydrostatic pres- 

sure, as shown schematically in Fig 3. 
Another type of prestraining which 
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PRESSURES ON THE FRACTURE STRESS AND DUCTILITY IN TESTING 


(BRIDGMAN). 


p = hydrostatic pressure, psi; «p = prestrain. 


resulting specimen shapes are identical, the 
shape of the stress-strain curves in subse- 
quent tension should also be identical. This 
has been proven conclusively to be true by 
Bridgman! who prestrained a number of 
metals by combined tension and hydro- 
static pressure of varying magnitude. For 
any given prestrain, the resulting stress- 


1 References are at the end of the paper. 


(approximately) produces a strain state 
identical to that of tension, is the drawing 
of wire or rod. However, the resulting speci- 
men shape is identical to that of a tensile 
test specimen only for strains not exceeding 
the values at which the tensile test speci- 
men begins to neck. Beyond the necking 
strain, the shape of the tensile test specimen 
differs from that of the always cylindrical 
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specimen resulting from an equal prestrain 
by drawing (the larger the prestrain the 
larger the difference). Thus, two regions 
must be distinguished if prestraining is per- 


aco 
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in such a predrawn specimen occurs at a 
stress which closely corresponds to that at 
which a tensile test specimen would also 
flow (at the same strain), if the neck and 
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Fic 4—EFFECT OF PRESTRAINING BY DRAWING ON THE FLOW AND FRACTURING CHARACTERISTICS 
IN SUBSEQUENT TENSION TESTING ON 72/28 BRASS WIRE (STRIBECK). 


formed by drawing. Direct experimental 
evidence indicates that, for strains smaller 
than the necking strain, drawing strain 
hardens a metal by the same amount as 
tension if the metal flow is uniform, as has 
been shown by Linicus and Sachs.? 
However, for strains larger than the 
necking strain, plastic flow in regular ten- 
sion generally requires larger (average) 
stresses than the same strains resulting 
from the combination of prestraining (be- 
yond the necking point) by drawing and 
straining by subsequent tension. This is 
illustrated by the results of tests by Stri- 
beck in Fig 4. The beginning of plastic flow 


the associated triaxiality were eliminated. 
This relation has been confirmed by numer- 
ous investigations. 

Wire drawing thus permits the estab- 
lishment of a stress-strain curve for ‘pure 
tension”’ (as opposed to regular or conven- 
tional tension) which is generally called the 
‘flow stress curve” in agreement with a 
variety of other experimental and analyti- 
cal methods. : 


Fracturing Characteristics for Identical 
Strain States 


Regarding the fracturing characteristics 
for identical strain states, it is now recog- 
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nized that they are different if obtained 
under different stress states. Thus, Bridg- 
man! reports that steels stretched by 
combined tension and hydrostatic pressure, 
p, become progressively. more ductile and 
stronger the higher the pressure and the 
larger the prestrain, €,, according to the 
schematic representation of his results in 
Fig 3. Thus, considering the prestraining at 
high pressures and the subsequent testing 
under atmospheric conditions as portions 
of the same stress-strain curve, the coordi- 
nates of the fracture point increase, both 
with increasing pressure at a given prestrain 
and with increasing prestrains performed at 
any given pressure. 

The effect of drawing on the fracturing 
characteristics can be deduced from the two 
investigations mentioned above.*? For 
strains smaller than the necking strain, 
Stribeck’s data in Fig 4 indicate that the 
effects of drawing and tension differ only 
slightly. However, tests by Linicus and 
Sachs show that after prestraining by draw- 
ing under conditions of uniform plastic 
flow (drawing through very small die 
angles), the ductility increased progres- 
sively above the values for tension. There- 
fore, for prestrains by drawing larger than 
the necking strain the ductility after draw- 
ing becomes increasingly larger than that in 
tension, while the (average) fracture stress 
decreases correspondingly. 


Strain States Differing from That Occurring 
in Regular Tension 


The effects of strain states differing from 
that occurring in regular tension on either 
the strain hardening or the fracturing 
characteristics (in regular tensile tests) 
comprise a very complex problem. 

From the very limited amount of data 
available in this respect it appears that if 
the largest strains in prestraining and test- 
ing, respectively, are of equal sign for the 
same directions, effects similar to those dis- 
cussed for identical strain states occur. 
Thus, rolling to a certain strain in the roll- 
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ing direction strain hardens a metal, in 
subsequent tension, by practically the same 
amount as an equal elongation by tension, 
as shown in Fig 5 for tests by Stribeck.3* 
Regarding the fracturing conditions, it also 
appears that rolling has much the same 
effect as combined tension and hydrostatic 
pressure, causing a progressive increase in 


. both the total ductility and the fracture 


stress, above the values in regular tension. 
This change in fracture stress is the reverse 
of that expected from the difference in 
shape which is observed after drawing, 
see Fig 4. Also, the increase in ductility is 
much larger than that observed in drawing. 

If the conditions during prestraining 
differ radically from those during subse- 
quent testing, both the differences in 
strain state and in stress state must be con- 
sidered. 

Only a few isolated observations are 
available regarding this problem. The differ- 
ences in the strain states are largest if the 
two strain states differ in sign, such as pre- 
straining by compression and testing in 
tension. Apparently, the effect of pre- 
straining in compression on the stress-strain 
curve in subsequent tension has not yet 
been investigated, except for small strains 
at which the so-called Bauschinger effect is 
developed. Regarding the fracturing char- 
acteristics, a few experiments by Koerber, 
Eichinger and Moeller® indicate that com-: 
paratively large strains reduce severely 
both the ductility and the fracture stress in 
subsequent tension tests, as shown for one 
example in Fig 6. 

Experiments by Swift® in which speci- 
mens were prestrained by torsion also dem- 
onstrate the effects on the fracturing 
characteristics of a strain state in pre- 
straining radically different from that used 
in subsequent tension testing. These tests 


*Similar data have been presented by 
Mehringer and MacGregor‘ for rolled, low 
carbon steel, the specimens taken in both the 
rolling and in the transverse directions. These 
data, however, are distorted by the additional 
effect of strain aging: 
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showed a constant fracture stress and duc- 
tility up to a certain strain, after which 
both fracture characteristics decrease rap- 
idly. Twisting the strained specimens back 
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strains were varied from small values to the 
largest values possible without failure of the 
metal in prestraining. Tensile test bars were 
machined from the prestrained specimens, 
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Fic 5—EFFECT OF PRESTRAINING BY ROLLING ON THE FLOW AND FRACTURING CHARACTERISTICS IN 
SUBSEQUENT TENSION TESTING ON 72/28 BRASS WIRE (STRIBECK). 


into their original shape, however, restored 
the original high fracture stress and 
ductility. 


Purpose of Present Investigtaion 


The investigation reported here was 
undertaken to clarify some of the above 
discussed relations. To minimize the effects 
of necking, the material selected was the 
aluminum alloy 24ST which possesses a 
limited ductility. Specimens were pre- 
strained (1) by drawing, (2) by extrusion, 
(3) by compression, and (4) by torsion. The 


and their stress-strain (s’; — €;) curves 
determined. 


MATERIAL AND PROCEDURE 


Material 


For the investigation, commercial 34-in. 
diam 24ST aluminum alloy rod was used. 
All rods were given the following re-solution 
heat treatment before machining of the 
specimens for prestraining: 1, soaked for 
one hour at 920 + 10°F in an electric 
Lindberg cyclone forced convection fur- 
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nace, 2, quenched in water at room tem- 
perature, and 3, aged at room temperature 
for four to five days. This insured a high 
degree of uniformity in the material. 
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€> = 0.30. Attempts for higher strains 


failed because of buckling of the specimens. 
Drawing was accomplished by pulling 
the specimens through the same die as used- 
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A coolant was used during all machining 
in order to prevent any change in the prop- 


erties of the material that might be brought. 


about by heating the metal. All prestrain- 
ing and tension testing were carried out at 
room temperature. 


Prestraining 


Prestraining by extrusion and drawing 
was done entirely on a 60,000-Ib Tinius 
Olsen: testing machine. Extrusion was ac- 
complished by forcing short cylinders 
through a o.50o-in. diam, seven degree half 


angle die. The maximum ‘degree of pre-. 


straining by extrusion was approximately 
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in extrusion. Various prestrains, up to 
€» = 0.41, were obtained in one operation 
by the use of a stepped specimen. 
Prestraining by compression was accom- 
plished by using cylinders of various heights 
whose faces were machined perpendicular 
to the cylinder axis. These were then com- 
pressed with the aid of an antifriction ball 
bearing die set in a Tinius Olsen tensile 
testing machine. For strains of €p > 0.40 
the specimens were compressed in the ten- 
sile machine up to the limiting load capac- 
ity of the machine, and then compressed 
still further with a drop hammer. Compres- 
sive strains over €p = 0.56 were impossible 
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since the specimen fractured at strains close 
to this value. 

The specimens prestrained by torsion 
-were twisted on a Tinius Olsen torsion 
testing machine. The angle of twist was 
determined over a 2-in. ga. length. The 
external shear strain was taken as the tan- 
gent of the angle through which a unit 
length of the surface had been twisted, i.e., 
tan @ = R0/1. The maximum torsional 
strain (stretching of the outside fibers) 
possible before fracturing converted to ep 
was approximately 0.20 at a radius of 0.106 
hag’ 


Tension Testing 


The tension specimens were machined to 
a 2-in. radius in the reduced section, 
0.212 + 0.001 in. diam, to facilitate meas- 
uring the strain at the neck. Such specimens 
neck and fracture at the minimum section. 
This introduced a small but constant 
amount of triaxiality. 

The tensile specimens were tested in 
specially designed fixtures that yield an 
eccentricity of less than o.oor in.§ The 
speed of testing was sufficiently slow to 
enable point by point recording of .stress- 
strain curves. The testing time varied be- 
tween 10 and 20 min. 

The change in diameter of the minimum 
section, or average transverse strain, was 
obtained by means of a radial strain gauge 
of the type previously described.8 The re- 
duction in area at the root of the minimum 
section could be determined at all points 

‘up to and including fracture from such 
strain measurements, with an estimated 
accuracy of +o0.1 pct. 

All plotted tensile test results for zero 
prestrain, prestrain by extrusion, and pre- 
strain by drawing are an average of two or 
more tests. Results for prestrain by com- 
pression and torsion represent single tests. 


* Approximate relationship between strain 
e1 of outer fiber and maximum shear strain is 
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a= and ep = In (1 + e1).7 
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MeEtTHOD oF ANALYSIS 
Effect of Specimen Shape 


For each specimen investigated, the 
average or so-called “true” stress and the 
average longitudinal, natural strain were 
obtained from load and diameter measure- 
ments at regular intervals during the tensile 
tests. From such data, stress-strain curves 
were constructed. 

In order to insure fracturing in the mid- 
dle of the specimen, the contour of their 
reduced section was made slightly curved 
(2-in. radius). The stress-strain curve for 
the 2-in. radius specimen is generally 
found to be located at stresses 2 to 3 pct 
higher than for a cylindrical specimen, as 
illustrated in Fig 7. This increase is a result 
of the transverse tension developed in the 
minimum cross section of curved tensile 
test specimens. 

The magnitude of the transverse stress 
depends upon the contour of the specimen. 
Some measurements have shown that 
mildly contoured specimens exhibit neck- 
ing during tension testing in much the same 
manner as cylindrical test bars.° Up to the 
maximum load carried by the specimen, its 
contour remained smooth and the contour 
radius changed only- insignificantly. Sub- 
sequently, under decreasing loads a neck 
develops, the contour becoming sharper 
the greater the strain. 

The theory of necking for a uniformly 
loaded specimen predicts that the observed 


Strain at maximum load is equal to the 


necking strain derived analytically from 
the shape of the stress-strain curve.!° This 
was also found to be true for smoothly 
contoured 24ST specimens.® Consequently, 
the necking strain for the cylindrical speci- 
men was found to be approximately equal 
to that. of the 2-in. radius specimen 
En = 0.20. 
Because of the different contours of 
the respective necks, the coordinates of the 
fracturing points are also different. for the 
cylindrical and contoured specimens, re- 
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spectively (Fig 7). From a number of tests, 
the ductility of 2-in. radius 24ST specimens 
was found to be slightly lower (by approxi- 
mately €,; = 0.03), and the fracture stress 
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Effect of Necking 
A comparison of the properties for necked 
specimens with those of smoothly con- 
toured (or cylindrical) specimens requires 
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AND FRACTURE STRESS FOR 24ST (CYLINDRICAL AND TWO-INCH RADIUS TEST SPECIMENS). 


higher (by approximately s1 = 3000 psi = 3 
pet) than those of cylindrical specimens. 

The conclusions derived in this paper are 
based entirely on specimens provided with 
a 2-in. radius contour. Because of the small 
difference in the characteristics of such 


smoothly contoured and cylindrical speci- 


mens, these conclusions can be applied also 
to cylindrical tensile test specimens. 


that the effect of the neck on the true stress 
be known. This problem has been investi- 
gated repeatedly. Necking introduces trans- 
verse tensions which depend upon the neck 
contour at the minimum section. A few 
measurements on fractured, initially cylin- 
drical, 24ST specimens have shown this 
radius to be approximately R = 0.04 in., 
while the diameter of the necked portion 
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was 2a = 0.184 in. With these values the 
flow stress, k, (in uniaxial tension) can be 
calculated from the observed true stress, 
s’;, using Bridgman’s formulas:"}?? 

| [] 
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This equation enables one to determine 
the flow stress at the moment of fracturing, 
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Fic 8—EFFECT OF INCREASING STRAIN ON 
THE FLOW AND FRACTURE STRESS UNDER CON- 
DITIONS WHERE PRESTRAINING AND TESTING 
ARE DONE IN TENSION. 


while up to the point of necking the flow 
stress is equal to the true stress for a cylin- 
drical specimen. These relations determine 
the ‘‘flow stress curve” for 24ST in tension, 
with accuracy sufficient for the purpose of 
the present investigation .as illustrated in 
Fig 7. 

Then, to obtain the hypothetical stress- 
strain curve for a specimen which would 
retain a 2-in. contour radius up to the 
moment of fracturing, simply 2 to 3 pct is 
added to the flow stress curve, see Fig 7. 

The fracturing points for either the cy- 
lindrical specimien (flow stress curve) or the 
specimen with a 2-in. radius are not 
known definitely. The extrapolation of test 
data for notched 24ST test bars® yielded 
the values shown in Fig 7. From the previ- 
ous investigation the conclusion was 
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drawn that the presence of transverse ten- 
sion raised the fracture stress and reduced 
the ductility. 


Effects of Prestraining in Regular Tension 


In order to evaluate quantitatively the 
effects of various types of straining, these 
effects will be compared with the basic 
changes occurring in a regular tension test. 

Stretching by tension changes the prop- 
erties measured in a subsequent tension 
test, conducted to failure, in a predictable 
manner. These changes are readily derived 
from a stress-strain curve in which the true 
stress, s’;, is plotted against the longi- 
tudinal natural strain, e,, Fig 8. 

The termination point of this stress- 
strain curve yields the coordinates of the 
fracture point of the strained metal, its 
average fracture stress, s’,, and its duc- 
tility, €y.. These quantities are defined by 
the relations: 


4Ps 
Pate and 


d.2 
dy,” 


S" fo €so = IN 
where Pz is the breaking load, d, is the 
initial diameter, and d,, is the diameter at 
fracture of a specimen having a circular 
cross-section. 

Prestraining by tension means perform- 
ing the tensile tests in two steps, Fig 8. 
Such a procedure does not affect the frac- 
ture stress, s’s, the value of which is 
therefore independent of the amount of 
prestrain: 


[2] 


Regarding the effect of prestraining on 
the ductility, the general case may be con- 
sidered first. Prestraining by an amount 
€, changes the diameter to d, and results in 
a diameter at fracture, dy, and a retained 
ductility, ey. The following equations define 
these strain quantities: 


Sir 


The prestrain: Ep 
The retained ductility: e, = 


tn (d,/d)* 
1n (d/d;)? 
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The sum of these strains may be intro- 
duced as total ductility, er: 


er = 1” (d,/ds)? = €p + € 


Now, if both the prestraining and testing 
consist of regular tension, the diameter at 
fracture is constant, ds; = dy.. Conse- 
quently, the total ductility, er,, for such a 
procedure also remains constant, being 
equal to the initial ductility, e;., for the 
prestrain €, = 0: 


€T = Efo. [3] 


The retained ductility for regular tension 
is then determined by the simple equation: 


€f = Efo — Ep. [4] 


These basic relations for regular tension, 
expressed by Eq 2, 3, and 4, with the pre- 
strain as independent variable are repre- 
sented in Fig 9 


Effecis of Necking on the Fracturing 
Characteristics in Tensile Tests 


These relations also apply to any se- 
quence of strains which result in identical 
specimen shapes and, consequently, identi- 
cal stress states in testing, for a given total 
strain. In the case of regular tension, how- 
ever, all prestrained specimens fracture 
with a certain neck, which introduces a 
corresponding triaxiality. As explained 
above, if it were possible to avoid or con- 
tinuously eliminate the neck, the fracture 
stress would be reduced by a certain 
amount, and the ductility increased corre- 
spondingly. Therefore, if it were possible to 
‘conduct a tensile test without necking, the 
curves for fracture stress, retained ductility, 
and total ductility, in the representation of 
Fig 9 should be shifted correspondingly. 
However, the basic Eq 2, 3, and 4 would 
still be valid. 

On the contrary, if the prestraining is 
performed in such a manner that for a given 
strain in testing the shape of the specimen 
depends upon the magnitude of prestrain, 
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the functions represented in Fig 9 must be 
corrected, to account for these differences 
in shape. Considering, for example, either 
drawing or extrusion, any prestrain smaller 
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Fic 9—EFFrECT OF PRESTRAINING ON THE 
FRACTURING CHARACTERISTICS UNDER CON- 
DITIONS WHERE PRESTRAINING AND TESTING 
ARE DONE UNDER SIMILAR CONDITIONS. 


than the necking strain in tension would 
still result in the same cylindrical specimen 
as prestraining by tension. Up to the neck- 
ing strain, therefore, the basic relations in 
Fig 9 apply. However, for prestrains larger 
than the necking strain, the drawn or 
extruded specimen remains cylindrical. 
Then in subsequent testing it flows at a 
lower stress, Fig 10, and it develops a 
shallower neck than a specimen strained 
entirely in regular tension to the same total 
strain. Consequently, the triaxiality is 
smaller in the drawn or extruded specimen, 
the larger the prestrain, For this reason the 
fracture stress should be smaller and the 
retained ductility should be larger than 
those of a specimen prestrained in tension, 
these differences increasing with increasing 
prestrain above the necking strain. Even- 
tually, if a specimen is prestrained to a 
cylindrical shape until the ductility is 
exhausted, the resulting fracture stress and 
ductility belong to a state of uniaxial 
tension. These relations, to be expected in 


446 


cycles consisting of prestraining to a uni- 
form cross section and subsequent testing in 
tension, are illustrated in Fig rr. 

It is hereby assumed that the metal for 
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11 comprise basic trend curves on which the 
test data for drawing, extrusion, and the 
like, are expected to be located if the frac- 
ture characteristics are independent of the 
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any total prestrain would be in an iden- 
tical condition, and the differences in 
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Fic 11—FRACTURING CHARACTERISTICS 
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TESTING IN TENSION. 


fracturing characteristics result only from 


the differences in shape. The curves in Fig 


stress history and only functions of the 
total strain and. the stress state present 
at fracturing. 


Test Data on the Effects of Various Types of 
Prestraining on the Fracture Characteristics 


The effects of various types of straining 
on the fracturing characteristics have been 
discussed in the introduction, as far as they 
are evident from a representation of the 
stress-strain curves. These effects can be 
evaluated quantitatively, and for various 
types of prestraining can be compared 
more readily if the test data in Fig 3 to 5 
are plotted in the manner schematically 
shown in Fig 9 and 11. This procedure 
results in Fig 12 to 14. 

Bridgman’s data could only be shown 
schematically, Fig 12, since actual data 
points are not given in his paper. However, 
the trend of increasing values of the frac- 
turing characteristics with increasing super- 
imposed compression and/or increasing 
fraction of the total strain conducted under 
superimposed compression is obvious. 

Stribeck’s data on drawn brass wire, Fig 
13, indicate that the effects of a stress his- 
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tory involving drawing result in tensile 
properties rather similar to those that 
would be obtained after prestraining in 
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similar to those obtained by Bridgman for 
tension with a superimposed hydrostatic 
pressure. 
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STEEL (BRIDGMAN). 


tension, see Fig 11. The data by Sachs and 
Linicus, however, indicate that for a suffi- 
ciently small die angle, the fracturing 
characteristics deviate slightly from those 
in regular tension to higher values. 
Stribeck’s data for rolled brass, Fig 14, 
show trends in the fracturing characteristics 


RESULTS AND DISCUSSION 


Prestraining by Extrusion 


The properties determined after pre- 
straining by extrusion clearly illustrate the 
effects of differences in stress state only, up 
to the necking strain. For prestrains ex- 
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ceeding the necking strain of approximately 
» = 0.20, the combined effects of differ- 
ences in stress state and specimen shape are 
present and must be considered. 
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The effect of extrusion on the fracturing 
characteristics is illustrated in Fig 17. This 
graph shows that prestraining by extrusion 
increased continuously both the total duc- 
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In Fig 15, the stress-strain curves are 
plotted with the total strain as abscissae. 
For prestrains less than €p = 0.20, the 
plastic branches of these curves were found 
to coincide with the stress-strain curve in 
regular tension. At larger prestrains the 
extruded, cylindrical specimen begins to 
neck shortly after plastic flow occurs. At 
this point the stress was found to be equal 
to the flow stress, according to Fig 7. This 
was determined by subtracting the effect 
of necking from the true stress in regular 
tension. The stress state during extrusion 
can be derived from that in tension by 
superimposing a hydrostatic pressure. 
These tests, consequently, confirm that for 
equal strain states, strain hardening de- 
pends only upon the total strain. 


tility and the fracture stress. While the 
increase in fracture stress was rather small, 
the effect of extrusion on the ductility was 
rather pronounced. The retained ductility 
decreased with progressing prestraining at 
a considerably smaller rate than during a 
tensile test. (The dashed line sloping down 
at 45° represents this). Because of the in- 
ability to realize very large prestrains in 
extrusion, the ductility in extrusion could 
not be determined. However, an extrapola- 
tion of the retained ductility in Fig 17 
would yield for this limiting ductility a 
value on the order of €p = 1.0. This value 
is much larger than the ductility in uniaxial 
tension which, according to Fig 7, should 
not exceed a value €7~ = 0.5. 
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Prestraining by Drawing 


The effects of prestraining by drawing, 
Fig 16, were very similar to those of pre- 


straining by extrusion. 
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extrusion, according to Fig 17. Howéver, 
the retained ductility after drawing was 
distinctly smaller than for extrusion,. while 
still being 


considerably larger than 
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The stress-strain curves after prestrain- 
ing by drawing in Fig 16 were found to be 


located slightly higher than those after ex- 


trusion, for equal prestrains. This differ- 
ence, however, is small and it may be 
attributed to slight variations in heat 
treating. 

The fracturing characteristics after draw- 
ing differed only slightly from those after 
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that expected after prestraining in ten- 
sion. 


Prestraining by Compression 


The stress-strain curves in tension ob- 
tained after any given prestrain by com- 
pression, Fig 18, were found to be located 
considerably lower than those expected for 
the same absolute prestrain by tension. 
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However, by shifting the stress-strain 
curves in Fig 18 to the left, these curves can 
still be made to coincide in their plastic 
branch with the stress-strain curve in ten- 
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cedure was found to be close to one half of 
the actual prestrain, according to Fig 20. 
For small prestrains this ratio was difficult 
to establish, consequently little weight is 
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sion, provided that the prestrain does not 
exceed the necking strain, as shown in Fig 
19. This procedure yields the effective pre- 
strain (in respect to strain hardening) for a 
given prestrain, as discussed in the Intro- 
duction. For prestrains exceeding the neck- 
ing strain in tension, the effective strain 
may also be obtained by shifting the stress- 
strain curve in compression to such a posi- 
tion that the stress at the moment of 
necking falls on the flow curve, see Fig 19. 

The effective prestrain derived by this pro- 


given to points in Fig 20 representing small 
prestrains. 

In Fig 21, the fracturing charackenenae 
after compression are plotted both against 
the actual prestrain and against the effec- 
tive prestrain. Both the fracture stress and 
the total ductility were found to increase 
slightly, but definitely, after small pre- 
strains. At larger prestrains the fracture 
stress remained approximately constant, 
while the total ductility increased further 
(possibly after passing through a flat mini- 
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mum). The retained ductility also revealed 
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formerly, that is, from zero in the center 


this peculiar trend, being considerably fiber to a maximum in the outside fibers. 


higher for any prestrain by compression 
than after prestraining in tension. 


The results obtained for torsional pre- - 


straining were found to be very similar to 
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Further investigations, which are not 
completed at present, have confirmed the 
above described effects of compression. 


Prestraining by Torsion 


Prestraining the material in torsion and 
testing in subsequent tension resulted in 


the fracturing characteristics shown in Fig 


22. The stress-strain curves resulting after 
torsional prestraining are not given. These 
curves could have little significance, since 
torsion strains a material very nonuni- 


those after compressive prestraining. The 
retained ductility for small amounts of pre- 
straining again increases to a higher value 
than the ductility of the unstrained metal. 


Bauschinger Effect 


A minor feature of the stress-strain curve 
obtained after prestraining by a procedure 
different from that of subsequent testing, 
is that the elastic line of the prestrained 
metal does not meet the plastic branch at a 
sharp angle, but more or less gradually, as 
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shown in Fig 23. This phenomenon is 
termed ‘‘Bauschinger effect.” 

This effect was found, in general, to be of 
the same magnitude for all specimens pre- 
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effective prestrain, that is, to yield identical 
elastic lines and identical plastic branches 
for larger strains. As to be expected, the 
curve for tension showed a sharp break in- 
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CHARACTERISTICS IN SUBSEQUENT TENSION TESTING. 


strained by any given procedure (stress 
state). 

In Fig 23 the transition range from the 
elastic to the plastic condition is shown for 
the various conditions of prestraining. 
These curves are corrected to the same 


dicating that a Bauschinger effect is absent. 
A small but definite deviation from the 
tension curve was observed after prestrain- 
ing by drawing and a still slightly larger 
Bauschinger effect after extrusion. The 
magnitude of these effects was, however, 
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small in comparison to that observed after 
compression. 


CONCLUSIONS 


The effects of prestraining by various 
stress states which result in identical strain 


453 


metals investigated. In the previous inves- 
tigations very ductile metals were used, 
rendering small prestrains rather insignifi- 
cant as compared with the ductility 
encountered on subsequent testing. Such 
conditions may result in an elimination of a 
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states can be determined by a comparison 


of the effects of drawing and extrusion with 


those of tension. Both drawing and extru- 
sion were found to increase considerably 
the fracturing characteristics in subsequent 
testing in tension, the increase being in pro- 
portion to the magnitude of the prestrain. 

The observed effects for drawing, Fig 17, 
are qualitatively the same as, but mate- 
rially larger than those derived from pre- 
vious investigations of the same nature, see 


‘Fig 4 and 13. This may be explained by the 


difference in the inherent properties of the 


large portion of the effect of prestraining. 
Then such effects become evident only for 
large prestrains which cannot be compared 
definitely to the effects of stretching by 
tension. On the contrary, the alloy 24ST 
investigated in this paper is rather brittle. 
Consequently, a large fraction of the effects 
of even small prestrains is retained prob- 
ably up to the moment of fracturing. 

The small difference observed between 
the effects of drawing and extrusion, Fig 17, 
is not unexpected. For small strains, the 
stress states in drawing and extrusion are 
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SUBSEQUENT TENSION TESTING. 
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almost identical, consisting of compressions 
in both transverse directions. This stress 
state is considerably different from that 
encountered in regular tension. For large 
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becomes triaxial compression. In this in- 
vestigation only rather limited strains 
could be realized in either drawing or ex- 
trusion. At larger prestrains, however, the 
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prestrains (by a single reduction), however, 
the stress states in drawing and extrusion 
are rather different. For large strains the 
stress state in drawing approaches that in 
tension, while the stress state in extrusion 


extrusion curve diverges from that for 
drawing, showing the beneficial effects 
derived from superimposed hydrostatic 
compression. E 
The test data in Fig 17 do not show any 
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effect of nonuniformity expected for draw- 
ing and extrusion (as discussed previously). 
This may be attributed partly to the small 
die angles used, and partly to the fact that 
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tics on subsequent testing by tension, the 
results of this investigation are difficult to 
reconcile with those reported in literature. 
The fracture characteristics of the alloy 
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approximately three fourths of the cross 
section of the prestrained specimen was 
machined off, to obtain test specimens. 
Regarding the effects of prestraining by 
compression on the fracturing characteris- 


24ST were found to be improved by com- 
pressions up to the ductility (in compres- 
sion) of 0.45(€1). The sudden decrease in 
fracture stress and ductility observed in 
previous investigations after prestrains of 


a Ps 


—— 


J. J. LYNCH, E. J. RIPLING AND G. SACHS 


the same order as the largest strains used in 
this investigation, did not occur.* This- 
discrepancy may be tentatively correlated 
with the fact that for unstrained specimens 
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become sufficiently large to result in frac- 
turing along this plane and at stresses 
below the initial fracture stress. Thus to 
obtain this shift to a different mechanism 
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the fracture stress probably was consider- 
ably higher in the longitudinal direction 
than in the transverse direction, that is, 
normal to planes containing the axis. Under 
applied, longitudinal tension, these planes 
have no opportunity to fracture. However, 
compression gradually reorjents these orig- 
inal planes of weakness, increasing their 
angle with respect to the testing direction. 
Then, for a certain strain the angle may 


* However, when specimens with large 
shoulders were prestrained in compression and 
then tested in tension without machining, the 
fracture stress and ductility suddenly dropped 
after large prestrains. Simultaneously, the posi- 
tion of the fracture changed from the center of 
the specimen to the radius near the shoulder, 


that is, to a point of stress concentration. 


of fracture, the prestrain in compression 
must be sufficiently large. In addition, the 
original properties (ratio of transverse to 
longitudinal properties) will be decisive for 
the strain at which the damaging effect be- 
comes effective. This combination of much 
lower properties in the transverse direction 
than in the longitudinal direction and the 
ability to reorient this plane of weakness in 
the compressive prestraining apparently 
does not exist for the 24ST rod used in this 
investigation. 

This concept can also be applied to the 
effects of torsion, which qualitatively ap- 
pear to be similar to those of compression. 

The initial increase in the fracturing 
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characteristics by prestraining in compres- 
sion and torsion observed in this investiga- 
tion and by previous investigators cannot 
be explained at present. 

The effect of prestraining by drawing or 
extrusion on the strain hardening of 24ST 
apparently is identical to that resulting 
from an equal,prestrain by tension (if no 
neck were to develop in tension). Prestrain- 
ing by drawing (and presumably by extru- 
sion) will, however, affect the strain 
hardening considerably more than pre- 
straining by tension, if the plastic flow of 
the metal is nonuniform (that is, drawing 
through a large angle die). According to 
previous investigations, this effect of non- 
uniformity of flow (which decreases with 
decreasing die angle) decreases for increas- 
ing prestrains, and at high prestrains has 
little or no effect on the strain hardening 
over that of prestraining by tension. 

Prestraining by compression was not as 
effective as an equal (absolute) prestrain by 
tension on the strain hardening of 24ST in 
the subsequent tension test. It has been 
shown that the ratio of the effective pre- 
strain to the actual prestrain in compression 
was of the order of one half. This effect of a 
radical change in strain state has not been 
previously observed. It appears to have 
some bearing on the phenomena encoun- 
tered in repeated straining (fatigue) and 
will be investigated further. 
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DISCUSSION 


(J. H. Hollomon and J. R. Low, Jr. 
presiding) 


D. J. McApvam, Jr.*—This paper presents 
valuable results of a well planned and careful 
investigation. The results might well be com- 
pared with results presented in a paper by Mr. 
G. W. Geil, Mr. W. D. Jenkins and myself on 
“Influence of Plastic Extension and Compres- 
sion on the Fracture Stress of Metals.’ This 
paper was published in June, 1947 by the 
American Society for Testing Materials as 
Preprint No. 30, and is to be published in the 
1947 Proceedings. The experiments consisted 
in longitudinal and transverse tension tests, at 
room temperature and in liquid air, on ship 
plate that had been extended cold. Tension 
tests were a'so made on cylindrical steel bars 
that had been compressed various amounts. 
Our results show that the prior extension of the 
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steel plate increased the tensile fracture stress 
in both the longitudinal and transverse direc- 
tions. They also show that the effect of com- 
pression on the fracture stress is similar to the 
effect of the flow stress. Slight compression 
lowers the tensile fracture stress, but additional 
compression raises the fracture stress above its 
original value and increases it continuously. 

Our paper also shows that after prior com- 
pression the tensile flow-stress curve is tilted 
forward. This is in agreement with conclusions 
expressed in the paper under discussion. The 
Bauschinger effect evidently influences not only 
the yield stress, but also the entire flow-stress 
curve. This fact, however, was noted some years 
ago by Kuntze. 

The method used by the authors in repre- 
senting true strains seems to involve unneces- 
sary work. Abscissas were obtained by 
consulting a table of natural logarithms. The 
reader then has to consult a table of natural 
logarithms in order to translate the strain values 


' into ordinary indices of strain. The same pur- 


pose can be accomplished more simply, as we 
have done, by plotting on a logarithmic scale 
values of the original area of cross-section 
divided by the final area. From such an abscissa 
scale, it is possible by simple arithmetic to ob- 
tain the ordinary indices of plastic deformation. 


J. H. Hotromon—One question I should 
like to ask refers to a matter of experimental 
technique. I should like to know, so that 
it could be part of the record, how long the 
authors allowed between the time of the com- 


~ pression and the subsequent tensions, on any of 


the experiments for that matter, and what the 
temperature conditions were between the com- 
pression cycle and the tension cycle. Certainly, 
the length of this time period and the tempera- 
ture would significantly affect the flow curves 
and I wonder what the conditions were. 


H. R. SPpENDELOW, Jr.*—Some time. ago, 


the Union Carbide and Carbon Research 


Laboratories had occasion to determine and 
compare the tensile properties of metals that 
had been prestrained by two different methods: 
wire-drawing and extrusion. While we were 
interested primarily in the ultimate strength 
of the metal, and did not determine the stress- 


*Union Carbide and Carbon Research 
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strain curve, the results should be of interest 
here, since, in the case of extrusion, we were 
able to obtain a considerably greater amount 
of prestrain than did the authors. This was 
accomplished by extruding under hydrostatic 
pressure, using a method suggested by Pro- 
fessor Bridgman. The apparatus for prestrain- 
ing in extrusion consisted of a series of dies, 
varying in diam from 0.250 to 0.07 in. The 
entrant side of each die was machined so that 
it fitted into a one-half inch internal diameter, 
heavy walled cylinder of hardened steel. A 
close fitting piston of hardened steel, and 
sealing rings of lead, completed the assembly. 

The specimen, in the form of a pointed slug, 
2 in. long and !7%,4 in. in diameter, was placed 
firmly in the die, and the die was fitted into 
the cylinder. The cylinder cavity was then 
filled with oil, and the piston placed in posi- 
tion. When a load was applied to the piston, 
through an external press, hydrostatic pressure 
was built up in the chamber, and the specimen 
was then extruded, often with considerable 
velocity. The hydrostatic pressure required 
for extrusion varied considerably, ranging from 
30,000 to 200,000 psi, depending on the mate- 
rial being extruded, and the reduction per 
pass. Following each extrusion operation, the 
die was replaced with one of smaller orifice, 
and the reduced slug was then forced through 
it. By successive extrusions, prestrains up to 
nearly 5.0 were obtained. 

The wire-drawing, using rods from the same 
piece of material from which the extrusion 
slugs were machined, was done in a com- 
mercial manner by the Kemet Laboratories 
of Cleveland, except that the material was 
cold-drawn, with no annealing whatsoever. 

Three metals were used in the experiments: 
copper, aluminum and SAE ro4o steel. In all 
cases, the machined extrusion slugs were heat- 
treated in vacuo to produce maximum softness 
prior to extruding. The rods for drawing tests 
were similarly treated in air prior to drawing. 
The copper and aluminum were easily cold- 
drawn to a reduction in area of over 99.5 pct, 
but the steel fractured after a reduction of 
93 pet. 

Samples were taken at intermediate stages 
of extrusion and drawing, so that test speci- 
mens could be prepared and the tensile prop- 
erties determined as a function of prestrain. 
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The size of the tensile “bars” ranged from 
0.175-in. diam rods with a half-inch gauge 
length to rods of similar length but only 
0.059-in. diam, depending on the size of the 
rod as extrusion or drawing progressed. 
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P. W. BripcmMan*—This discussion offers 
the opportunity for me to call attention to 
some experiments of my own bearing on the 
same subject. Some of these experiments have 
been published already but in a comparatively 
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The relationship between the ultimate 
strength of the three metals, and the amount 
of prestrain, is shown in Fig 24. Because of the 
small diameter of the finally extruded rod, we 
were unable to perform tensile tests on any 
material with a prestrain greater than 3.0, 
and no stress-strain data were obtained during 
the tensile test. The values here shown are, 
therefore, not “true stress,” but represent 
the maximum load recorded. divided by the 
original cross-sectional area. The results of 
these tests serve to strengthen the author’s 
conclusion that for equal strain states, the 
strain hardening depends only on total strain. 
Through these results, this conclusion becomes 
valid over a broader strain range than covered 
by the author’s experiments 

We also, in the case of copper, obtained 
prestrains up to 1.2 in single reductions by 
extrusion. The tensile data from this material 
fell, within the limits of experimental error, on 
the same curve developed for multiple pass 
extrusion thus further confirming the pre- 
viously drawn conclusion 


inaccessible place and are apparently little 
known, and some of them are here described 
for the first time. 

The published experiments are contained in 
eight unclassified reports on the plastic prop- 
erties of steel made to the Watertown Arsenal 
during the war, bearing the designations: 
WAL «11/7, 111/7-1 through 111/7-7. At 
present these are obtainable only in the form 
of photostat copies from the Superintendent 
of Public Documents in Washington Three of 
these eight reports are particularly pertinent 
to this discussion: 111/7-2, “The Effect of 
Prestraining in Tension on the Behavior of 
Steel under Tension, Torsion and Compres- 
sion”; 111/7-6, “Plastic Properties of Steel— 
On the Effect of Prestraining in Tension on 
the Behavior of Steel in Tension”; and 
111/7-7 “Effects of Large Strains in Simple 
Compression.” 

In report 111/7-2 the effect of hydrostatic 
pressure was utilized to produce much greater 
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tension strains than can be attained at atmos- 
pheric pressure. After large prestraining in 
tension, the subsequent behavior at atmos- 
pheric pressure was determined under tension, 
torsion, and simple compression. It was found 
that after prestrain in tension a greater stress 
in tension, compression, or shear is required 
to produce a given amount of plastic yield 
than would be required for the virgin metal. 
The extra stress for tension or compression 
increases linearly with the prestrain, but for 
shear the increase is less rapid than linear. In 
all three cases, a progressively smaller fraction 
of the total hardening imparted by prestrain 
is retained, the greater the prestrain. These 
effects are dependent only on the amount of 
prestraining and are independent of the hydro- 
static pressure at which the prestrain was 
imparted. There are other effects, however, 
which do depend both on the amount of 
prestrain and the pressure at which it was 
imparted. 

In report 111/7-6 will be found, among 
other things, the full numerical data on which 
Fig 12 of the paper of the authors is based, 
and which were not given in the reference in 
Reviews of Modern Physics quoted by them. 

In report 111/7-7 ten different heat treat- 
ments of the same steel were strained in 
simple compression to maximum natural strains 
of 3, and the metal thus prestrained studied 
in subsequent transverse compression and 
transverse and longitudinal tension. Other 
experiments, apparently also not known to 
the authors, on the effect of tension after 
prestraining in compression will be found in 
another paper of mine dealing with two- 
dimensional compression (Jnl. of Appl. Phys., 
(1946) 17, 236). It was found that in the full 
range of large prestrains the phenomena are 
somewhat more complicated than would be 
suggested by the paper of the authors. Except 
in the range of small prestrains, it is a general 
result that prestraining in compression hardens 
for subsequent tension in any direction. At 
small strains, however, the Bauschinger effect 
holds, and there is a complicated crossing of 
curves on passing from the region of small 
prestrains to that of intermediate or large 
prestrains. The slope of the strain-hardening 
curve is a strong function of the direction of 
subsequent tension with respect to precom- 


4061 


pression. This means that in general the stress- 
strain curve after prestraining cannot be made 
to coincide with the initial curve by a simple 
translation such as is indicated in Fig 2 of 
the paper of the authors. The phenomena are 
complicated and are not covered by any 
obvious simple generalization. In many cases, 
however, the concept of a small reversible 
component in the effect of the prestrain proves 
illuminating. If the process of plastic flow 
were fully reversible, a metal prestrained in 
simple compression could be restored to the 
virgin condition by stretching back to the 
initial dimensions, where it would be again as 
soft as initially. That is, if fully reversible, 
straining in tension after prestraining in com- 
pression would be accompanied by strain 
softening rather than further strain hardening. 
This effect, of course, does not occur, but it is 
reasonable to anticipate that there may be a 
small reversible component, and this would 
account for the materially smaller slope of the 
strain hardening curve in tension after pre- 
strain in compression which I have found in 
many cases. 

With regard to prestraining in extrusion, it is 
to be remarked that strains much larger than 
the 0.30 mentioned by the authors can be 
attained by extruding the metal by hydro- 
static pressure from a chamber containing a 
fluid under pressure, a technique which was 
used in the experiments reported in this dis- 
cussion by H. R. Spendelow, Jr. By this 
method I have produced a reduction of area of 
copper at room temperature of seventeenfold at 
a single pass, or a natural strain of 2.8. 

Finally, I describe some unpublished experi- 
ments which were performed as part of the 
same general investigation that Mr. Spendelow ~ 
is also reporting. In these the complete drawing 
process was performed in a liquid medium 
carrying hydrostatic pressure. The object was, - 
by taking advantage of the great ductility 
known to be imparted by hydrostatic pressure, 
to carry the drawing process to strains unat- 
tainable under ordinary conditions, thus pro- 
ducing strain hardenings and strengths in excess 
of those usually attainable. The apparatus con- 
sisted of two pressure chambers. In the first 
chamber were mounted the drawing die and 
the slug of metal to be drawn. On this slug was 
machined a tail of the final diameter. This tail 
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was passed through the die and attached to one 
end of a drawing rod, a rod of diameter several- 
fold larger than the diameter of the wire to be 
drawn. The other end of the drawing rod just 
entered a stuffing box separating the first from 
the second pressure chamber, which was long 
enough to accommodate the entire length of the 
drawing rod. Initially the two chambers con- 
tained liquid at the same pressure. The pressure 
in the second chamber was then released by 
opening an appropriate valve, whereupon the 
drawing rod was pushed into the second cham- 
ber by the pressure in the first, drawing with it 
the metal through the die. Wires 8 in. long were 
drawn in this way in kerosene at a pressure of 
180,000 psi. This pressure is only about one- 
half that employed in my other experiments 
on the effect of pressure of ductility. The pres- 
ent experiments were regarded as exploratory, 
and the apparatus was improvised out of parts 
already on hand. 

Experiments were made on commercial 
piano wire of diam 0.067 in. which showed an 
initial ‘‘tensile strength” (maximum load 
divided by original area) of 330,000 psi, and 
fractured at a ‘“‘true stress”? (load at fracture 
divided by area at fracture with a correction 
for stress distribution due to necking) of 
480,000 psi. The wire was drawn under a pres- 
sure of 180,000 psi in six passes without further 
annealing, to a final diam of 0.026 in. (natural 
strain 1.9). From each drawing a length of 
about 1 in. was cut, from which a miniature 
tension specimen was fashioned, and the ‘‘ten- 
sile strength” and load and diameter at frac- 
ture determined in a miniature testing machine. 
For comparison, a piece of the same wire was 
drawn in the conventional way without anneal- 
ing, through a draw plate at atmospheric pres- 
sure, to the same final diam, 0.026. It was not 
possible to carry the drawing process further at 

‘atmospheric ‘pressure, the wire having lost all 
capacity for further extension, and breaking 
with no preliminary yield. Fifteen passes were 
necessary in the drawing at atmospheric pres- 
sure. Six tensile tests were also made on this 
wire, at the stages corresponding to the drawing 
under pressure. 

Up to a strain of about 1.3 the behavior of 
the wires drawn by the two methods was indis- 
tinguishable within the rather wide scatter of 
the results. Tensile strength, true stress at 


EFFECT OF STRESS HISTORIES ON ALUMINUM ALLOY 24ST 


fracture and retained ductility were the same 
function of drawing strain. Tensile strength and 
true stress at fracture were increasing linear 
functions of strain. But beyond a drawing 
strain of 1.3 the wire drawn at atmospheric 
pressure began to deteriorate, the tensile 
strength and true fracture stress diminishing, 
until at a drawing strain of 1.9 the retained 
ductility was zero, and the tensile strength and 
true fracture stress coincided at 430,000 psi. 
The wire drawn under pressure showed no 
comparable deterioration; in fact, because of 
the scatter of the results it is not certain that 
there was any deterioration at all. At a drawing 
strain of 1.9 the retained ductility was 0.29, the 
tensile strength 530,000 psi and the true stress 
at fracture 720,000 psi. The maximum figures 
observed at any stage of the drawing process 
were 580,oco and 740,c0o respectively. The 
maximum corresponding figures at any stage of 
the drawing process for the wire drawn at at- 
mospheric pressure were 510,000 and 700,000 
respectively, higher than any figures which I 
have seen quoted in the literature. 


These results show the expected difference - 


between the properties of wire drawn under 
pressure and at atmospheric pressure, and thus 
confirm the general point of view. The differ- 
ences were, however, not striking enough to 
make further exploitation for commercial 
applications inviting at this time. If pressures 
twice as high could be handled, striking en- 
hancement of properties might be anticipated. 
The reason that greater differences are not 
produced by a pressure of 180,000 psi is doubt- 
less that in the throat of the die under normal 
conditions there are compressive stresses which 
have much the same effect as hydrostatic pres- 
sure—this is doubtless the reason that drawing 
is possible at all. In order that drawing under 
hydrostatic pressure should produce marked 
enhancement of properties it is to be expected 
that the hydrostatic pressure should be mate- 
rially greater than the compressive stresses 
naturally occurring in the die. 


W. F. Brown,* M. B. Mrtrenson,* and 
M. H. Jones*—The authors are to be compli- 
mented on their very clear analysis of some of 
the important effects of stress history on the 


*Flight Propulsion Research Laboratory, 
Cleveland, Ohio. 
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DISCUSSION 


fracturing characteristics of 24ST. The method 
of data representation permits a qualitative 
understanding of the relative effects on fracture 
of specimen geometry and stress history for 
constant and varying strain histories. 

One of the basic assumptions of the mathe- 
matical theory of plasticity is that the stress 
states corresponding to a particular strain state 
history differ only by a hydrostatic stress. It is 
also generally assumed that the addition or sub- 
traction of a hydrostatic stress has no effect on 
the equivalent stress versus equivalent strain 
curve. This would lead to the conclusion that 
specimens prestrained in drawing and tested in 
tension would have the same flow stress as 
specimens prestrained to an equivalent strain in 
tension. The same would not be expected for 
specimens prestrained in rolling. 

These effects of prestraining on the flow 
stress in subsequent tension can be analyzed if 
the stress and total strain values (based on 
area of unprestrained bar) at necking are 
plotted against the prestrain. A representation 
of this type permits the determination of the 
limiting prestrain beyond which all specimens 
neck immediately in subsequent tension at the 
onset of plastic flow. Thus, to examine the 
effects of prestrain on the flow characteristics 
in pure tension only those points in the region to 
the left of a 45° boundary line passing through 
the origin can be considered. This plot has been 
made for Stribeck’s data for rolling and drawing 
in Fig 25. It should be remembered that the 
curves shown for rolling and drawing are not 
strictly comparable since the chemical compo- 
sitions of the specimens for the two series of 
tests were different, the drawn material being 
somewhat harder. : 

Referring to Fig 25, a material whose flow 
characteristics are unaltered by the prestrain- 
ing would possess a constant necking stress and 
total necking strain (horizontal lines in Fig 25). 
However, Stribeck’s data show that with in- 
creasing prestraining there is a considerable and 
continuous decrease in the total necking strain. 
There is also a corresponding decrease in the 
necking stress which indicates the slope at 
necking of the flow stress curve in tension be- 
comes less as the prestrains increase.* This 


* This is true since the stress at necking is 
equal to the slope of the stress-strain curve. 


403 


would mean that prestraining in drawing or 
rolling results in a decrease in the strain harden- 
ing capacity of the metal over what would be 
expected for an equivalent strain in tension. It 
is most interesting to observe that the rolling 
affects the necking strain in subsequent tension 
less than the drawing, which is certainly contra- 
dictory to the theory. However, it must be 
remembered that in neither case is the distribu- 
tion of work hardening ideally uniform, and this 
probably influences the results. 

These trends in necking stress and necking 
strain for brass are much larger and the oppo- 
site of those observed by the authors for 24ST 
prestrained by drawing and extrusion. 

The available data seem to indicate that the 
flow stress and the strain hardening capacity at 
a given strain are functions of the deformation 
history, which function varies from material to 
material. 

In a recently published paper* McAdam has 
reported data for the effects of prestraining on 
the fracture characteristics of unnotched and 
notched specimens subsequently tested in 
tension. 

It is interesting to analyze these data in the 
very lucid manner set forth by Sachs, that is, to 
represent the fracture stress and the ductility 
as a function of the prestrain directly for 
various conditions of specimen geometry. Such 
an analysis has been attempted by the writers. 

While McAdam tested several materials, un- 
fortunately only two, OFHC copper and 
Monel metal, were investigated for more than 
one prestrain. Consequently, these are the only 
ones which permit an analysis of the effects of 
stress history. 

McAdam prestrained these metals in tension 
for prestrains less than e, = 0.27 and by drawing 
for the larger prestrains.{ The fracture stress 
and ductility values taken from McAdam’s 
data are those which he refers to as “true 
values,” presumably existing at the very onset 
of fracture. It is not clear to the writers how 
McAdam was able to determine the load at the 


*D. J. McAdam, G. W. Geil and F. J. 
Cromwell: Flow Fracture and Ductility of 
Metals. Met. Tech., Jan. 1948, TP 2296. This 
volume p. 306. 

+ The highest prestrain for OFHC copper was, 
however, obtained by rolling and the results of 
these tests probably shouid not be included with 
the data for drawing since the strain states in 
rolling and drawing are different. 
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beginning of fracture. However, it is to be noted In Fig 26 the fracture stress and retained 
that the ‘true values” do not differin any case ductility of OFHC copper and Monel metal 
by more than a few percent from the last points are shown as functions of the prestrain for 
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Fic 25—EFFECT OF PRESTRAINING IN ROLLING AND DRAWING ON THE STRESS AND TOTAL STRAIN- 
AT NECKING IN SUBSEQUENT TENSION FOR TWO 72/28 BRASSES. (Stribeck.) 


on his flow stress curves and therefore probably unnotched specimens. Prestrains less than the 
have the same significance for specimens of necking strain had no effect since they were 
identical geometry. obtained by tension. For prestrains greater than 
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the necking strain the fracture stress remains 
practically constant; the retained ductility 
decreases at a slower rate than for prestraining 
in tension. The trend of the ductility curves is 
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be accounted for only by the fact that the 
triaxiality is less in the prestrained specimen. 
If this is the case, then it can be concluded that 
prestraining by drawing to even moderate 
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Fic 26—EFFECT OF PRESTRAINING ON THE FRACTURING CHARACTERISTICS OF UNNOTCHED TENSILE 
SPECIMENS. (McAdam.) 


explained by the reduction in triaxiality, asso- 
ciated with the elimination of the neck during 
prestraining and also due to improvement in the 
metal caused by the transverse compressions in 
drawing. However, it is impossible to determine 
how much of the increase in retained ductility is 
due to improvement in the metal unless the 
ductility in uniaxial tension were known. 

The constancy of fracture stress might be 
explained in either of two ways: (1) the pre- 
strains were small in relation to the total duc- 
tility and under such conditions the effects of 
prestraining are not retained to fracture, or (2) 
the metal is improved by the prestraining 
process a sufficient amount to compensate for 
the decrease in fracture stress caused by the 
reduction in the severity of the neck. McAdam’s 
data show that at equivalent strains larger than 
the necking strain the flow stress for the speci- 
men prestrained in drawing is lower. This could 


strains (in comparison with the total ductility) 
does improve the fracturing characteristics in 
subsequent tension tests for even the most 
ductile metals. 

A similar analysis of McAdam’s data for 
notch specimens is complicated by the fact that 
of necessity the notch was machined after pre- 
straining. Thus, a specimen prestrained and 
then notched will possess an entirely different 
stress and strain distribution after the onset 
of flow than a notched specimen strained to an 
equivalent strain. Also, the result of further 
straining on each specimen will be different 
both in regard to stress and strain gradients and 
the resultant changes in notch geometry. 

In Fig 27 McAdam’s data for notched bars 
have been plotted as functions of the prestrain. 
The specimens having a 150° notch behave es- 
sentially the same way as unnotched bars, the 
retained ductility curve being merely shifted 
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downward and the fracture stress being practi- 
cally constant. This is explained by the fact 
that the notch introduced by the neck is con- 
siderably more severe than the machined 
contour. 
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The trend in the retained ductility may be 
explained by the fact that any sharp notch is 
reduced in severity by plastic strain. Therefore, 
the prestrained and notched specimens would 
be subjected to more severe notches at fracture. 
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As the notch becomes sharper it is noted that 
the retained ductility for specimens prestrained 
in tension (specimens prestrained less than the 
necking strain) decreases more rapidly than for 
initially notched bars tested to the equivalent 
strain, The fracture stress rises very slightly 
and is approximately the same for all notch 
geometries and equal to the fracture stress for 
the unnotched bars. 

Considering first specimens which have been 
prestrained less than the necking strain (pre- 
strained in tension) it is noted that the retained 
ductilities decrease more rapidly than would be 
expected for initially notched bars tested to the 
equivalent strain. The fracture stress in this 
region remains practically constant (OFHC 
copper) or rises rather rapidly (Monel metal). 


This means that the strain gradient at fracture 
on the notch cross-section would be steeper for 
the prestrained specimens and the retained duc- 
tility would be reached at lower average strains. 
While the data for Monel are not complete, it 
appears that the effects of prestraining on the 
retained ductility in this region are less. This 
might be expected since Monel strain hardens 
more rapidly than OFHC copper (that is, has 
a steeper stress-strain curve). Consequently, 
Monel is able to develop a more uniform strain 
distribution with less plastic flow.* Therefore, 

* This concept is made more clear when it 
is considered that the most notch sensitive 
metals seem to possess the small capacities for 
strain hardening. This explains the high 
notch sensitivity of the ductile heat treated 


low alloy steels and the low notch sensitivity 
of 24ST. 
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the relation between the strain at the location 
of fracture to the average strain is less different 
than it was in OFHC copper from that in an 
initially notched bar which is deformed in ten- 
sion to the equivalent strain. 

The above explanation must be compatible 
with the observed trends in the fracture stress. 
Considering the decrease in notch severity 
caused by plastic flow it would be expected that 
the flow stress for the prestrained and notched 
specimens should be higher than for initially 
notched specimens strained in tension to equiv- 
alent strains. This is what McAdam reports. 
Thus, the fracture stress is increased by the 
increase in notch severity and reduced by the 
above-mentioned decrease in retained ductility. 
These effects are shown schematically in Fig 
28. It is seen that the constant fracture stress 
for OFHC copper can be explained by the 
comparatively rapid decrease in retained duc- 
tility. On the other hand, the more uniform 
strain distribution of the Monel results in a 
higher retained ductility and an increasing 
fracture stress. 

Specimens prestrained beyond the necking 
strain in drawing (or rolling) and notched 
apparently behave in a considerably different 
manner from those prestrained in tension. 
Thus, prestraining by drawing to « = 0.44 
results in higher fracture stresses and retained 
ductilities for the sharply notched specimens 
than were obtained for a prestrain of ¢, = 0.27 
in tension. This difference in behavior means 
that the prestraining in drawing improves 
considerably the fracturing characteristics for 


- the severely notched specimens. The improve- 


ment is more than sufficient to overcome the 
effects of increasing notch severity at fracture 
as the prestrains become larger. 


J. J. Lyncu, E. J. Rrezine, and G. SACHS 
(authors’ reply) —We appreciate the various 
contributions to the discussion, which present 
a considerable amount of additional data, most 
of which are in agreement with our findings and 
conclusions. Furthermore, a number of phe- 
nomena have been described, which probably 
need further experimental clarification. 

Thus, Dr. McAdam refers to tests on steel, 
in which not only the strain state but also the 
temperature were changed after prestraining. 
Such procedures are more complex than those 
used by the authors. In a paper which has been 
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recently submitted to the AIME it will be 
shown that a temperature change during the 
straining of a silicon iron causes property 
changes rather different from those described 
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in this paper. Furthermore, low carbon steels 
are subjected to strain-aging and it appears 
impossible to the authors to evaluate this 
factor. The aversion of Dr. McAdam against 
natural strains is not warranted. Where several 
subsequent strains are used, the logarithmic 
units can be simply added up, while conven- 
tional strains require somewhat complicated 
and not very lucid manipulations. 

Professor Bridgman does not agree with the 
conclusion drawn from the compression tests 
of the authors that the slopes of the stress- 
strain curves in subsequent tension agree with 
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those of tension test specimens hardened by 
stretching. Further tests carried out in our 
laboratory confirm Bridgman’s test result 
that the stress-strain curves in tension after 
precompression are generally flatter than those 
after prestraining in tension. Regarding the 
observations by Bridgman on wiresdrawn with 
and without superimposed pressure, we would 
have expected ductility differences to develop 
progressively, rather than more or less sud- 
denly after large prestrain. 

Messrs. Brown, Millenson, and Jones further 
analyze Stribeck’s data on the effects of 
drawing and rolling. Excessive hardening and 
premature necking at comparatively small 
strains is generally observed. However, this 
effect increases with increasing die angle and 
therefore must be explained primarily as a 
consequence of nonuniform plastic flow. Extra- 
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polation to a zero die angle eliminates this 
effect as was mentioned in the paper. This is 
apparent from the stress-strain curves pre- 
sented previously by Linicus and Sachs.? 

Mr. H. R. Spendelow’s test results appear 
particularly interesting in that they show the 
same agreement for steel as for nonferrous 
metals. Generally, steels behave more complex 
and one feels considerably relieved if the same 
law seems to apply to both steel and non- 
ferrous metals. 

In reference to Dr. Hollomon’s question 
regarding the length of time interval between 
prestraining and testing, we tested the speci- 
mens as soon as possible after prestraining. 
In general this meant a maximum time interval 
of about four hours. All prestraining and testing 
were carried out at room temperature. 
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Low Cycle Fatigue of the Aluminum Alloy 24ST in Direct Stress 


By S. I. Liv,* J. J. Lyncn,* E. J. Rrptinc* anp G. Sacus,f MemBer AIME 
(New York Meeting, February 1948) 


INTRODUCTION 


Ir is a generally recognized fact that by 
repeated straining the fracture stress of any 
metal is reduced to a fraction of its value 
for static loading. The value of this fatigue 
strength depends upon numerous factors, 
such as the states of strain and stress, the 
limits of straining, and the number of re- 
peated loadings or cycles.}:?* 

The large volume of previous investiga- 
tions on fatigue is concerned entirely with 
large numbers of cycles, say exceeding 
10,000 and up to 500,000,000. However, the 
changes in fracture stress and fracture 
strain occurring after a small number of 
repeated loadings have attracted little at- 
tention. Apparently the only investigations 
of this type are those by Ludwik** who sub- 
jected steel, copper, and aluminum wire to 
repeated torsion. In each test the torque 
was varied between identical values in the 
two directions of twisting. Depending upon 
the magnitude of the moment, fracturing 
occurred after a number of cycles, up to 
10,000. The results of Ludwik’s tests will 
be discussed later. 

Such torsion does not readily yield actual 
stress and strain values. Therefore a pre- 


This paper is one of a series of reports in a 
research program conducted at the Research 
Laboratory for Mechanical Metallurgy, Case 
Institute of Technology, Cleveland, Ohio in 


‘cooperation with the Office of Naval Research, 


U.S. Navy. Manuscript received at the office of 
the Institute October 27, 1947. Issued as 
TP 2338 n Merats Tecunotocy, February 
1948. 
ot Research Laboratory for Mechanical 
Metallurgy, Case Institute of Technology, 
Cleveland, Ohio. 

+ Director of Research Laboratory for 
Mechanical Metallurgy, Case Institute ot 
Technology, Cleveland, Ohio. ; 

12,3 References are at the end of the paper. 


liminary study was made of the effects of 
repeated direct stresses, that is, tension and 
compression stresses. Because such tests are 
considerably more tedious than torsion 
tests, only high stresses were used in the 
preliminary work, yielding definite changes 
in metal properties after a few cycles. 

It was found in these tests that strains 
could be controlled more readily than 
stresses in the investigated range of high 
stresses. This paper, consequently, deals 
with the effects of strains of equal magni- 
tude but different signs. The metal was 
first prestrained in static tension by a 
certain amount then subjected to compres- 
sion to yield the same amount of strain 
after unloading. This loading cycle was 
repeated up to a maximum of seven times, 
After various cycles, the stress-strain 
curves in tension were determined, up to 
fracturing. 

As material for these tests, the aluminum 
alloy 24ST was selected because it exhibits 
a comparatively small amount of necking in 
the tension test This alloy permitted, 
therefore rather accurate contro! at the 
high strains necessary to produce fatigue 
failures at less than seven cycles. 

The results of this investigation appear 
sufficiently interesting to extend the 
method of attack in various directions It is 
intended to study (1) the effects of cvcles 
up to a tew thousands and (2) the effects of 
strains of different magnitude in tension 
and compression respectively The latter 
variable also includes as a specia! case the 
effects of compressive strains. 
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MATERIAL AND PROCEDURE 


Material 


Commercial 34-in. rod of the aluminum 
alloy 24ST was used for this investigation. 
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To insure maximum uniformity, the rods 
were (1) re-solution heat treated at 920 
+10°F for 45 min. in an electric Lindberg 
cyclone forced convection furnace, (2) 
quenched in water at room temperature, 
and (3) aged at room temperature for four 
days. This re-heat treated material was 
then machined to the specimen dimension 
as shown in Fig 1. The effect of heating on 
the material during machining was mini- 
mized by using a coolant. 


Procedure 


As illustrated in Fig 1, the shape of the 
specimen for cyclic loading was designed to 
avoid buckling in compression up to a com- 
pressive natural strain* of € = 0.40 and to 
provide a minimum section at the center at 
which all measurements were taken. During 
cyclic straining there was no observable 


*e = In(1 +), where e is the conventional 
strain (change in length or in cross-sectional 
area). 


change in specimen contour after each 
cycle. To illustrate this, the specimen con- 
tour was traced after each cycle for a cyclic 
strain of €9 = +o.15. As shown in Fig 2, 
even when the load passed through a maxi- 
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Fic 2—COoONTOURS AFTER CYCLIC STRAINING BY A 
STRAIN OF €9 = +0.15. MAGNIFICATION 5 X. 


mum during loading in tension, that is, after 
the first cycle in this case, the specimen 
contour still appeared unchanged and did 
not reveal the slight amount of necking 
expected. 

An ordinary tensile testing machine was 
adopted for this investigation. The die set, 
shown in Fig 3, together with the truncated 
cone-shaped fixtures, served to maintain 
the concentricity in axial compression. A 
special fixture designed to yield an eccen- 
tricity of loading of less than 0.001 in.® was 
used for loading in tension. The diameter 
changes of each specimen at the minimum 
section were measured by means of a radial 
strain gauge with an accuracy of +0.0001 
in. as shown in Fig 4. The knife edges of 
this gauge were made of aluminum to avoid 


scratching the specimen surface. during 
loading. 
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Instead of a completely reversed stress 
cycle, a completely reversed strain cycle 
was selected for two reasons: (1) strains can 


- be more readily: controlled than stress and 
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By the above procedure, the flow and 
fracture characteristics for various cyclic 
strains --€9 after various cycles were deter- 
mined and are presented in Tables 1 and 2. 


Fic 4—RADIAL STRAIN GUAGE FOR MEASURING AVERAGE TRANSVERSE STRAIN. 


(2) in the plastic range so far covered, strain 
is by far more sensitive than stress. With 
the knife edges of the radial strain gauge 
constantly on the center or the minimum 
section of the specimen, and with a suffi- 


ciently low speed of loading, point by point 
- recording of stress-strain curves was made 


during each cycle. 


RESULTS 


Effects of Cyclic Straining on Flow 
Characteristics 


Fig 5 and 6 show the stress-strain curves 
for specimens strained by €9 = -to.12 and 
€9 = +0.15 for each loading, until fractur- 
ing occurred. In these graphs the curves for 
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tension and compression are plotted side 
by side disregarding the signs of the stresses 
and strains. 


TABLE 1—VTest Data on Fracture Character- 
istics — 


Ap- 
plied | Frac- 


No. of | Stress! ture | Retained Ductility 
Cycles} in Stress 
N 


€ 
Sr~ t 


+0.01 


° 


IOOI0O] 0.378 
50800] 99400| 0.372 
50800 


NH 


IO0I00] 0.378 
58900]100000) 0. 365 
66500 
70900 
71500|100000| 0.353 
72000 


APWNHHO 


+0.06 IOOI0O} 0.378 
68000]/100100] 0.352 


77100 


NHO 


+0.10 - IOOIOO} 0.378 
75000 
83500 
84900 


84900] 97100] 0. 260 


.378 
. 308 
262 


100100 
99000 
98000 


77800 
86000 


ooo 


94000] 0. 207 
0.175 


IAMBWNHHO | PWNHHO 


85300] 0.108 Fatigue Frac- 
ture 

IOOI00} 0.378 

98500] 0.288 

96500] 0.227 


93800] 0.200 


87600] 0.101 Fatigue Frac- 
ture 
(0) 100100] 0,378 
I 87000 ‘ 
2 90500] 90800] 0.137 Fatigue Frac- 
ture 
100100] 0.378 
I 90800] 97600] 0. 248 
2 96000 
TOOIOO} 0.378 5 
I 94000] 95200] 0.190 Fatigue Frac- 
ture 


In addition, Fig 5 and 6 contain the 
“stress-strain curves of those specimens 
which were subjected to a limited number 
of cycles and then tested in tension to fail- 
ure. Each of the latter curves is superim- 
posed to that stress-strain curve for cyclic 
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loading which possessed an identical strain 
history, that is, the same number of cycles. 

This graph illustrates first that for the 
investigated 24ST alloy, the stress-strain 
curves in compression are generally located 
higher than those in tension. This cannot be 
explained by the varying geometry of the 
test specimens, but indicates that the com- 
pression stress required to perform a nega- 
tive strain of a given magnitude was always 
approximately 6 (+3) pct higher than the 
tensile stress which yielded a positive strain 
of the same magnitude. Otherwise the 
stress-strain curves in compression are 
rather similar to those in tension. 


TABLE 2—Test Data on Flow Characteristics 


Cyclic | No. of | Tensile Ses Neck- tt baa 


Strain | Cycles|/Strength, Serene Ng | sien 
E i A , | pres- 
+ €0 N Psi Pa Strain Pal | sane 
ED OuEs o 73500 | 88000] 0. 215|43200/47800 
I 76500 | 81800) 0.068|55200/57900 
2 77000 | 82900] 0.072/58100/66200 
3 77200 | 82000) 0.060/59000/66500 
4 77000 | 81800! 0.061|61500|67800 
5 78000 | 81700] 0.066/60500/68000 
6 76200 | 81300] 0.059 
7 76600 | 80900] 0.059 
+0.15 ts) 71500 | 88000] 0.215|42500/47800 
73500 
73400 
It 77200 | 82000] 0.060|53000|64800 
78400 | 83500] 0.0590 
2 78000 | 82800] 0.060/60000/70000 
79500 | 85400] 0.062 
3 79600 | 84400] 0.060|60000|71200 
79500 | 84500) 0.050] © 
4 78600 | 83400] 0.053 


Comparison of any one of these curves 
with the initial stress-strain curve of 24ST 
and with those of specimens which are 
prestretched only, reveals a number of 
significant changes in the stress-strain 
characteristics by cyclic loading, as illus- 
trated by a typical example in Fig 7. At the 
left of this graph, the stress-strain curve 
after cyclic loading is compared with that 
of the re-heat treated and not cold worked 
24ST. At the right in Fig 7, the specimen 
after cyclic loading is compared with a 
specimen prestretched by such an amount 
that the two stress-strain curves coincide in 
one point, that is, possess approximately 
equal strain hardening. 
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The same method of representation is 
used in Fig 8 to assemble all stress-strain 
curves for specimens tested to failure, after 
cyclic loading of €) = 0.12, for various 
numbers of cycles. 
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than the initial curve of the heat treated 
245T. Thus cyclic loading causes strain 
hardening of the metal selected for this 
investigation as shown in Fig 8 and 9. Ac- 
cording to Ludwik** this applies also to any 
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Fic 6—STRESS-STRAIN CURVES SHOWING CHANGE IN FLOW AND FRACTURE CHARACTERISTICS OF THE 
ALUMINUM ALLOY 24ST DURING CYCLIC STRAINING BY STRAINS OF €9 = £0.12. 


In Fig 9 and 10, all stress-strain curves 
after a single cycle and various strains are 
plotted. In Fig 9 the curves after cyclic 
loading are compared with the cold worked 
material. In Fig ro the curves are compared 
at equal strain hardening. 

Fig 7 and 8 reveal the following charac- 
‘teristics of any stress-strain curve after 
-cyclic loading: 1. In general a curve after 
cyclic loading is located considerably higher 


annealed metal. On the other hand, he re- 
ports that a cold worked metal may be- 
come softer on cyclic loading. 2. A stress- 
strain curve after cyclic loading does not 
exhibit the pronounced yield strength char- 
acteristic for a specimen prestrained in the 
direction of the subsequent testing. This 
phenomenon occurs after any reversal of 
load and is well known as the “ Bauschinger 
effect.” 3. The rate of strain-hardening, at 
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strains exceeding the range of the Bausch- 
inger effect, is smaller for a specimen 
subjected to cyclic loading than for a com- 
parable prestretched specimen. Ludwik*® 


2. The Bauschinger effect is fully devel- 
oped after the first cycle. It then remains 
approximately constant or possibly be- 
comes slightly less pronounced. 
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FIG 7—CHANGE OF STRESS-STRAIN CURVE OF THE ALUMINUM ALLOY 24ST BY CYCLIC LOADING. 


did not mention this change but he ob- 
served in some tests irregular stretching at 
approximately constant loads. 

Regarding the effects of an increasing 
number of cycles on the flow characteris- 
tics, the following can be deduced from 
Fig 5 to 11: 

1. Maximum strain-hardening develops 
in the first few cycles, Fig 11. After that, 
increasing the number of cycles causes 
softening at a rather slow rate. This obser- 
vation corresponds to that of Ludwik, that 
is, for a constant load (moment) usually the 
strain for each cycle first decreased and 
then very gradually increased. 


3. The rate of strain-hardening appears 
to decrease very slightly with increasing 
number of cycles. 

Finally, increasing the magnitude of the 
cyclic strain causes the following changes 
(Fig 9 and to): 

1. The strain hardening increases in pro- 
portion to the cyclic straining. 2. The 
Bauschinger effect is little dependent upon 
the magnitude of the strain. 3. The rate of 
strain-hardening decreases with increasing 
cyclic strain. 

These rather complex effects of cyclic 
strains on the flow characteristics of metals 
may be summarized by the following state- 
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ments: The first few cycles of repeated load- 
ing may either strain harden or soften a 
metal, depending upon its initial condition 
of hardness. After this initial change, all 
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represent the two fracture characteristics 
of the respective specimens, the fracture 
stress and the ductility. Both these quan- 
tities are average and not actual values. 


= 


N 


0 MECAING SOMNT 
Q KAKA LIE LOM 


X\ 
Sek ereets 


TRU STAUEES ~~ 2000/95 


N 
peel & 


oP a ed 


SVANSA LOA NATE PA SIPAG ~ C, 


Fic 8—CHANGE IN STRESS-STRAIN CHARACTERISTICS OF 24ST ALUMINUM ALLOY BY CYCLIC STRAINING 
TO A STRAIN OF e9 = £0.12. 


metals gradually deteriorate on repeated 
loading as to both the magnitude and the 
rate of strain-hardening. 

Fig 12 summarizes the effects of cyclic 
straining on the flow characteristics. 


Effects of Cyclic Straining on Fracture 
Characteristics 


Fig 5 and 6 also show the stress-strain 


~ curves for specimens tested to failure after 


various numbers of cycles. The coordinates 
of the termination points of each curve 


However, because of the small amount 
of necking on tensile testing 24ST, the 
differences between the average and the 
actual values and also the effects of necking 
on all these values should be comparatively 
small. No attempt has been made therefore 
to determine actual values of the fracture 
characteristics. The effects discussed here 
are clearly revealed by the trends in the 
average values. 

Thus Fig 5, 6 and 8 Herstiate that the 
length of the stress-strain curve decreases 
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continuously with an increasing number of 
cycles. This effect on the fracture character- 
istics is considerably larger than that on the 
general position of the stress-strain curve or 


+o.15 are replotted as functions of the 
number of cycles.'Added to these graphs are 
the applied tension stress and the applied 
cyclic strain required to perform the cyclic 


IIEOLE SILPPE SS + LOOO AAS 


LANA LSS NATOK SILFAIN ~ E, 


Fic g—CHANGE IN STRESS-STRAIN CHARACTERISTICS OF THE ALUMINUM ALLOY 24ST BY CYCLIC 
STRAINING TO VARIOUS LIMITS OF STRAIN FOR ONE CYCLE. ; 


the flow characteristics, discussed above. 
The general fact that cyclic loading causes 
a progressive reduction in both the fracture 
stress and the ductility (retained after 
cyclic loading) is again in agreement with 
Ludwik’s observations. 

In Fig 13 and 14, the fracture stress and 
ductility for the two series of tests with 
cyclic strains of €9 = to.12 and €) = 


strain for each half cycle. Now it can be 
seen that under these conditions of strain- 
ing (and any others so far investigated) the 
fatigue failure occurs at a stress value only 
slightly lower than the value of applied 
stress required to finish the half cycle. 
However, because, of the flatness of the 
stress-strain curve, the fracture strain or 
ductility retained after the last complete 
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cycle has been found to be anywhere be- 
tween the value of the cyclic strain and a 
fraction of this value.* 

All the values of the fracture character- 
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curves is obtained. The decrease in both the 
fracture stress and the ductility with in- 
creasing number of cycles is first slow and 
then becomes more rapid. With increasing 
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Fic 10—CHANGE IN STRESS-STRAIN CHARACTERISTICS OF THE ALUMINUM ALLOY 24ST BY CYCLIC 
STRAINING TO VARIOUS LIMITS OF STRAIN FOR ONE CYCLE. 


istics for cyclic strains varying from €) = 
+0.01 to €9 = +0.30 are assembled in Fig 
15 as functions of the number of cycles. For 
either of the two characteristics a family of 


* This result seems to contradict some obser- 
vations in which premature and apparently 
brittle fracturing occurred after a few cycles 
of loading. However, such brittle failures at 
low loads if confirmed may be expiained by a 
high notch sensitivity resulting from a severe 
reduction in ductility to small values. 


‘ 


magnitude of cyclic strain, the rate of 
decrease in these properties increases 
continuously. 
By replotting in Fig 16 the data of Fig 15 
for the ductility with the cyclic strain as 
abscissa and the number of cycles as 
parameter, another particularly revealing 
family of curves is obtained Added to this 
graph are two straight lines. The dashed 
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line, sloping down under 45° from the 
ductility value in regular tension, indicates 
the reduction in ductility of specimens that 
‘are prestrained in tension by various 
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Thus in each cycle a fraction of the duc- 
tility is consumed until it has become 
smaller than the cyclic strain. Such tests in 
which fracturing occurred during the cyclic 
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Fic 11—CHANGE IN APPLIED STRESS FOR CYCLIC STRAINING OF 24ST ALUMINUM ALLOY ROD. 


amounts. The dashed line, going through 
the origin at 45° separates the regions in 
which the ductility is either larger (above 
the 45° line) or smaller (below the 45° line) 
than the cyclic strain. According to Fig 16 
the reduction in ductility caused by a single 
cycle +€ 9 is always considerably less than 
that resulting from the first one half of the 
cycle, that is, just stretching by +¢€o. The 
compression following the tensile portion of 
the cycle, therefore, restores a substantial 
portion of the ductility consumed by load- 
ing in-tension. This is particularly true for 
small strains. This phenomenon, consisting 
of the loss in ductility by the amount of 
stretching and the subsequent recovery of a 
portion of this loss by the compressive 
strain not only occurs in the first but also in 
any of the following cycles, as illustrated in 
Fig 17 and 18. It takes roughly two cycles 
(where possible) or, if the absolute values 
of the strains in tension and compression 
are considered, at least four times as much 
total straining as by regular tension to re- 
duce the ductility by the same amount. by 
cyclic loading, see Fig 16. 


loading are located in Fig 16 below the 45° 
line (through the origin). 

Fig 16 then permits one to draw the con- 
clusion that this final ductility cannot be- 
come smaller than certain limiting values. 
This lower ductility limit is obtained as 
follows: The curve of retained ductility for 
one cycle intersects the 45° line (which goes 
through the origin) at a cyclic strain of 
approximately 24 pct. Consequently for a 
cyclic strain slightly less than 24 pet, 
fatigue failure should occur after two 
cycles. The retained ductility after two 
cycles must be located on the V = 2 curve 
in Fig 16. Consequently the lowest retained 
ductility after two cycles is given by the 
intersection of this curve with the vertical 
at a strain of 24 pct. By the same pro- 
cedure, a lower limit can be obtained on 
the curve for three cycles, being located 
vertically below the intersection of the 
curve for two cycles and the 45° line 
through the origin. This procedure ex- 
tended to larger numbers of cycles yields 
the termination points for various constant 
cycle curves. These lower limits of ductility 
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fall on a rather well defined curve, under 
which no fatigue failure is possible. 
In Fig 109, the fracture stress for various 
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data, for any given number of cycles, deter- 
mine again a family of curves. This plot 
represents the complete relationship be- 
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Fic 12—FLow CHARACTERISTICS ®F 24ST ALUMINUM ALLOY AS A FUNCTION OF NUMBER OF CYCLES. 


| cyclic strains is plotted as a function of the 
applied tension stress.* The experimental 
a 


. * The applied stress for a given number of 


cycles is the stress required to obtain the cyclic 
strain in tension in the same cycle which, if ex- 


he 
: 
4 


4 
— in 


tween the fracture stress, cyclic strain, ap- 
plied stress and number of cycles, for the 
range of cyclic strains investigated. For a 


Le oe yields the eee stress, see Fig 5 
and 
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given number of cycles, fracturing may  perimentally determined values for any 
occur within certain limits of fracture given cyclic strains yields another family of 
stress. The upper limit is the intersection curves, shown as dashed lines in Fig 19. 


oe 


RETAINED DL CFLLD TY 
| AKI LIOR C SIFPAI NON G 


G 


MATOS ATL SPSPASNM ~ EF 


AALLIED CVCAIE STZPALN ® 
©W FENSION 0 LN COMPRESSION 
@ AAIISCLE LAAAA CILIA 


a Erbrs sa 
LLO LPIA CT EDP SIPPR SS 


a PSFK SIA AIMNING 


Peas ae | 
“TE a == 


ASVALSEO FEN SAON SIZPESS ~* 


PIPODLE STALE SS ~LOOOAS/ 
N 


ee ES TF PO, SO On ee Ae 


NON GRS? OF CK CLAES ~N 
FIG 13—PROGRESSIVE DETERIORATION OF THE ALUMINUM ALLOY 24ST BY CYCLIC STRAINING AT — 
STRAINS: €) + 0.12. { 


of the particular curve in Fig 16 with the Any actually obtained fracture stress is : 
45° line through the origin. The lower limit then an intersection of a dashed. and of a 
is obtained as follows: Connecting all ex- solid curve. All fatigue fractures are located _ 
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below the 45° line through the origin as failure occurs at the lowest possible fracture 
mentioned above. Consequently, any one _ stress for the particular number of cycles. 
dashed line can intersect only a single solid For example, when the cyclic strain was 
line below the 45° line. The lower limit of _ € = 0.243 the difference between the frac- 
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Fic 15-—FRACTURE CHARACTERISTICS OF 24ST ALUMINUM ALLOY AS A FUNCTION OF THE NUMBER OF 
CYCLES IN CYCLIC STRAINING. 


fracture stresses is consequently obtained ture strain after one cycle, and the cyclic 
for those cyclic strains which yield fracture strain was only 0.005, making it practically 
stresses just above (or on) the 45° lines. impossible to complete the second cycle 
Then after the subsequent cycle, fatigue without a non-fatigue fracture. However if 
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the second tension could have been com- 
pleted, failure would have resulted by 
fatigue at a stress of approximately 86,000 
psi, as shown by the intersection of the con- 
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dure minimum values of fracture stress can 
be obtained for any other number of cycles. 
These values are connected by the solid line 
in the lower right portion of Fig 19. 
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stant strain curve of € = 0.243 and the con- 
stant cycle curve N = 2. Consequently, 
this value of 86,000 psi is approximately 
the lowest value of fracture stress obtain- 
able after two cycles. By the same proce- 
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Fic 16—FRACTURE CHARACTERISTICS OF THE ALUMINUM ALLOYS 24ST AS A FUNCTION OF MAGNITUDE 
AND NUMBER OF CYCLIC STRAINS. 


Stress-cycle Curves at Low Numbers of Cycles 

Considering further the range of high 
applied stresses, Fig 16 and 10 clearly 
reveal that for a given (small) number of 
cycles leading to fatigue fracture, there 
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STRAINING AT STRAINS €9 = 0.12 (ABOVE) AND €) = 


exists a definite spread in applied stress. 
Consequently the stress-cycle relation is re- 
presented in the investigated range, accord- 
ing to Fig 21 and 22 by an area rather than 
by a single line. Fig 23 indicates that this 
spread also applies to cyclic strain. With 


+0.15 (BELOW). 


_ increasing number of cycles, the spread in 


applied stress decreases gradually to be- 
come practically zero at comparatively high 
values of applied stress, as shown in Fig 20. 

The extrapolation of this stress-cycle 
function to large numbers of cycles con- 
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Fic 18—CoMPLETE COURSE OF CHANGE IN DUCTILITY OF THE ALUMINUM ALLOY 24ST DURING 


CYCLIC 


STRAINING AT STRAINS e9 = £0.20 (ABOVE) AND €9 = +0.30 (BELOW). 


forms well to the trend expected from con- 
ventional fatigue tests on 24ST” at cycles of 
100,000 and more. 

The data of Fig 19 are replotted in Fig 
20* on a smaller scale and extended to 


*The applied stresses for high cycles in 
Fig 20 are not direct stresses? but rather bend- 


include the entire range of stresses which 
can be applied repeatedly. It is assumed for 


this purpose that the metal considered 


s 
ing stresses obtained in a conventional high 
cycle fatigue test. But previous investigation has 
shown that the fatigue strength in bending is 
only slightly different from that in direct 
stress.? : 
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possesses a definite endurance limit. The 
phenomena occurring on straining below 
the endurance limit or by so called ‘under 
stressing,” are outside the scope of this 


metal at any applied load. On the other 
hand the applied stress approaches the 
fracture stress in regular tension for zero 
number of cycles as is to be expected. 
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Fic 19—FRACTORE STRESS OF 24ST ALUMINUM ALLOY AS A FUNCTION OF APPLIED STRESS AND 
NUMBER OF CYCLES. 


discussion. If a material does not possess an 
endurance limit, as possibly 24ST, it ap- 
pears feasible that the relations observed at 
high applied stresses can be extrapolated to 
yield some insight into the behavior of the 


The applied stress and the fracture stress 
discussed here are true stresses rather than 
conventional stresses. Because of the large 
strains necessary to cause fatigue within a 
few cycles, the fracture stress differs con- 
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siderably from either the conventional 
tensile strength or the true stress value at 
the maximum load point (necking stress). 
These two stress values are added to Fig 21 
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fatigue can be drawn from the results of this 
preliminary 


investigation. To date the 
changes in structure and properties, cor- 
related with the process of fatigue, are not 
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; Fic 20—FRACTURE STRESS OF THE ALUMINUM ALLOY 24ST AS A FUNCTION OF APPLIED STRESS AND 
NUMBER OF CYCLES SHOWING THE ENTIRE RANGE OF FATIGUE OCCURRING UNDER APPLIED STRESSES. 


in order to show that practically no change 
in either value is observed up to a certain 
small number of cycles. This illustrates the 
fact that the tensile strength of a metal may 
fail entirely to reveal the damage (decrease 
in ductility) resulting from repeated load- 
ings. This same lack of the tensile strength 
to show the deterioration is also shown in 
Fig 22. ; 


CONCLUSIONS 


No definite conclusions regarding the 
connection between high and low cycle 


clearly recognized. However, previous evi- 
dence indicates that any vibrations which 
yield to fatigue failure are associated with 
very small plastic strains in each loading 
(half cycle) and consequently with a so- 
called “hysteresis” in each cycle.” The 
curves shown above for the retained duc- 
tility in which the test data are plotted as 
functions of the strain, Fig 16, extrapolate 
without any manipulations to a strain zero. 
It seems feasible, therefore, that the phe- 
nomena revealed and discussed here also 
apply to large numbers of cycles. 
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It appears that the effects of strain har- 
dening occurring in the first few cycles over- 
shadow any effects of the progressive 
decrease in fracture stress. In addition, the 


AO 


trends as those in flow stress. Strain harden- 
ing appears to be generally correlated with 
a corresponding increase in fracture stress. 
The progressive decrease in fracture stress 
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large strains involved in tensile testing 
ductile metals may eliminate the damage 
caused by partial fatigue. However, previ- 
ous investigation in which specimens sub- 
jected to large numbers of cycles were 
re-annealed and again subjected to re- 
peated stresses until failure has shown that 
partial fatigue permanently damages the 
metal. The larger the number of cycles 
preceding annealing the greater was the 
reduction of the life of such specimens. 
According to recent investigations on the 
effects of a single strain, the changes in 
fracture stress follow generally the same 


with cyclic straining is observed primarily 
under conditions where the state of 
strain-hardening (the stress-strain curve of 
the metal) changes only slightly. Conse- 
quently the overall effect of partial fatigue 
on the fracture characteristics must be 
subdivided into two components, the one 
component being determined by the resist- 
ance of the metal to plastic flow, and the 
other component resulting from a gradual 
deterioration of the structure. The char- 
acter of this deterioration is unknown at 
present. 
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SUMMARY 
The effects of completely reversed cyclic 
straining in tension-compression on the 
fracture characteristics—fracture stress and 


The fracture characteristics were found 
to decrease with both the magnitude of 
cyclic strain and with the number of 
cycles. 
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ductility—were investigated. Experimental 
data are presented for the aluminum alloy 
24ST for various cyclic strains ranging 
from € = +0.01 to e = +0.30. Specimens 
strained in this range were found to develop 
fractures after one to seven cycles. 


The shape of the stress-strain curves 
changes greatly during the first few cycles 
and then only slightly.as cyclic loading 
proceeds. Fatigue fracture takes place as a 
result of progressive deterioration of the 
metal by cyclic straining, with the fracture 
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NUMBER OF CYCLES. 


stress decreasing to a value slightly below 
the applied tension stress. 

An attempt has been made to predict the 
fatigue behavior of metals at high cycles by 
extrapolation of the experimental data for 
low cycles. Future experimental work at 
higher cycles ranging from ro to 10,000 
cycles will be conducted to investigate the 
fracture characteristics under cyclic strain- 
ing in that range. 

Note: Attention of the authors has been 
called to a publication which also contains 
data on direct-stress fatigue for very small 
numbers of cycles.* However, no attempt is 
made in this paper to analyze the progres- 
sive changes of the metal during cyclic 
straining. 
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DISCUSSION 
(B. W. Gonser and L. S. Deitz, Jr. presiding) 


D. J. McApam, Jr.*—As usual in a paper 
from the Metallurgical Laboratory of the 


*U. S. National Bureau of Standards, 
Washington, D. C. 
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DISCUSSION 


Case Institute of Technology, the authors 
have presented valuable results of a careful 
investigation. 

The authors may not have seen a paper by 
G. W. Geil, W. D. Jenkins and myself on 
“Influence of Plastic Extension and Com- 
pression on the Fracture Stress of Metals.” 
The paper was published last June as Preprint 
No. 30 of the American Society for Testing 
Materials and is to be published in the 1947 
Proceedings of that Society. The paper gives 
results of experiments in which single cycles of 
compression and tension were applied in 
various amplitudes to specimens of annealed 
steel containing 0.45 pct carbon and o.91 pct 
* chromium. The specimens were first com- 
pressed various amounts at room temperature. 
Some of the specimens were then tested in 
tension to fracture at room temperature; 
others were extended predetermined amounts 
at room temperature, and were then tested 
to fracture in liquid air. The results of these 
experiments might well be studied in con- 
nection with the results obtained at Case 
Institute of Technology. 

The results of our experiments show that 
the influence of plastic deformation on the 
fracture stress is a work-strengthening effect, 
similar to the effect of plastic deformation on 
the flow stress. These results help to explain 
the decrease in the fracture with increase in 
the number of cycles, as found in the investi- 
gation at Case Institute. In spite of the work- 
hardening effect of the stress cycles, the 
fracture stress decreased because of the decrease 
in the ductility. 

A few of the conclusions stated by the 
authors possibly are too general. Since high 
stresses were used in the cycles, actual damage 
may have begun in some of the cycles before 
complete fracture. Care should be used, there- 
fore, in generalizing about the effects of cycles 
of smaller stress range. 


E. H. Dix*—Mr. Lynch was quite careful in 
admitting that he did not want to say whether 
he was running fatigue tests or something else. 
That is a matter that Dr. Sachs and I had 
discussed a few times and as a result of our 
discussions, the Case experimenters sent us a 
few of their specimens (cyclic strain +o.1 2) 


* Aluminum Company of America. 
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so we could examine them microscopically to 
determine something about the path of frac- 
ture. These samples were polished and 'exam- 
ined by G. W. Wilcox of our Aluminum 
Research Laboratories, and he has prepared 
micrographs which I would like to show just 
in the interest of adding a little bit of informa- 
tion to this paper. 

Fig 24: This is a typical area of the path of 
fracture in the specimen which was tested only 
in tension (true fracture stress 100,100 psi). 
You will notice it is characterized by being 
jagged. It seems to be almost entirely trans- 
crystalline, and the direction of the fracture 
seems to change perhaps because of different 
orientations of the grains through which it 
progressed. 

Fig 25: This is a similar fracture. This speci- 
men also was tested in tension (true fracture 
stress 94,000 psi), but after four cycles (cyclic 
strain +o.12). As far as we could see, the 
appearance of this fracture is quite similar to 
the one that was fractured without any prior 
cycles. 

Fig 26: We noticed by examining the surface 
of the specimens close to the fracture that 
those which had had four cycles and more 
showed just a little bit of hairline cracking on 
the surface. This micrograph is a longitudinal 
section close to the fracture and shows the 
depth of one of these cracks in from the 
surface of the previous specimen. We thought 
perhaps that such cracks were the beginning 
of damage which would account for the lower- 
ing of ductility and tensile strength. However, 
we were not able to show any connection 
between these little cracks and the main - 
tensile fracture. The fact that we could not 
show a connection is not conclusive proof 
that it did not exist. 

' Fig 27: This is the appearance of the frac- 
ture of the sample that failed by fatigue after 
seven cycles (true fracture stress 85,300 psi, 
cyclic strain +o.12). Again, the type of frac- 
ture seems to be very similar to that of the 
original tensile fracture. There is a little 
staining from the etching along the edge of the 
crack which is not related to the microstructure. 

We thought it might be interesting to com- 
pare the fracture of specimens which were 
broken in fatigue after.a large number of 
cycles, and Mr. F. M. Howell of our labora- 
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FIG 25—4 CYCLES. 94,000 PSI. SPEC. 98. 
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tories furnished us with a few samples which 
we have examined. 

Fig 28: This micrograph shows the path 
of fracture in a specimen which was stressed 


er ve ed 4 Fe: 
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from zero to 27,000 psi in direct tension. The 
failure occurred at 177,000,000 cycles. 

Generally speaking, this fracture is less 
jagged than in the ones we examined from the 
Case School investigation. There is also a 
small incipient crack adjacent to the fracture. 
In the past we have examined a lot of fractures 
of fatigue specimens from rotating beam tests, 
or from bending tests in which the stresses 
are not uniform across the fractured area. In 
other words, there is a stress gradient, and 
under such conditions incipient cracks occur 
much more frequently. Out of quite a number 
of the direct tension specimens we examined 
this is the only one in which we found such an 
incipient crack. 

Fig 29: This shows another specimen stressed 
from zero to 32,000 psi in direct tension, which 
broke after 39,000,000 cycles. This again shows 
an extremely regular fracture; it is trans- 
crystalline. There is evidence of some possible 
pounding of the two portions of the fracture; 
the fatigue machine does not stop just as soon 
as the specimen breaks, and we had to be 
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quite careful in selecting samples to avoid as 
much as‘possible any pounding effect. 

I do not know that we have contributed very 
much in this discussion but it is at least an 


attempt: to tie in fracture characteristics with 
high and low cycle fatigue. This correlation of 
fracture with type of failure is always of great 
interest in examining failed parts in an attempt 
to find out whether the failure was by fatigue 
or some other cause. 


B. W. Gonser—Mr. Dix, I think that 
is a real contribution. I wish we had more dis- 
cussion like it after each paper. 

One point that I think is important in this 
paper is that, although the engineering impli- 
cations of the results may not be great at 
present, studies of this type may be important 
eventually in bringing a better understanding 
of the fundamentals of fatigue, hysteresis, and 
possibly of creep. The results do not imply 
any large unexpected weakness at low cycles 
in contrast to high cycle treatment. 


J. J. Lynca (authors’ reply)—We are in- 
debted to Mr. Dix for his contribution to our 
paper. Very recently, the same type of low 
cycle fatigue test was carried out in our labora- 
tory with phosphor bronze. As shown in 
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Fig 30, definite macro size surface cracks 
oriented under 45° to the direction of tension 
were observed on a specimen after the oth 
cycle at a strain of €¢9) = +0.17, while fatigue 


fracture took place after the 11th cycle. 


Future metallographic examination on such 
specimens will provide more information about 
the nature of such fracture. 

Dr. McAdam objects to generalizing the 


observations of the authors, for the range of 
considerably smaller stresses, that is, that of 
conventional fatigue. The authors are quite 
aware of the danger of extrapolation over 
large distances. However, we would like to 
emphasize that the described phenomena are 
not in disagreement with any observations 
made in studies of fatigue after larger numbers 
of cycles. 
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Purification of Aluminum and Its Alloys 


By Yves DarprEL* 


(Chicago Meeting, October 1947) 


THE literature concerning the remelting 
of aluminum and its alloys is very rich. 
Unfortunately the majority of the papers 
on this subject have no scientific value, 
for the theories or explanations are too 
often in opposition to the laws of phys- 
ical chemistry. Furthermore only a few 
of the methods of purification’? are 
considered in the literature. Hence it has 
seemed necessary to the author to sketch 
a general theory of the purification of 
secondary aluminum. 

The purpose of the purification is to 
eliminate the impurities that the charges 
and the atmosphere of the furnaces bring 
into the bath during the successive remelt- 
ings. Indeed scrap as well as metal can be 
used when soiled with oil, greases, water, 
or others, if it has been sufficiently dried 
and contains oxides. At the melting point of 
the metal, the oils and greases are decom- 
posed into their constituent elements Hp, 
O2, H.0, CO2z, CO, CHy, and others. These 
gases are added to the corresponding 
gases in the atmosphere of the furnace. 
The impurities introduced into the metal 
during the remelting will accordingly be 
the products resulting from the action of 
these gases on the liquid bath. 

The quantity of hydrogen that is soluble 
in aluminum and its alloys is given by the 
relation of Sieverts* as a function of its 
partial pressure Py, in the atmosphere 


m= K ~/Pa, [1] 


Manuscript received at. the office of the 
Institute October 23, 1946. Issued as TP 2247 
in METALS TECHNOLOGY, September 1947. 

* Metallurgical Engineer, Centre de Docu- 
mentation Siderurgique, 12 Rue de Madrid, 
Paris, France. 

1 References are at the end of the paper. 


where K is a constant, which depends only 
upon the temperature and increases with 
it. The experiments of Réntgen and 
Braun’, Roéntgen and Moller’, Bircum- 
shaw® and Winterhager’ have rendered it 
possible to determine the value of K, when 
the temperature is less than 1.000°C. One 
obtains: 


log K = — AT + 0.238 [2] 


Besides its usual significance, the term 
Py, represents also the internal pressure 
of dissolved hydrogen, since in the equi- 
librium, that is, when no gas exchange 
occurs between the two phases, the pres- 


- sures of hydrogen in the metal and in the 


atmosphere must be equal. 

Eq 1 shows that when the partial pres- 
sure of He increases the amount of dis- 
solved hydrogen in equilibrium increases, 
and that, if the contrary occurs, the quan- 
tity of H, should diminish. However, if 
for any reason the diffusion of hydrogen is 
hindered and the total amount of dis- 
solved gas remains constant while the tem- 
perature decreases, the internal pressure of 
Hy increases until it reaches the value of 
the hydrostatic pressure. At this point, 
bubbles of hydrogen appear in the bath 
and escape out of it. The amount of 
hydrogen in the metal is then limited 
by a maximum depending on the hydro- 
static pressure, which is practically equal 
to one atmosphere. Indeed hydrogen does 
not accumulate in the form of a hydride 
appearing as a separate solid phase. How- 
ever, even the mechanism of the solu- 
bility is not yet elucidated. One does 
not know exactly as yet, whether the 
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hydrogen solubility is a simple physical 
dissolution of atoms, or as is more prob- 
ably the case, a dissolution of ions corre- 
sponding to a hydride. The solubility could 
then be represented by the following 
reaction: 


2Al+ H, = 2AlH [3] 


in which the variation of the free energy, 
calculated according to the solubility 
curves would be : 
=AF? = —43,010+ 2.176 XT [4] 

In the present work, we shall adopt 
neither of these hypotheses, though we 
shall represent the hydrogen solution in 
aluminum by Eq 3 and 4. The con- 
tradiction that one might find in it is 
indeed only apparent, for the constant in 
the law of the mass action is equal to the 
square root of Sieverts’ constant, Eq 1, 
and Eq 4 can be considered only as an 
arithmetical manipulation of Sieverts’ law. 
In this manner all the calculations of pres- 
sure, which will be the only ones we shall 
make based on these equations, will be 
perfectly valid, whatever the state of the 
dissolved hydrogen. Although this method 
has the advantage of considerably simplify- 
ing the study of the action of hydrogen on 
aluminum, it has the disadvantage of 
making one think that it is only valid, when 
hydrogen is present in the hydride form, 
and this is not correct. 

Oxygen reacts with liquid aluminum and 
forms an oxide which is insoluble in the 
metal at its melting temperature.* 


2Al | 360. => Al.O3 {s] 
—AF*°r = 408,349 — 79.763 X Tt [6] 


* All the values of the entropies, enthalpies, 
melting heats, specific heats, which are used in 
this paper for the thermodynamic calculations, 
are those of Kelley’ 111,12 unless otherwise 
specified. 

+ The value of the variation of enthalpy 
determined by Roth, Wolf and Fritz!3 has been 
adopted. It is equal to 


AH = —402,900 cal per mol. 


PURIFICATION OF ALUMINUM AND ITS ALLOYS 


Nitrogen, contrary to the opinion of 
Czochralsky™ and Iwase! is not soluble in 
aluminum, but reacts with it and gives an 
insoluble nitride 4 AIN. 


Al + 1gN2 = AIN (71 
—AF°r = 59,950 — 24.881 X T* [8] 


The compounds CO, CO:, CHa, H:S, 
are not soluble in aluminum, but combine 
with it to form insoluble carbides, oxides 
and sulfides and soluble hydrogen. At the 
melting point of the metal the decompo- 
sition reaction of these gases is prac- 
tically complete. 

All the gases, hydrogen excepted, then 
form with aluminum compounds which 
are insoluble at the usual melting tempera- 
tures. During the repeated remeltings, all 
these impurities, the densities of which 
hardly differ from that of the metal, remain 
in suspension in the liquid bath and: tend 
to accumulate in the ingot. The action of 
both forms of impurities on the properties 
of aluminum and its alloys is of course not 
the same. 

The hydrogen dissolved in the liquid 
bath causes pores to form in the ingot, 
while the hydrogen dissolved in the solid 
metal produces pores and blisters, which 
appear during heat treatment and weld- 
ing. It is also one of the causes of the 
wood fiber structure in the extruded rods. 
Otherwise hydrogen has no appreciable 
action upon the physical characteristics. 

The insoluble impurities in the bath even 
in very small quantities, greatly affect the 
malleability of aluminum and its alloys. 
When duralumin contains traces of corun- 
dum, Al,O3, it cannot be rolled. These im- 
purities have however less influence on 
the results of the tensile tests. 

In other words, two forms of nonmetallic 
impurities are present in aluminum; they 
obey different laws and their action on the 
properties of aluminum give two differ- 


* The value of the nitride entropy has been — 


estimated by the author equal to 7 cal per mol 
°K, while Kelley estimated it equal to 5 cal 
per mol °K, 
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ent results. They must therefore be elimi- 
nated by two different methods. 

The processes proposed for the elimina- 
tion of dissolved hydrogen will be discussed 
under “Degassing.’”’ A method of sepa- 
rating the metal from insoluble particles 
will be considered under “‘ Cleaning.’ The 
methods practically employed, however, 
are often a combination of one or more 
of the elementary methods which are 
described. 


DEGASSING 


Although the methods suggested to degas 
the metal are very numerous, they can be 
reduced to nine separate elementary proc- 
esses. Degassing may result from the: (r) 
difference of partial pressures of hydrogen 
in the metal and in the atmosphere; (2) 
difference of hydrogen solubilities in the 
liquid and in the solid metal; (3) action 
of a vacuum treatment; (4) action of vibra- 
tions; (5) action of a chemically neutral 
gas; (6) action of a chemically active gas; 
(7) action of volatile chlorides; (8) action 
of a metallic addition; (9) action of a 
fusible flux. 


Effect of the Difference of Partial Pressures 
of Hydrogen in the Metal and in the 
Atmosphere 


Claus and Kalaehne,'® as early as 1928, 
suggested keeping the liquid metal for a 
certain time close to its melting point 
before casting. In this way, the degassing 
of aluminum is obtained by diffusion of 
dissolved hydrogen towards the gas phase. 
The amount of dissolved gas can thus be 
lowered and is dependent on the partial 
pressure of Hy in the gas phase. The 
author has performed experimental work 
in order to ascertain the practical condi- 
tions under which this method can be 
used, the rate of degassing, and the mini- 
mum amount of gas that remains. 

An Al-Cu-Mg alloy was partially de- 
gassed by being placed in a 4-ton electric 
holding furnace. In a few minutes the 
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amount of dissolved hydrogen declined 
until it reached a value below the satura- 
tion point for hydrogen 4n solid aluminum 
(0,058 cm? per too g). After remaining in 
the furnace 214 hr, about one seventh of 
the initial amount of hydrogen remained. 
(Fig 2.) During the experiment, the 
temperature of the bath remained at 
Hour DO .a 

In another experiment, an alloy Al-Mg- 
Mn was melted in a 2!4-ton gas furnace. 
After addition of Mg the burner had to be 
relighted and the metal then absorbed 
hydrogen, Fig 3. During the whole experi- 
ment the amount of dissolved hydrogen in 
the metal remained greater than the hydro- 
gen in the solid metal at its saturation 
point. This experiment, like many others 
carried out in gas furnaces, proves that it 
is impossible in such furnaces to degas the 
metal entirely, even though the charge re- 
mains in the furnace, with burners turned 
off, for more than 2}4 hr. 


Effect of the Difference of Hydrogen 
Solubilities in the Liquid 
and in the Solid Metal 


Archbutt,!7 in 1925, thought that Hy» 
was insoluble in solid aluminum, and sug- 
gested a method of degassing based upon 
the difference of the hydrogen solubilities 
between the liquid and the solid state. 

The liquid metal was slowly cooled and 
solidified. It was then remelted quickly and 
poured at the lowest possible temperature. 
The elimination of the gas took place 
chiefly during the solidification by the for- 
mation of bubbles, which is a rapid process 
as compared to that of degassing by diffu- 
sion (Claus and Kalaehne’s process). 

The amount of dissolved gas on the sur- 
face of the bath at the start of the degassing 
operation corresponded to an internal pres- 


* These figures have been obtained with a 
new apparatus for hydrogen determination, 
invented by the author and which is more 
accurate than all previously used instruments. 
Details concerning this apparatus shall be 
given later. 
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sure, represented in Fig 4 by point A, and 
which, during the cooling, was displaced 
into B. The pressure was equal to 1 atm 
and hydrogen escaped in bubbles up to 
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gas after the second melting should have 
equaled G. 

The advantages of Archbutt’s method 
compared to that of Claus and Kalaehne 
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Fic 1—SOLvuBILITY OF HYDROGEN IN LIQUID ALUMINUM. 


point #, where the metal was absolutely 
solid. 

The amount of dissolved gas was then 
equal to its maximum solubility in solid 
metal at the melting point. However, the 
ingot was not compact, for some of the 
bubbles remained imprisoned. A second 
melting, brought about before the metal 
was cold, resulted in the evolution of some 
of these bubbles. The amount of dissolved 


are not real as is indicated by Fig 2 and 3 
of the preceding experiments. In an electric 
furnace the dissolved hydrogen diminishes 
very quickly by simple diffusion to a lower 
value than that of the hydrogen solubility 
in the solid metal. Hence all earlier solidifi- 
cation of the alloy is without action on the 
ultimate remaining quantity of gas, which 
is more difficult to remove. During remelt- 
ing, the metal in a gas furnace becomes 
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regassed, so that the benefit of the previous 
degassing is lost. : 
Action of a Vacuum Treatment 


The process of exchange between atmos- 
pheric gases and dissolved hydrogen in the 
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This is a rapid process. Hydrogen is 
evolved by diffusion as soon as the internal 
pressure is lower than the hydrostatic pres- 
sure, but greater than the partial pressure 
of hydrogen in the gas phase. This is a slow 
process. 
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Fic 3— VARIATION OF THE AMOUNT OF HYDROGEN IN A GAS FURNACE, 


metal during the diminution of hydrostatic 
‘pressure has been described above. The 
evolution of dissolved hydrogen takes place 
by formation of bubbles if the hydrostatic 
pressure is lower than that of dissolved gas. 


x 


It is obvious therefore that melting in a 
vacuum cannot have much more effect 
than melting under atmospheric pressure, 
for the hydrostatic pressure in the metal 
increases quickly with the depth of the 
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bath. Even when the degassing takes place 
at the surface of the bath through forma- 
tion of bubbles, it is spread throughout the 
whole liquid mass by diffusion. 


£09 Py, 


Soharfication 
interval 


Fic 4—VARIATION OF THE AMOUNT OF HYDRO- 
GEN DURING SOLIDIFICATION. 


Under these conditions and because of 
the high cost of such a plant, Rohns’ 
process,!8 which. is used for the melting 
of some special steels, is not employed for 
aluminum, 

Another process!®* has been suggested 
where the metal is submitted to the action of 
a vacuum, not in the furnace, but in a siphon 
placed between the furnace and the mold, 
Fig 5. Before being poured the metal goes 
through the siphon, which acts as a de- 
gassing chamber, in which a high vacuum 
is maintained. As the metal remains in the 
degassing chamber only a short time, it is 
obvious that the diffusion extraction of the 
dissolved hydrogen cannot take place to 
any appreciable extent and that the de- 
gassing must be obtained by the formation 
of bubbles, that is, the metal must “boil.” 
To accomplish this the stream of aluminum 
submitted to the vacuum must be very 
thin, so that its hydrostatic pressure re- 
mains weak. This process, which necessi- 
tates no complicated plant, has the advan- 
tage of requiring no mechanical apparatus 
to move the metal, the speed of which can 
be regulated in a simple manner by making 
use of the difference of level between fur- 
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nace and mold. In this apparatus, the 
action of the hydrostatic pressure was 
considerably diminished, but not com- 
pletely eliminated. 


Pouring 


Furnace 


Fic 5—DEGASSING BY ACTION OF VACUUM IN A 
SIPHON. 


In order to eliminate the hydrostatic 
pressure in a jet of metal the author! has, 
however, suggested a new apparatus, which 
utilizes a well known physical phenomenon, 
the absence of any hydrostatic pressure in 
a jet of metal. This apparatus is composed 
of a degassing chamber, in which a metallic 
jet is submitted to a high vacuum, Fig 6. As 
the hydrostatic pressure of the metal in the 
jet is zero, the dissolved hydrogen is sub- 
mitted only to the atmospheric presure of 
the chamber. The drawing away of the de- 
gassed metal can take place discontinu- 
ously, if the metal is gathered in a crucible, 
or continuously if it flows through a pipe 
the height of which is such that the pres- 
sure of the metal added to that of the 
vessel is equal to the external. pressure. 
Feeding the vessel can be done through 
an opening of a known caliber or through 
a filter. 

Neither of these two degassing processes 
has yet been tried. 
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Action of Vibrations 


As mentioned previously, Sieverts’ law 
is only a particular case of the law of mass 
action, wherein it is supposed that hydro- 
gen is dissolved as atoms. In fact, as has 
been shown by Fast,?° it is improbable that 
hydrogen is present in the metal only as 
neutral atoms. For the metal is not com- 
posed of atoms represented by balls with- 
out any mutual action, but of positive ions 
enveloped by a cloud of electrons. It is very 
improbable, therefore, that a foreign atom 
can penetrate the metallic mass without 
the hydrogen and metal atoms, both re- 
ducible to ions and electrons, reacting 
strongly upon each other. As a matter of 
fact, experience has proved that absorp- 
tion, diffusion and chemical adsorption can 
take place only with metals which can com- 
bine chemically with the gases.!° The inert 
gases, which give no chemical compounds, 
are therefore insoluble in metals and are 
not chemically adsorbed. Hydrogen dis- 
solved in metal is then very probably in an 
ionic state.* Every hydrogen ion is fixed 
to a metallic ion that it abandons only 
when it has accumulated enough energy 
(activation energy) to be able to free itself 
from the attractive field that binds it to 
the metal. When no gradient of hydrogen 
concentration exists in the metal the jumps 
of the hydrogen ions take place on all sides 
at random. In the contrary case, the hydro- 
gen ions head towards the zone where the 
concentration is lowest, springing from one 
metallic ion to another one. This rough 
picture of diffusion has. the advantage of 
showing that the absolute speed of the 
displacement of the hydrogen ions is regu- 
lated by the activation energy necessary 
for the ion to free itself, by the difference 


*The hypothesis that hydrogen is dis- 
solved as an ion, and that we assumed in order 
to explain the action of vibrations, is more 
restrictive than that which is the basis of this 
paper. It assumes that hydrogen is only in the 
metal as atoms and this hypothesis is now 
universally accepted. 
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of hydrogen concentrations, and by the 
movements of the metallic ions. 

If the difference of concentrations is 
given, as is the case in a metallic bath in 


Fic 6—D£EGASSING BY ACTION OF VACUUM ON A 
JET OF METAL. 


contact with a given atmosphere, the 
only two factors one can modify with a 
given atmosphere and a given pressure, in 
order to accelerate the diffusion, are the 
activation energy and the movement of the 
metal itself. 

The problem is then either to provide to 
the hydrogen ion a part of the activation 
energy required for jumping from one 
metallic atom to another, in order to in- 
crease its rapidity of movement, or to act 
upon the metallic ion so that its speed may 
become greater than that of the hydrogen 
ions alone. 

In the Siemens’ process, where the metal 
vibrates through the action of ultra-sounds, 
the author believes, though it is still a 
hypothesis of his own, that the movement 
of the metallic ion is speeded up, and that 
eventually the vibrations cause a constant 
stirring of the metal. Indeed it is unlikely 
that ultra-sounds alone can act upon the 
activation energy. This would diminish the 
gradient of concentration existing within 
the metal, while it would increase the 
gradient only at the surface, the diffusion 
through the oxide layer becoming easier. 

However, it is obvious that the actual 
limit of degassing is reached by simply 


504 


keeping the metal in an electric holding 
furnace. 
Action of a Chemically Neutral Gas 


From the point of view of the present 
work, a chemically neutral gas is one which 


log H, ( He in ©" /jo0gr Metal oe aie 


4 3 2 / 
log Nz ——= 


N2 in 1/Kg metal 
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Allen and Street?’ are the first authors to 
have pointed out the mode of action of this 
process in regard to the degassing of Cu-Ni 
alloys. Later Bardenheuer and Thanheiser,”* 
Kootz,?5 Wentrup and Altpeter”® described 
the removal of nitrogen from steel baths 
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Fic 7—QUANTITY OF BUBBLING NITROGEN REQUIRED TO DEGAS ALUMINUM SATURATED BY HYDROGEN. 


does not exert any appreciable chemical 
action on aluminum or on its impurities at 
the degassing temperature. Practically, 
nitrogen, and more recently helium, are the 
only gases used for aluminum degassing 
that comply with that condition. At 700°C 
their chemical action on aluminum as well 
as on hydrogen can be neglected. 
Rosenhain (1925)?! is the first to have 
suggested degassing aluminum by a stream 
of neutral gas such as nitrogen. Later, 
Hanson and Slater’? have systematically 
studied the influence of a nitrogen treat- 
ment upon the porosity of the metal. 


in a more detailed manner. Recently, 
Geller”? gave a general theory of the de- 
gassing of a liquid bath through the 
bubbling of a chemical neutral gas. The 
‘author has taken advantage of Geller’s 
work for the description of the degassing 
process of aluminum by nitrogen. 

When a bubble of nitrogen passes 
through a gassed metallic bath, a certain 
amount of hydrogen is diffused into the 
bubble of nitrogen until its partial pressure 
pu, is equal to that of the metal. The 
bubble has therefore extracted a. certain 
quantity of hydrogen, so that the existing 
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ratio between both gases is equal to 


Bese 
N. P— Pu, 


where P is the hydrostatic pressure. 
When the bubble is extremely small, one 
has 
dH, Pm 
dN, - Pe ae [ol 


and if the amount of dissolved hydrogen m 
and that of the streaming gas are expressed 
in two'different units, one has 


dH, = —adm 


_ where a is a constant. 


t. 
Ei 
¢ 
4 


A diminution of the quantity of dissolved 
hydrogen corresponding to an increase of 
the hydrogen present in the bubble is indi- 
cated by the minus sign. 

The introduction of Sieverts’ law 


m= K~V/Pu, 
into Eq 9 gives 
JEIKS 
dN, = —— |" dm + adm 


N2 = aPK?(1/m — t/mo) + m— mo [x0] 


where mo is the amount of dissolved hydro- 
gen at the beginning of the degassing 
process. 

Sieverts’ constant, Eq 2, can also be 


_ written 


__ 10,825 


K = 1.922 X10‘Xe 7 


When JN, is expressed in liter per kg 
metal, the relation will be 


i 
Ee apeis 8 
N2= ae [P X 3.698 X 10 


__ 21,650 


Xe LF (1/m—1/m)+m— mi [rr] 


The preceding calculation has been based 


upon the hypothesis that an equilibrium 


between hydrogen dissolved in the metal 


and that diffused in N»2 has, been reached. 


In fact this is rarely the case for on one 
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hand the bubble passes through the metal 
too quickly and on the other the nitrogen 
employed, which is produced from liquid 
air, always contains small quantities 
of oxygen, which cause the formation of 
an oxide film at the surface of the bubble, 
thus affecting the diffusion. For these 
reasons the amount of nitrogen required 
to reach a determined degree of degassing 
is greater than that which is given by 
Eq 11. 


theoretical amount of nitrogen 


Teg en ee 
i amount of nitrogen actually used 
one has 
I 
N2= fooeae [P X 3.698 X 108 
__ 21,650 
xe LF (1/m—1/mo)+(m—mo)] [22] 


The equation shows that the quantity 
of nitrogen increases with hydrostatic 
pressure P, so that proportionally, the 
deeper the bath, the more difficult the 
degassing. However, as in fact the furnaces 
are not usually deep, the hydrostatic pres- 
sure of the metallic bath is weak as com- 
pared to the atmospheric pressure, so 
that in Eq 12 P may be considered equal 
to I. 

The equation is then written 


I 
Pos lk Beas 8 
Ns oom n corte 
__ 21,650 
xe F (1/m — 1/mo) + (m — mo)] [23] 


Within the limits of practical use, m in 
the preceding equation is always smaller 
than mo, so that a section of the surface 


No f(L,m,mo) T =constant 


has the same shape for all the values of mo, 
arbitrarily chosen and greater than m, 
for instance, for the value of mo equal to the 
amount of dissolved hydrogen in a metal 
saturated under one atmosphere of this 
gas; it becomes 


My = K 
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and 
(K — m)* 
I0oo X 4 Xm 


22> 


so that Eq 13 can be written 


m4 10,825 
wis G22 SX TO ental ao ey-an|* 
Na = 100 Xn Xm {r4] 


The curves of Fig 7 then show that the 
degassing is proportionally easier to carry 
out as the temperature is lower, and that 
the elimination of the last amount of dis- 
solved hydrogen is much more difficult. 

As the numeric solution of the equa- 
tion would be too difficult for common use, 
the author has worked out another method. 

Eq 13 can also be written 


N2 X 100 XH 
608 8 __ 21,650 
=[$ mts si inns +m] 
6 8 x 8 _ 21,650 
— [SE eT + mo] 


Let us write it: 


N2X100Xn=A-—B 


In the logarithmic monogram (right side 
of Fig 8), A and B are plotted against m 
and mo. The difference A — B on the same 
scale gives Ne (left side of Fig 8). 


Action of a Chemically Active Gas 

From the same point of view as above, 
chemically active gases are those which can 
react chemically either upon the metal 
itself, or upon its impurities at the degas- 
sing temperature. Practically only chlorine 
and oxygen are used. 

Chlorine—Chlorine has been. used for 
the first time by Tullis?® for experimental 
degassing of aluminum. Later Koch,?* and 
also Hanson and Slater? have examined 
its action upon the density as well as upon 
the amount of impurities and upon the 
structure of the metal. 

Chemical Action—According to some 
authors*®® the degassing action of Cl» is 
caused by the formation of HCl liberated 
into the atmosphere. 

The degassing reaction would be 


2AlH + 4Cle = AlCl, + 2HCl [15] 
—AF°r = 395,040 — 71.46 X T [16] 
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if the variation of AC, with the temperature 
were neglected. 
The law of mass action can be written 


_ parc’ na 


Kp, = 
2 ptow* [ATH]? 
or 
I 
hea ee 
P 16Pcr.* parm 
for 
Pel, _ Patches _ puoi 
4 I 2 


The pressure of chlorine is equal to the 
hydrostatic pressure, that is to say, in the 
most favorable case equal to 1. One has 
therefore 

I 
2 56p ian [r7] 

At 1000°K the amount of hydrogen can 

be reduced to such an extent that 


K 


log [H.] dissolved = —3 5.0 


The degassing would then be perfect, 
if the products of the reaction were 
eliminated. 

But 
6HCl + 8Al = Al,Cle + 6AIH [18] 
—AF°r = 47,880 — 81.90 X T [19] 


The concentration of dissolved hydrogen 
in equilibrium with HCl would then be 


log pam = 1/6 log Kp + 1/6 log 6 
+ 5/6 log ua [20] 


According to Gmelin*! the reaction of 
HCI with aluminum begins at 250-300°C. 
In this case the data obtained from the 
preceding equations are valid and the 
concentration of dissolved hydrogen in 
equilibrium with the hydrochloric acid is 
greater than that of dissolved hydrogen in 
equilibrium with the hydrogen contained in 
the gas phase. For these reasons the degas- 


sing of aluminum under the action of a 
current of chlorine cannot take place by 


formation of HCl. 

Physical Action—As the degassing ob- 
tained by the bubbling of chlorine does not 
result from a chemical reaction, it must 
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necessarily be the result of a physical 
process. 

According to Tullis?* the chlorine would 
modify the equilibrium H»-Al towards a 
diminution of the hydrogen solubility. 
This explanation does not seem very credi- 
ble, for it is hardly likely that the chlorine or 
chlorides exert an action upon the constant 
of solubility. 

According to the preceding calculations, 
the final chemical action leads to the 
formation of chloride; that is confirmed 
by what may be observed during the degas- 
sing process. When chlorine is slowly intro- 
duced into the aluminum, only a white 
chloride smoke escapes from the bath. 
Simultaneously, a gas, very probably 
hydrogen, burns at the surface with small 
blue flames. Besides these, very thin dust 
appears at the surface. In order that the 
degassing be complete it is necessary to wait 
for all the flames to have disappeared from 
the surface. 

The bubbles of chlorine absorb the 
hydrogen, similar to the process involving 
nitrogen, because of the difference of 
partial pressure existing between each 
bubble and the metal. But while the diffu- 
sion of hydrogen was disturbed by the 
presence of the superficial oxide layer cov- 
ering the bubble, as was the. case for 
nitrogen, in the case of chlorine this incon- 
venience is not to be feared, for the bub- 
bles take shape in the bath and are free of 
oxygen. 

Oxygen—Oxygen has often been pro- 
posed for eliminating hydrogen.*?.*2,33 How- 
ever, it has never been used directly as a 
gas, but as a salt, the decomposition of 
which at the melting point of aluminum 
frees molecular oxygen. 

The reaction is written 


2AlH + 20, = HO + Al.O; [2x] 
and not 
4AlH + O2 = 2H20 + Al 


for the selective oxidation of dissolved 
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hydrogen cannot take place, the variation 
of free energy of the former equation is in 
fact larger than that of the latter one. 


—AF°p = 511,082 — 95.65 X T [22] 


with 
x Pu.0 
Ke = TAHT po, 
or 
jG CGAL Lee 
. 2p ainPos 
for 
_ Pos 
Pu:0 r 


which gives at 1.000°K 
log [H,] dissolved = —45.3 


The elimination of hydrogen can there- 
fore take place if the products of the 
reaction can be eliminated. Otherwise the 
reaction 


3H.0 + 8Al = Al,O3; + 6AlH [23] 
—AF°r = 100,150 — 32.088 X T [24] 


occurs, and at 1000°K gives 


log [H.] dissolved 
= 1.75 + 1/2 log puio [25] 


which means that the amount of AIH is 
much larger than that which corresponds 
to the equilibrium of the metal-gas phase. 

Besides, it must be remembered that 
the reaction of oxidation between the 
bubble of oxygen and the dissolved 
hydrogen occurs necessarily through the 
oxide layer, which considerably delays 
the reaction and accounts for the failure 
of the methods based upon the use of 
oxidizing salts, 


Action of Volatile Chlorides 


As the degassing by chlorine occurs 
chiefly through the action of formed 
chloride, it is natural to attempt to degas 
the metal by direct treatment with 
volatile chloride, the manipulation of 
which is easier. 
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The action of the following chlorides, 
which are volatile at the melting tempera- 
ture of aluminum has been studied by 
numerous authors: ns 

Boron trichloride;*4:** titanium tetrachlo- 
ride ;36.22,37 vanadium trichloride;*7 carbon 
tetrachloride;**-37,38 silicon tetrachloride;*® 
tin tetrachloride;** iron chloride;** alumi- 
num trichloride;***8 silicon trichloride;** 
antimony pentachloride;** zinc chloride,** 
phosphorus pentachloride.*® 

The case of zinc chloride can be put 
forward, as its thermodynamic character- 
istics are well known. Long before its 
degassing properties were known, zinc 
chloride was employed in aluminum 
foundries (Hill, Thomas and Vietz*®), 
because of its ability to reduce the surface 
tension of the metal. This chloride reacts 
with aluminum according to the following 
equation: 


3ZnCl, + 2Al = AleCle + 3Zn [26] 


with 
—AF°r = 23,085 + 16.23 X T [27] 
between 659 and 732°C, for 


wees [AloCle] x [Zn] 
~ [Al}? X [ZnCl] 


if the dissolution of Zn in Al obeyed the 
law of ideal solution. In fact this does not 
occur, and it is not the zine concentration, 
but its activity which is to be introduced 
into Eq 28. Indeed, the zinc activity is 
unknown. However, while Eq 27 does 
not enable one to calculate the amount of 
transformed zinc chloride, it shows that 
the reaction occurs towards the formation 
of aluminum chloride. On account of the 
speed with which the .bubble of zinc 
chloride passes through the metal, it is 
clear that the reaction is not as complete 
as the preceding calculation may lead one 
to suppose. For this reason, the zinc 
chloride action is not quantitatively the 
same as that of aluminum chloride. The 


[28] 


degassing is therefore the result of the sim- 
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ultaneous action of aluminum and zinc 
chlorides. 

In the case of aluminum chloride, it has 
been shown that the degassing was caused 
by the diffusion of hydrogen in the bubble 

_ of chloride. For zinc chloride, it is the same. 
_ The reaction of the other chlorides with 
aluminum is of the same type and only 


the amount of the added chloride ‘trans- . 


formed into aluminum chloride is modified. 

In this respect, the experiments of 
Rosenhain and his coworkers*® are very 
interesting. These authors have compared 
the effects of the following chlorides: 
CCli, S1€la, ‘TiCla. SnCla, AlCls, FeCls, 
on Alpax. The variation of the quantity of 
gas was measured by the variation of the 
density of the cast ingot. AlCl; is the 
chloride’ that degasses the metal the fastest, 
while degassing by SnCli, FeCls or CCla 
requires twice as much of the salt. When 
using SnCl, and FeCl; one cannot be 
sure that the degassing is complete, for 
the variation of density can occur at 
least partially from the dissolution of 
Fe and Sn. 

The different degassing powers of the 
various chlorides account most probably, 
according to Grogan and Schofield,*” for the 
different actions of the chlorides upon the 
surface tension of the metal. The modifi- 

cation of the structure brought about by 

the treatment with certain chlorides 

+ (TiCl, — BCI) is not caused by the prop- 
erties of this compound, but by the metal or 
metalloid it contains. 


Action of a Metallic Addition 


_ The addition of a metal can have the 
following effects: 
1. The added metal can diminish the 
solubility of hydrogen, so that a partial 
_ degassing occurs. According to Tullis, mag- 
nesium, zinc and calcium behave in this 
manner. When they are added to. alumi- 
num, small bubbles of gas appear at the 
- surface of the metal probably resulting 
from the elimination of hydrogen. As yet, 
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this idea has been neither confirmed nor 
invalidated. However it should be noted 
that the important factor is not the abso- 
lute amount of hydrogen, but its relative 
amount in connection with the value of 
saturation. Whenever the degassing occurs 
in the manner indicated by Tullis, one must 
expect to find in the metal, poured: imme- 
diately after the addition of the disturbing 
element, exactly the same quantity of 
pores and blisters as in pure aluminum, 
which indeed occurs. 

2. When the added metal has any appre- 
ciable vapor tension, the degassing can 
take place through a modification of the 
characteristics of the oxide layer or through 
a diminution of the amount of hydrogen 
at the surface of the bath in the gas phase. 

Contrary to aluminum, liquid mag- 
nesium and zinc form oxide layers, which do 
not possess a great resistance, so that the 
equilibrium between the dissolved gas and 
that of the atmosphere can be established 
more easily. On the whole, the oxide layer 
of aluminum alloys becomes much more 
permeable as the number of added elements 
increases. 

On the surface of the bath a stream of 
metallic vapor is formed, which diffuses in 
the air and reacts with it to form a solid 
oxide, so that a stationary state is created 
and a zone of determined depth L appears. 
The position of this zone of reaction de- 
pends upon the speed of the convection 
that occurs near the surface of the bath 
as well as upon the rate of reaction. 

The partial pressure of nitrogen as well © 
as that of hydrogen diminishes in thi: zone. 
However, the diminution of hydrogen pres- 
sure is much slower than that.of nitrogen, 
as the ratio of the diffusion speed of these 
two gases into the metallic vapor is in- 
versely proportional to the square root of 
the ratio of their molecular weights.*! The 
diffusion speed of hydrogen is therefore 
equal to s/ 28/2 = 3.7 times that of nitro- 
gen; in other words ‘the diminution of 
partial pressure of hydrogen is 3.7 times 
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smaller than that of nitrogen. As the vapor 
tension of industrial alloys is generally low, 
the diminution of the partial pressure of 
hydrogen that exerts itself upon the surface 
of the bath is very small. 
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oxide ‘layer to gas than of a diminution of 
the partial pressure of hydrogen above the 
bath surface. 

3. When the added metal forms a hy- 
dride, the stability of which increases as the 


P= /Atm 
as 
\N\ i LIPS Mee 
Nie Pn [ / A a J 


B 


Surface of the bath Pre 


Fic g—COoMPOSITION OF AN ATMOSPHERE ABOVE ALUMINUM ALLOY CONTAINING A VOLATILE METAL, 
WHICH FORMS AN OXIDE STILL SOLID AT THE MELTING TEMPERATURE OF THE ALLOY. 


The experiments of Hanson and Slater 
have shown that an Al alloy with 12 pct 
Zn and 2 pct Cu, kept for one hour at 
g50°C and poured at 750°C, was without 
pores after slow cooling. Addition of x pct 
Cd (boiling point: 757°C) to an Al-Cu 
alloy had no measurable action. For in- 
stance, at 950°C, a binary Al alloy with 
12 pct Zn has a vapor pressure of 200 mm of 
mercury column, according to Schneider 
and Stoll.4? Hence the diminution of the 
partial pressure of hydrogen above the 
bath surface remains very small. 

These experiments, as well as the pre- 
ceding discussion, show that the action of 
an addition of volatile metal is much more a 
result of the increasing permeability of the 


temperature lowers, there is the possibility 
that hydrogen could be fixed by the new 
element. Hydrogen would not be elimi- 
nated, however, but would form a weaker 
compound. This is comparable to the 
manner in which Ni.S; is transformed 


into MnS or Mg»S; in the nickel alloys. — 


Practically, only the alkaline and alkaline 
earth metals will give hydrides, the 
stability of which will increase as the 
temperature diminishes. 

The dissociation pressure of sodium 


hydride has been carefully determined 


first by Troost and Hautefeuille,* later by 


Keyes** and finally by Ephraim and 
Michel.*® 


The author’s experiments show the reac- 
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tion to be as follows: 


H, + Na = 2NaH [29] 
—AF°r = 30,511 — 43.66 
X T cal per mol [30] 


Upper half—Alloy A without addition of Na. 


Temperature °C 440 460 


Lower half—Alloy B with addition of Na. 
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the two solid metals were insoluble in each 
other, it becomes: 


[NaH]? 


Sa [AlH/? 


Hz = 0.047 cm3/roo-metal 
480 500 
a Anneal- 


ing 


1 day 


t day 


Hz = 0.043 cm3/100 metal 


Fic 10o—-APPEARANCE OF BLISTERS ON DURALUMIN SAMPLES AFTER ANNEALING. 


The fixation of the dissolved hydrogen in 
aluminum by the addition of sodium should 
take place according to the reaction 


2AlH + 2Na = 2NaH + 2Also [31] 


—AF°r = 69,511 — 50,126, 
x T cal per mol [32] 


K= [NaH]? x [Al]? 
; ~ [Na]? x [AIH]? 
Finally, since Mathewson** showed that 


The value of AF° indicates that the dis- 
solved hydrogen is almost totally fixed by 
the sodium, the hydride of which has too 
small a vapor tension to deform the Al 
alloys at the annealing and quenching tem- 
peratures. The presence of Na in an alloy 
should prevent the formation of blisters 
during the heat treatment, In fact an ex- 
periment carried out on duralumin (Fig 10) 
showed that the appearance of blisters was 
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only delayed by the sodium. A duralumin 
alloy, containing 0.047 cm Hp: per too g Al, 
was covered with blisters while in a similar 
alloy, to which some sodium had been 
added, blisters were hardly visible after 
the same length of annealing. Since no 
blisters should have appeared, this appar- 
ent contradiction between the theory ex- 
pressed and the results of the experiment 
can be explained as follows. Sodium is in- 
soluble in aluminum, as has already been 
recalled, and the amount remaining in 
suspension in aluminum is very small as 
Scheuer‘? has shown. Furthermore the reac- 
tion is not complete and only a small part 
of dissolved hydrogen is fixed by the 
sodium. The concentration of dissolved 
hydrogen is therefore simply diminished 
and the appearance of blisters only delayed. 

Since the fixation of the whole quantity 
of dissolved hydrogen by sodium was not 
possible, the author has experimented fur- 
ther in an endeavor to replace it by calcium. 

The dissociation pressure of calcium 
hydride has been determined by Molden- 
hauer and Roll-Hansen*8 and by Kassner 
and Stempel.?9 

The experiments of these authors show 
the reaction to be as follows: 


2Ca + Hz = 2CaH [33] 
—AF°, = 23,620 — 18.16 X T [34] 


The fixation of dissolved hydrogen in 
aluminum by the addition of calcium would 
take place according to the reaction 


2AlH + 2Ca = 2CaH + 2Al [35] 
with 
—AF°r = 62,620 — 24.62 X T [36] 
and 
= [CaH]? x [Al]? 


[Ca]? < [AlH]? 


The equilibrium diagram of Matsuyama®® 
points out that the solubility of calcium in 
aluminum is equal to 0.6 pct at 616°C and 
0.3 pct at room temperature. 

If therefore the reaction takes place in 
the zone of heat treatment of aluminum, 
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hydrogen would be entirely fixed by a small 


addition of calcium. But according to — 
Sieverts,®! Huttig and Brodkorb,® and also 
according to Lindemann, the speed of — 


reaction of hydrogen with calcium reaches 
a maximum between 300 and 400°C, be- 
comes equal to zero towards 500°C, be- 
comes measurable once more about 600°C 
and reaches a new maximum at the melting 
point of calcium. In other words, in the 
zone of temperature of heat treatments the 
calcium does not absorb the hydrogen of 
the samples, since the equilibrium given by 
the preceding equations cannot be reached. 

The heat treatment of a duralumin sheet 


~ sepamint 


containing 0.75 pct calcium carried out at — 


500°C showed effectively that the degassing 
reaction was in a zone of false equilibrium. 


A very small amount of sodium has then - 


a more important action on the dissolved 


hydrogen than a proportionally greater . 


amount of calcium. No experiments have ~ 


been carried out with lithium, a metal 
which does not have the disadvantages of 
the two preceding ones: either too small a 
solubility as has sodium, or too small a 
reactivity at heat treatment temperature 
as has calcium. 


Action of a Fusible Flux 


The fluxes employed are built up on 
fluorides and chlorides in order to dissolve 
the oxide so that it will coagulate. They 
have, of course, no degassing action of 
their own, but their dissolving action on 
the oxide layer tends to establish equi- 
librium between the partial pressure’ of 
hydrogen in the gas phase and the metal. 


When Pu, dissolved - pu: gas [37] 


the amount of hydrogen in the metal 
decreases. 
[38] 


When Pu dissolved < Pu, gas 


the amount of hyerogen in the metal 
increases. 


yet 
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CLEANING 


The insoluble impurities in the metallic 
bath are eliminated by cleaning in the 
second melting. As in the case of degassing 
the suggested methods are numerous, but 
it is possible to reduce them to 4 separate 
elementary processes, Viz.: 

Cleaning by: (1) filtration; (2) decanta- 
tion; (3) flotation; (4) chemical action. 


Filtration 


The most obvious method of eliminating 
the insoluble impurities in a liquid is by 
filtration. Since filtration of a metal at 
700°C is very difficult this method is not 
commonly used. 

The process requires a filter formed by a 
layer of fine sand, the grade of which de- 
pends upon the rate of filtration desired. 
Some experiments indicate that a pressure 
of 150 to 200 mm of mercury under the 
filter should be used to carry out the opera- 
tion. However, at a lower pressure, from 
one to 10 mm of mercury, it is possible both 
to clean and to degas the metal. 


Decantation 


The oxides, nitrides and carbides of 
aluminum are slightly heavier than the 
metal, and they tend to gather at the 
bottom of the metallic bath by gravity. 
The speed limit they can reach is fixed by 
Stokes’ law. 

field of strength 
~ strength of friction 


When the impurity is of a spherical shape 
and is only submitted to the action of 
gravity, one has: 

K46mr%g(di — ds) 
617.7 


2 
V= Koo ei — ds) 


[390] 


when 4 = viscosity of the liquid, 7 = radius 
of the spherical impurity, di = density of 
the liquid, d, = density. of the solid, 
g = acceleration of gravity, K = constant. 
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As r and (d; — d,) are very small, V 
always remains small and the time required 
in the holding furnace in order to obtain a 
total elimination of all the impurities of the 
bath is very long. 

Therefore different processes have been 
worked upon in view of artificially in- 
creasing V. 

Elevation of Temperature—It was at first 
suggested that an increase of the tempera- 
ture of the bath®4 would increase V. Hence 
instead of carrying out the decantation at 
700-750°C, this operation was performed 
at 800-g00°C. The viscosity and density of 
the bath were considerably diminished, 
while the radius of the solid particles was 
only slightly changed. The value of the 
term (d, — d.) was therefore. increased in 
the same proportion as the temperature. 
In fact the difference of densities at the 
temperature fz is a function of the density 
at ft; and is given! by the relation 


(di) t1 
I + AL(te — ty) 
ial (de)t1 
I + As(te = ty) 


ld: — dsl = K 


where \; and X, are the expansion coeffi- 
cients of the liquid metal and the solid 
impurity. 

However, since (d1);, is always smaller 
than (d,):,, the difference \d, — d,| in- 
creases slightly with the temperature. 

‘This short discussion shows that an 
elevation of temperature acts favorably 
on all the factors of the equation. The 
decantation ought therefore to be more 
perfect as the temperature is higher. 

Unfortunately an increase in temperature 
has the disadvantage of causing oxide, 
nitride and carbide to form more easily, 
and above all of facilitating the transforma- 
tion of the amorphous forms of these 
impurities. into particularly dangerous 
varieties. Besides, at a higher temperature, 
hydrogen from the atmosphere dissolves 
into the metal more readily. 
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Action of a Volatile Chloride—In this 
discussion, it has been assumed that the 
impurities are of spherical form. This is not 
always true however. The oxides and ni- 
trides in suspension are present in the 
bath as very thin patches which, although 
they have no contact with each other, 
form a network that enlocks the metal. 

The deposition of these impurities is 
slow. A bath containing a high percentage 
of oxide seems slightly syrupy; it has a 
high apparent viscosity, which is the aver- 
age viscosity of the metal when loaded with 
solid materials in suspension. This is dif- 
ferent from the real-viscosity of the metal 
which is the viscosity when it is free of 
insoluble impurities. The addition of a 
few hundredths percent of volatile chloride, 
to the bath enables the metal to recover the 
viscosity it would have if it were in a pure 
- state and in this case the amount of 
oxide is not changed. The thin patches 
dispersed in the bath gather into small 
masses of almost spherical form, as a result 
of the variation of the surface tension 
caused by the flux wetting the impurities. 
Thus through slow decanting the nucleus of 
coalescence can fall down to the bottom of 
the bath. 

Action of a Fusible Flux Heavier Than the 
Metal—It is obvious that in the preceding 
process the decantation of all the impurities 
will be very long, for they are only partially 
coalesced and consist of very small and 
nearly spherical particles. In order to 
speed up their fall, efforts were made to 
increase ¢ artificially. For this purpose, 
the bath is covered with a slag, the density 
of which is slightly higher than that of the 
metal. When decanting, the flux draws the 
impurities downwards. 

The action of the flux consists therefore 
in substituting the radius R of the drop of 
liquid flux, which envelops it, to the radius 
r of the insoluble impurity. If the density of 
the flux is greater than that of the impurity, 
this factor must be considered. The action 
produced by this difference of density is 
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then added to that resulting from the dif- 


ference in the radius. 

This method which is currently used for 
magnesium,**°§.57 has not yet been em- 
ployed for aluminum. 


Flotation 


Action of a Gas—In order to draw the 


insoluble impurities to the surface of a 


metallic bath a stream of gas can be run 
through it. 

The gas then acts upon the impurities 
in the manner of a draught of air on dust in 
suspension in the atmosphere. The oxides, 
nitrides, carbides, and others, are drawn 
away in the direction of the gas stream, 
that is, towards the surface of the metal, 
with a force proportional to their section. 

If the impurities are of a spherical shape, 
the limit speed which they would be able to 
reach, are approximately the following: 


Vis X gx 7 [Ki X # X RX (di — ds) 


— K2Xr X (di — d,)] 


“ 
9 


But as the bubble of gas is much larger 
than that of the impurities, the second term 
in the parenthesis is negligible as compared 
to the first one, and it finally becomes: 


V=KX—X RX (i — dy) 40] 


The action of the gases is proportional to 
r under otherwise constant conditions. The 
elimination of the impurities occurs very 
slowly. According to the experiments 
carried out by the author, the amount of 
oxide in an aluminum heat, refined by 
nitrogen, scarcely diminishes. 

Practically the two gases employed to 
refine aluminum and its alloys are nitrogen 
and chlorine. Nitrogen has no action either 
on the oxide or on the nitride or carbide, as 
will be seen later; it exerts no chemical 
action on alumina, which is the chief 
impurity in all aluminum baths. 

Action of a Flux Lighter Than the Metal— 
Concerning gas flotation it has been said 
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that the speed of displacement of the im- 
purity remains very small, since the factor 
ry is always in the equation giving the speed 
value. 

Another process has been tried, in which 
the diameter of the impurity would have 
no action on the cleaning speed. Since gas 
bubbles do not wet the impurities, in this 
process the gas has been substituted by a 
flux capable of either retaining or dissolving 
them. Each drop of this flux has a radius 
R, far greater than r. 

The speed resulting from the aggregate 
formed by a drop of liquid’ flux and the 
hypothetically spherical impurity is then: 


V= x eX x | Ki xX REX (hh — dy) 


2 

9 
r3 

~K:X 5X (a -4) | 


or as the flux drop is always much larger . 


than the impurity. 


2 

v=KxX=x@-a) Ut 

If the flux comes easily into contact with 
all the impurities suspended in the bath 
and provided it can absorb these later, the 
time required to clean can then be con- 
siderably reduced. Good cleaning is a 
function of the method used for stirring, 
and of the physical-chemical properties of 
the flux: viscosity, wetting or dissolving 


power. 


A flux is easier to disperse in the metal 
if it is an emulsion since it is less viscous. 
The impurities are then more easily ab- 
sorbed as they are more easily wetted or 
dissolved by it. 

A general study of the cleaning flux of 
Mg has been published in France by “Le 
Service des Recherches de ) Aéronauti- 
que,’’®> in America by the Dow Chemical 


-Co.56 and in Germany by I. G. Farben.” 


No publications are known concerning 
a cleaning flux of aluminum. The physical- 
chemical characteristics of the flux used 


for this metal are still in the files of the 
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aluminum plants and therefore the details 
of the flux are not available. 


Chemical Cleaning 


By chemical cleaning we mean a process 
capable, by a chemical treatment, of trans- 
forming the present impurities into com- 
pounds easier to eliminate. 

In the case of aluminum, however, this 
process is very difficult to use, because of 
the stability of alumina which is the chief 
impurity to expel, and it is by chance that 
chlorine, which is sometimes employed in 
the refining of aluminum, reacts upon the 
nitrides and the carbides to decompose 
them. With the nitride, the reaction is, 


2 AIN + 3 Cle = AleCle + Ne [42] 
—AF°r = 288,350 — 24.31 X T [43] 
and 


AluC3 + 6 Cl, =— 2 AlsCle + 3 C [44] 
—AF*r = 556,300 — 131.12 X T [45] 


Whereas the carbon resulting from the 
reduction of carbide is difficult to eliminate, 
the nitrogen evolves very easily from the 
metallic bath. 
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DISCUSSION 
(W. A. Dean and J. H. Scaff presiding) 


M. B. Bever*—This paper deals in an in- 
formative and stimulating manner with the 
problem of gases in aluminum. Mr. Dardel’s 
comprehensive treatment of the subject is 
made particularly valuable by his command of 
the broad and varied literature. 

The title—‘‘ Purification of Aluminum and 
Its Alloys’”—is perhaps too inclusive since the 
paper concentrates mainly on gaseous impuri- 
ties. A ‘‘general theory of the purification of 
secondary aluminum” suggested by the author 
would have to deal more fully with metallic 
impurities. i 

A discussion of gases in aluminum inevitably 
contains some statements which are specula- 
tive and may require future modification. Mr. 
Dardel’s paper also raises some points which 
call for critical examination at this time. 

The introduction states that in the absence 
of diffusion hydrogen may separate from a melt 
in the form of bubbles if the “‘internal pressure” 
of the dissolved gas exceeds the hydrostatic 
pressure. This analysis is incomplete because it 
omits the restraining effect that surface tension 
exerts on the formation of gas bubbles. Allen 
has shown this effect in his analysis of bubble 
formation in metals (Jnl. Inst. Metals (1932) 
49, 317). Since the paper under discussion con- 
siders surface tension in connection with the 
degassing power of chloride fluxes, it is sur- 
prising that it ignores surface tension as an 
inhibiting factor in bubble formation. An 
objection may be raised to the term “internal 
pressure,” also used by others, in reference to a 
gas in solution particularly since this term has 
already acquired a different meaning in the 
theory of liquids. 

The author classifies the various degassing 
methods proposed for aluminum under nine 
headings. This classification is useful from a 
technological standpoint, but in the absence 
of a more fundamental analysis it fails to bring 


* Massachusetts Institute of Technology. 
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out an important basic distinction. The ele- 
mentary processes numbered (1), (3) and (5) 
are all applications of the same physico- 
chemical relation expressed by Sieverts’ law. 
This appears also to be true of treatment (7) 
while treatments (2) and (4) are particularly 
ingenious manipulations based on the Sieverts’ 
law principle. All these treatments differ 
fundamentally from the action of a chemically 
active gas (6) and the effects of some metallic 
additions (8) since both of these depend on the 
formation of compounds. 

The analysis of the action of fusible fluxes is 
not entirely satisfactory. If flux is stirred below 
the surface of the bath, vaporization of volatile 
constituents occurs and the resulting bubbles 
have a flushing or scrubbing action identical 
with that of treatment (7). On the other hand, 
if these fluxes remain on top of the melt, they 
may remove a barrier to outward diffusion by 
dissolving the oxide skin, but they will also 
constitute an impermeable layer which inter- 
feres with the separation of gases from the 
melt. 

The thermodynamic methods employed in 
this paper are open to serious criticism. The 
development of Eq 17 is erroneous because 
the equation 


PCh  PAlCle PHC 
ae coe Tike a 2 


is incorrect. This equation disregards the very 
essence of the mass action principle and cannot 
be used to manipulate the equilibrium constant. 
The same objection must be raised to the 
author’s analysis of Eq 21. In connection with 


_ Eq 17 the statement is made that degassing 


would be perfect if the products of the reaction 
were eliminated. This, of course, is true in any 
case, regardless of the magnitude of the 
equilibrium constant. 

The author mentions in only one instance— 


concerning dissolved zinc in Eq 26—that it is ~ 


necessary to know the thermodynamic ac- 
tivity of a solute. This requirement, however, 
holds for all solutes, for example those appear- 
ing in Eq 15, 18, 21, 31 and 35: While 
it is true that activities are often not known 
exactly they can at least be approximated by 
assuming ideal solutions. 

The manner in which chemical equations are 
written in this paper fails to bring out even 
qualitatively the difference between reactions 
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of pure substances and reactions occurring in 
solution. For example, reaction (3) refers to a 
solution, while reaction (5) does not. Yet, both 
are expressed by equations of identical form. 
The differentiation between a pure substance 
and a solute can easily be made by the use of 
some symbol such as underlining or the desig- 
nation ‘‘(in Al).” 

It may be mentioned that Eq 4 seems to be 
based on twice the amount used in Eq 2. It 
would be of interest to know the basis for Mr. 
Dardel’s re-evaluation of the entropy of alumi- 
num nitride. : 

Since the solution of gases in liquid metals 
has not yet been analyzed from a fundamental 
standpoint, it cannot be expected that the 
author’s explanation of the atomistic behavior 
of hydrogen in aluminum will prove to be ade- 
quate. For example, even if one assumes the 
existence of aluminum hydride in the melt, 
the bond is not necessarily of the ionic or 
electrovalent type as implied by the author. It 
is probable that the degassing effect of vibra- 
tions is due to phenomena of a larger order of 
magnitude than the atomic scale. In addition 
to the stirring mentioned by Mr. Dardel, vi- 
brations perhaps also facilitate the nucleation 
of gas bubbles. The fundamental atomistic 
problems, however, will have to await further 
study. 


Henry Lepp*—I have read this paper with 
particular interest and am glad to see this 
contribution concerning the application of the 
thermodynamics to resolve metallurgical prob- 
lems; but I would not call this use of the 
thermodynamic laws a “general theory of the 
purification of secondary aluminum.” 

There are some points in Mr. Dardel’s paper 
which I would like to discuss and to complete: 

1. The absorption of hydrogen is an endo- 
thermic process for most of the industrial 
metals and especially for aluminum. The solu- 
bility curve for aluminum gives a very negative 
heat of absorption and, considering a hydride 
formation following the reaction: 


2 Al+ H, = 2 AIH 

the heat of this reaction is about 43,000 cal. 
This would mean that the heat of formation of 
Al hydride is about AIH = —21.5 Kg cal. 


* Consulting Engineer, Paris, France. 
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Personally I consider the absorption of hydro- 
gen by metals as a hydride formation because 
the figures obtained on solubility curves are in 
accordance with the series of hydride formation 
in the. periodical system of elements. For 
instance 


NiH —3.00 Kg cal* 
FeH —7.2 Kg calt 
CuH —10.24 Kg calf 

—10.043 Kg cal§ 


But up to now it has been impossible to ob- 
serve these hydrides as a separate phase in 
metal structures and also the influence of hy- 
drogen on the atomic diameters of metals has 
still not been clearly demonstrated. This latter 
is due to the fact that the hydrogen atom is so 
small in comparison with metal atoms that it 
forms only interstitial solid solutions. 

On the other hand it is also known that the 
elimination of hydrogen in vacuum is never 
complete from a metal once charged. The in- 
fluence of hydrogen on the mechanical proper- 
ties of metals is generally known. 

Admitting a hydride formation, the figures 
so obtained are very useful for further thermo- 
dynamic calculations and I see with pleasure 
that Mr. Dardel, formerly my assistant, also 
adopted this method. 

2. I cannot agree with Mr. Dardel’s state- 
ments concerning the degassing of aluminum 
and its alloys by the method of selective oxida- 
tion. Therefore I would like to point out once 
more the theoretical bases of this process. 

In agreement with Mr. Dardel, the reaction: 
[1] 2 AIH + 20, = H,0+ Al,O; with a 
variation of the free energy following the 
equation: — F = 511,082 — 95.65 X T repre- 
sents the degassing process in air conditions, 
for instance, using an oxidizing flame during 
the melting process. This is very effective 
against gas absorption. 

But the reaction: [2] 4 AIH + O, = 2 H,O 
+ Al does by no means represent the mech- 
anism of a selective oxidation and is thus 
incorrectly written and interpreted by Mr. 
Dardel. The oxidizing power of a free molecular 


*Smittenberg; Nature 872 (1934). 

} Lepp: Iron and Steel Inst. 332 (1940). 

t Rideal: Inst. of Metals (1934). 

§ Lepp: Ste Franc. Metall. Congres (1946). 


PURIFICATION OF ALUMINUM AND ITS ALLOYS 


oxygen O, as represented in this equation can- 
not be selective. 

The decomposition of salts like perchlorates 
does not free molecular but atomic oxygen in 
staiu nascendi. 

The degassing process in question is based on 
the use of perchlorates KClO4, mixed with 
other chlorides and fluorides, and the reaction 
is:[3] 8AIH + KCIO, = KCl + 4H.0 + 8Al. 

For the heat and the free energy of formation 
of KCl0, and KCl, I am using the following 
figures: 


KC10,: 

Q = —112.71 Kg cal F = —78.13 Kg cal 
KCl: 

Q = —104.36 Kg cal *F = —97.56 Kg cal 


and for the rest the data used by Mr. Dardel. 
We arrive at the equation: 


F = 394,850 + 12.664 X T 


which represents the variation of the free 
energy of reaction [3] with KC1O.. 

A comparison of the variations of the free 
energy with the temperature of reactions [1] 
and [3] is given in Fig 12. These calculated 
results prove that at lower temperatures up to 
about 800°C the reaction [1] has the preference 
in accordance with the statement of Mr. 
Dardel. But above this temperature, on the 
contrary, reaction [3] is predominating with a 
rising temperature. In other words, a degassing 
of aluminum and its alloys is only practically 
possible at temperatures above 800°C. 

These theories have been entirely confirmed 
by the practical applications of this process for 
more than 16 yr. A strict temperature control 
is absolutely essential for a successful applica- 
tion of this method of degassing. This point has 
been overlooked before as well as in the paper 
of Mr. Dardel. 

But there is still another point to which J 
would like to draw attention. The reaction [3] 
is never complete in practical conditions and is 
accompanied with a certain formation of Al,O3. 
These oxide films are continuously eliminated 
by KCl which is formed by the decomposition 
of the chlorates during the reaction. 

For the rest, this paper of Mr. Dardel con- 
firms our common and my own experiences and 
studies on the application of thermodynamics 
to resolve metallurgical problems. 
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The American metallurgical circles, already 
so brilliantly represented in this new field, 
have shown their interest in the work that has 
been done in this country and I am glad for 
that. 
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and the more impure the metal, the more regu- 
larly it occurs. 

2. In gas-furnace melting, all aluminum, 
even up to 99.5 pct pure, as well as alloys, 
forms bubbles. With very pure, 99.7 to 99.9 pct, 


1000 


Reaction 1: 


3 
© 8501-2 4LH+202=HeO+ AL,Oz7 
Reaction 3: 


SALH+HCLO,-=KCI+4H,0+8 AL 


Temperature 
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°F variations of free energy in kg cal 
Vic 12—FREE ENERGY OF REACTIONS [1] AND [3] AT VARIOUS TEMPERATURES. 


G. Cuaupron,* L. Moreau,* Pu. ALBERT* 
and J. Durtort.* (translation)—We have had 
occasion at the Nationa] Chemical Laboratory 
at Vitry (C.N.R.S.) to define the field of appli- 
cation of the method of measuring hydrogen 
bubbles in aluminum. Some of these experi- 
ments were made in collaboration with the 
author of the paper, Mr. Yves Dardel. 

1. With very pure, 99.99 pct aluminum 
melted in the electric furnace, it is not possible 
to discover the escape of bubbles under 
vacuum or the phenomenon called “spitting” 
upon solidification. The phenomenon does 
occur with impure aluminum or with alloys, 


* Professor and students, respectively, Sci- 


ence Dept., University of Paris, France. 


aluminum, the bubbles do not always occur. 

In conclusion, we think that the breakdown 
of the results is also very, important, and we 
consider it necessary to determine exactly 
the factors involved in these phenomena which 
regulate the separation of gas dissolved in the 
aluminum. 


Y. Darpet (author’s reply)—I® wish to 
thank Mr. Bever for the interest he has shown 
in my paper and for the care with which he 
has analyzed my results. 

Like Mr. Bever, I consider that degassing 
and cleaning are only the two first steps of the 
purification of aluminum alloys, the last step 
being the refining aiming at the elimination of 
the metallic impurities. This third step will be 
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the subject of a further paper presently in 
preparation. 

Concerning the kind of classification, it can 
be said that no one is perfect and that any 
type of classification is subject to criticism 
either from a technological or from a theoreti- 
cal point of view. I think that the classification 
I have adopted has the advantage of permitting 
an easy application of the conclusions brought 
about by the studies developed in my paper. 

I have not analyzed with more accuracy the 
formation of hydrogen bubbles, for this ques- 
tion has been the subject of experiments which 
are summed up in another paper, ‘Hydrogen 
in Aluminum,’ presently submitted to the 
AIME. 

The term ‘‘internal pressure” has been used 
in agreement with the terminology of Allen. 

The analysis of the action of a fusible flux is 

y very short and may appear insufficient, for I 
have not been considering all the cases which 
may occur but only those which are found in 
practice. According to Anderson,®8 as well as 
Irman,*? all the fluxes used in the foundries 
of secondary aluminum consist of volatile 
chlorides, unvolatile compounds (KCl, NaCl, 
AIF3:3NaF, and the like), or a mixture of 
unvolatile compounds with volatile chlorides. 
Their effects have been considered under 7 or 
9, the action of a flux composed of a mixture of 
volatile and unvolatile compounds being 
naturally the sum of both. Further, if, the- 
oretically, hydrogen diffusion proof flux can be 
found, practically (according to my own 
experience) the use of fluxes such as those 
mentioned above speeds up equilibrium. 

The thermodynamic calculations have been 
carried out in the following way: 

Sieverts’ law can be written: 


ae mm = (FH) x01 
Ee Pr Pye (a) 
where: 
* 
K,=- vies + 0.238  (b) (2) 


the concentration of dissolved hydrogen m or 
[H] being given in weight pct and the hydrogen 
pressure in atmospheres. 

If it is supposed that the dissolution of hy- 
drogen is caused by the formation of an hydride, 
it can be written: 
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He (gas) + 2Al (lig) 
= 2Al H (sol in Al) (c) (3) 

with: 

(Al) 


AE alae 


(d) 


The concentration in A]JH being very small, 
that in Al can be made equal to 1. Then: 


_ (AIH)? 


ne pure 


(e) 

When the concentration in AlH is expressed 
in weight percent of dissolved hydrogen one 
has: 


Kp = K,? (f) 


and the variation of free energy of the reaction 
(3) is then equal to: 


— AFr® = —43,010 + 2.176 X 7 (g) (4) 


Eq (f) enables us to consider Eq (g) (4) as an 
arithmetical manipulation of Sieverts’ con- 
stant. It will therefore be possible to represent 
the dissolution of hydrogen by Eq (e) (3) and 
calculate its effect by Eq (g) (4) provided the 
calculations which can be carried out do not 
imply hypotheses different from those made by 
the establishment of Sieverts’ constant (2) (6). 
In fact, this constant has been determined by 
pressure measurements, and the use of Eq 
(g) (4) is valid whatever the state of the dis- 
solved hydrogen, as long as pressure calcula- 
tions are concerned. This is the case with the 
calculations carried out in my paper. 

As to the activities of the different con- 
stituents implied in the reactions, it must be 
said that their values have not been overlooked, 
but they have not been mentioned when they 
could be deduced from the context. ; 

First, I have supposed that all gases were 
perfect gases, in order to avoid the use of either 
fugacity values determined experimentally or 
of van Laar®5! and Lorentz’ equations®? de- 
duced from van der Wall’s equation of state. 

Secondly, I have admitted that Al,O3,6-6 
AIN, 6566 Na,®7 Cle, Oo, HCl, Ale Cle, H20, 
ZnCl, were insoluble in a bath of aluminum 
(660 < t < 1000°C). 

Thirdly, I have admitted that the elements 
Hz, Oz, Cle and the compounds HCl, AlsCle, 
H.0 were all gaseous at the melting tempera- 
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ture of aluminum, while ZnCle was liquid 
ia 732-C)): 

Fourthly, I have chosen as standard state of 
Al, AlzO3, AIN, Na, Ca, Zn, ZnCl, that of a 
pure substance under one atmosphere. 

Finally, I have supposed that the activities 
of the gases were equal to their fugacities, and 
as under my hypothesis the gases were perfect, 
their activities were equal to their partial 
pressure, the standard state being that of gas 
under one atmosphere. ® 

In my paper, only three elements have been 
considered as soluble in aluminum: hydrogen 
(reactions 3, 15, 18, 21, 23, 29, 31, 33, 35), zinc 
(reaction 26) and calcium (reactions 33, 35). 

The amount of dissolved hydrogen has been 
determined by pressure measurements (Sieverts’ 
or Réntgen’s method). Consequently, if the 
activity coefficient (ratio: ee) of 

concentration 
dissolved hydrogen is different from 1, this has 
been automatically taken into account in the 
measurements. 

Only the activity of zinc and calcium have 
been neglected. The activity of zinc could have 
been determined by means of experiments ac- 
cording to Schneider and Stoll,®° but its 
introduction into Eq 28 would have been 
useless, the reaction [26] never reaching its 
equilibrium. As to the activity of calcium 
in aluminum, its estimation was also use- 
less for reaction [35] which is discussed only 
qualitatively. 

Consideration of these different points makes 
it easy to discuss the validity of the various 
equations used in my paper. 

The interpretation of reactions [5] and [7] 
does not suffer any difficulty, since AlzO; as 
well as AIN are separated phases, while Oz and 
Nz are gaseous and insoluble in Al. 

To render clearer Eq 15 discussed by 
Mr. Bever, we shall write it again as follows: 


2AlH (sol in Al) + 4Cle ( gas) 

= AlsCle (gas) + 2HCl (gas) (h) [25] 
with: 
_ parcieP?HCl ti] 


Ke p*ci2: (AIH)? 


According to the hypotheses which have been 
made, the value: 


8,638 
fe 


Kp = — 15,626 
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derived from Eq 16 permits one to resolve 
Eq (i) when pains, pHa, Po are expressed 
in atmospheres, while [AIH] is expressed in 
weight per cent of hydrogen. 

All the other reactions can be discussed in 
the same manner, the reactions [18], [21], [22], 
[23], [26], [42] and [44] being considered at a 
temperature above the melting point of alumi- 
num, and the reactions [31], [33], [35] at a 
temperature below the melting point. 

Therefore, with the hypotheses which have 
been presented here, all the constants of mass 
action which can be calculated from the values 
given for the variation of free energy are per- 
fectly valid, and permit discussion not only 
qualitatively but even quantitatively of the” 
reactions which have been written. 

As for the equation: 


Pow _ parce _ PHC : 
Pc eer cs ere (3) 


it is perfectly right that it is thermodynamically 
incorrect, but owing to the conditions prevail 
ing during degassing, this equation allows a 
quick discussion of the equilibrium. However, 
as the hypotheses which I used for this equation 
remain open to criticism, I shall discuss Eq 15 
in another way. ‘ 

The reaction [15] can be considered as the 
sum of several elementary reactions. 

At first, chlorine gas reacts with the hydro- 
gen contained in the bubbles streaming through 
the bath or in the atmosphere above it to give 
HCl. The partial pressure of hydrogen is then 
reduced and a new quantity of dissolved 
hydrogen can diffuse into the bubble or into 
the atmosphere. 

The smallest amount of dissolved hydrogen 
is given by the amount which is in equilibrium 
with the hydrogen coming from the thermal 
dissociation of HCl. 


2HCl (gas) = He.(gas) + Cle (gas) (k) 


and 
Hy (gas) = 2H (sol in Al) (1) 
According to Lewis and Randall,®* the varia- 
tion of free energy of reaction (4) is given by: 


—AFr°® = 2[— 21,870 — 0.45 X LF 
X In T — 0.000025 X T? — 5.31 X T] (m) 
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and at 1000°K: 
—AF 000° = —48,200 cal per mol. 


When the most unfavorable conditions for 
degassing, such as a simple chloric acid dissoci- 
ation under one atmosphere, are encountered, 
one has: 


Kp = (n) 


or 


log Paz = —5.380 
Sieverts’ law when applied to Eq 1 gives 
the amount of dissolved hydrogen: 


log m = — oie + 0.238 —=xX 5.380 


= —7.15 (0) 


m being in weight percent. 

This value is different from that given by 
Eq [17], but it must be remembered that the 
hypothesis of a thermal dissociation of chloric 
acid under one atmosphere is by far the most 
unfavorable case, while Eq 17 represents the 
average conditions prevailing during degassing. 
However, Eq (0) shows that the formation of 
HCl could explain the degassing properties of 
a chloric stream through the bath if HCl were 
not able to react with aluminum. This is the 
explanation of the phrase which 1 have used in 
my paper, “if the product of the reaction could 
be eliminated,” which Mr. Bever stated was 
not clear. 

In fact, HCl formed in the bath can react 
with liquid aluminum: , 


6 HCl (gas) + 2Al (lig) = AloCle (gas) 


+ 3H (gas) (p) 
He (gas) = 2H (sol in Al) (q) 


From the data given by Kelley it is possible 
to calculate the variation of free energy of the 
reaction: 


—AF 00° = 89.580 cal per mol 
with 
— Pavol Xp 


~ pac X (Al) (r) 


Kp 
and at 1000°K: 
log Kp = 10.60. 


When it is supposed that all AlCl. is coming 
from the reaction (p) and not from the reaction 
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of chloric gas upon Al, one can then strictly 
write: 


PAlCle Es. pre (s) 
r S 
or 
Py pHs 
Be 3p°Ha @ 
and: 


log po, = 5.0+ 1.5 log pua = (u) 


When it is supposed that Al:Cl¢ is also com- 
ing from the reaction of chlorine with the bath, 


-one can admit that its partial pressure is ap~ 


proximately equal to one atmosphere: 


Dy 01 
iy Puc @) 
or 
log pu2 = 19.60 + 6 log fua (w) 


Both hypotheses show that pHa must be 
extremely small for degassing to occur by for- 
mation of HCl. In fact, as the chlorine bubbles 
pass through the melt, they wash it, as has been 
said about the action of nitrogen; and this 
action is by far the most important. 

The experiments also confirm these calcula- 
tions. During bubbling of chloric gas through 
degassed aluminum one can see a gas burning 
with a blue flame on the surface of the bath. 
In fact, HCl does not burn, while hydrogen 
does. 

Eq 21 could be discussed in the same man- 
ner and the results would be the same as those 
given in my paper. 

The entropy of nitride has been recalculated, 
because Kelley’s equation gives dissociation 
pressures for nitride which are higher than the 
experimental pressure. This is unusual, the 
values determined experimentally being gen- 
erally higher than the theoretical ones, owing 
to the difficulties inherent to the execution of 
pressure measurements at high temperatures. 

This recalculation has been made from the 
values given by Neumann, Kroger and Hoeb- 
ler?° for the enthalpy of the reaction of nitride 
formation and from the dissociation measure- 
ment of nitride given by Wolf?! as well as by 
Fichter and Osterheld.72 


As to the state of dissolved hydrogen, to 


date it is not possible to have a definite 
opinion, the necessary experiments still failing. 
Without coming back to the work of Nernst or 


a 
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Paneth, it may be said that the publication of 
Borelius’? as well as those of Fowler and 
Smithells’4 have shown that it is possible to fit 
the experimental solubility curves with the 
curves given as theoretical ones, whatever the 
choice of the state of dissolved hydrogen. 
Borelius has admitted that hydrogen is dis- 
solved as neutral atom, while Fowler and 
Smithells admit that it is dissolved either as 
ion or proton. The discussion of the effect of 
vibrations is therefore only a first attempt to- 
ward its understanding and is not considered to 
be the result of experiments. 

I wish to acknowledge my best thanks to Mr. 
Chaudron and his co-workers for the help they 
have given me in the execution of some experi- 
ments, which have been reported in another 
paper presently submitted to the Institute. 
This work is related to the effect of dissolved 
hydrogen on the conditions of bubble forma- 
tion in an aluminum bath. The results will 
therefore be discussed after the publication of 
this new paper. 

I have read with pleasure the discussion of 
Mr. Lepp and his contribution to my study. 

As pointed out by Mr. Lepp, all the calcula- 
tions and experiments which I have made about 
the selective oxidation and which I have re- 
ported in my paper concern the reactions 
which occur close to the melting point. There- 
fore my conclusions agree with those of Mr. 
Lepp—viz. at low temperature degassing is not 
possible by selective oxidation. 

On the other hand, the process of Mr. Lepp, 
which is industrially used in some French and 
English plants, must be carried out at higher 
temperature, at least at 800°C according to the 
calculations of Mr. Lepp. Practically it is 
carried out’at about 900°C. 

At such temperatures it is quite clear that 
the most favored reaction can be different from 
that which is the most favored at low tempera- 
_ ture and selective oxidation can occur. 
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However, besides the possible chemical de- 
gassing figured out by the reaction (3), a 
physical one can also take place. 

The formation of oxygen bubbles in the bath 
produces a strong stirring of the metal. The 
concentration of hydrogen can then be more 
homogeneous and the diffusion through the 
surface made easier owing to the elimination of 
a hydrogen concentration gradient. Besides, as 
the diffusion speed increases with the tempera- 
ture, the degassing can be accelerated by the 
temperature increase when the atmosphere is 
hydrogen free. 
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Factors Involved in Heat-treating a Magnesium Alloy 


By A. E. FLAnIcaN,* MEemBer AIME, I. I. Cornet,{ Junior MemBer AIME, R. Huttcren,t 
MemBer AIME, J. T. Lapstey,§ AND J. E. Dorn,} MemBer AIME 


(Chicago Meeting, October 1947) 


INTRODUCTION 


WitH the greatly expanding use of 
magnesium during the war, it appeared 
necessary to the War Metallurgy Com- 
mittee that procedures of heat treating 
common magnesium casting alloys be 
investigated systematically. Accordingly, 
the National Defense Research Committee 
of the Office of Scientific Research and 
Development placed a research contract 
with the University of California, super- 
vised by the War Metallurgy Committee. 
Research on the solution heat treatment 
and aging of magnesium alloy AZo2, 
(formerly ASTM No. 17; also known as 
Dowmetal C or AM26o0) which was done 
under “Restricted” Project NRC-21, in 
1942-1943, and reported in detail in a 
final report to the OSRD on September 
3, 1943, is the basis of this paper, which has 
been released for publication by * the 
OSRD. 

American experience with magnesium 
alloys prior to World War II was limited, 
although some of these alloys had been in 
commercial use since 1909. Requirements of 
the aircraft industry for light alloys made 
it imperative to understand and _ utilize 
the advantageous strength-weight prop- 
erties of magnesium castings. Magnesium 
casting alloys are commonly solution heat- 
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Institute July 22, 1947. Revision received 
August 8, 1947. Issued as TP 2282 in METALS 
TECHNOLOGY, September 1947. 
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treated to increase their ultimate tensile 
strength and ductility; this treatment 
may be followed by an age hardening at 
elevated temperatures, which raises the 
tensile yield strength but diminishes the 
ductility. In the present investigation, 
AZog2 was studied to determine the effects 
on properties of various solution heat 
treatment and aging schedules. 

The principles of heat treatment of 
magnesium alloys are the same as for other 
non-ferrous alloys. The alloy studied, AZg2, 
has a nominal composition of 9 pct alu- 
minum, 2 pct zinc, and minor constituents. 
Fig 1 shows, by the projection of isothermal 
sections on the concentration plane, the 
solubility surface’ of the ternary mag- 
nesium-rich solid solutions as determined 
by X ray analysis. From this figure it 
may be seen that above approximately 
375°C (707°F), AZo2 alloy is a single 
phase alloy at equilibrium; below this 
temperature the equilibrium condition is a 
two phase alloy. The beta constituent 
which precipitates from the solid solution 
exerts a hardening effect. Because the zinc 
concentration is only 2 pct, and because 
of its solubility relations, AZo2 resembles a 
binary alloy of magnesium with aluminum. 
The solubility curve! of Fig 2 shows how 
rapidly the solubility of the beta phase 
decreases with decreasing temperatures. 
Unlike many aluminum alloys, magnesium 
alloys do not age harden at room tem- 
peratures; precipitation hardening of AZo2 
alloy is performed at about 177°C (350°F). 
At this temperature about 3 pct aluminum 


1 References are at the end of the paper. 
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remains dissolved in the alpha solution, 
while 6 pct aluminum in this alloy can be 
precipitated out to harden the alloy, 
provided equilibrium is obtained. 


ZN- WEIGHT PERCENT 
Fic 1—SOLUBILITY SURFACE OF MAGNESIUM 
RICH SOLID SOLUTIONS—Mc-AL-ZN SYSTEM 
{AFTER BECK). 


_ Unlike aluminum and other non-ferrous 
alloys, magnesium alloys are brought up 
slowly to solution heat treat temperatures. 
Users have found in practice that too rapid 
heating leads to “burning” and loss in 
mechanical properties. Solution heat- 


treated alloys generally are quenched in 
water. Magnesium alloys, however, are 
hot short, and may crack due to stresses 
induced in quenching from hot short 


TEMPERATURE — °C. 


70 80 90 100 
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AL — WEIGHT PERCENT 
Fic 2—Mc-AL EQUILIBRIUM DIAGRAM (AFTER 
BECK). 


temperatures. In commercial heat-treating 
practice magnesium alloy AZg2 is held at 
760-770°F for 18 hr in an air-SO2 at- 
mosphere and is then cooled in air. 

As will be described later, this investiga- 
tion has shown that for carefully prepared 
tensile bars heated in salt baths preheating 
is unnecessary. Effects of temperature and 
time of solution heat treatment have been 
studied. It has been shown that by special 
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procedures magnesium alloy AZg2 can be 
quenched without cracking, and _ that 
hardened bars of the quenched material 
have considerably better strength without 
loss in ductility than bars treated in the 
conventional manner. 


MATERIALS AND METHODS 


Composition 


The bars of alloy AZg2 which were 
studied met the chemical requirements of 
ASTM Spec. B80-45T? as follows: 


Chemical Composition, Pct 
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Tensile Bars 


Standard 0.505 in. diam sand cast test 
bars were obtained through the courtesy of 
the Dow Chemical Co. at Midland, 
Michigan. Analyses of the various heats 
showed little deviation in chemical com- 
position. Three forms of bars were used: 

1. Unmachined bars were used in all 
studies of solution heat treatment, where 
surface condition was found to have little 
effect. Unmachined bars were also used 
in studying the aging of bars air cooled 
and others ‘‘step-quenched”’ after solution 
treatment. 

2. Machined bars (Fig 3) were used in 
_ the bulk of the work on aging. Preliminary 
investigations had shown considerable 
scatter in ultimate tensile strengths and 
elongations obtained on tensile tests of 
the sand cast test bars caused, apparently, 
by the presence of small casting flaws and 
surface roughness; tensile yield strengths 
and hardness were not affected. The 
machined bars showed greater consistency 
in results, so fewer bars were required to 
give reliable data. Machined bars show an 
average ultimate tensile strength about 5 
to ro pct higher than unmachined bars. 


Machining was done prior to heat 
treatment. 

3. Bars of the design shown in Fig 3 
were used in notch sensitivity tests. The 
notch is similar to that used by W. Buch- 
mann.*? Machining was done before heat 
treatment. ; 

Microstructure specimens were obtained 
from the end portions of bars before tensile 
testing. 


Tensile Testing 


All tests were conducted on a 200,000 
Ib Tate Emery Baldwin Southwark 
machine. Loading up to the yield stress 
was at the rate of ‘approximately 0.003 
in. per min. with subsequent loading to 
failure at o.o10 in. per min. Tensile yield 
strength was determined by using 0.2 pct 
offset from the modulus line. 


Determination of Extent of Local Fusion * 


The method employed in studies of solu- 
tion treatment is based upon examination 
of microstructure. It is described and 
illustrated in an appendix to this paper. 


Grain Size Determination 


The number of grains cut by the periph- 
ery of the circular field of view of the 
microscope was experimentally correlated 
with the number of grains included within 
that field of view, counted according to 
ASTM specifications.4 At 250 diam mag- 
nification (using a 10.25 mm _ objective 
lens and a 12.5 x ocular) the circle of view 
has an unmagnified diameter of 0.64 mm. 
Hence it is possible to find the number of 
grains per sq mm and the average grain 
diameter. The original data, in terms of 
intersections of grain boundaries with the 
periphery of the circle of view, were re- 
ported in terms of the average grain 
diameter. 


Solution Heat Treatment 


In the solution heat treatment, a salt 
bath of the following composition was used: 
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30 pct potassium dichromate; 69 pct 
sodium dichromate; 1 pct sodium chro- 
mate. This mixture is employed extensively 
in England.* (It should be noted that it is 
hazardous to use on magnesium alloys the 
nitrate-nitrite salt baths, so often used for 
aluminum alloys.) 

The salt bath was contained in a cast iron 
crucible. Spatial variations throughout the 
working area of the baths were no greater 
than 3°F overall, with short time temporal 
variations no greater than +1°F. Long time 
temporal variations, however, were usually 
greater. Actual known fluctuations during 
the heat treatment of each bar were 
observed. 


Heating Rate of Bars 


During the studies on solution heat 
treatment, bars to be preheated were 
placed in the salt bath at 700°F and heated 
according to the following schedule: 


ELApsEeD TIME IN Hours TEMPERATURE °F 


0.0 700 
1.0 700 
ia 730 
2.0 750 
2.5 700 


Subsequent heating to the desired tem- 
perature was carried out at the rate of 
5°F per half hour. It was observed that 
when four bars were added simultaneously 
to the salt bath (the maximum number 
inserted at one time) the temperature fell 
off approximately 60°F and returned to 
within 5°F of the original temperature 
after 20 min. Preheating was not employed 
in the solution treatment of bars used in the 
aging tests. 


Quenching after Solution Heat Treatment 


A direct quench from the solution temper- 
ature cannot be used successfully since it 
results in cracking. A “modified quench” 
however, was found to be satisfactory. The 
“modified quench” involves cooling from 
the solution temperature to about 730°F 
before quenching. The intermediate tem- 


perature may be reached either through 
the use of a second bath or by cooling the 
solution furnace to the desired temperature. 
Both methods were used; however, the 
latter is more convenient. 


Aging 


Specially constructed aging furnaces 
heated by constant boiling mixtures per- 
mitted precise control of temperatures. 
Overall temporal and spatial variations 
were less than 1°F even for the longest 
aging periods. The bars were aged in air, 
except that when short aging periods were 
required, an oil bath was employed in these 
furnaces. For temperatures above 600°F, 
bars were aged in dichromate salt baths in 
the solution furnaces. 


Selection of Tensile Yield Strength 
as Most Significant Property 
in Aging Studies 


The effects of aging on ultimate tensile 
strength, tensile yield strength, elongation, 
and hardness (Rockwell E) were deter- 
mined for all bars. Yield strength, however, 
was selected as the most significant prop- 
erty and was made the focus of attention in 
all of the work on aging. This was done for 
the following reasons: 

rt. Precipitation hardening of this alloy 
is practiced mainly to increase the tensile 
yield strength. This may be seen from the 
specifications noted on page 546. 

2. After aging, considerable scatter is 
encountered in the results on ultimate 
tensile strength and elongation. Tensile 
yield strength, however, is practically un- 
affected by the variations in surface condi- 
tions encountered, and highly reproducible 
results are therefore obtainable in experi- 
mental work. 


EXPERIMENTAL RESULTS AND DISCUSSION 
Solution Heat Treatment 


Effect of Solution Temperature on Tensile 
Properties. Four temperatures of solution 
heat treatment were investigated. Results 
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Fic 4—EFFECT OF SOLUTION TIME AND PREHEAT IN HEAT TREATMENT OF AZg2 IN TEMPERATURE 
RANGE 753 TO 760°F. 
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Fic 5—EFFECT OF SOLUTION TIME AND PREHEAT IN HEAT TREATMENT OF AZg2 IN TEMPERATURE 
RANGE 764 TO 773°F. 
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are shown in Fig 4 to 11. These data are 
for unmachined bars. Solution time for 
preheated bars is taken as time subsequent 
to reaching 755°F. Yield strengths are not 


solution of the beta phase. It will be seen 
from Fig 8 and 9 that for a given degree of 
solution the tensile properties are nearly 
identical in these temperature ranges. 


ULTIMATE TENSILE STRENGTH —1000 PS\. 


PREHEATED, AIR C! 


OT PREHEATED, 


SOLUTION TIME — HRS. 
Fic 6—EFFECT OF SOLUTION TIME AND PREHEAT IN HEAT TREATMENT OF AZo2 IN TEMPERATURE 
RANGE 774 TO 786°F. 


ULTIMATE TENSILE STRENGTH —1!000 PS.I. 


ELONGATION —% 


SOLUTION TIME — HRS. 
Fic 7—EFFECT OF SOLUTION TIME AND PREHEAT IN HEAT TREATMENT OF AZo2 IN TEMPERATURE 
3 RANGE 792 TO 796°F. 
(Vertical arrow on symbol indicates that fracture occurred in the fillet.) 


shown; they are not greatly affected by 
solution heat treatment. 

Fig 4 and 5 reveal that at the tempera- 
tures 753-760°F and 764-773°F similar 
results are obtained if sufficient times are 
allowed for solution treatment. The attain- 
ment of optimum properties, however, is 
more rapid in the higher temperature range. 

This more rapid attainment of maximum 
properties is caused presumably by speedier 


It may be noted from Fig 6 that in the 
774-786°F range, attainment of maximum 
properties is somewhat slower. It may be 
seem also that, regardless of time allowed, 
the temperatures in this range lead to 
results somewhat inferior to those obtained 
at lower temperatures. 

In the highest range, from 792 to 796°F, 
the rate of solution is slow and the resulting 
properties are definitely inferior (Fig 7). 


53° 


Effect of Preheating on Tensile Properties. favorable temperatures traversed during 
Preheating appears to have had no favor- 
able effect on tensile properties except in 
the case of the bars heated to 792-796°F. 
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preheating. 


The apparently favorable effect of pre- 
heating of bars subjected to solution treat- 
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Fic 8—EFFECT OF DEGREE OF HOMOGENIZATION AND PREHEAT IN HEAT TREATMENT OF AZg2 IN 


TEMPERATURE RANGE 753 TO 760°F. 
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PERCENT UNDISSOLVED BETA 
Fic 9—EFFECT OF DEGREE OF HOMOGENIZATION AND PREHEAT IN HEAT TREATMENT OF AZo2 
IN TEMPERATURE RANGE 764 TO 773°F. 


This may be seen by a comparison of Fig 4, 
5, 6, and 7. At these higher temperatures 
preheated bars develop better properties 
for a given degree of solution (Fig 11). 
Moreover solution, in its initial stages, at 
least, is accomplished more rapidly. This 
latter action is undoubtedly brought about 
through rapid solution of beta at the 


ment in this high temperature range is of 
limited consequence since the maximum 
properties obtainable are definitely inferior 
to those obtained at lower temperatures. 
Such high temperatures, therefore, should 
be avoided. 

From these data, obtained on tensile test 
bars solution heat treated in a salt bath, it 
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would appear that preheating is unneces- 
sary. However, it is well established in 
commercial practice that preheating in air 
furnaces is necessary. 
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allow diffusion of aluminum and zinc away 
from these regions, thereby raising the 
temperature of the eutectic reaction, and 
preventing local fusion. 
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Fic 1o—EFFECT OF DEGREE OF HOMOGENIZATION AND PREHEAT IN HEAT TREATMENT OF AZo2 IN 
TEMPERATURE RANGE 774 TO 786°F 
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PERCENT UNDISSOLVED BETA 
Fic 11—EFFECT OF DEGREE OF HOMOGENIZATION AND PREHEAT IN HEAT TREATMENT OF AZog2 IN 
TEMPERATURE RANGE 792 TO 796°F. 


Role of Preheating in Preventing Local 
Fusion. It is generally believed that in the 
solution heat treatment of AZo2 preheat- 
ing should be practiced to prevent local 
fusion.*7 Such fusion is thought to be 
caused by a eutectic reaction between ad- 
joining alpha and beta phases in regions of 
beta islands. The temperatures at which 
such eutectic reactions take place depend 
upon local. concentration of the alloying 
elements, especially zinc.. It would be 
expected that careful preheating might 


The authors are not aware of any work 
on determination of the solidus surface for 
this ternary system, so that nothing of a 
quantitative nature can be added. The 
present work, however, indicates that, in 
reality, preheating has a negligible influence 
on the incidence of local fusion in AZg2. In 
the range 753-760°F fusion seldom occurs 
even without preheating, while several 
hours preheating does not prevent fusion at 
higher temperatures. 
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Effect of Local Fusion. on Tensile Proper- 
ties. From Fig 12 it is seen that tensile 
properties are not adversely affected by 
local fusion occurring at temperatures below 
774°F. On the other hand, properties result- 
ing from treatments at higher temperatures 
are definitely inferior. At these higher 
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temperatures fusion is invariably encount- 
ered and is accompanied by the occurrence 
of grain boundary voids. 

Grain Boundary Voids. A condition de- 
scribed as “burning” is often encountered 
in the heat treatment of magnesium alloys 
This “burning” is evidenced in micro- 
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Fic 12—INFLUENCE OF LOCAL FUSION ON ULTIMATE STRENGTH AND DUCTILITY OF AZo2 ALLOY. 
(All Specimens Air Cooled after Solution Heat Treatment in Temperature Range 753-777°F. 


Bars not machined.) 
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Fic 13—11.5 HR AT 773°F INCLUDING PREHEAT. COOLED IN AIR. VOIDS APPEAR IN SOME 
OF THE PREVIOUSLY FUSED AREAS. REMOVAL OF THIS MATERIAL MAY OCCUR DURING POLISHING AS 
RESULT OF ABNORMAL CONDITION INDUCED BY HEAT TREATMENT. 250. GLYCOL ETCH. 
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Fic 14—13.3 HR AT 770°F. AIR COOLED. 250X. GLYCOL ETCH. 
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Fag rg-16 HR AT 774-777°F. CooLeD TO 734°F IN 80 MIN. QUENCHED IN WATER AT.95°C. 
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structures by the appearance of voids lying 
in the grain boundaries of the alpha phase. 
It is known to be associated with over- 
heating during solution heat treatment. It 


Fic 16—21.2 HR AT 777°F. QUENCHED DIRECTLY IN BOILING WATER. THIS GRAIN BOUNDARY 


APPEARANCE IS TYPICAL OF BARS QUENCHED IN FUSED CONDITION. THOUGHT TO DENOTE QUENCHING 
CRACKS. AN ENTIRE ALPHA GRAIN REMOVED DURING POLISHING. 250X. GLYCOL ETCH. 


results in serious impairment of mechanical 
properties. There has been considerable 
speculation as to the cause of these voids. 
Oxidation of locally fused material is one 
such explanation.®? SO, atmospheres are 
known to partially inhibit such “burning.” 
A second opinion holds that the voids are 
occasioned by volume changes result- 
ing from local fusion and subsequent 
resolidification.® 

In the present work with dichromate 
baths, grain boundary voids have often 
been observed (Fig 13). They closely re- 
semble .those in micrographs describing 
“burning.”’? However, the significance of 
these voids is by no means clear. 

Quenching after Solution Heat Treatment. 
In bars air cooled after solution heat treat- 
ment a certain amount of beta phase 
precipitates as shown in Fig 14. This precip- 
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itation is absent in bars quenched in water 
(Fig 15). This change in structure does not 
result in any significant change in mechan- 
ical properties in the as-quenched condi- 


tion. However, after aging the quenched 
bars are notably superior to the air cooled 
bars, 

Quenching from temperatures at which 
local fusion is present results in inferior 
properties. The local fusion is detected by 
methods discussed in the appendix. 

The microstructures of all bars quenched 
directly from temperatures above 764°F 
exhibit networks of the type shown in Fig 
16. These networks have the appearance of 
fine intergranular cracks. All such bars fail 
at low tensile strengths and exhibit frac- 
tures containing light golden areas near the 
rim, Spectrographic analysis of these areas 
shows a high concentration of chromium. 
This indicates that these areas contain 
dichromate salts carried in by the quench- 
ing water, and that they are therefore 
caused by quenching cracks formed by 
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hot shortness. None of the air cooled 
bars exhibits this type of fracture or 
microstructures. 

These yellow fractures therefore differ 
in origin from the yellow fractures re- 
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crease in tensile yield strength at the 
expense of ductility and ultimate tensile 
strength. This may be seen from Fig 17. 

The use of this quenching technique to 
permit rapid cooling after solution treat- 
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TEMPERATURE OF INTERMEDIATE QUENCH — CRs 
Fic 17— EFFECT OF INTERMEDIATE TEMPERATURE IN STEP QUENCHING OF AZg2. 
_(N.B.—AIl bars subjected to 15 hr solution heat treatment in temperature range 766 to 
770°F without preheat, followed by quench in salt bath at intermediate temperature and held for 
30 to 35 min., followed by quench in 80 to 100°C water. Bars not machined.) 


ported to result from “burning”? which are 
occasionally encountered in industry. 

It is also possible to avoid these cracks 
in quenched bars by a modification of the 
quenching process. If, after solution heat 
treatment, the furnace is cooled to a 
suitable intermediate temperature before 


quenching, local fusion may be eliminated 


at a time when shrinkage stresses are not 
large. This modified quenching should be 
practiced in all solution treatments where 
rapid cooling is required. 

The intermediate temperatures used 


~ should lie above the solubility limit and 


below the minimum temperature at which 
local fusion can persist. The range ‘from 
715 to 750°F has been found satisfactory. 
During the studies on aging several 
hundred bars were cooled slowly to 
730-740°F . before quenching. In every 
case the treatment was successful. Use of 
intermediate temperatures | below 715°F 
leads to precipitation with resulting in- 


ment may have important applications in 
alloys other than those of the magnesium 
group. It is quite probable that similar 
methods may be used successfully with 
other hot-short materials where direct 
quenching is impossible. 

Grain Growth during S: olution Heat Treat- 
ment. Some grain growth occurs during 
solution treatment, as may be seen from 
Fig 18. The rate of growth is so slow, 
however, that it may be regarded as 
unimportant at all but the highest tem- 
peratures. In the 792-796°F range, grain 
growth is much more marked. Possibly 
it contributes to the inferior properties 
resulting from treatment in this range. 

Effect of Degree of Solution on Tensile 
Properties. The tensile properties of solu- 
tion treated bars approach a maximum 
with solution of about 85 pct of the beta 
phase. Little if any improvement results 
from further homogenization. This may 
be seen from Fig 12. It has been found, 
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however, that the amount of residual beta 
must be further reduced for achievement of 
maximum properties after subsequent 
aging (where supersaturation is important). 


— COMMERCIAL RANGE. 
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In castings which exhibited coarse — 


alpha grains, it was observed that the beta 
islands were larger. Hence longer periods of 
time are required to dissolve them. Also, 
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Fic 18—EFFECT OF SOLUTION TEMPERATURE AND SOLUTION TIME ON GRAIN GROWTH OF AZo2. 
(All bars treated in salt bath.) 


Effect of Grain Size in Solution Heat 
Treatment. The, bars used for study of 
solution heat treatment were all taken 
from heats 24038 and 24037. Since these 
bars were uniformly fine grained, the effect 
of grain size on ease of homogenization 
was not at first appreciated. 

In ‘subsequent solution treatment of 
bars for aging considerable variations in 
grain size were encountered in heats 21368 
and 21555. It then became apparent that 
coarse grained material responds in a more 
sluggish manner to homogenization. With 
heat No. 21555 it was necessary to increase 
the solution temperature to 775°F to 
achieve a uniformly satisfactory degree of 
solution in 16 hr, whereas, the same time 
at 765°F had sufficed for uniformly fine 
grained heats. 


the distance over which diffusion must take 
place in order to result in a uniform solid 
solution is greater in large grains than in 
small grains. These facts explain the slower 
rate of homogenization of coarser grained 
specimens of AZo2. 

Aging © 

Microstructure. Microstructural changes 
occurring during various heat treatments of 
magnesium alloy AZo2 are exemplified by 
Fig 19 (as cast condition); Fig 20 (solution 
heat treated and air cooled); Fig 15 (solu- 
tion heat treated and quenched); Fig 
21-28 (aged). 

Modes of Precipitation. Microstructural 
changes attending the aging of alloys 
similar to AZg2 have been reported previ- 
ously.78910,11,12,13 Investigators have 
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Fic 19—‘‘AS CAST” CONDITION. BETA ISLANDS ARE SEEN IN AN ALPHA BACKGROUND. THE 
LAMELLAR CONSTITUENT RESULTS FROM PRECIPITATION FROM THE ALPHA SOLID SOLUTION DURING 
COOLING IN THE SAND MOLD. 500X. GLYCOL ETCH. 
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FIG 20—13.3 HR AT 770°F. AIR COOLED. 250X. GLYCOL ETCH. 
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__ Fic 21—Ear Ly STAGE OF AGING AT 625°F (AGED }64 HR AFTER QUENCH IN 95°C WATER). 
SHOWS GRAIN BOUNDARY PRECIPITATION AND EARLY APPEARANCE OF LAMELLAR PATCHES. NOTE 
SIMILARITY TO FIG 22. 500. GLYCOL ETCH. 
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Fic 22--EARLY STAGE OF AGING AT 300°F (AGED 4.2 HR AFTER QUENCH IN 95°C WATER). 
SHOWS GRAIN BOUNDARY PRECIPITATION AND EARLY APPEARANCE OF LAMELLAR PATCHES. NOTE 
SIMILARITY TO FIG 21. 500X. GLYCOL ETCH. 
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Fic 23—AGED lg HR AT 625°F (APPROACHING MAXIMUM TENSILE YIELD STRENGTH) AFTER 
QUENCH IN 95°C WATER. SHOWS FULLY DEVELOPED LAMELLAR PATCHES AND CONSIDERABLE 
GENERAL PRECIPITATION. NOTE SIMILARITY TO FIG 24. 500X. GLYCOL ETCH. 


(Etched to show general precipitate.) 


Fic 24—AGED 64.7 ‘ 
QUENCH IN 95°C WATER. SHOWS FULLY DEVELOPED LAMELLAR PATCHES AND CONSIDERABLE 


GENERAL PRECIPITATION. NOTE SIMILARITY TO Fic 23. 500X. GLYCOL ETCH. 


(Etched to show general precipitate.) 
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Fic 25—AGED 18.0 HR AT 350°F AFTER AIR COOLING. TYPICAL APPEARANCE RESULTING 


FROM FULL AGING AFTER AIR COOLING. LAMELLAR PRECIPITATE COVERS ABOUT 50 PCT OF AREA. 
COMPARE WITH FIG 26 AND 27. 250. GLYCOL ETCH. 


FIG 26—AGED 4.0 HR AT 375°F AFTER QUENCH IN 95°C WATER. TYPICAL APPEARANCE RE- 
SULTING FROM FULL AGING AFTER 95°C WATER QUENCH. LAMELLAR PRECIPITATE COVERS ABOUT 
15 PCT OF AREA. COMPARE WITH FIG 25 AND 27. 250X. GLYCOL ETCH. 
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Fic 27—AGED 4.0 HR AT 375°F AFTER QUENCH IN —7°C BRINE. TYPICAL APPEARANCE RE- 
SULTING FROM AGING AFTER —7°C BRINE QUENCH. LAMELLAR PRECIPITATE COVERS ABOUT 33 PCT 
OF AREA. COMPARE WITH FIG 25 AND 26. 250%. GLYCOL ETCH. 
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? Re: x ay = 2 ra 
| Fic 28—AGED 4.0 HR AT 375°F AFTER 95°C WATER QUENCH. SOLUTION TREATMENT—64.3 HR 
at 772-775°F. NOTE TREMENDOUS GRAIN GROWTH RESULTING FROM LONG SOLUTION TREATMENT. 
It MAY BE SEEN THAT THE LAMELLAR PATCHES APPEAR ONLY AT THE GRAIN BOUNDARIES AND THAT 
- THEY EXTEND INWARD FOR ABOUT THE SAME DISTANCE REGARDLESS OF GRAIN SIZE. 75X.- 
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noted the appearance of lamellar areas of 
precipitate similar in appearance to the 
pearlite in steel. The hardening effect of 
the aging treatment has been attributed to 
the appearance of this lamellar precipitate. 
Some indications of additional precipita- 
tion of a general nature have also been 
noted.!011 - 

The present work indicates that the 
_importance of this additional general 
precipitate has been underestimated. This 
work shows the existence of the general 
precipitate in aged AZo2 and, as will be 
seen below, indicates that the maximum 
tensile properties are associated with a 
preponderance of this type. Actually three 
microscopically distinct patterns of pre- 
cipitation have been noted. All three 
appear to be present to some degree in 
all examples of fully aged AZo2. A de- 

scription of the three types follows: 

- 1, Grain Boundary Precipitation (prob- 
ably the least important): This is the first 
type to be noted in the microstructure 
upon aging. In the case of specimens 
quenched in water no precipitation of any 
sort is found prior to aging. Soon after 
these specimens have reached the aging 
temperature, however, it is found that the 
grain boundaries are clearly revealed as a 
result of grain boundary precipitation. 
In air-cooled specimens, considerable grain 
boundary precipitation occurs during cool- 
ing. It apparently has little effect on 
tensile properties. 

2. Lamellar (‘‘Pearlitic”) Precipitation: 
This is the type generally discussed in 
previous investigations. It is noted in the 
microstructure shortly after the beginning 
of aging. It first appears long before the 
attainment of maximum tensile yield 
strength. The lamellar patches originate 
in nuclei at the grain boundary and grow 
inward in a fashion somewhat similar to 
the growth of pearlite in steel. It is quite 
common for the lamellar areas to extend all 
along the side of a polygonal grain, ter- 
minating abruptly at the junction with 
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the adjoining sides. Where several patches 
are found in a single grain, they generally 
have different and apparently independent 
orientations. 

During aging the patches grow inward 
until in the aggregate they cover an area 
dependent mainly upon the cooling rate 
applied following solution heat treatment. 
Growth probably ceases before the attain- 
ment of maximum hardness, though in 
some cases it has been observed to continue 
until the maximum has been nearly 
reached. The evidence is not extensive 
enough for definite conclusions on this 
point. 

3. General Precipitation: This type is 
the last to be seen in the microstructure, 
though it appears before the attainment of 
maximum hardness and tensile yield 
strength. Since it is originally an exceed- 
ingly fine dispersion, it is likely that the 
first precipitation occurs before the par- 
ticles grow large enough to be detected 
microscopically. General precipitation oc- 
curs throughout entire grains possibly 
excluding areas occupied by the lamellar 
type. The particles are arranged in parallel 
planes with a single orientation in each 
grain, suggesting precipitation along the 
basal planes. With continued aging the 
general precipitate becomes increasingly 
prominent apparently as a result of particle 
growth. It is then readily discerned. 

This type is often revealed only with 
some difficulty. Long etching periods are 
sometimes required. No simple rule can be 
followed since the etching time required 
appears to depend upon the degree of 
dispersion. 

All three types of precipitate described 
above tend toward spheroidization upon 
over-aging. The grain boundaries’ assume 
the appearance of chains of small islands, 
while the lamellar and general modes 
become increasingly difficult to differenti- 
ate. This stage is illustrated in Fig 29 
(aged 44.5 hr at 625°F). With aging at 
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375°F the coarsening is much less marked 
even after several hundred hours. 

On the basis of the present work it is 
believed that the mode of precipitation is 
essentially independent of aging tem- 


Fic 290—AGED 44.5 HRS AT 625 


°F AFTER QUENCH IN 95°C WATER. No 


the dispersion of the beta phase may be 
coarser as a result of aging at the higher 
temperature. 

The similarity in the mode of precipita- 
tion has been found to obtain at all inter- 
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TE SPHEROIDIZATION OF ALL 


TYPES OF PRECIPITATION RESULTING FROM EXTREME OVERAGING. COMPARE WITH FIG 21 AND 23. 
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perature. This is illustrated in the following 
sequence of micrographs of bars aged at 


the extreme temperatures. 


Fig 21 and 22 illustrate the structures 
found shortly after the appearance of the 
first lamellar precipitate at 625 and 300°F, 
respectively. The lamellar patches are 


quite similar in appearance, though Fig. 
22 represents a relatively more advanced 


stage in the aging process. Incidentally, 


4 prolonged etching reveals considerable 
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general precipitate in the latter specimen. 
Fig 23 and 24 represent typical struc- 
tures resulting from longer aging periods 
(approaching the time required for develop- 
ment of maximum tensile yield strength 
in each case). The structure developed in 
aging at 625°F (Fig 23) is similar to that 
from aging at 300°F (Fig 24), except that 


mediate temperatures. 625 and 300°F 
have been used as examples since they 
represent extreme cases. 

Furthermore, it has been noted that in 
bars quenched in 95°C water the maximum 
extent of the lamellar precipitate attained 
at various aging temperatures is about 
the same, namely 15 pct of the total area. 

Derge, Kommel, and Mehl" have found 
that in a Mg-Sn alloy (in which precipita- 
tion is of the general type) different 
mechanisms of precipitation operate at 
different temperatures corresponding to 
the slip processes effective at these tem- 
peratures. They report that at 250°C 
(482°F) plate formation is parallel to the 
(oor) plane only, while at 250-500°C 
(482-932°F) plates form in the (ror) 
plane also. 
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In the present work no such change in 
the form of precipitation was found at 
the higher temperatures. At 525 and 625°F 
the general precipitate appeared to exhibit 
a single orientation in each grain (presum- 
ably that of the basal planes). This is 
illustrated in Fig 29. 

Indications that the mode of precipita- 
tion in AZg2 is approximately the same at 
all temperatures from 300 to 625°F is 
not in agreement with the statement by 
Hess and George in a recent paper.’ 
They state that ‘moderate and high tem- 
perature aging leads to a lamellar form of 
localized precipitation which progresses 
from the grain boundaries; this lamellar 
form may become coarsely spheroidized 
with long holding times in the higher 
temperature ranges. Low temperature 
aging produces a fine globular form of 
general precipitation throughout the entire 
grains.” 

Additional Remarks on Modes of Precipi- 
tation. Although the existence of the general 
precipitate in commercial magnesium alloys 
had not been emphasized in the literature 
prior to the study herein reported, there 
were many references to both general and 
lamellar types in other alloy systems. In 
some cases either the lamellar or the general 
type is found alone, while in others both 
have been reported. Excellent bibliogra- 
phies on the subject have been furnished by 
Geisler, Barrett, and Mehl!® and by Mehl 
and Jetter.1® 

The terms “continuous” and “discon- 
tinuous” have been adopted by these 
authors to describe the ‘‘general”? and 
“lamellar”? types discussed here. In the 
present report the terminologies will be 
used interchangeably. The former designa- 
tions would seem preferable, however, since 
they do not imply that the discontinuous 
type is lamellar in all systems. 

Recent investigations!®.16 indicate that 
in many if not all age hardening systems 
precipitation occurs in two stages. The first 
discernible particles of continuous precipi- 
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tate are found to have a structure different 
from that of the equilibrium condition. 
Upon continued aging, this transition state 
is replaced by the equilibrium structure. 
It is thought that the transition signifies an 
initial state of coherency between the 
matrix and the growing particles of pre- 
cipitate. With continued growth of par- 
ticles, or as a result of subsequent external 
strain!’ this coherency is lost, allowing the 
particles to assume the lattice of the normal 
equilibrium phase. It is believed further 
that the hardening effect in aging is due 
mainly to straining of the matrix lattice to 
accommodate coherent precipitation. 
Evidence has been based on X ray 
diffraction studies of numerous alloy sys- 
tems. In a Cu-Fe alloy the same conclu- 
sions!8 have been reached through studies 


based on changes in magnetic susceptibility _ 


and remanence. 

In the Al-Ag!® system both continuous 
and discontinuous types of precipitation 
are found. The final microstructures are 
quite similar to those of aged AZo2. The 
continuous form, however, is discernible in 
the microstructure long before the appear- 
ance of the other type which appears after 
attainment of maximum hardness. (In 
AZo2 the discontinuous precipitate appears 
much earlier and reaches full development 
before attainment of the maximum.) It has 
been noted further in Al-Ag alloys that the 
appearance of areas of discontinuous pre- 
cipitation coincides with the first X ray 


evidence of the transformation of the pre- — 


‘cipitate from the unstable form to the 


stable. There are also indications that the 
appearance of the discontinuous regions 
involves recrystallization of the matrix. 
Both types of precipitation are found in 
the Cu-Be system. The microstructures are 
again similar to those found in AZo2. Here 


again C. S. Smith believes that the dark _ 
etching regions of general precipitate are 


indications of matrix recrystallization.19 


In the Cu-Fe!7-18 system the discontinu- 


ous grain boundary precipitate is found to 
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have the equilibrium structure of body 
centered iron, whereas the continuous 


general precipitate at first exhibits the face 
centered transition lattice and later reverts 
to the stable configuration. In this alloy 
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AGING TIME — HRS. 

Fic 30—EFFECT OF AGING TIME AND TEM- 
PERATURE ON TENSILE PROPERTIES OF MA- 
CHINED BARS AZo2. 

(All bars quenched in 95°C water. Solution 
H.T. 763-770°F for 15-16 hr. Note—300°F 
bars, from Heat No. 21368, show poor degree 
of solution, reflected in low UTS. 325°F bars 
are from Heat No. 20922.) _ 


ELONGATION-% T.Y.S.-1000 PSII. 


the discontinuous precipitate appears early 
in the aging process before any evidence of 
general precipitation. Maximum hardness 
is reached after the advent of the latter. 
Other references to age hardening sys- 
tems may be found in the previously 


‘mentioned bibliographies.1*1° The above 


examples have been cited here to permit 
comparison with the observations on AZo2. 

Since no X ray analysis has been made 
in the present work, no evidence has been 
obtained on the existence of a transition 
precipitate in AZog2. Recrystallization of 
the alpha phase is indicated by the fact 
that the alpha in the lamellar precipitate 


js distinguishable from the alpha ‘of the 


remainder of the grain by a sharp line of 
demarcation, which has been observed in 


numerous micrographs. General precipita- 


tion in the same grain always occurs in a 


single set of parallel planes. 


” ELONGATION-% 


It is believed, then, that the following 
points are involved in the age hardening 
of this alloy: 

1. Lamellar (discontinuous) precipitate 
appears through a process of recrystalliza- 
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AGING TIME — HRS. 
© QUENCHED IN WATER, 95°C. @ AIR COOLED 

Fic 31—EFFECT OF AGING TIME AND TEM- 
PERATURE ON TENSILE PROPERTIES OF MACHINED 
BARS AZo2. 

(Solution HT for all bars: 15-16. hr at 
761-772°F. Note—375°F air-cooled bars, from 
Heat No. 21368, show poor degree of solution, 
reflected in low UTS). 
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Fic 32—EFFECT OF AGING TIME AND TEM- 
PERATURE ON, TENSILE PROPERTIES OF MACHINED 
BARS AZo2. : 

(All bars quenched in water 70-95°C. 
Solution H.T. 765-770°F for 15-0-15.7 hr. 
400°F bars from Heat Nos. 20922 and 21368. 
425°F bars from Heat Nos. 20922 and 24037.) 
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tion of the alpha phase and precipitation 
of the beta phase. This involves nucleation 
and growth. 


U.T.S.-1000 PS.I. 


T.Y.S.- 1000 PS.I. 


ELONGATION -% 


AGING 


Fic 33—EFFECT OF AGING TIME AND TEM- 
PERATURE ON TENSILE PROPERTIES OF MA- 
CHINED BARS AZo2. 

(All bars quenched in 95°C water. Solution 
HT 771-777°F for 16.0-16.8 hr. 525°F bars 
aged in oil bath. 625°F bars aged in dichromate 
salt bath. Note—aging bath temperature fell 
to minimum of 608°F within 4 min. of insertion 
of bar, then returned to 625°F at rate of 1—2° 
per min.) 


TIME — HRS. 


2. General (continuous) precipitate 
grows through a process not involving re- 
crystallization of the alpha phase. 

The present work has shown that maxi- 
mum hardness and tensile yield strength in 
AZo2 are realized with aging treatments 
which produce a minimum of the discon- 
tinuous mode of precipitation. This is 
consistent with the above considerations. 

The factors determining the character of 
precipitation are not as yet fully under- 
stood. It is possible that the answer is to be 
found through consideration of the influ- 
ence of strains and imperfections in the 
matrix lattice.?°:?! 

Tensile Properties. Data on tensile prop- 
erties are presented in Fig 30-35. All 
elongations are based on a two inch gauge 
length. For comparison, the minimum 
tensile requirements of ASTM 'specifica- 
tions B80-45T? for unmachined sand cast 
test bars of this alloy are: 


FACTORS INVOLVED IN HEAT-TREATING A MAGNESIUM ALLOY 


Pct 
Par UTS, TYS, Elon- 
Minimum psi psi gation 
in 2 in. 
AS cast. 4,40 feakim eee 20,000 | Not re-| Not re- 
quired | quired 
Solution Heat Treat-| 32,000 | Not re- 6 
ment. quired 
Solution Heat Treat- 
ment and Aged...... 34,000 | 18,000 I 


Typical values obtained with the unma- 
chined bars of this alloy are cited by the 
Dow Chemical Company.” 


> Elon- 
Typical gation 
in 2in 
AS CASt Atwicahtonl ie ees 2 
Solution Heat Treat- 
MOH, . was Uy ue < Seem 10 


Solution Heat Treat- 
ment and Aged...... 


Some of the physical properties, such as 
tensile yield strength, obtained on aging 
quenched bars are significantly superior to 
corresponding properties obtained on aging 
air cooled bars, and warrant investigation 


TENSILE YIELD STRENGTH — 1000 PSI. 
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AGING TIME — HRS. 
Fic 34—EFFECT OF AGING TIME AND TEM- 
PERATURE ON TENSILE YIELD STRENGTH OF 
MACHINED BARS AZo2. 


of a heat treatment schedule which involves 
quenching after solution heat treatment 
and subsequent aging. 
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Choice of Aging Procedure. The choice of 
an optimum aging procedure should be 
based upon a consideration of time require- 
ments, attainable properties, and reproduc- 
ibility under commercial conditions. 


5. For aging temperatures from 300 to 
375°F, the maximum attainable tensile 
yield strength is essentially independent of 
temperature. Aging at 400 and 425°F re- 
sults in a somewhat lower tensile yield 
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TENSILE YIELD STRENGTH — 1000 PSI. 
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Fic 35—EFFECT OF AGING TIME AND TEMPERATURE ON TENSILE YIELD STRENGTH OF MACHINED 
BARS AZo2. 


A choice for this alloy may be based upon 
the curves of Fig 35. The following sig- 
nificant observations have been made: 

1. For a given aging temperature a 
higher tensile yield strength is obtainable 
with bars quenched after solution treat- 
ment than with air-cooled bars. 

2. This improvement also extends to 
ultimate tensile strength and elongation. 
This is illustrated by Fig 31 for tempera- 
tures of 350 and 375°F. 

3. Maximum tensile yield strength is 
more rapidly attained in the quenched 
bars. 

4. The higher the aging temperature, 
the shorter is the time required to achieve 
maximum tensile yield strength. 


strength, while still higher temperature 
aging leads to a considerable decrease. 

Consideration of points 1, 2, and 3, 
suggests the use of a hot water quench 
following solution treatment. Optimum 
properties may be attained by a°4-suhr 
treatment at 375°F. The temperatures 400 
and 425°F are ruled out since the times 
required to reach maximum tensile yield 
strength are probably too short to allow 
reproducibility on a commercial scale. 

On the basis of the above consideration a 
treatment consisting of the following steps 
is thought to be most satisfactory for the 
precipitation hardening of this alloy: 

1. Solution treatment to dissolve the 
beta phase. 
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2. Cooling from the solution temperature 
to about 730°F to remove all traces of local 
fusion. 

3. Quenching in hot water from about 
730°F. 

4. Aging for 4-5 hr at 375°F. 


AVG. 25.4 
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Average values 
strength, tensile yield strength, and elonga- 
tion are higher in the case of bars treated 
according to the new method. The average 
improvements in ultimate tensile strength 
and tensile yield strength are respectively 


AVG. 41.0 


23 24 25 26 27 28 29 30 32 34 36 38 40 42 44 46 48 SO 0 1 2 3 4 5S 


AIR COOLED — AGED I8 HRS. AT 350°F. 


AVG. 27.9 
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TENSILE YIELD STRENGTH-1000 PSI. 
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QUENCHED — AGED 4 HRS. AT 375°F 


SOLUTION HEAT TREATMENT: 
15-16 HRS. AT 765-773°F. 
@ 15-16 HRS. aT 772-777°F. 


EACH SQUARE REPRESENTS 
ONE TEST SPECIMEN. 


Fic 36—TENSILE PROPERTIES OF AGED AZo2. 
(Solution HT in salt bath. Bars not machined.) 


Comparison of Tensile Properties. In 
order to compare the results of the new 
process with commercial practice, 48 bars 
from the same heat were divided at random 
into two equal groups. They were solution 
heat treated in batches containing equal 
numbers from each group. The bars from 
one group were removed and air cooled; 
the furnace temperature was then reduced 
to about 730°F and the bars from the other 
group were removed and quenched in 95°C 
water. The air cooled bars were aged 
according to commercial practice, namely, 
at 350°F for 18 hr. The quenched bars 
were aged at 375°F for 4 hr. Results are 
shown in Fig 36 and clearly establish the 
superiority of the new procedure for tensile 
bars. 


12 pct (46,100 psi vs. 41,700 psi) and ro pet 
(27,900 psi vs. 25,400 psi). Elongation in 
each case is small (less than 3 pct) but 
again the advantage lies with the new 
procedure (2.8 vs. 2.1 pct). 


The distribution of results in Fig 36 


is of additional interest since it indicates 
the importance of the degree of solution 
achieved prior to aging. Fourteen bars of 
each group were solution treated for 15-16 
hrs at 765-773°F, while the remaining 1o 
of each group were treated for the same 
time at 772-777°F. The average degrees 
of solution of the beta phase were respec- 
tively 94 and 99 pct (as estimated from 
studies of microstructure). It may be seen 
that the tensile results are better in the 


~ me eae nga 


of ultimate tensile © 
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bars exhibiting greater homogeneity after 
solution treatment. 

Possible Difficulties Remaining to Be 
Investigated before Commercial Use. The 
results of this investigation demonstrate 


Such difficulties should apply to the present 
commercial practice as well as to the newly 
proposed method. Thus the relative ad- 
vantages of the method presumably will 
be retained. 
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MAXIMUM TENSILE YIELD STRENGTH — 1000 RSJ. 


TIME TO REACH MAXIMUM T.Y.S. — HRS. 


300 400 500 600 700 


AGING TEMPERATURE — °F. 


@— SOLUTION TREATED, UNAGED: T.v.S. APPROX. 14,500 PS.I.; 


SOLUBILITY LIMIT APPROX. 


30°F. 


Fic 37—EFFECT OF AGING TEMPERATURE ON MAXIMUM ATTAINABLE TYS, TIME FOR ATTAINMENT, 
AND SOLUBILITY LIMIT. 


that certain advantages may be gained 
through commercial application of the new 
heat treatment. The improvement in 
properties and the short aging period are 
certainly desirable. Since these tests were 
not made on a commercial scale, however, 
additional points should be investigated. 
Quenching into 95°C water from the 
region of 730°F may induce problems of 
cracking or excessive warpage in large or 
intricate castings. This remains to be 


investigated. Cooling to the intermediate 


temperature dispels the problem of hot 


shortness in AZg2 test bars. 


It is of course unlikely that ultimate 
tensile strengths of 46,000 psi and yield 
strengths of 28,000 psi will be obtained 
consistently in large castings. First, the 
greater mass will affect the cooling rate. 
Secondly, the occurrence of coarse grained 
regions would lead to difficulty in homo- 
genization which will be reflected in the 
tensile properties resulting from aging. 


Recently published research** at the 
Dow Chemical Co. has already verified 
these laboratory results on several com- 
mercial castings, and reproduced the high . 
yield strengths plus good ductility. Fur- 
ther tests on commercial castings are in 
progress. 

Influence of Aging Temperature on Vield 
Strength. Fig 35 indicates that the ATS) 
realizable in bars quenched in water at 
gs°C varies little for aging temperatures 
from 300 to 375°F, with only slightly lower 
values at 4oo and 425°F. The time re- 
quired for attainment of the maximum, 
however, varies a great deal. At higher 
temperatures (525 and 625°F), the maxi- 
mum values are decidedly lower. 

Since the microstructures developed at 
all temperatures are essentially similar in 
pattern it follows that the low TYS result- 
ing from high temperature aging cannot 
be explained on the basis of changes in 
the mode of precipitation. 
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The dominating factor may be the influ- 
ence of temperature upon the solubility 
limit. Fig 37 shows the solubility curve 
according to the data of Schmid and 
Siebel and Schmid and Seliger.! It will be 
seen that there is little change in solubility 
for temperatures up to 375°F but that the 
change is considerable at the higher 
temperatures. The figure denotes the solu- 
bility of Mg for Al. AZo2 contains 2 pct 
Zn in addition to Al but Zn in proportions 
up to at least 3 pct is known! to have a 
minor effect upon the solubility curve. 
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rather puzzling, and may be attributed to 
the small number of test bars used. 

It is found that the microstructures 
resulting from the various cooling rates 
apparently differ only in the relative pro- 
portions of the lamellar precipitate devel- 
oped by aging. The hot water quench leads 


to much less of the lamellar type than the © 


other cooling rates. This is shown in Fig 
25, 26, and 27. 

Similar trends in other precipitation 
hardening alloys have been observed by 
Hunsicker.4 


TABLE 1—Effect of Mechanical Strain (Prior to Aging) on TYS Resulting from Aging 


Bar Agin Plastic TYS 
No. C— Time, Hrs | Strain, pct 1000 psi 
138 2.0 Pte 34.2 
139 4.0 3.0 32.2 
140 8.0 3.0 32.7 
141 14.5 4.7 32.2 
292 4.0 0.0 29.0 
293 4.0 0.0 29.0 


Lamellar 


Hardness, | Undissolved 
R Ppt., pct. 


* 
E theta, pet Fracture 
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Note: Aging temperature range: 370—-372°F, in air. Heat number 24037. These four bars were machined with 
a sharp 34 in.—1o—national coarse thread. On testing, all these bars broke through the threads, with little 
elongation, so no values for elongation or UTS were obtained. 
Solution HT 760—769°F for 15.4—-15.8 hrs, cooled to 744—-754°F in 90-100 min. and quenched in water at 
96°C. The bars were then strained in tension and the permanent set noted as plastic strain, pct. The bars were 
’ then aged. The resultant microstructures showed considerable twinning. 


* A = abnormal. 


From Fig 37 it may be seen that there is 
a striking correlation between maximum 
TYS and solubility limit. 

Perhaps the variation of particle size 
is also a factor in the dependency of TYS 
on aging temperature. The microstructures 
offer no striking evidence on this score, 
though some difference may well exist. 

Effect of Cooling Rate on Subsequent 
Aging. As previously mentioned bars 
quenched in water at 95°C develop a 
maximum tensile yield strength about 
ro pct higher than bars cooled in air fol- 
lowing solution treatment. Similar bars 
quenched in water at 21°C and in iced 
brine at —7°C exhibit values lower than 
those obtained with the hot water quench, 
It would be expected that the more drastic 
cooling would lead to equal or better 
properties. The apparent inconsistency is 


Rates somewhat slower than the hot 
water quench should be investigated to 
obtain additional information on the effect 
of cooling rate. 

Effect of Mechanical Strain on Aging. 
Several bars quenched in hot water after 
solution heat treatment were strained in 
tension 2-4 pct before aging. The TYS was 
raised 10-15 pct by this treatment as can 
be seen in Table 1. Under the microscope 
twins can be observed and etching is very 
uneven. The proportion of lamellar pre- 
cipitate is perhaps somewhat less. 

Factors Influencing the Proportions of 
Lamellar and General Precipitation. Work 
with various cooling rates suggests strongly 
that there is a correlation between the 
maximum TYS attainable at a given 
aging temperature and the amount of 
lamellar precipitation developed by the 
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treatment. In general, low proportions of 
lamellar precipitate (with corresponding 
predominance of the general type) cor- 
respond to the highest values of TYS. To 
establish this point, of course, it would be 
desirable to work with additional inter- 
mediate cooling rates. 

With the present evidence in hand, how- 
ever, it is of interest to inquire into the 
various factors influencing the character of 
precipitation. Four possibilities will be 
considered: 

1. Aging temperature—As has _ been 
noted previously, aging temperatures from 
300 to 625°F appear to have little influence 
on the mode of precipitation. 

2. Cooling rate following solution heat 
treatment—Apparently this is the major 
factor. Whether its effect is due to induced 
thermal stresses or other causes however, 
is not clear. 

3. Mechanical strains following solution 
heat treatment—As mentioned previously, 
strains of 2-4 pct have little effect on the 
proportion of lamellar precipitate in bars 
quenched in hot water. There is, however, 
probably some decrease. 

4. Concentration of alloy content—Tal- 
bot and Norton! working on a go pct 
Mg-1o pct Al alloy noted the two types of 
precipitation. They state that ‘the appear- 
ance of massive precipitate at the grain 
boundaries and finely dispersed precipitate 
in the centers of the grains suggests that 
the samples were not homogeneous to 
start with in spite of the previous mechani- 
cal and thermal treatment, there being a 
higher aluminum content near the grain 
boundaries.” With a six-fold increase in 
solution time, however, they were unable 
to significantly affect the proportion of 
the lamellar (‘‘massive”’) precipitate. 

In the present work an increase of from 
16 to 64 hr in solution time also failed to 
affect the proportion of lamellar precipitate 
in regions not affected by grain growth 
(Table 2 and Fig 38). In each of the two 
bars solution treated for 64 hr, however, 


considerable local grain growth occurred. 
In the abnormally large grains which 
developed it is found that lamellar precipi- 
tation occurs only along grain boundaries 
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SOLUTION TIME — HRS. 
Fic 38—EFFECT OF SOLUTION TIME ON TYS 
DEVELOPED BY SUBSEQUENT AGING. 
(Machined bars—Heat No. 21368. Solu- 
tion temperature: 773-776°F. Aged at 375°F 
following quench in 95°C water.) 


and that the lamellar patches extend 
inward approximately the same distance 
as in the smaller grains. 

Effect of Degree of Solution Achieved 
during Solution Heat Treatment. The effect 
of incomplete solution of the beta phase 
has already been noted in Fig 36. The 
correlation of TYS with the degree of 
solution is illustrated for the same bars 
in Fig 39. It is clear that there is a definite 
downward trend in TYS with increasing 
amounts of the undissolved beta constitu- 
ent, and that this is the case even where 
solution is more than 90 pct complete. 
This, of course, implies that a good deal of 
variation in TYS may be expected in the 
commercial aging of this alloy. 

Additional evidence is furnished in 
Table 2 which represents the results 
obtained from a series of bars treated 
expressly to study the effect of the degree 
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of homogenization. The adverse influence 
of incomplete solution is undoubtedly to 
be found in its effect on the degree of super- 
saturation produced. 

It should be noted here that in Fig 34 
and 35 the curve for aging at 300°F and, 
to a lesser extent, that for aging at 375°F 
after air cooling is based on solution 
AVERAGE GRAIN DIAMETER — m.m. 

0.13 0.11 .092 .080 


foXts) 
3! 


TENSILE YIELD STRENGTH — 1000 PSi. 


UNDISSOLVED B — % 
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treatment involving an unsatisfactory 
degree of homogenization. It is likely that 
with more complete solution somewhat 
higher values of tensile yield strength 
would have been attained. 

Effect of Foundry Practice and Grain Size. 
With the first three heats tested it was 
possible to establish a uniform solution 


TENSILE YIELD STRENGTH — 1000 PS.I. 


UNDISSOLVED B — % 


© AIR COOLED, AGED I8 HRS. AT 350°F. 
@ QUENCHED, AGED 4HRS. AT 375°F. 


HEAT N& 21555 

SOLUTION HEAT TREATMENT — [5 HRS. 
AT 765-773°F. (INSUFFICIENT FOR 
SATISFACTORY SOLUTION IN COARSE 
GRAINED BARS.) 


Fic 39—EFFECT OF GRAIN SIZE IN AGING OF AZo2. 


TaBLeE 2—Effect of Solution Time on Structures and Properties Developed by Aging 


Hard- bia Lamellar Avereas 
ae Kasais Ppt., Diamia Fracturet 
E pet pet ter, Mm 
88 6 18 0.085 A 
80 6 17 0.10 N 
93 3 15 0.10 A 
90 3 12 0.10 A 
92 2 12 0.11 N 
92 I II 0.12 A 
92 I 16 0.089* A 
91 I 17 0.085* N 


Bar Solution TYS UTS Elong 
Nani Cae Time, 1000 1000 pet in 
£ Hrs psi psi 2in 
286 8.0 27.38 48.3 3.0 
287 8.0 27.3 46.9 3.5 
292 16.0 29.0 50.5 3.5 
293 16.0 29.0 SZ. 0 5.0 
295 31.0 28.0 51.3 4.0 
206 31.0 30.7 51.9 4-5 
2890 64.3 29.0 45.0 2.0 
290 64.3 29.1 51.0 4.0 


Note: Aging performed at 374-375°F, in air, for 4.0 hr. Heat number 21368. All bars machined. Solution HT 
773-776°F for time indicated in table, cooled to 728-736°F in 55-75 min., and quenched in water at 85—100°C. 
*A tremendous grain growth was noted in parts of the microstructure of C289 and 290. The grain diameters 
ven in the table for these two bars pertain to the unaltered grains, and do not represent an average grain 


iameter for these two specimens. 
+A = abnormal; N = normal. 


ean S818 


* influence of grain size on 


heat treatment which gave consistent 
results with all bars tested. When this 
treatment was applied to the last two 
heats, however, the tensile properties after 
aging were low and erratic. No significant 
differences could be discerned in the 
chemical analyses given for these heats. 
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effect on solutiof of the beta phase during 
solution heat treatment. 

The differences in the heats are probably 
due to variations in foundry practice. This 
suggests that foundry practice should be 
controlled carefully to obtain uniformly 
fine grained castings. 


TABLE 3—Notch Sensitivity of AZg2 as Cast and after Solution H.T. 


tys | UTS | Elong. | Hard- | Undis: |p Average 

Condition Bar 1000 1000 pet a nee solved Cehae Grain | Pract 
No. C psi psi ein RE beta, t Diame- | oo 

i ct PC ter, Mm 
PNEICASES feveseyatn sein clas 350 23.4 to) 72 100 0.10 N 
Notched )<..07-.<. ors- 351 23.0 I.0 70 100 0.10 N 
PAS "CASE. tc oct ices 0m os 6 358 17.5 23.8 i. 72 100 0.10 N 
Unnotched........-- 359 17.3 24.2 1.0 71 I0o 0.10 N 

tease ee 

Solution HT....:...% 356 42.2 4.5 68 4 N 
INGtCHEGi2s «fe ie vee ss 357 42.8 4.5 66 2 N 
Solution HT.......-. 364 15.0 44.6 17.0 67 6 N 
Unnotched.........- 365 14.6 44.3 16.0 68 5 N 


Note: Heat number 21368. All bars machined. C-356, 357, 364, 365 were given Solution HT at 774-777°F 
for 16.0 hrs, cooled to 734°F in 80 min, and eaenenee ie water at 95°C. 
s Cast 


Average UTS: Notched, 
Notch sensitivity = U 


23,200 psi; Unnotched, 24,000 psi. 
TS Notched/Unnotched = 0.97. 


Solution 
Average UTS: Notched, 42,500 psi; Unnotched, 44,500 psi. 


_ Notch sensitivity = 


Microscopic examination of the bars of 
the last two heats revealed large variations 
in the grain sizes of the bars, most of them 


‘being coarser than in the first three heats, 


which were uniformly fine grained. During 
the solution heat treatment considerable 
beta was left undissolved in the coarse 
grained bars (Fig 39). The effect of the 
undissolved beta has already been dis- 
cussed with regard to Fig 36, where it is 
seen that TYS is strongly influenced by the 


degree of solution attained. This indirect , 


TYS is shown in 
Fig 39, compiled from tests on a group of 


bars from heat No. 21555, solution heat 


treated for about 15 hrs at 765-773 F. 
Satisfactory solution of the beta phase 
was obtained by raising the solution tem- 
perature to 772-775°F. The TYS of the 
aged bars was raised to the normal value 


and results became consistent. Hence it 


appears that the influence of grain size on 


tensile properties is primarily caused by its 


UTS Notched/Unnotched = 0.96. 


Notch Sensitivity. In the course of the 
many tensile tests on bars subjected to a 
given treatment, much greater variations 
were noted in the ultimate tensile strength 
of aged bars than in bars subjected to solu- 
tion heat treatment only. Moreover, it was 
observed from the fan shaped pattern of the 
nearly plane fractures often occurring in 
aged bars that failure was often initiated 
at small defects both internal and external 
(blowholes, rough surfaces and others). 
Similar defects were presumably present in 
the unaged bars as well but were seldom 
observed in the fractures. 

These indications of a possible increase 
in notch sensitivity resulting from aging 
led to a limited number of notched bar 
tensile tests. A semicircular groove was 
employed (Fig 3). 

The results may be found in Tables 3, 4, 
5. They suggest that the notch sensitivity 
resulting from the newly recommended 
treatment is certainly no greater than that 
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induced by the commercial practice. They 
also indicate that the sensitivity is about 
the same for. bars aged according to the 
new method and for those subjected to 
solution treatment alone. This latter evi- 
dence is suspect however since it does not 
agree with the previously mentioned obser- 
vations. Finally the tests indicate that the 
notch sensitivity of this alloy. in the “as 
cast’? condition is not inferior to that 
developed by any of the heat treatments. 
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scattering found in the tensile properties of 
aged bars. 

Removal of the comparatively rough 
casting skin is sufficient to raise ultimate 
tensile strength considerably as may be 
seen by comparing Fig 36 with Fig 30, 31, 
and 32. Whereas values considerably in 
excess of 50,000 psi are quite common in 
machined bars, very few of the unmachined 
specimens exceed this value (none of those 
shown in Fig 36). Machining apparently 


TABLE 4—Notch Sensitivity of AZg2 Aged after Quench 


ee, ee Se ee eee ee eee eee eee 


Gar TYS UTS Elong 
Condition NOwGs 1000 1000 pet in 
¥ psi psi 2in 
Notched... 354 48.3 0.5 
355 46.1 0.5 
2907 48.2 1.0 
299 43.3 1.0 
Unnotched 362 29.4 51.0 4.0 
363 28.7 50.9 3-5 
301 28.0 48.1 a5 
303 272 Or 46.1 3.0 


Undis- Average 
Lars solved ese Grain Fracture 
: beta, abe Diame 
pet P ter, Mm 
92 3 14 0.10 N 
gor 3 14 0.10 N 
90 14 17 0.10 N 
90 18 17 0.10 N 
92 3 15 0.002 N 
or 3 13 0.10 A 
90 12 14 0.11 N 
oI 10 19 0.10 A 


Note: Aging performed at 374-375°F, in air, for 4.0 hrs. Heat number 21368. All bars machined. Solution HT 
768—-775°F for 16.0-16.2 hrs, cooled to 733-734°F in 60-75 min., and quenched in water at 93-95°C. 


Average UTS: Notched, 46,500 psi; Unnotched, 49,000 psi. 
Notch sensitivity = UTS Notched/Unnotched = 0.95. 


TABLE 5—Notch Sensitivity of AZg2 Aged after Air Cool 


‘ 


TYS | UTS | Elong. | Hard- | Undis: | Lamettar | Average 
Condition Bar iS 1000 1000 pet in ness, solved Ppt. Grain Fracture 
No. C psi psi ata Ra beta, pet Diame- 
pet 2 ter, Mm 
Notched... 352 39.1 0.5 92 3 50 0.089 N 
353 36.0 i 3 45 0.080 N 
ne ee Sr 92 a3 40 0.10 N 
0 ofl . 92 () 0.08 N 
Unnotched 360 oak 49.1 3.0 92 4 a oO. as A 
361 26.9 42.0 “HERS 90 2 45 0.092 A 
302 27.1 48.4 3.0 91 3 50 0.085 A 
304 26.4 44.0 2.0 92 3 55 0.089 N 
Note: Aging performed at 350-352°F, in air, for 18.0 hrs. Heat number 21368. All bars machined. Solu- 


tion HT 768-777 


F for 16.0-16.2 hrs, then cooled in air at 30—31°C. 


Average UTS: Notched, 41,200 psi; Unnotched, 45,900 psi. 
Notch sensitivity = UTS Notched/Unnotched = 0.00. 


These tests cannot be regarded as con- 
clusive since the number of bars tested was 
too small in view of the considerable spread 
in test results. 

The question of the relation of heat 
treatment to notch sensitivity has been 
investigated more thoroughly.?® 

Effect of Machining. Machined bars were 
used in many cases in an attempt to elimi- 
nate surface defects, thus decreasing the 


exerts a negligible effect on TYS but leads 
to some improvement in elongation. 

This influence on tensile properties is 
readily understood in light of the frequent 
occurrence of failures originating in imper- 
fections at or near the cast surface. By 
removal of such defects it becomes possible 
to achieve somewhat greater deformations 


and correspondingly higher stresses before 
failure. 


ee ee ee 
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CONCLUSIONS 


The following conclusions are based on 
the solution treatment of tensile bars of 
AZo2 in a salt bath: 

1. Solution temperatures from 770- 
775°F are found most suitable for treatment 
of tensile specimens. Lower tempera- 
tures necessitate longer times for homogeni- 
zation. Higher temperatures require longer 
times for homogenization and result in 
inferior properties. 

2. Local fusion occurs during solution 
treatment in the recommended tempera- 
ture range. However, it has no harmful 
effect on tensile properties in this range. It 
is not prevented by preheating. 

3. In the salt bath used, preheating has 
been found to be of benefit only in cases in 
which the recommended temperature is 
exceeded. In such cases the damage occa- 
sioned by overheating is greatly reduced. 

4. Grain boundary voids (‘burning ’’) 
appear in polished specimens of the over- 
heated alloy. Bars containing voids have 
lower tensile properties. 

s. A coarse grain size increases the time 
required for homogenization. Foundry con- 
trol of grain size is therefore important in 
castings destined for solution treatment. 

6. Cracks result from water quenching 
direct from the solution temperature, pre- 


sumably caused by the presence of local 


fusion. Cracking may be avoided by cooling 
to intermediate temperatures below ap- 
proximately 750°F before quenching. 

7. Quenching from temperatures above 
715°F prevents precipitation of the beta 
phase. With lower quenching temperatures 
or air cooling precipitation occurs. 

8. Bars quenched from 715-750°F after 
solution treatment are similar in tensile 
properties to air cooled bars. The impor- 
tance of quenching lies mainly in its effect 
on subsequent aging. 

Aging. The following conclusions have 
been drawn from the work on precipitation 
hardening of magnesium alloy AZo2. 


1. Both lamellar (discontinuous) and 
general (continuous) types of precipitation 
are found in aged AZoz2. 

2. The modes of precipitation appear to 
be essentially similar at all aging tempera- 
tures from 300 to 625°F. 

3. For a given aging temperature the 
TYS attainable in fully aged bars increases 
with the proportion of the general precipi- 
tation produced. It decreases as the pro- 
portion of the lamellar type increases. - 

4. The proportion of lamellar to general 
precipitate developed by aging at a given 
temperature is influenced by the rate of 
cooling applied following solution heat 
treatment. A boiling water quench leads 
to a smaller amount of lamellar precipita- 
tion and to a greater value of TYS in aged 
tensile bars than air cooling. 

s. UTS and TYS resulting from aging 
may be improved approximately 10 pct 
without loss of ductility by substitution 
of a hot water quench for the usual air 
cooling subsequent to solution treatment. 

6. The time required for aging may be 
reduced considerably by substitution of a 
4-5 hr treatment at 375°F for the usual 
18 hr at 350°F. The resulting tensile 
properties are similar. 

7. The degree of solution obtained prior 
to aging is of considerable importance. 
Incomplete solution results in a reduction 
of the tensile properties attainable on aging. 
Solution treatment prolonged beyond at- 
tainment of about 98 pct solution, however, 
is of no benefit. 

8. The grain size of castings intended for 
aging should be closely controlled by the 
foundry. Large grain sizes make for diffi- 
culty in attaining maximum tensile prop- 
erties upon aging, mainly because solution 
heat treatment is more difficult. 

g. It is suggested that the following pro- 
cedures (based on points 5 and 6) be tested 
in commercial practice: 1. Following solu- 
tion heat treatment, cool furnace to 730°F. 
2. Quench work in boiling water. 3. Age 
4-5 hr at 375°F. 
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Fic 40—3.5 HR AT 775°F INCLUDING PREHEAT. QUENCHED IN 25°C WATER. ROUNDED CONTOURS 
OF BETA ISLANDS INDICATE THAT NO FUSION HAS OCCURRED. 500. GLYCOL ETCH. i 


Fic 41—1.7 HR AT 761°F WITHOUT PREHEAT. QUENCHED IN BOILING WATER. 
EXTREMITIES OF BETA ISLANDS INDICATE FIRST STAGES OF LOCAL FUSION. 500. 
a 2 te ™ i 
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Fic 42—1.0 HR AT 774°F WITHOUT PREHEAT. QUENCHED IN BOILING WATER. BETA ISLANDS 
ARE EXTREMELY ANGULAR. EXTREMITIES EXTEND INTO THE GRAIN BOUNDARIES. THESE ARE 
INDICATIONS OF CONSIDERABLE LOCAL FUSION. 500X. GLYCOL ETCH. 
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TREATMENT AS IN Fic 37. APPEARANCE IS SIMILAR EXCEPT THAT MORE OF THE 
EUTECTIC STRUCTURE IS VISIBLE. 500X. GLYCOL ETCH. a 
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Fic 44—6.2 HR AT 773°F INCLUDING PREHEAT. QUENCHED IN BOILING WATER. GREAT EXTENT OF 


LOCAL FUSION IS INDICATED BY THE EUTECTIC STRUCTURE OF PREVIOUSLY FUSED PORTIONS. 500 X. 
GLYCOL ETCH. 
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Fic 45—43 HR AT 777°F. ACCIDENTALLY REACHED 804°F DURING PREHEAT. QUENCHED IN 


BOILING WATER. EXTENSIVE EUTECTIC STRUCTURE IN GRAIN BOUNDARIES INDICATES FUSION IN 
THESE REGIONS. 500 X. GLYCOL ETCH. 
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APPENDIX 


Determination of the Extent of Local Fusion 
in AZg2 


In the ‘‘as cast’ condition, the aggregates 
of beta constituent exhibit a generally 
rounded contour (Fig 19). After partial 
solution without fusion the beta particles 
are still found to be rounded (Fig 40). 
Upon reaching the local eutectic tempera- 
ture, however, the alpha and beta fuse at 
their interface. As fusion proceeds there is a 
gradual change in the shape of the beta 
particles. They become rather angular with 
extremities extending into the grain bound- 
aries of the adjacent alpha grains (Fig 41). 
With further fusion the change in shape 
becomes more pronounced (Figs 42 and 43). 
In cases of advanced fusion entire beta 
particles may be replaced by the eutectic 
structure (Fig 44). 

In extreme cases considerable areas of the 
alpha grain boundaries become fused as 
shown in Fig 45. 

Fig 40 to 45 illustrate the appearance of 
fusion in water-quenched specimens. In 
the case of air cooling, indications are 
slightly less definite. The eutectic structure 
is coarser and less prominent and the 
contours somewhat less angular. 

It is possible in general not only to 
detect the presence of local fusion, but also 
to estimate its extent. There is difficulty 
only in recognizing the first stages. 

This alloy solidifies as primary alpha 
grains with eutectic beta in the grain 
boundaries. In the ‘‘as cast” condition a 
typical eutectic structure is seldom found, 
The alpha component of the eutectic 
probably deposits on nearby pro-eutectic 
alpha grains thus leaving beta islands alone 
in the primary grain boundaries. 

If the alloy is quenched, however, while 
solidification is incomplete, a true eutectic 
structure is often found in the grain 
boundaries. Such a structure in a heat 
treated alloy may be taken as evidence 
that local fusion has occurred. 
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DISCUSSION 
(J. H. Scaff presiding) 


J. B. Hess*—The authors have com- 
mented on the lack of published data for the 
solidus surface for the Mg-Al-Zn ternary dia- 
gram. While I cannot provide the data for the 
entire diagram, I have determined { the equilib- 
rium solidus for the concentration range 
covered by the specification for AZo2 alloy, 
that is for 8.3-9.7 pct Al and 1.6—2.4 pct Zn. 
These isotherms are shown in Fig 46. 

In addition, I also determined the pseudo- 
solidus temperatures for the same concentration 
range, where the pseudo-solidus was defined as 
the minimum temperature required to produce 
incipient fusion in ‘‘as cast” standard o.505-in. 
diam sand cast test bars. These isotherms are 
shown in Fig 47. It can be seen that the 
present authors’ findings that direct quenching 
can be successfully practiced from temperatures 
as high as 750°F are in excellent agree- 
ment with the minimum pseudo-solidus tem- 
perature of 755°F determined for the AZo2 
specification range. However, in contradiction 
to the authors’ second conclusion, solution 
heat-treatment at the recommended tempera- 
ture of 770°F does not produce local fusion in 
all compositions within the AZo2 specification 
range, and this explains why direct quenching 
from 770°F has often been successfully per- 
formed in the Dow Chemical Company labora- 
tories. A satisfactory commercial quenching 
procedure consists of a 30 sec delay before 


*Institute for the Study of Metals, Uni- 
versity of Chicago, 

t The work was carried out in the Mag- 
nesium Laboratories of The Dow Chemical 
Company, 
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quenching, following withdrawal of an AZo2 
casting from a 770°F furnace. 

Our experience confirms that the solution 
rate is very sensitive to grain size. In addition, 
the homogenization time is also sensitive to 
total alloy content, and this may explain some 
of the variability encountered in the present 
study. 

Referring to the voids called ‘‘burning” in 
Fig 13, the authors suggest that these voids 
may result from the removal of some material 
during polishing. I do not believe this is true, 
for we have secured strong evidence by micro- 
radiographic studies to indicate that they are 
actual voids. 

A brief summary of the known facts con- 
nected with their formation may be of interest, 
since these facts suggest a plausible, though 
certainly not indisputable, mechanism for their 
formation: They can be avoided completely if 
incipient fusion is avoided during the heat 
treatment; however, the converse is not true, 
and the presence of incipient fusion does not 
always lead to void formation. While SOz 
atmospheres do inhibit surface oxidation, they 
do not even partially inhibit void formation. 
Voids can form during heat treatment in 
“pure” argon or helium, and, as the authors 
have found, in salt baths. There is some prac- 
tical evidence of increased tendency for voids 
on high humidity days. When a heat treatment 
is performed in air, void formation is accom- 
panied by exudation to the surface of the 
molten phase, and the voids are found to lie 
chiefly within a band just below the surface. 
When the heat treatment is performed in an 
SO2-containing atmosphere so that a me- 
chanically-strong, complex sulphate film is 
formed upon the surface of the metal, then 
void formation is accompanied by a marked 
decrease in average density without change in 
weight, which is easily observable from the 
expansion in external dimensions. 

To explain these behaviors, a mechanism of 
formation analogous to that for gas porosity 
appears plausible. Some gas, .as hydrogen, is 
more soluble in the molten metal than in the 
solid: Upon incipient fusion, the molten phase 
absorbs this gas either from the atmosphere, or 
possibly even from that quantity which was 
dissolved in the sample when entirely solid. If 
the quantity so absorbed by the molten phase 
exceeds the maximum solubility permitted for 
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the solid state, then upon starting resolidifica- 
tion of the locally fused areas, the excess gas is 
evolved, and its pressure forces the remaining 
liquid to the surface, leaving voids behind. 
Since it appears unlikely that any oxidation 
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ment of 4 hr at 375°F would leave a residual 
growth potential of about 5 X 10-4, or about 
double the magnitude recommended or even 
considered safe for castings for use at tempera-~ 
tures in excess of 200°F. 
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process is involved in their formation, the 
“burning” nomenclature is unsatisfactory, and 
the term “fusion voids” is perhaps somewhat 
more descriptive. 

In addition to the mechanical properties, a 
property that must be considered for castings 
to be used at elevated temperatures is that of 
growth. The short aging period recommended 
by the authors does not lead to complete pre- 
cipitation. In fact, their recommended treat- 


In general, the paper by Busk and Anderson 
supplements the present authors’ data and is in 
very excellent agreement with them. However, 
Busk and Anderson did not find an optimum 
quenching rate. Instead, they found a direct 
correlation between increasing quenching rate 
and reduction in amount of the Jamellar pre- 
cipitation, and an_ inverse proportionality 
between aged yield strength and amount of 
lamellar precipitation. 
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Finally, I would like to ask the authors to 
elaborate on their distinction between ‘‘grain 
boundary”’ precipitation and “‘lamellar” pre- 
cipitation. Electron microscopy has demon- 
strated that both are lamellar, and, at best, any 
distinction between. the two could only be one 
of degree. 


A. E. FLANIGAN (authors’ reply)—The au- 
thors were not previously aware of the exist- 
ence of the equilibrium solidus data obtained by 
Mr. Hess and shown in Fig 48. With regard to 
his determination of a minimum pseudo-solidus 
temperature of 755°F for this alloy, it is clear 
that this figure is in good agreement with the 
authors’ observation that direct quenching is 
successful from temperatures as high as 750°F. 
This additional evidence, of course, strengthens 
the conclusion that the occurrence of quench- 
cracking is directly related to a condition of 
local fusion in the grain boundaries. 

Our evidence concerning the possible role of 
metallographic polishing in creating “‘burning”’ 
voids was by no means decisive. Therefore, we 
do not question the evidence of Mr. Hess to the 
effect that such voids exist prior to the sec- 
tioning and polishing of specimens. The mech- 
anism of void formation postulated by Mr. 
Hess appears to be more plausible than previous 
theories implying oxidation of the material. 
The hypothesis appears to be consistent with 
his description of the circumstances found to 
promote the incidence of voids. 

Mr. Hess states that the growth of castings 
has been observed to continue after the com- 
pletion of the aging treatment suggested in the 
paper. The suggested treatment was intended 
to achieve a maximum value of yield stress. 
There is no reason, it would seem, to believe 
that the condition of maximum yield strength 
should coincide with the completion of pre- 
cipitation. For this reason, as suggested by Mr. 
Hess, a longer aging period may be desirable 
before use in elevated-temperature applications. 

The paper’s distinction between ‘grain 
boundary” and “‘lamellar”’ types of precipita- 
tion was made upon the basis of appearance 
under the optical microscope. On this basis 
there appeared to be no reason to suspect that 
the grain boundary precipitation might be 
lamellar. In addition, it was observed that, in 
the course of the aging process, rather extensive 
precipitation appeared in the grain boundaries 
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before the appearance of the first lamellar 
patches. 


GERALD Epmunps*—Can the aging period 
be usefully shortened without serious effect on 
the properties by aging initially at high tem- 
peratures followed by a decrease to low tem- 
peratures for final aging? 


A. E. FLANIGAN—It is not possible to answer 
Mr. Edmunds’ question on the basis of our 
investigation since no effort was made to 
obtain the necessary data. Perhaps, however, I 
may be permitted to speculate. 

It is apparent that the yield stress values 
which may be achieved by aging at a tempera- 
ture such as 350°F are greater than those ob- 
tainable at the higher temperatures where the 
process is much more rapid. There are perhaps 
two reasons for this behavior. In the first place, 
as indicated in Fig 37 of the paper, it appears 
that the effect is related to the variation of the 
solubility limit with temperature. Secondly, it 
is possible that characteristically finer particle 
sizes are developed at the lower temperatures 
for a given degree of total precipitation. With 
regard to this point, our studies were indecisive 
indicating only that the modes of precipitation 
were qualitatively similar at all temperatures. 

Let us now attempt to deal with Mr. Ed- 
munds’ question assuming that it is desired to 
obtain a final yield stress value equal to that 
which would be achieved if all of the aging were 
to occur at 350°F. 

The rapid increase in strength obtained dur- 
ing the suggested initial high-temperature 
period would have to be supplemented by 
further treatment at 350°F where the higher 
degree of supersaturation is available. It is 
characteristic of the precipitation process at a 
given temperature that changes in yield stress 
are much more rapid in the early stages of 
aging than in the region of the aging peak. Thus 
it is the sluggish approach to the aging peak at 
350°F which may be expected to be most time- 
consuming whether the initial precipitation 
occurs at 350°F or at a higher temperature. 
For this reason, it seems that relatively little 
would be gained by use of the initial high- 
temperature period. Moreover, should ‘the 
particle size produced during the high-tem- 
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perature period be greater than that character- 
istic of the same degree of total precipitation at 
350°F, the peak value of yield stress attainable 
subsequently at 350°F might be less than if all 
precipitation had occurred at the latter 
temperature. 


G. AnsEL*—I tried the suggestion offered by 
Mr. Edmunds a good many years ago on ex- 
truded AZ63 alloy. After solution heat treating, 
small samples were heated to temperatures 
above the normal aging temperature in an oil 
bath. A thermocouple imbedded in the sample 
showed it was up to temperature in one-half 
minute. Results of Rockwell E hardness tests 
are presented in the table below. 


Aging Time at 350°F 
Treatment 

o Hr | 2 Hr | 24 Hr 
Solution Heat Treatment..... 61 WS) NOT 
Spat -- 2 min. at 425°R 2.5. 63 70.5 | 80.5 
Shel = 2 hriat 42scR.. 3.2... 76 76.5 | 79.5 
SHT + 1 min. at 500°F......| 62 68 79 
SHT + 2 hr at 500°F........ 64 67 74 


A. E. FLANIGAN—Mr. Ansel’s data seem to 
be consistent with the behavior suggested in 
our speculation. In spite of the fact that vary- 
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ing degrees of hardening occur in his prelimi- 
nary elevated temperature exposures, the 
hardness after a subsequent 2-hr period at 
350°F is little if any higher than would have 
been obtained had the preliminary aging been 
entirely omitted. In addition, the 24-hr values 
for these specimens are consistently lower than 
the values produced in 24 hr in the absence of 
the preliminary treatment, indicating that a 
coarse particle size may have been produced at 
the higher temperatures. 

The results of the 2-hr treatment at 500°F 
are of special interest. The low hardness value 
exhibited immediately after the preliminary 
treatment is probably a consequence of over- 
aging. The considerable increase in hardness 
upon subsequent aging at 350°F (even after 
previous overaging at soo°F) is an indi- 
cation of additional precipitation induced 
by the greater degree of supersaturation at the 
lower temperature. 


J. H. Scarr*—Do these modifications in 
aging practice affect the corrosion resistance of 
the material. 


A. E. FLanicAN—I am not able to answer 
Mr. Scaff’s question since in our study no at- 
tention was given to corrosion resistance. 


* Bell Telephone Laboratories, Murray Hill, 
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X Ray Studies of Twinning and Untwinning in Magnesium Alloys 


By J. B. Hess,* Junton MemBer AIME, anv R. L. Dietricuy{ 
(New York Meeting, February 1948) . 


In the mechanical twinning of magne- 
sium on the {1012} planes the crystal- 
lographic deformation is such that, in the 
direction of the hexagonal axis [ooor], 
twinning is possible only under tension 
stress, while in the directions perpendicular 
to the hexagonal axis, twinning is possible 
only under applied compression. Thus in 
extruded magnesium and magnesium alloys 
where the extruded textures are best de- 
scribed as either [1010] or [1120] fibers,! the 
basal planes are all nearly parallel to the 
extrusion axis and such material is sus- 
ceptible to {1012} twinning by compression 
in the direction of the extrusion axis. 

In order to explain the results of cyclic 
stressing in alternate tension and compres- 
sion upon the tangent elastic modulus in 
such material, Dorn and Thomsen? have 
postulated that, following twinning under 
applied compression, a retwinning or un- 
twinning occurs as a result of residual 
microtensile stresses immediately upon re- 
moval of the applied compressive force. 
Recently, Carapella and Shaw*:4 have used 
this supposition of untwinning in magne- 


sium in discussing their results on indenta- 


tion hardness and on cold drawing of M1 
sheet. 

In trying to confirm this hypothesis by 
suitable direct experiments, the authors 
have been unsuccessful in detecting any 
evidence whatsoever that untwinning fol- 
lows the release of applied compression and 


Manuscript received at the office of the 
Institute November 12, 1947. Issued as 
gor in Metats TECHNOLOGY, February, 
1948. 
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are forced to conclude that this hypothesis 
is improbable or, at least, that the quantity 
of material involved is small. 

For the experiments, small cylindrical 
specimens o0.o40-in. diam. X 0.120- to 
o.140-in. long were etched from 0.0625-in. 
extruded rod. The ends of the specimens 
were accurately faced off parallel in a 
jeweler’s lathe. The compression jig was 
simply an ordinary set of micrometer 
calipers with an anvil interposed between 
the spindle and the specimen. The anvil 
was free to move axially but restrained 
from rotating so that the rotation of the 
spindle would not introduce a twisting 
stress on the specimen. With this arrange- 
ment the compressive strains could be 
estimated to 0.0001 in. and X ray pinhole 
photographs could be taken with or without 
load as required. 

Fig 1 is the pattern of an uncompressed 
specimen of AZ31 alloy, showing the ap- 
proximate [roro] extrusion fiber. The X ray 
beam is normal to the extrusion axis; in 
this position it is particularly sensitive in 
detecting twinning if one directs his atten- 
tion to the diffraction ring from the basal 
plane. Since twinning on {1o12} planes 
produced an 86° reorientation of the crystal 
lattice, the original basal reflections occur 
at the 3 and 9g o’clock positions while the 
(0002) reflections from any twinned mate- 
rial will occur at the 6 and 12 o’clock posi- 
tions. Fig 2 shows the same specimen 
compressed 3.0 pct, photographed while 
still under load. This strain has been just 
enough to produce a detectible amount of 
twinning and the sensitivity is roughly 
indicated by the fact that no alterations 
were produced in the intensities or maxima 
of the other diffraction rings. A strain of 
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Fig 1—X ray photograph of original sp 
_ Fig 2-~3 pet total compression strain. 
sion axes vertical. 


x 
x 
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ecimen before compression. Extrusion direction vertical. 
Photograph taken under load, Extrusion and compres- 
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FIG 4 


Fig 3—3 pet total compression strain, load removed. (Two hours after loading.) 
Fig 4—3 pct total compression strain, Load removed immediately after loading. § 
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Fic 6 
Fig 5—9.2 pct total compression strain to produce complete twinning. Extrusion and compres- 


sion axes vertical. 
Fig 6—9.2 pct total compression strain after removing load. 
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3 pct to produce detectable twinning agrees 
well with the findings of Barrett and 
Haller who were able to detect twinning 
at 2.6 pct permanent deformation. In Fig 3, 
with the load released, there has been no 
detectible change in the amount of twinned 
material, that is, there has been no detect- 
‘able untwinning. The permanent deforma- 
tion amounted to 1.5 pct. 

A duplicate experiment on Mr alloy com- 
pressed to 3.1 pct strain, 2.8 pct permanent 
‘deformation, yielded the same negative 
results. 

The possibility existed in the above ex- 
periments that, during the approximate 
2-hr period under load required to photo- 
graph and develop Fig 2, relaxation could 
have dissipated largely such heterogeneity 
of internal microstresses as might be re- 
quired for untwinning. Accordingly a sec- 
ond AZ31 alloy specimen was compressed 
to 3.0 pct total strain, 1.4 pet permanent 
strain, that is, analogous to the stressed 
condition of the previous specimen in Fig 2 
except that this time the load was removed 
immediately, and Fig 4 was taken following 
removal of the load. Comparing Fig 4 with 
Fig 2 there is again no evidence of untwin- 
ning, nor was there any detectible change 
from Fig 4 when this specimen was reloaded 
to 3.0 pct total strain and photographed 
under load. Further checks on fresh speci- 
mens of AZ31 compressed to 3.0 pct total 
strain proved that the condition shown in 
Fig 2 is completely reproducible. 

In one further experiment, an AZ31 
specimen was loaded to 9.2 pct total com- 
pressive strain to give nearly complete 
twinning, photographed under load in Fig 
5, and following removal of the load, in 
Fig 6. Unlike the previous micrographs, the 
detection of untwinning depends on the 
appearance of reflections from the un- 
twinned material. In this case any retwin- 
ning or untwinning could throw the (0002) 
reflection anywhere within the equatorial 
band of the pole figure normal to the extru- 
sion axis, of which band only one section 


is shown at the 3 and 6 o’clock positions in 
Fig 6, so that the sensitivity for detecting 
untwinning is relatively low in this in- 
stance. However any untwinning would be 
expected to be random into this equatorial 
band and, as Fig 6 demonstrates, none was 
found. ; 

In summary, it appears quite improbable 
that there can be any significant degree of 
untwinning produced by residual internal 
microstresses merely upon removal of a 
load that has caused twinning. Of course 
retwinning or untwinning by applied loads 
of opposite sign has been well established.® 
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DISCUSSION : 
(J. T. Eash and R. M. Brick presiding) 


J. E. Burxre*—I should like to ask one 
question. What percentage of the total twinned 
volume could have untwinned when the load 
was removed, without your detecting it? I 
gather that you would not claim that no 
untwinning occurs. It still seems that if one 
were to carry out the experiment under the 
microscope, one might occasionally find a twin 
which would grow smaller or disappear when 
the load was removed. 


R. L. Dierricn (authors’ reply)—Of course, 
I could not give you the exact figure, but we 
feel that it is very small. These photographs, 
incidentally, were exposed the same length of 
time and developed for the same length of 
time. 


G. Epmunpsf—In Fig 2, the (002) diffrac- 
tions from the twins seems to be displaced. 


*Institute for the Study of Metals, Uni- 
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The (002) markings on the left side are too near 
the center. Can you explain that? 


C. S. Barrett*—TIf, in the process of pro- 
ducing the deformation twins, the deformation 
is not uniform throughout the thickness, it is 
possible to have more twins in some portions 
of the sample than in other portions. Then the 
diffracted rings from the twins originate at a 
different place in the sample than those from 
the untwinned material and can lead to un- 
symmetrical rings such as these. 


J. P. Nretsent—I should like to ask whether 
you considered lowering the temperature during 
deformation of your specimens in order to in- 
crease the chances of detecting the twinning 
and untwinning effect. In working at room 
temperature, magnesium is not too far from 
the recrystallization temperature and the heat 
generated by the deformation may have been 
sufficient to cause some recrystallization. 


R. L. Drerricu—We did not do any work 
below room temperature; however, this alloy 
has a recrystallization temperature above 
400°F so it does not seem probable that at such 
a slow rate of working any recrystallization 
could have occurred. 

L. A. Carapetrat—Any fundamental in- 
vestigation, as exemplified by these studies, 
undertaken to confirm, extend, or discredit an 
existing theory with further experimental 
evidences is, indeed, a contributory sign of 
progress, in as much as the results derived 
therefrom more or less influence the trend of 
future researches in that particular field of 
science. In this respect, therefore, the authors 
are to be highly commended for their efforts. 

However, a more positive significance could 
be attached to the conclusions advanced in this 
paper concerning the Dorn-Thomsen retwin- 
ning theory of magnesium alloys, provided 
some direct proof were presented to demon- 
strate that similar anomalous plastic flow 
effects were operative under their conditions of 
experimentation, as encountered in the investi- 
gations of Dorn and Thomsen? and those. of 
Carapella and Shaw*+ wherein some mani- 
festations of a retwinning phenomenon were 
suggested. It appears quite unlikely that the 
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stress-strain patterns produced in small cylin- 
drical, or wire-like specimens (0.040-in. diam 
X 0.120 to o.140-in. long) employed here were 
at all compatible with the tri-axial plastic flow 
conditions experienced in the aforementioned 
researches. Unless the basic provision indicated 
above is realized, the absence of X ray evi- 
dences as shown in these studies should not 
necessarily preclude the possibility of the 
postulated retwinning mechanism in mag- 
nesium and its alloys. 


R. L. Dierrich—With regard to Mr. 
Edmunds’ question concerning the displace- 
ment of the (002) diffractions we believe 
the explanation is that due to the Bragg 
condition, the (002) spots at the twelve 
o’clock positions must originate from a different 
set of twin needles than those producing the 
spots at the six o’clock position. At the onset 
of twinning, there would be too few twin needles 
in every small volume of element of the speci- 
men for both the six and twelve o’clock reflec- 
tions to be equally ,probable. Thus a higher 
probability for the six o’clock reflections in that 
portion of the specimen nearest the film would 
result in their displacement toward the center 
and vice versa. With greater amounts of 
twinning, as in Fig 5, equal probabilities are 
attained and the eccentricity is eliminated. 
This phenomenon may be taken as further 
evidence of the sensitivity of our method of 
detecting twinning. 

Dr. Carapella has objected that there is no 
triaxial stress pattern in these small specimens. 
In Dorn and Thomsen’s work stress was axial 
tension or compression whereas in the work of 
Carapella and Shaw on drawing triaxial 
stressing was present. On a macroscopic scale 
the stress in these tests was axial compression 
but because of the nature of twinning in a 
polycrystalline material and because of the 
elastic anisotropy of magnesium, there must be 
sufficient stress heterogeneity on a micro-scale 
in the immediate vicinity of all twin interfaces 
to provide any degree of triaxial stress which 
might be produced by triaxial macro-stresses. 

The authors would like to point out that no 
particular accuracy is-claimed for the measure- 
ments of strain under load as they are subject 
to an indeterminate amount of spring in the 
micrometer frame. The permanent deformation 
figures are believed to be accurate. 


Solubility of Iron in Liquid Magnesium 


By Davin W. MitcHELL,* MremBerR AIME 
(New York Meeting, February 1948) 


WHILE pure magnesium does not corrode 
rapidly the presence of even very small 
quantities of certain other metals acceler- 
ates corrosion remarkably. Because mag- 
nesium is such an electropositive metal 
(E° = +2.34 volts)! the presence of sub- 
stances that permit galvanic activity is ex- 
tremely undesirable. It is stated that as 
little as 0.017 pct of iron in magnesium 
causes a marked increase in the corrosion 
rate.2, Magnesium and its alloys are com- 
monly melted in iron or steel pots; conse- 
quently the commercial metal ~has the 
opportunity to pick up iron if it has that 
tendency. Quantitative data on the solu- 
- bility of iron in magnesium are of practical 
as well as of academic interest. 

Some magnesium alloy castings tend to 
have large grain size unless suitable treat- 
ment is given to the liquid metal just prior 
to casting. One method of grain refine- 
ment consists of “superheating” the 
metal just prior to casting. “Superheat- 
ing” is heating to a temperature 100 to 
200°C above the casting temperature and 
holding for a short period of time. Super- 
heated metal has a much finer grain than 
unsuperheated metal. A satisfactory expla- 
nation of this phenomenon has not been 
forthcoming. One hypothesis attributes the 
grain refinement in the superheated metal 
to precipitation of some phase that is mis- 
cible at the temperature of superheat but 
not miscible just below the casting tem- 
perature and which is thought to provide 

Manuscript received at the office of the 
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2309 in METALS TECHNOLOGY, January 1948. 
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nucleating centers for crystallization. This 
phase, if the foregoing hypothesis is correct, 
would probably be a metal or an intermetal- 
lic compound. Of the metals likely to be 
found in magnesium alloys, iron is one of 
the most likely candidates for the role of 
grain refiner for iron occurs in small quan- 
tities in all commercial magnesium and 
magnesium alloys. 

A. Beck’ states that magnesium, in either 
the liquid or the solid state, cannot dissolve 
iron and that iron exists as a finely divided 
suspension which does not settle out be- 
cause of its extreme fineness. Beck also 
presents a micrograph showing a large iron 
dendrite in magnesium but does not com- 
ment on the crystallization of iron from a 
solution supposed to contain none. It is 
doubtful that dendrite formation from 
suspended iron would be possible. This 
suspension theory is the basis of patents 
covering the removal of iron from magne- 
sium by allowing the iron particles to act as 
nuclei for the formation of primary mag- 
nesium crystals which can be separated by 
segregation. Also covered by patents is the 
removal of iron by the addition of another 
metal to form an intermetallic compound 
with the iron which, because of its increased 
particle size, is able to settle out of the 
molten metal. Here, too, quantitative in- 
formation on the extent of iron solubility in 
liquid magnesium is of more than theo- 
retical interest. 

M. Hansen,® in his critical collection of 
the data on binary alloys, states that iron is 
not soluble in liquid magnesium. W. R. D. 
Jones® who studied the physical properties 
of low iron magnesium alloys observed a 


570 


ee eee 


ee ee ee 


DAVID W. 


“globular type of constituent” in alloys 
containing 0.10 pct iron. Jones states that 
this constituent forms a eutectic structure 
which could be “divorced’’ upon heat treat- 
ment and that the globular constituent is 
probably a magnesium-rich compound of 
iron and magnesium. No micrographs show- 
ing the supposed magnesium-iron com- 
pound were published. 

Quantitative data on the iron-magnesium 
system are very scarce. The only published 
experimental work is that of Fahrenhorst 
and Bulian’? (which was not available at the 
time this investigation was started). They 
sealed magnesium metal in iron crucibles 
by welding, allowed the crucible and con- 
tents to remain in an electric furnace at the 
temperature being investigated for a time 
sufficient for equilibrium to be established. 
The crucibles were quenched or otherwise 
cooled as desired and the magnesium was 
removed for analysis and examination. The 
solubility data obtained by Fahrenhorst 
and Bulian are given in Table 1. Micro- 
graphs showing the occurrence of iron in 
the alloys were shown. One of the micro- 
graphs was almost the same as Fig 5 of this 
paper. 

These same two investigators studied the 
crystal habit of iron in pure magnesium.® 
They worked with very small quantities of 
iron obtained from the magnesium alloys 
by dissolving away the magnesium in am- 
monium chloride solution. Using X ray 
diffraction methods they found the iron 
obtained in this way had a body-centered 
cubic structure with a lattice constant of 
between 2.8600 and 2.8610 A and so must 
have been pure or nearly pure @ iron; the 
accepted value for the lattice constant of 
a — iron is 2.8610 A. Chemical analysis of 
the crystals showed only 98 pct iron; the 
remaining 2 pct was considered to be iron 
and magnesium hydroxides. 

Fahrenhorst and Bulian’ also report that 
Oettel, who was working on the recovery of 
magnesium by electrolysis, found the solu- 
bility of iron in magnesium ‘to be 0.05 pct 
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at 750°C, 0.1 pct at 850°C, and 3.94 pct at 
950°C. Oettel also observed that at 950°C 
the metal was only half melted. This obser- 


TABLE 1—Solubility of Iron in Liquid M agne- 
sium at Different Temperatures according to 
Fahrenhorst and Bulian 


° Per Cent o Per Cent 
Ape) De ult @> Be 

650-655 0.025—0.026 800 0.100—-0.112 
660-670 0.026—-0.027 850 0.160 
665-670 0.028 900 0, 186-0. 201 
680-690 0.033-0.034 1000 0.320 

700 0.035—-0.040 1100 0.560 

725 0.045 1200 0.840 

750 0.051—0.060 


vation, if correct, would indicate a magne- 
sium rich compound of iron and magnesium. 


EXPERIMENTAL PROCEDURE AND RESULTS 


The metal used in these experiments was 
magnesium crystals produced by the carbo- 
thermic process® at the Permanente Metals 
Corp. plant at Permanente, Calif. This 
magnesium is exceptionally pure, the sig- 
nificant impurities being nominally 


Fe 0.006 pct Cuo.ooos pct Ni < 0.001 pet 


The crystals were stored in a tight glass 
specimen jar in order to prevent oxidation 
of the metal surface. Only bright sur- 
faced crystals were taken for use in the 
experiments. 

The crucibles which had a capacity of 
about 20 g of magnesium crystals, were 
made from Armco ingot iron. They were 
made by boring a hole in solid bar stock and 
each crucible was fitted with a tight fitting 
lid. Fig x shows the shape and dimensions 
of the crucibles. Armco ingot iron was 
chosen for+this use because it is relatively 
pure iron and is readily available in bar 
form. A typical analysis of ingot iron is 
0.012 pct C, 0.017 pct Mn, 0.005 pct Be 
0.025 pct S, balance Fe.'° 

The crucibles were loaded with magne- 
sium crystals and the lids were arc-welded 
tight. No flux of any kind-was added to the 
crucibles. Then the crucibles and contents 
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were put into an electric furnace at the 
temperature being investigated and allowed 
to soak for a sufficient period of time for 
equilibrium to be established. At 702 to 
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708°C soaking for 26 hr gave 0.052 pct iron, 
48 hr gave 0.054 pct iron, and 9714 hr gave 
0.052 pct iron. At 800°C soaking for 18% hr 
gave 0.112 pct iron and for 9734 hr o.115 
pet iron. All other samples at 700°C or at 
lower temperatures were left in the furnace 
at least 48 hr and all samples at 800°C or at 
higher temperatures were allowed at least 
24 hr residence time in the furnace. 

The furnace in which the samples were 
heated contained a cylindrical stainless iron 
block around which was fitted a heating 
coil imbedded in alundum cement. The iron 
core contained cavities, each 4 in. in diam 
and 5 in. in depth, that were filled with bath 
materials. For temperatures lower than 
800°C a lead bath was used. At 800°C and 
at higher temperatures the bath*used was 
borax glass (Na2B 07). The baths were used 
to insure as nearly uniform temperature as 
possible throughout the samples. The fur- 
nace temperature was pyrometer con- 
trolled. Bath temperatures were measured 
by means of an iron cased pyod the end of 
which was kept against the iron crucibles 
containing the magnesium. Temperatures 
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of the crucibles were maintained constant . 


to +2°C. At the end of the heating period 
the crucibles were removed from the fur- 
nace and immediately quenched in water so 
that freezing of the magnesium would occur 
as rapidly as possible thus allowing a mini- 
mum opportunity for segregation to occur. 
The crucibles were then opened by turning 
in the lathe. The magnesium was removed 
and cleaned by short immersion in 1:1 hy- 
drochloric acid. The metal was then cut up 
for chemical analysis and metallographic 
examination. The analysis for iron was 
made by titrating the hydrochloric acid 
solution of the metal with standard cerric 
sulphate solution using orthophenanthro- 
line as indicator immediately upon com- 
plete solution of the magnesium. For some 
time the analysis of the alloys gave diffi- 
culty. The end-points of the titrations were 
observed to disappear after standing for 
several minutes but the addition of more 
standard solution brought back the end- 
points. Careful examination of the solutions 
revealed a considerable number of dark 
particles which were very magnetic. Some 
of these particles were removed from the 
solution, washed in distilled water and in 
alcohol and then were examined micro~ 
scopically. They appeared to be metallic 
crystallites and were thought to be pure 
iron because they were so magnetic. Some 
of the crystallites were submitted to the 
United States Bureau of Mines for exam- 
ination by X ray diffraction methods. (The 
only X ray tube available here at the time 
was one with a copper target and not suited 
for use with an iron sample because the 
characteristic radiation of copper is very 
strongly absorbed by iron.) The X ray 
diffraction pattern obtained with chromium 
K q@ radiation revealed a body-centered 
cubic structure with a lattice constant of 
2.8614 A. This agrees very closely with the 
accepted value of 2.8610 A for the lattice 
constant of pure a —iron." 

The presence of the iron crystals in the 
solutions of the alloys was first considered 
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to be caused by the segregation of the pre- 
cipitated iron during the cooling period, 
even though the quench was a severe one. 
If this explanation were correct it would be 


1/000 

Eee pes , 
> pee aes Prespot 
a 
Ae 
acd 
ae 

vA 
eee 


BIE a 


ELE GEN |S. 
Ri 
Eas Abie 


573 


titrate the solution before the iron crystals 
dissolved to an appreciable extent. Analy- 
ses of duplicate portions of the sample dis- 
cussed above without dissolving the iron 


9 
eA 


Percent Iron 
Fic 2—MAGNESIUM-RICH END OF MAGNESIUM-IRON SYSTEM. 


necessary to dissolve all the iron in order to 
determine the solubility. The crystals of 
iron were dissolved by the addition of hy- 
drogen peroxide to the solutions of the 
alloys, the excess peroxide was destroyed 
by boiling and the iron was reduced with 
test lead and titrated as before. The per- 
centages of iron found when using this 
procedure were very much higher than 
those obtained without dissolving the cry- 
stals but the results of several analyses of 
the same sample were very erratic. For 


example: iron analyses of triplicate por- 


tions from a sample that had been at goo°C 
for 24 hr gave 0.252, 0.620, and 0.478 pct 
iron. These erratic analytical results sug- 
gested that the iron crystals had not been 
in solution in the magnesium before quench- 
ing. The iron crystals dissolved very slowly 
in dilute hydrochloric acid and it was pos- 
sible to dissolve the magnesium rapidly and 


crystals gave 0.220 and o.221 pct iron, and 
good agreement was obtained with other 
samples. The iron crystals must have 
grown in the melt during the soaking period 
because of fluctuations in temperature. 
When ‘the temperature was high the melt 
dissolved iron from the crucible walls. 
When the temperature was low iron pre- 
cipitated throughout the melt, and when 
the temperature was high again iron was 
dissolved from the crucible walls and from 
the precipitated iron. As the temperature 
fell again the precipitated iron crystals 
grew at the expense of the crucible walls. 
Unquestionably the iron in solution just 
before quenching was precipitated as tiny 
iron particles but these were so small in 
comparison that they were dissolved before 
the larger ones were appreciably attacked. 
The iron solubilities obtained by analysis 
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without dissolving the crystals were taken 
as the correct solubilities. 

In Table 2 the experimentally deter- 
mined iron solubilities at various tempera- 
tures are given. Fig 2 shows the position of 
the iron liquidus in the magnesium rich 
region of the iron-magnesium system 
plotted from the data of Table 2 and also 
from the data of previous investigations. 


TABLE 2—Solubility of Iron in Liquid 
Magnesium at Different Temperatures 
—Experimental Results 


Sample | Temp. Per Sample | Temp. Per 
No. °C |Cent Fell No. °C |Cent Fe 
20 660 0.035 I 800 0.112 
21 700 0.050 2 800 0.129 
27 700 0.050 3 800 0.115 
8 702 0.052 4 900 0.213 
9 707 0.052 5 900 0.212 
10 708 0.054 14 900 0.220 
7 720 0.063 25 1000 0.265 


METALLOGRAPHY OF MAGNESIUM-IRON 
ALLOYS 


Fig 3 is a micrograph of iron-saturated 
magnesium quenched from 800°C. The 
large dark spots are primary iron crystals 
and the “salt and pepper” matrix is the 
magnesium-iron eutectic. Fig 4 shows the 
“salt and pepper” matrix at high magnifi- 
cation. By extrapolating the iron liquidus 
in Fig 2 and taking the eutectic temperature 
to be practically the same as the melting 
point of pure magnesium, 650°C, the eutec- 
tic composition is seen to be 0.031 pct iron. 
Fig 5 shows the structure of an alloy furnace 
cooled from 800°C. This picture shows the 
growth of tiny eutectic iron crystals into 
larger ones during the cooling period leav- 
ing the matrix immediately surrounding 
them improverished in iron. 

Fig 6 illustrates a structure observed in 
several samples which had been quenched 
from about 700°C. With some samples the 
entire specimen showed this structure; in 
others only small patches appeared. Sam- 
ples quenched from 800°C and from higher 
temperatures did not show this structure 
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nor did one sample quenched from 660°C. 
Fig 7 is the same structure at high magnifi- 
cation. In the solution of one sample (No. 
10) a considerable number of small black 
non-magnetic particles were found. The 
particles were recovered by centrifuging 
and decanting the solution and washing in 
the same way. An X ray diffraction pattern 
of this material obtained with iron K a 
radiation was not that of any of the sub- 
stances listed in the General Electric Co. 
index of diffraction patterns. The possibil- 
ity that the structure of Fig 6 is an eutectic 
between magnesium and a magnesium-iron 
compound or a peritectic structure had to 
be considered. This could be possible if the 
peritectic reaction was a slow one for in 
that event the primary iron crystals formed 
at 800°C and at higher temperatures could 
persist until the metal was too cold for 
further reaction to take place. Insoluble 
residues were collected from several other 
samples all showing the structure of Fig 5 
and X ray diffraction patterns were ob- 
tained. All gave patterns identical with that 
of pure iron. However, nothing like the 
abundance of particles was obtained from 
any other sample as from the one in which 
the non-magnetic particles occurred. The 
likelihood is that some unknown impurity 
was accidentally put into the crucible with 
the magnesium. 

If the precipitate in Fig 6 were a com- 
pound one would expect the hardness to be 
much greater than that of pure magnesium 
and very likely harder than the magnesium- 
iron eutectic shown in Fig 3, even though 
the latter is higher in iron. Ten hardness 
measurements were made on pure magne- 
sium, ten on a sample quenched from 800°C 
having the structure of Fig 3 and ten on a 
sample quenched from 700°C and having 
the structure of Fig 6. The hardness meas- 
urements were made with a Tukon 
micro-hardness tester. With this testing 
machine it is possible to test individual 
grains or parts of grains for hardness. In 
testing the metal quenched from 800°C 
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areas with large crystals of iron were does not indicate anything definite concern- 
avoided. The average Knoop hardnesses ing the existence of a compound. 
were 32.5 for pure magnesium, 47.4 for To settle definitely the question of the 
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existence or non-existence of a magnesium- 
iron compound the following experiment 
was carried out: 

An ingot iron capsule 6 in. long, 34 in. 


- metal quenched from 800°C and 44.5 for 
- metal quenched from 700°C. Both alloys 
are harder than pure magnesium but the 
; intermediate hardness of the: 700°C metal 


oy 
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od and }¢ in. id was filled with magnesium contained in a pyrometer controlled elec- 
crystals and a tight lid was welded on it. tric tube furnace in such a position that the 
Two thermocouples were peened into small bottom was colder than the top. The silica 


Fic 5—IRON-SATURATED MAGNESIUM FURNACE COOLED FROM 800°C. 100X. ETCHED WITH 1:10 
HCl. SHOWS SEGREGATION OF IRON. 


Fic 6—LkON-SATURATED MAGNESIUM QUENCHED FROM 700°C. 250. EtcHeD witH 1:10 HCl. 


holes in the outsice of the capsule, one near tube was evacuated to prevent oxidation of 
the top and one near the bottom. The cap- the iron capsule. At the beginning of the 
sule was heated vertically in a silica tube experiment the temperature of the whole 
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capsule was raised well above the melting 
point of magnesium for a minute or two so 


_ that the metal inside would melt into one 


body. Then the position of the capsule and 
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the furnace control were adjusted so that 
the temperature of the bottom of the capsule 
remained at 648 to 652°C. The top of the 
crucible was at 658-661°C. The capsule was 
left in the furnace four days. 

According to the phase rule a condensed 
system of two components is invariant 
when three phases co-exist. Therefore, with 
the temperature gradient provided in this 
experiment, a peritectic reaction, if one 
exists, should proceed to the exhaustion of 
one of the reactants at any temperature 
below the peritectic temperature. 

When removed from the furnace the cap- 
sule was sawed in half lengthwise and the 
pencil of magnesium was pried out. One 
half of the bottom part of the pencil was 
polished and etched. The lower end con- 
tained an abundant second phase. Some of 
this second phase was separated by dis- 
solving away the magnesium and collecting 
it with a magnet. An X ray diffraction pat- 


‘tern of this material was identical with that 
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of pure iron with no indication of another 
phase present. 

The experiment was repeated with the 
lower end of the capsule at 626 to 630°C 


lest a peritectic reaction at a temperature 
only slightly above the eutectic tempera- 
ture might have gone undetected in the 
first. The result was the same as before. 


CONCLUSIONS 


The solubility of iron in liquid magne- 
sium is small but appreciable. The iron 
liquidus in the temperature interval in- 
vestigated in this work is in excellent agree- 
ment with the only published experimental 
data on the magnesium iron system. 

A eutectic structure, that of Fig 6, 
which has not appeared in the literature 
was observed. This structure is not funda- 
mentally different from the more usual one, 
as in Fig 3, but occurs only under certain 
conditions of cooling. 

The fact that magnesium is insoluble or 
only very slightly soluble in solid iron at 
temperature from 700 to 900°C has been 
verified. 
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It has been shown that a peritectic reac- 
tion producing an iron-magnesium com- 
pound does not exist. The magnesium rich 
end of the magnesium-iron phase diagram 
is a simple eutectic with an eutectic com- 
position of about 0.310 pet iron. 


REFERENCES 


1. W. Latimer: The Oxidation States of the 
Elements and Their Potentials in Aque- 
ous Solutions, (1938) 272. Prentice-Hall, 
Inc., New York. 

2. J. D. Hanawalt, C. E. Nelson, and J. A. 
Peloubet: Corrosion Studies of Mag- 
nesium and Its Alloys. Trans. AIME 
(1942) 147, 279. 

3. A. Beck: The Technology of Magnesium 
and Its Alloys, (1940), 61 and 318, 
F. A. Hughes and Co., Ltd., London. 


4 
5 


an 


~I 


‘oO 


10 


It 


J Ibide3rs. 

. M. Hansen: Der Aufbau der Zweistoff- 
legierungen, (1936), 675. Julius Springer. 
Berlin. 


. W. R. D. Jones: The Effect of Iron on © 


Magnesium. The Metfallurgist, Supple- 
ment to The Engineer (1938) 166, 157. 


. E. Fahrenhorst and W. Bulian: Uber das 
Auftreten von Eisen in Reinmagnesium 
undin Magnesium-Mangan-Legierungen. 
Ztsch. Metallkunde, (1941), January, 31. 

. Uber das Auftreten von Eisen in Reinmag- 
nesium [I. Zfsch. Metallkunde, (1942) 
July 166. 

. T. A. Dungan: Production of Magnesium 
by the Carbothermic Process at Perma- 
nente. Trans. AIME (1944) 159, 308. 

. N. Woldman and A. Dornblatt: Engineer- 
ing Alloys, (1936) A.S.M. 97. 


. G. L. Clark: (1940) Applied X-Rays, 327. 
McGraw-Hill Book Co., New York. 


~ 


Low Temperature Transformations in Lithium and 
Lithium-magnesium Alloys* 


By C. S. Barrett} Memper AIME, anv O. R. Travutzt 
(New York Meeting, February 1948) 


PREVIOUS investigations have shown that 
lithium is body-centered cubic from near its 
melting point to the temperature of liquid 
air.!.2.3 Nevertheless there was an incentive 
to search again for a transformation at low 
temperatures: C. Zener+® has remarked 
that the low value of the elastic modulus 
(Cy: — Ci2)/2 of body-centered cubic met- 
als and alloys implies a rapid increase in 
free energy with decreasing temperature, 
which would favor the occurrence of a 
transformation; also the shear movement 
to which this modulus applies is one that 
can transform a body-centered cubic struc- 
ture into a slightly distorted face-centered 
cubic structure. 

It was confirmed that lithium does not 
transform spontaneously at liquid nitrogen 
temperature, but it was found that a 
transformation can be induced at this tem- 
perature by cold working the metal,° and at 
slightly lower temperatures a differ- 
ent transformation occurs spontaneously. 
Transformations were also found in solid 
solutions of magnesium in lithium. 


Tur NATURE OF THE TRANSFORMATIONS 


’ Before presenting a detailed treatment of 


the technique used and the specific data 
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obtained, it would be well to give a brief 
survey of the general characteristics of the 
transformations. 

A new crystal structure begins to form 
spontaneously in a specimen when it is 
cooled below a critical temperature. In 
lithium the structure appears to be close- . 
packed hexagonal; in the Li-Mg alloys most 
of the diffraction lines (but not all) are near 
those for hexagonal lithium. The transfor- 
mation proceeds as the temperature is 
lowered and soon stops if the temperature 
is held constant or raised. 

The course of the transformation on 
cooling is indicated by the curve at the 
lower left of Fig 1. This curve is drawn in 
stepped fashion because the transformation 
goes by discrete steps with audible clicks. 
Because of the similarity to the decomposi- 
tion of austenite into martensite in steels, 
it seems appropriate to designate the begin- 
ning of the spontaneous transformation on 
cooling as the Ms point. 

On heating to room temperature after 
the low temperature treatment only the 
usual BCC structure is found. On heating, 
the low temperature modification begins to 
disappear at a temperature which will be 
designated as Ac. The transformation on 
heating is halted when the rise in tempera- 
ture is halted. The temperature must be 
raised 40 to 50°C above Ac before the 
reversion is complete—an interval which is 
sensitive to the rate of heating and to the 
time of holding at temperatures above Ac. 
This behavior on heating thus has simi- 
larities also to the formation of martensite 
in the cooling of steels. 
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When a specimen is cold worked at or 
below a temperature that will be designated 
as Ms,, transformation is induced to a 
structure that appears to be face-centered 
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alloy is stabilized by the cold work so that 
subsequent cooling to liquid nitrogen tem- 
perature does not transform additional 
material. 
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Percentage conversion to low temperature modification vs. temperature. 


cubic. This transformation is also accom- 
panied by audible clicks. 

The amount of the FCC phase, as judged 
by its diffracting power for X rays, in- 
creases as the working temperature is de- 
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On heating, the FCC phase remains 
stable to temperatures considerably above 
Ac for the annealed material as indicated in 
Fig 2. The temperature at which reversion 
begins in these cold worked specimens is 


TRANSFORMED DURING 
COLD WORKING 


Fic 2—EFFECTS OF COLD WORK AT VARIOUS TEMPERATURE ON CONVERSION TO FACE-CENTERED 
CUBIC PHASE AND REVERSION TO BODY-CENTERED CUBIC. 


Cold work increases the amount transformed and stabilizes against change with changing 


temperature. 


creased below Ms,. This is indicated in 
Fig 2 by the dashed line extending upwards 
to the left of Ms,. In this figure the hori- 
zontal arrows indicate the fact that the 


designated as Ac; (for one amount of cold 
work). Isothermal transformation is possi- 
ble at or above Ac, as indicated in Fig 2, 
but if a specimen is heated rapidly the 
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transformation curve has a shape similar 
to the curve for the annealed metal. 

During isothermal transformation or 
slow warming in air few clicks are heard, 
sometimes none. On the other hand during 
rapid heating it is usually possible to hear 
several clicks. 


TaBLE 1—Analysis of Li-Mg Alloys 


Analysis 


Intended 
Alloy Weight Per 
Cent Mg Weight Per Atom Per 
Cent Mg Cent Mg 
A 14.5 4.58 
B 33-3 12.4 
(Sigh 7OuS 48.3 
D 52.9 24.2 
E 63.7 33.4 
F 58.0 28.3 
G 40.6 40.6 16.3 
575006 (as cast)* 85.8 6353 
56786 (rod) 87.6 66.8 


* Analysis supplied by Dow Chemical Co. for this 
alloy: Li 14.2, Al_<o.o1, Ca 0.012, Cu_<0.01, Fe 
0.019, Mno.o7, Ni <o.oo1, Pb <o.001, Si <o.o1. Sn 
<o.001, Zn <0.01, Na 0.035. 


PREPARATION OF SAMPLES 


Alloys high in lithium content cannot be 
satisfactorily melted under a flux although 
this is possible for magnesium-rich alloys. 
The method of melting in sealed containers 
of low carbon steel devised by Henry and 
Cordiano’ was used. A steel crucible with 
tapered plugs and screw caps that force 
the plugs into place was filled about 34 full 
with the charge to be melted (about 15 g), 
sealed in air by screwing the caps on 
tightly, and placed in a furnace at 800°C 
for 15 min. The crucible was inverted many 
times to insure thorough mixing and then 
rapidly cooled. The alloy slug was forced 
- out by a plunger. The melts were made 

‘from lithium of CP quality which analysed 
99.45 pet lithium, and distilled magnesium. 

Henry and Cordiano encountered no 
difficulties from segregation, oxidation, loss 
of either lithium or magnesium, or con- 
tamination with iron by using this method. 
In the present work the chemical analyses 
both for lithium and for magnesium also 
agreed well with the as-weighed composi- 
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tion, indicating no loss of either constituent. 
With the exception of one end of one ingot 
(alloy G), which was discarded because of 
unexplained lines in the room temperature 
diffraction pattern, the melts appeared to 
be satisfactory in every way. The compo- 
sitions used are listed in Table 1. The last 
two alloys listed were kindly furnished by 
the Dow Chemical Co. and were made by 
melting under a flux. 

The majority of the work on lithium was 
done with specimens of CP grade that 
analysed 99.45 pct lithium, in which a 
qualitative spectrographic analysis indi- 
cated metallic impurities in the fol- 
lowing estimated percentages: Si, 0.01; 
Mg <o0.01; Na 0.001; Cu < 0.001; Pb 
0.01; Fe 0.01; Sn 0.01; Al 0.002. 

To insure that the transformations and 
low temperature structures were not 
altered in an important way by the im- 
purities in the CP grade metal, an 
ingot of purified lithium was obtained 
through the courtesy of Battelle Memorial 
Institute. By heating in an evacuated iron 
container the sodium content had been 
reduced by volatilization to 0.01 pct, to- 
gether with reduction of other volatile 
impurities such as potassium. The purified 
material analyzed 99.86 pct lithium. The 
results with this purified metal were the 
same as those for the CP metal. 

It was found advisable to deform all 
samples before studying their diffraction 
patterns. The usual practice was to precede 
the low temperature deformation of a pellet 
by a reduction in thickness of 24 pct at 
room temperature. Pellets were pressed at 
low temperatures between copper blocks 
either while immersed in liquid nitrogen or 
after the blocks had been brought to some 
other desired temperature. The working 
temperature was determined by a thermo- 
couple pressed into a hole drilled in the edge 
of the sample. The final thickness varied 
from 0.065 in. for soft alloys to 0.075 in. for 
some of the harder ones, giving reductions 
of 66 to 60 pct respectively. 
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For a few experiments the initial pellet 
was hammered and folded into a laminated 
sheet while immersed in liquid nitrogen. 
For some, also, a gradient apparatus was 
used to provide temperatures in the range 
between 78 and 200°K; the lower ends of 
two identical copper bars were immersed in 
a flask of liquid nitrogen and the sample 
containing an embedded thermocouple was 
placed between the bars at an appropriate 
place to provide the required temperature. 
When thermal equilibrium was reached, 
pressure was applied to the bars at the 
position of the sample by double-action 
pliers. 

Lithium and its alloys tarnish rapidly at 
room temperature but remain silvery al- 
most indefinitely when immersed in liquid 
nitrogen. No difficulty was encountered in 
the usual experiments from corrosion prod- 
ucts or ice but by intentionally corroding a 
sample it was determined that possible 
reflections from corrosion products do not 
fall on the principal lines of the high and 
low temperature phases so as to give false 
intensity readings. 


DIFFRACTION TECHNIQUE 


The diffraction patterns were studied 
with a North American Phillips Geiger 
counter spectrometer in which radiation 
from a copper target X ray tube diffracting 
from a flat specimen in the focussing posi- 
tion was measured, after passing through a 
filter of nickel foil, in a glass-window 
Geiger counter. The counter was moved 1° 
per min. and the pattern was recorded 
automatically on a Brown recorder with 
the chart driven 14 in. per min. For study- 
ing the change in the amount of a phase 
with time, the counter was set at the posi- 
tion for the maximum intensity of a strong 
line of the phase, and the recorder was 
then used to draw a curve of the intensity 
of this line on a chart moving 14 in. per 
min. The runs were interrupted periodically 
to obtain the background reading at a 6 
value near the line, and the counter was 
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shifted occasionally if the line shifted 
in position as the specimen changed 
temperature. 

Several different specimen holders were 
constructed so that specimens could be held 
in the diffracting position while being 
cooled or warmed. For experiments at a 
fixed temperature of 78°K a holder was 
used in which a stream of liquid nitrogen 
flowed over the surface of the sample con- 
tinuously, dripped off the lower edge at the 
rate of 1 to 4 drops per sec, and evaporated 
in the lower part of the surrounding cham- 
ber so as to provide a moisture-free atmos- 
phere of nitrogen around the specimen 
Incoming and diffracted rays entered the 
chamber through windows of either Lu- 
marith or thin plates of Styrofoam. A 
blast of warm air was used to melt any 
frost that gathered on the outside of the 
windows. 

Variable temperatures were obtained in 
a holder in which a stream of freshly evap- 
orated nitrogen flowed past the sample. 
The rate of flow was controlled either by a 
reducing valve on a tank of nitrogen or by 
an electrical heater immersed in a flask of 
liquid nitrogen. The temperature was read 
by a thermocouple embedded in the sample. 
On some of the later runs the sample was 
simply cooled by radiating to a copper cup 
mounted in the lid of the specimen cham- 
ber: liquid nitrogen was poured into the cup 
and maintained at a level appropriate to 
the temperature or the rate of change of 
temperature desired. 

The specimen was turned at half the 
angular velocity of: the counter so as to 
maintain the focussing condition. To in- 


crease the certainty of the phase identifica- 


tion a few runs were made with a specimen 
holder in which the specimen was also 
rotated in its own plane at the rate of 3 to 5 
revolutions per sec while liquid nitrogen 
dripped over it. The danger of confusing 
Laue spots with Debye lines was thus 
greatly diminished and the symmetry of 
the lines was improved, though preferred 
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orientation effects were not removed. Two 
runs were also made with a rod-shaped 
specimen rotating around a vertical axis 
while wet with a stream of liquid nitrogen. 

The relative amounts of the two phases 
present in a sample were estimated from 
the intensities of selected reflections of 
approximately similar diffraction angle. 
The power in the diffracted beam /kl from 
one of the phases in a flat plate specimen as 
used here is given by the usual expression: 


1 + cos? 20 


Pra — al Sse py 
sin? @ cos 6 


My [1] 
where @ is the diffraction angle for the hkl 
reflection, F is the corresponding structure 
factor, M is the number of unit cells of the 
phase in a unit of volume, and 7 is the 
multiplicity factor for the reflection; with 
the geometry and low absorption coeffi- 
cients of the samples employed here, c is a 
constant for the lines that were measured. 
The relative amounts of the high and low 
temperature modifications in a sample were 
computed by the relation 


X =kA/(kA + B) [2] 


where X is the fraction of the sample that 
exists in the low temperature modification, 
A is the peak intensity of the chosen line of 
the low temperature modification, B is the 
peak intensity of the chosen line of the high 
temperature phase, and & is a constant 
evaluated by Eq 1. 

Throughout this work the value of k was 
taken as 1.45. This is the computed value 
for the FCC220 line at d = 1:56 A com- 
pared with the BCCa2ir line at d= 
1.43. The same constant was arbitrarily 


used for the HCP transformation, where a 


line at d = 1.56 was also used (HCP 
110) together with the BCC — 211 line. 
As the computed value of k for the HCP 
case is 2.42 this amounts to placing the 
HCP percentages on an arbitrary scale. 
Not only the percentages for the HCP 
structure but also those for the FCC should 
be regarded as arbitrary, indicating merely 
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in a rough way the amounts present, be- 
cause the random orientations assumed in 
the formulas were surely not present in the 
cold-worked and hot-worked samples nor 
were large grains always avoided.* 


THE CRYSTAL STRUCTURES 


Lithium is body-centered cubic in struc- 
ture at ordinary temperatures.)?? The 
alloys with magnesium are also reported to 
have this structure throughout the range of 
compositions of Table 1 and this is con- 
firmed by the results of the present 
investigation. One of the charts from the 
spectrometer recorder is reproduced in 
Fig 3 and it is seen that all lines from 
lithium may be assigned the indices for a 
BCC lattice; Fig 3 was made with a speci- 
men at liquid nitrogen temperature and 
shows the same reflections that are present 
at room temperature, confirming previous 
investigations. But when a sample was 
hammered to a reduction of 75 to 85 pct 
while immersed in liquid nitrogen (— 195°C, 
78°K) it yielded lines, reproduced in Fig 4, 
that can be assigned indices on the basis ‘of 
two co-existing phases, the usual BCC 
structure of Fig 3 and a face-centered cubic 
phase. ® 

Table 2 lists the X ray spectrometer data 
for lithium hammered and X rayed under 
liquid nitrogen. The lines are labelled with 
the sums of the squares of the indices with 
the letters H and L preceding the number 
to indicate the high and low temperature 
forms of the element, respectively. In this 
experiment copper wires were embedded 
between thin lamellae of lithium to make 
up a laminated sheet such that the diffrac- 
tion from the copper would serve to cali- 


*In the tests in which the amount of the 
FCC modification was determined by compu- 
tations based both on the 211 line and the 200 
line of the BCC phase, there was an average 
difference of 8 per cent in the two results for 
the percentage of FCC in the sample. Different 
methods of specimen preparation and rotating 
samples would be required to obtain percent- 
ages on an absolute scale. The conclusions 
drawn in this paper are not dependent upon 
exact percentages. 
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brate the instrument. The sample was 
about o.1 cm thick and 1.0 cm in diam. 


Unlike the usual result, such as the one 
illustrated in Fig 4, line L3 was separated 


nitrogen. 


from H2 sufficiently for a rough measure- 
ment of it, and there was sufficient intensity 
of L4 to list it also, though neither of these 
lines contributed to the accuracy of the 


unit cell dimensions.* It is seen that the - 


four lines of the low temperature phase 
(L) are accounted for by a face centered 


*In an experiment with a rotating rod 
sample the doublet H2-L3 was also partially 
resolved. 
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Fic 3—SPECTROMETER RECORD OF DIFFRACTION PATTERN FOR BODY-CENTERED bd ip tg pba 
AT 78°K. 
Specimen was cold worked, warmed briefly, X rayed at 78°K with filtered copper radiation. 
Fic 4—PATTERN FOR LITHIUM WITH FACE-CENTERED CUBIC PHASE PLUS BODY-CENTERED CUBIC. 
Specimen was hammered to reduction of 75 pct, stored 4o hr and X rayed, all under liquid — 


cubic lattice with a lattice constant of 
4.41Kx. An additional line of the low tem- 
perature phase (Z12) was found in some 
runs, and is listed in Table 3, an experiment 


with somewhat higher eeeeeatee than that 
of Table 2. A total of five different FCCaa 
lines have thus been observed; and since. 
the lines are consistent with a structure 
that gives the expected value of the atomic — 
radius of lithium, there seems no reason to 
doubt the conclusion that the structure is by 
face-centered cubic. a 
Errors of centering of specimens in the a 
spectrometer, Ro ens for the: thicker | d 
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specimens, account for much of the inac- 
curacy in the reading of diffraction angles; 
in some specimens, also, there were false 
peaks and assymetrical peaks resulting 
from large grains in the specimen. These 
could usually be avoided by severe cold 
working, but in certain experiments cold 
working was not permissible since it would 
alter the relative amounts of the phases 


TaBLE 2—Diffraction Data at 78°K for 
Lithium Hammered at 78°K with Em- 
bedded Copper Wires. Run 5/24A 


Line | Int. () d | ao-BCC | ao-FCC | ao-Cu 
L3 2.2 |17.72|2.527 aie partially 
H2 3.4 |18.15]2.471| 3.498 resolved 
L4 0.2 |20.12|2.23 4.47 

Cuz | 2.1 }21.88}2.065 3.580 
Cu4 | 2.0 |25.45|1.791 3.582 
H4 I.3 |26.10|/1.750} 3.500 

L8 1.0 |29.63|1.556 4.400 

H6 2.0 |32.59|1.429| 3.498 

Lir 0.6 |35.40/1.335 4.428 

Cu8 | 1.8 |37.25|1-272 3.599 
H8 0.3 |38.44]/1.238] 3.500 

Hio | 0.5 |44.11|1.106} 3.499 
Weighted mean 3.499 | 4-41 3.587 
Corrected mean 3.50 4.42 3-595 


Wavelength: Cuka, 1.5393kX 


ee 


present at the time or after subsequent 
treatments. By using the copper diffraction 
lines of Table 2 for calibration, taking the 
lattice constant of copper at 78°K as 
3.595kX, the corrected values of spac- 
ings yielded the values drcc = 4.42 and 
adgcco = 3-59. 

Independent determinations, including 
those of Tables 2, 3 and 4, gave FCC — 
ao = 4.40, 4.35, 4:42, 4-41, average 
4.30skX ; BCC — ao = 3-49, 3-45, 3-44 3-59, 
3.50, 3-51, 3-51, average 3.48¢kX. These 
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are for specimens at liquid nitrogen tem- 
perature, 78°K, and correspond to atomic 
radii rgcc = 1.55 and rpcc = 1.51. There 
is a computed expansion of 2.91 pct in 
atomic radius on transforming from BCC 
with coordination number 8 to FCC with 
coordination number 12, a reasonable value 
as judged by comparison with other crys- 
tallographic data. The calculated densities 
of the two phases are the same, within the 
accuracy of the measurements, in lithium. 
Obviously the dilatometer would not be 
very useful for studying this transformation. 

The lattice constant for the ordinary 
BCC form of lithium that is given above, 
3.48kX, is somewhat above the latest 
precision value of 3.4762kX at —185°C 
obtained by Mrs. Lonsdale on single crys- 
tals of 99.8 pct purity and higher.* In view 
of the low angles of diffraction used here 
and the variable of impurity content the 
agreement is about as good as could be 
expected. : 

The transformation in the Li-Mg alloys 
during cold working produces a structure 
that is believed to be the same as in 
lithium. The line L8 was invariably present 
and strong, also L3 and sometimes L4. 
Other lines were occasionally found that 


. were judged to be spurious, arising from 


Laue spots instead of Debye rings, since 
they were not found consistently on differ- 
ent runs. Accordingly the patterns for the 
cold worked alloys were solved in terms of 
the FCC lattice. 

With the spectrometer employed in this 
study, the accuracy in determing lattice 


3—Diffraction Data for Lithium Compressed and Repeatedly Bent at 78°K ; Taken 


at 78°K. Run 6/2 


PE ee eee UL 


Line Int. 6 d HKL-BCC | HKL-FCC ao-BCC ao-FCC 
2 _ 17.8 110 TLE (Not resolved) 

a ag eo a 200 (Poor) 
H4 0.75 25.96 1.758 200 | 3.516 
L8 1.55 29.54 1.561 = 220 4-415 
H6 1.56 32.40 1.434 211 3.513 
Lit 0.52 35.32 1.328 311 4.404 
Li2 O25 ZY Loris £/274. 222 4.413 
H8 0.33 38.40 1.239 220 3.504 
Average 3.51 4.41 


ee a 
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constants is not high, and it will be said 
only that the constants for the BCC and 
the FCC phases do not change more than 
1 pct as the magnesium content is increased 
to 24 atom pct. The difference between the 


-50 
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be detected by X rays only in alloys con- 
taining 24.2 atom pct Mg or less and 
the spontaneous transformation discussed 
below could be found only in alloys of 16.3 
pct Mg or less. 


30 


-20 


OL/L IN PER CENT FOR BCC—FCC 


° 10 


20 30 


ATOM PER CENT MG. 
Fic 5—LINEAR EXPANSION ACCOMPANYING TRANSFORMATION TO FACE-CENTERED CUBIC PHASE. 


to FC 


Computed from X ray determinations of lattice constants on the basis of complete conversion 
C. 


TABLE 4—Diffraction Data for Purified Lithium Cooled to 63°K without Deformation; 
Taken at 78°K. Filtered Cu Radiation. Run 126 


ion 
t=] 
Sei 
= 
a 


HKL-BCC 


calc. d-BCC HKL-HCP | calc. d-HCP 


z! 16.52 2.708 

8 18.01 2.488 

I 19.08 2.356 

6 25.98 r3S? 

6 29.53 1.561 

6 32.60 1.429 

I 35.32 1.331 } 
0.4 34.7-36.5 1.35-1.29 
2 44.08 1.106 

c 44.78 1.003 


lattice constants of the two phases of a 
specimen can be stated with greater ac- 
curacy, however. These are presented in 
the form of a curve, Fig 5, which gives the 
computed linear expansion that would 
accompany complete transformation at 
78°K. The expansion increases from zero 
for lithium to 4 of 1 pct for the 24 atom 
pet alloy. 

The strain induced transformation could 


100 2.708 

IOI + 002 2.345 
102 1.772 

IIo 1.561 
ie + 103 1.354 
201 + 112 1.300 
104 1.076 


No evidence was obtained that a transi- 
tion structure forms on heating before the 
BCC structure is reached, but it should be 
remarked that conditions were not ideal 
for detecting any that might exist in a 
narrow temperature range.* 


* Doubling of diffraction lines was frequently 
encountered; the line H6 in lithium was often 
(though not invariably) doubled after cooling 
to 73° or lower, with a separation of 0.4 to 
0.5° in @, and multiple lines were observed 
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The spontaneous transformation of lith- 
ium, without cold work, produced diffrac- 
tion lines that differed from those found in 
cold worked specimens. The lines are listed 
in Table 4 for an experiment made with 
purified lithium. The specimen was pre- 
pared by hammering a cube into 0.005 in. 
sheets and forming five of them into a 
laminated plate, annealing for several 
minutes at room temperature, cooling to 
63°K in a flask of nitrogen evaporating in a 
vacuum, then transferring immediately to 
the spectrometer while held at 78°K. The 
lines are listed in the first three columns of 
Table 4 with intensities, angles, and spac- 
ings d, and the BCC lines are accounted for 
in the fourth and fifth columns with indices 
and calculated spacings; the last two col- 
umns indicate that a satisfactory way to 
account for the position of remaining lines 
is to assume that a close-packed hexagonal 
structure is present, with the dimensions 
@ = 3.13, = 4.69kX, c/a = 1.50. It is 
unfortunate to have to derive this structure 
and its dimensions from so few lines and 
from intensity data which are doubtless in- 
fluenced by preferred orientations and large 
grains. In support of the proposed struc- 
ture, however, is the fact that the atomic 
radii in this structure are reasonable ones; 
the closest atoms in the basal plane are 
spaced at 3.13 A, giving the atomic radius 
as 1.56 A; each atom is surrounded by six 
atoms in the adjacent planes that are at a 
distance 2.96, giving an atomic radius of 
1.48 A. Both of these values are near the 
values for the BCC and FCC structures, 
r.sr1 and 1.55, respectively. Furthermore, 
several times at the position of lines H2 and L3. 
It was found, however, that when great care 


was taken to keep the grain size small or to 
have only cold worked grains in the beam the 


‘doubling was less common; the doubling was - 


eliminated entirely in two special runs in which 
lithium was hammered in liquid nitrogen into 
1.3 mm diam wires which. were continuously 
rotated about their axes during the exposure. 
It thus appears that the doubling is merely the 
result of large grains at separated points in the 
wide, flat specimens. The lines from the BCC 
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the density calculated for the proposed 
structure is 0.531, which is very nearly that 
of the BCC structure, 0.534. It might be 
mentioned that these BCC and HCP struc- 
tures are like those in zirconium and tita- 
nium where a BCC structure transforms 
to the ordinary HCP form on cooling. 

The diffraction pattern for the spon- 
taneous transformation products in the 
Li-Mg alloys is not identical with the pat- 
tern for the transformation product in 
lithium. The differences, however, are small 
and the line for spacing d = 1.55 to 1.56 is 
still a prominent one in all the transforming 
alloys. This line has been used throughout 
the studies of the alloys. Until more diffrac- 
tion studies have been made of the alloys 
it does not seem profitable to discuss possi- 
ble structures except to state that a small. 
change in crystal parameters of the close- 
packed hexagonal phase of lithium cannot 
explain a line at d = 1.62 that is found in 
the alloys. Again these experiments were 
not particularly well suited to detecting 
transition structures which might exist 
briefly during the reversion to BCC. 


LirHIuUM—HEATING AND CooLInG DATA 


Fig 6 presents typical data for the rever- 
sion of FCC lithium in work hardened 
samples to BCC on heating. The percent- 
ages plotted in this and subsequent curves 
for the transformation are obtained from 
the intensity of line L8 at d = 1.56 by the 
method discussed earlier and are subject to 
the uncertainties previously mentioned. 
The numbers along the heating curves indi- 
cate the time in minutes after the beginning 
of heating. For the upper curve, 6a, the 
transformation begins at 153°K and con- 
tinues both with rising temperatures and 
with constant and slightly falling tempera- 
tures, in the temperature range where 
softening is expected. (Another sample, 
compressed 74 pct at 78°K, softened com- 
pletely within 2 min. at 159°K). The reduc- 
tion in thickness by hammering, for curve 


| phase after a transformation | and reversion 
’ « were completed were normal, without evidence 


of transition states. 6a, was between 60 and 80 pet. 


: 
g 
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The lower curve in Fig 6 (curve 4) was 
obtained on a sample that had been ham- 
mered under liquid nitrogen to a reduction 
of about so pct. It represents the behavior 
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being for a sample pressed to a reduction in 
thickness of 50 pct under liquid nitrogen. 
The transformation progresses rapidly at 
the constant temperature of Ac, = 148°K, 


SAMPLE COMPRESSED 


40 


t 74% AT 76°K, 
SOFTENS IN 2 MIN. 
AT 159°K. 


Cc 
w 
°o 


HAMMERED AT 77.6°K 


no 
°o 


PERCENT F.C.C. 


60 70 80 9 


0 100 110 


120 


130 140 150 170 


TEMPERATURE °K 
Fic 6—HEATING CURVES FOR LITHIUM (99.45 PCT PURITY) AFTER HAMMERING AT LIQUID NITROGEN 
TEMPERATURE. 


Approximate percentage of low temperature modifications in Fig 6-14 are computed from in- 


tensities of d = 1.56 A reflection from low temperature modifications compared with BCC 211 
reflection. Numbers along curves give time in minutes at which temperature was read; X ray 


record was continuous. 


of a work hardened sample on slow heating 
over an interval of 177 min. Slow iso- 
thermal decay of the FCC phase is indi- 
cated between 63 and 105 min. but this is 
halted by a reduction of temperature and is 
not resumed again until the temperature 


oxy n0' 


and continues when the temperature is 
reduced slightly below this. 

Curves 94 and 103 of Fig 7 illustrate 
rapid and slow heating, respectively, for 
lithium that has not been cold worked 
and which contained the HCP structure. 


COMPRESSED 50% AT 7.8 °K haved 
03) i 


AFTER COMPRESSION'‘AT R.T. 
OOLED AFTER R.T. ANNEAL 


PER CENT LOW TEMP PHASE 


TEMPERATURE °K 


Fic 7—TRANSFORMATION CURVES FOR LITHIUM PRESSED AT 78°K, AT ROOM TEMPERATURE, AND 
ANNEALED AT ROOM TEMPERATURE, RESPECTIVELY. 


Stabilization caused by holding during heating. 


reaches a value definitely higher than the 
highest preceding temperature. The end 
of the transformation is much higher than 
in the curve for fast heating (6a). 

Fig 7 presents a third heating curve for 
cold worked lithium, this one (Curve 1) 


120 


130 
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The percentages for this spontaneous trans- 
formation and similar ones that follow are 
computed from the intensity of the line at 
d = 1.56 by the arbitrary method previ- 
ously mentioned. 

The specimen of curye 103 had been “hot * 
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worked” at room temperature, and the 
specimen of curve 94 had been annealed at 
room temperature for 2 hr, hence both 
specimens may be considered as fully 
annealed. Again it is seen that with rapid 
heating the transformation completes itself 
at a lower temperature than with slow 
heating although Ac is approximately the 
same for both—103 and 99°K respectively. 
In the annealed material, reduction of tem- 
perature stops the transformation, and if 
the specimen with an arrested transforma- 
tion is held in the range above Ac for a 
sufficient length of time it only resumes 
reversion to-the BCC form when the tem- 
perature considerably exceeds the highest 
temperature previously reached during the 
heating. (See times 26 to 58 on curve 103 
for long holding, and times 10 to 13 for 
brief holding.) 

At the lower left of Fig 7 is a curve for 
the formation of HCP on cooling, with 
Ms = 71°K. This is not an actual cooling 
curve but is constructed from a series of 
experiments in which annealed lithium 
coins were cooled to various low tempera- 
tures and then returned to liquid nitrogen 
temperature (78°K) for measurement. The 
curves described earlier show that both 
annealed and strained specimens retain 
their low temperature phases unchanged in 
amount during such treatment, so the 
measurements at 78°K are equivalent to 
those at lower temperatures. The amount 
of low temperature material increases so 
abruptly with decreasing temperature it is 
somewhat uncertain whether the transfor- 
mation takes place isothermally or only 
with decreasing temperature; but sonic 
data, mentioned later, indicate the latter is 
true, so the curve in Fig 7 is drawn with a 
slope rather than vertically. 


LitH1uM—TRANSFORMATION DURING COLD 
WorK 


Fig 8 for the strain-induced transforma- 
tion in lithium shows that successively 
increased amounts of deformation raise the 
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curve of pct FCC vs. working temperature. 
The percentages are computed, as usual, 
from the intensity of the L8 line (spacing 
d = 1.56) of the low temperature phase 


80 


LITHIUM 


Ny) Bere ATED REDUCTION 


a 
° 


60% REDUCTION 


50% REDUCTION 


PER CENT F.C.C. PHASE 
> 
° 


60 70 80 90 100 110 
WORKING TEMPERATURE °K 


Fic 8—PropucTion oF FCC PHASE 1N 
LITHIUM BY PRESSING AT DIFFERENT TEMPERA- 
TURES TO DIFFERENT REDUCTIONS. 


Determinations made by X raying at 78°K 
after cold working at temperatures indicated. 


compared with the H6 line (d = 1.43) of 
the BCC phase, using Eq 2. The point for 
“repeated reduction’? was determined on a 
piece that had been given 6 or 8 reductions 
of about 50 pct each in various directions in 
the specimen. 

This figure was derived from diffraction 
patterns made at liquid nitrogen tempera- 
ture on specimens previously cold worked 
at higher temperatures. Not shown in the 
figure are several points for higher working 
temperatures. These lie on the zero per cent 
line because the cold work produced no 
transformation and stabilized the BCC 
phase to temperatures below 78°K. 

An answer to the question “Does cold 
work at a low temperature stabilize lith- 
jum against strain-induced transformation 
at higher working temperatures?” is con- 
tained in Fig 9. At the extreme left of this 
figure are the lines of Fig 8 (dashed lines) 
showing the amount of FCC phase induced 
by the first straining. Between these lines 
are clustered small open circles representing 
the FCC produced by pressing various 
specimens to be subsequently worked at 
higher temperatures. At the right hand end 
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of the heavy arrows are larger open circles lowers the FCC percentage in a specimen 
giving the amount of the FCC phase left containing strain-induced FCC whenever 
after the subsequent deformation at the the temperature of the second working is 
temperature indicated by the larger circles. within about 20° of Aci, but reversion to 


ey 


LITHIUM 


PERCENT F.C.C. PHASE 


80 90 100 0 120 130 140 “150 


TEMPERATURE °K 
Fic o—EFFECT ON LITHIUM OF COLD WORKING AT A LOW TEMPERATURE FOLLOWED BY A SECOND 
WORKING AT A HIGHER TEMPERATURE. 


_ Small circle, first reduction; large circle at end of heavy arrow shows effect of second reduction 
in diminishing the FCC phase when working temperature exceeds 110°K. 
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ANNEALED AT ROO 
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PER CENT LOW TEMP PHASE 


Fic 10o—CURVES FOR ALLOY A, Li + 4.58 ATOM PER CENT MG. 


Isothermal reversion of strain-induced FCC; gradual formation and reversion of spontaneously 
produced phase. 


This latter percentage was determined by BCC is complete only when the second 

returning the specimens to 78°K, a cooling working is at temperatures within about 

which had been shown not to alter the 5°C of Ac. 

proportions of the phases in the lithium. 

The reductions in this experiment were Attoy A (4.58 Atom Per Cent Me) 

roughly so pct. Fig 10 contains representative heating 
Fig 9 shows that the second working and cooling curves, both fast and slow, 
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for Alloy A. The general features are the 
same as for lithium though the critical tem- 
peratures are different. Averages of all 
determinations of the critical temperatures 
for all alloys are presented ina later section. 
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side of the figure. After reductions of 60 pct 
at 132, 145, and 160°K, specimens of this 
alloy were immediately cooled to liquid 
nitrogen temperatures and it was found 
that they contained 17, 26, and 28 pct of 


ALLOY A 


PER CENT LOW TEMP PHASE 


TEMPERATURE °K 


Fic 11—PRODUCTION OF LOW TEMPERATURE PHASES BY PRESSING ALLOY A AT DIFFERENT TEM 
PERATURES. 


TEMPERATURE °K 
Fic 12—CuRVES FOR ALLOY B AFTER PRIOR TRANSFORMATIONS. 


Curve 102 for the spontaneous transfor- 
mation appears to furnish examples of a 
limited amount of transformation to the 
low temperature structure while holding at 
a constant sub-critical temperature. 

Fig 11 shows that additional transforma- 
tion results from cold working the alloy at 
low temperatures, as in lithium. This alloy 
differs from lithium with regard to cold 
work at temperatures at the right hand 


low temperature structure respectively. 
Perhaps the deformation failed to fully 
stabilize the alloy against transformation 
on subsequent cooling. 


Attoy B (12.4 Atom PER Cent Me) 


The transformation curves for Alloy B 
resemble those for Alloy A. Fig 12 gives a 
portion of an experiment in which a speci- 
men that had been annealed 18 hr at room 
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temperature and then had been cooled to 
63°K and heated to 203°K in the first 16 
min. of the run, was slowly cooled again 
through the beginning of transformation 
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higher than for the lower magnesium con- 
tents, and complete transformation to the 
FCC phase was obtained at cold reductions 
of 60 pct at liquid nitrogen temperature. 


78°K (*91) 


SAMPLE COLD WORKED AT 78°K 


SOFTENS IN IO MIN. AT 222°K 


PER CENT LOW TEMP PHASE 
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CONT'D.) 


SAMPLE COOLED TO 78°K 


740 WITHOUT COLD WORK SOFTENS IN 
742 5 MIN. AT 208°K 


TEMPERATURE °K 
Fic 13—CurvEs For ALLoy G, Li + 16.3 ATOM PER CENT MG. 
Temperatures of rapid softening indicated. 


at ¢ = 43 min. (Fig 12, lower left) and 
finally through the heating curve shown. 
Decomposition of the low temperature 
material started at ¢ = 90, Ac = 116°K. 
The thermal cycle starting at ¢ = 98.5 
lasted 21 min. yet did not push the tem- 
perature at which transformation began 
anew to a higher value than the highest 
temperature previously reached, 157°K. On 
the other hand, the portion of this thermal 
cycle from ¢ = 108 to 114 appeared to 
increase the amount of the low temperature 
phase and this increase is believed to be 
more than experimental error. However, it 
should be remarked that since there was no 
standardization of intensity during this 
cycle the possibility of a slow change in 
sensitivity must be admitted. 


Attoy G (16.3 Atom Per Cent Mc) 


The data reproduced in Fig 13 are typical 
for this alloy. Critical temperatures are 


Isothermal transformation occurs on 
heating the work hardened material and 
also, in curve 104 Fig 13, in a sample previ- 
ously deformed at room temperature. 

Softening temperatures for this alloy 
may be judged from hardness measure- 
ments at low temperatures plotted in Fig 
14. As with the X ray data, times in min- 
utes are indicated along the curves. Super- 
ficial Rockwell readings were made with a 
1¢-in. diam ball and a 15 kg load. As shown 
by the lighter lines in Fig 14, a sample 
cooled to 208°K in to min. and then to 
78°K at ¢ = 20 was found to be hardened 
by the transformation, and on subsequent 
heating to 208°K it softened within 5 min. 
The heavier lines trace an experiment that 
shows added hardening by cold working at 
liquid nitrogen temperatures and softening 
within 5 min. at 221°K followed by re- 
hardening by spontaneous cooling. The 
points are averages of three readings each 
and are accurate to about +10 units. 
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AtLoy D (24.2 PER Cent Mc) 
Partial transformation was induced in 
this alloy by reductions in the neighbor- 
hood of 40 pct at 78°K, and complete 


AFTER 50% REDUCTION AT 78°K 


which doubtless cold worked the specimen 
to some extent, or a deformation at.room 
temperature, the effects of which may not 
have been entirely removed by a brief room 


HARDNESS, ROCKWELL I5W 


TEMPERATURE, °K 


Fic 14—HARDNESS MEASUREMENTS AT LOW TEMPERATURES ON ALLOY G. 
Times in minutes at each reading indicated by numbers along the curves. 


transformation was induced by pressing to 
a reduction of 50 pct followed by hammer- 
ing to a total of 67 pct. 

Fig 15 traces the reversion to the BCC 
structure after the hammering. Cooling to 
liquid nitrogen temperature again within a 
few minutes after the reversion was 
complete failed to bring back any low 
temperature phase. 

Two experiments in which samples of 
alloy D were pressed to a reduction of 60 
and 73 pct, respectively, at room tempera- 
ture and immediately plunged into liquid 
nitrogen failed to produce any FCC phase. 
Further cooling to 64°K likewise failed to 
initiate the transformation. 

It should be noted that in each of these 
experiments there was a possibility of 
microscopic residual stresses remaining 
from the last treatment before cooling, 
either a phase change froni FCC to BCC 


temperature anneal. A more thoroughly 
annealed sample was tried in sonic tests 
presented below. 


ALLoys oF HiGHER MG CONTENT 


No alloy of higher magnesium content 
than 24.2 atom pct could be transformed 
by cold working at liquid nitrogen tempera- 
ture; alloy F, 28.3 atom pct Mg, was tried 
with reductions of 19, 41, and 72 pct; alloy 
E, 33-4 atom pct Mg, with reductions of 63 
and 77 pct; alloy C, 48.3 atom pct Mg, with 
reductions of 66 and ca. 80 pct; alloy 56786, 
67.3 atom pct Mg, with a reduction of 65 
pet, at which reduction a coin having a 
final diam of 54 in. and a thickness of 0.108 
in. was supporting a load of 100,000 psi. 


Tur EFFrEcts OF VARYING Mc CONTENT 


The X ray determinations of critical 
temperatures for the beginning of trans- 
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formation on heating and cooling, including 
not only the data of the figures that have 
been reproduced but additional curves not 
discussed in the text, are summarized in 
Fig 16. 


PRESSED AND HAMMERED 67% AT 78 °K 


PER GENT F.C.C. 


LI-MG ALLOY D 
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about +3°K but the high-Mg end has an 
uncertainty as high as +8° or 10°K. The 
Ac curve passes through the weighted mean 
of determinations that differed consider- 
ably from specimen to specimen of a given 


TO 78° WITHOUT TRANSFORMATION 


TEMPERATURE °K 
Fic 15—CuRVES FoR ALLOY D, Li + 24.2 ATOM PER CENT MG. 


Fig 16 contains, from the top downward, 
the following curves determined by X ray 
diffraction; Ac,, for the beginning of rever- 
sion to BCC on heating after approximately 
60 pct reduction by cold work at 78°K; 
Ms, for the highest working temperature 
at which FCC is formed during cold work- 
ing to a reduction of 60 pct; Ac, for the 
beginning of reversion to BCC on heating 
annealed alloys; and Ms, for the beginning 
of conversion to the low temperature phase 
on cooling annealed alloys. The Ms, curve 
is located by extrapolation on plots like 
Fig 8; most of the curve is accurate to 


alloy. Perhaps some of the variation was 
due to variation in the grain size, which 
was not determined. 

Fig 17 gives curves for the percentage 
conversion to the low temperature structure 
on cooling without applying cold work. As 
before, the percentages are computed 
from the intensities of the lines at d = 1.56 
and H6 using Eq 2, and are subject to 
the uncertainties previously mentioned. The 
topmost curve is for the beginning of the 
transformation, Ms, the next for the tem- 
perature required to produce 45 pct con- 
version, and so on. The curves are obtained 
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260 


220 


180 


140 


TEMPERATURE °K 


ATOM PER CENT MG 
Fic 16—CRITICAL TEMPERATURES VS. MG CONTENT. 
X ray determinations averaged, and extrapolated when necessary. 


130 


120 


110 


100 


*K 


90 


80 


TEMPERATURE 


t) 10 20 x 30 
ATOM PER CENT MG, 


17—CURVES FOR APPROXIMATE AMOUNT OF LOW TEMPERATURE MODIFICATION FORMED 
SPONTANEOUSLY IN PREVIOUSLY TRANSFORMED ALLOYS. 


X ray determinations averaged, and extrapolated or interpolated when necessary. 
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through interpolation between  experi- 
mentally determined percentages and tem- 
peratures. 

The many X ray determinations summa- 


25 


CLICKS IN 15 SECONDS 


TIME 
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an audiofrequency amplifier to earphones 
or to an oscillograph. 

Several observers listening to alloys dur- 
ing cooling have agreed that the early clicks 


|-FAINT CLICKS 
J-Louo cLicks 


IN MINUTES——— 


Fic 18—DISTRIBUTION OF LOUD AND FAINT CLICKS DURING COOLING. 
Alloy A (4.58 pct Mg) annealed at room temperature was suspended in glass tube surrounded 


by liquid nitrogen. 


rized in Fig 17 support the conclusions 
stated earlier, namely that conversion 
in annealed samples is never complete, that 
lower temperatures bring about greater 
conversion, and that the critical tempera- 
ture Ms is raised by addition of magnesium 
in solid solution—at least up to 12 atom 
pet. 


Sonic TEsts 


It has been mentioned that the transfor- 
mation on cooling is accompanied by clicks, 
as is also the strain-induced transformation 
and likewise the reversion to BCC on heat- 
ing when the heating is sufficiently rapid. 

-The clicks can be heard easily with the 
unaided ear if a sample is fastened to a 
metal rod in a way that will transmit the 
sound waves to the rod and cause it to 
vibrate. A convenient method for studying 
them is to attach a phonograph pickup to 
the rod or to a wire embedded in the 
sample, with the output feeding through 


tend to be louder than the later ones. Fig 18 
shows this graphically for one run on the 
4.58 atom pct alloy. The heavy bars 
represent the number of clicks in each 15 
sec interval that could be classed as me- 
dium or loud and the lighter ones represent 
the number that could be barely dis- 
tinguished above the background noises. 

The sounds are interpreted to mean that 
volume elements change structure by a 
rapid shearing motion similar to twinning, 
and that the first ones to snap over tend to 
be larger than the later ones. 

Sonic tests should be more sensitive than 
X ray diffraction in detecting the beginning 
of transformation, for with the latter 
method it is necessary to have several per 
cent of a phase present in order to 


detect it with certainty, whereas with the 


sonic method the first clicks in a large 
volume of metal can be heard. 

A curve for Ms in thoroughly annealed 
alloys, determined by listening to the clicks 
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with earphones, is reproduced in Fig 10. It 
will be noticed at once that there is sonic 
evidence for the transformation in some of 
the higher magnesium alloys that did not 
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clusion would be unsafe if it were thought 
that twinning of the BCC matrix could be 
caused by simply lowering the temperature 
slowly but such twinning has not.been ob- 


Ms BY SONIC TESTS, °K 


° 10 20 30 


40 50 60 70 80 


ATOM PER CENT MG 


Fie I9— BEGINNING OF TRANSFORMATION ON COOLING AS INDICATED BY AUDIBLE CLICKS. 
Alloys thoroughly annealed; data from first two or three successive coolings from room tem- 


perature. 


show the transformation in the X ray 
experiments. Probably this is caused partly 
by the added sensitivity of the sonic 
method and partly by the more thorough 
annealing given the sonic samples—they 
were heated in vacuum to within 100°C of 
the solidus temperature for 20 hr. They 
were approximately cubic in shape, }4 in. 
on a side. 

On the basis of these tests it is concluded 
that partial transformation occurs spon- 
taneously throughout the solid solubility 
range of magnesium in lithium, though at 
the higher magnesium compositions only a 
few clicks are heard and the amount trans- 
formed above 78°K is so small that it 
escaped detection by diffraction. This con- 


served in cubic metals and would not be 
anticipated -as’a cause of.clicks. 

The Ms temperatures in Fig 19 are some- 
what arbitrary but are intended to be the 
temperatures at which more rapid clicking 


‘begins after a few isolated clicks have 


occurred. 


MECHANISMS OF TRANSFORMATION 


On cooling and on cold working below 
Ms, the various low temperature modifica- 
tions form by an abrupt shearing motion of 
limited regions as martensite does, perhaps 
resulting in coherence across the phase 
boundaries and very probably with elastic 
stresses around each crystallite of trans- 
formed material. 
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On heating, two possible modes of trans- 
formation seem to be indicated, one an 
abrupt shear analogous to the untwinning 
of a crystal of tin when it is given a properly 
directed blow and the other a gradual 
movement of phase boundaries. Probably 
isothermal reversion to BCC is always by 
the gradual grain growth mechanism since 
clicking soon stops when any sample is held 
at a constant temperature. During rapid 
heating the process must be a mixture of 
the two mechanisms, for the softening data 
indicate that gradual boundary migration 
is to be expected and the audible clicks in- 
dicate that some abrupt shearing occurs. 


STABILIZATION BY ANNEALING 


It is possible to account for the stabilizing 
effect of holding samples at temperatures 
near Ac by assuming that the stabilization 
is caused by the relief of residual stresses 
generated during the formation of each 
plate of the low temperature phase. These 
residual stresses would be directed in such 
a way as to promote the reversion to BCC, 
hence stress relief should make reversion 
more difficult and make it necessary to go 
to higher temperatures to renew the rever- 
sion and to complete it. 

On the first cooling of an annealed speci- 
men there would be no residual stresses of 
this type, hence no stabilization from this 
cause would be expected during cooling. 
However, even when there are such stresses 
left from a previous reversion, the tempera- 
tures below Ms are doubtless too low to 
permit stress-relief and stabilization within 
reasonable times. 


THE ANALOGY WITH TWINNING 


The close analogy between the shearing 
mechanism with which martensite forms in 
steels and deformation-twins form in vari- 
ous metals has long been recognized. There 
can be little doubt that the present trans- 
formation belongs in the same category, 
occurs with the same velocity—certainly in 
the neighborhood of the velocity of sound 
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in the metal—results in similar straining 
of the metal in the vicinity, whether it be 
plastic or elastic, and is aided or inhibited 
by some factors in a similar way. 


This suggests that the stabilization 


brought about by cold work in lithium and 
its alloys may have a counterpart in twin- 
ning, namely, that cold work should tend to 
suppress deformation-twins. This, indeed, 
is known to be the case in ferrite for a slight 
plastic deformation will prevent the pro- 
duction of deformation twins (Neumann 
bands) by subsequent impacts that nor- 
mally would produce an abundance of 
twins. 

Whatever the causes for the dependence 
of the amount of FCC produced by working 
upon the temperature of cold working 
(Fig 2), it would seem likely that some of 
these causes would also control the amount 
of twinning produced by cold working 
metals at different temperatures. This is in 
accord with the fact that the amount of 
deformation-twinning of magnesium varies 
with temperature in a manner much like 
the dashed line of Fig 2, judging by recent 
semiquantitative X ray results.® 

Recent Russian work on the twinning of 
calcite under applied elastic loads should be 
mentioned here for not only can such twins 
be made to form, with a lens shape, 
within a crystal by pressing on the surface 
with a knife, but when the knife blade is 
removed the twinned portion untwins.!° 
Here is direct evidence of residual stresses 
capable of bringing about the reverse shear, 
the type of stresses that could be responsi- 
ble for the stabilization effects observed on 
heating lithium. 

Since the proper application of a load to 
a single crystal can twin large volumes of it, 
for example in tin or in calcite, it is possible 
that 1oo pct transformations of large 
volumes of lithium to the FCC form are 
possible with suitable straining of a single 
crystal at low temperatures. A reversion to 
the BCC form should likewise be possible 
with an impact in the opposite direction at 
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suitable temperatures, just as Chalmers 
was able to untwin a single crystal of tin.!! 
This possibility might be of value to in- 
vestigators who wish to study the latent 
heat of the transformation. 

It is known that the tendency for defor- 
mation-twins to form during the rolling of 
magnesium is greater with large-grained 
metal than with small. It would not be sur- 
prising, then, to find important grain size 
effects in the lithium case, a change in the 
hysteresis loop of the transformation as one 
goes from single crystals to powder to large- 
grained polycrystalline metal and to fine- 
grained metal. The role of strain energy of 
the plates when embedded in a nontrans- 
forming matrix might be demonstrated by 
such experiments. 


ANALOGIES WITH MARTENSITE AND 
Coxp-work “STABILIZATION” 


Without data on the orientation relation- 
ships in the lithium transformations, it is 
impossible to say just how exactly they 
parallel the martensite transformation. 
Unquestionably, however, the general simi- 
larity is close and it would be surprising if 
the relative orientations of the BCC and 
FCC phases are not one of the types that 
are found in steels and in iron-nickel alloys. 

The analogy with martensite suggests 
that steels should be susceptible to a high 
degree of stabilization by cold work. By 
analogy with the lithium transformation, 
a steel reduced in thickness by a consider- 
able fraction would be expected to increase 
markedly in percentage of martensite or 
possibly some other transition structure, 
reaching a percentage that depends on the 
working temperature after the manner of 
Fig 2. This should occur at all cold-working 
temperatures below the equivalent of the 
lithium Ms, point (presumably higher than 
the Ms point in the steels), and the strain- 


hardened steel should then be abnormally 


stable against further austenite decomposi- 


tion during subsequent thermal cycles in 


the low temperature range. That cold work 
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promotes some austenite decomposition is, 
of course, common knowledge with regard 
to austenite stainless steels and Hadfield’s 
manganese steels but we have been unable 
to find reports of the cold-work stabiliza- 
tion that is suggested here. 


THE PossIBLE ANALOGY WITH A3 IN [RON 


A comparison of the alpha-gamma trans- 
formation in iron with the lithium transfor- 
mation is instructive. At the slowest rates 
and with the highest purity materials, the 
iron transformation can proceed isother- 
mally!? both on heating and cooling. It 
occurs, of course, at temperatures where 
grain growth is possible, just as lithium 
transforms isothermally at temperatures 
where grain growth would be expected. 
There is always hysteresis!?:}* and a range 
of temperature is required to complete the 
transformation when heating and cooling 
is at moderate or fast rates,!% just as in 
lithium. 

These similarities suggest that if the rate 
of heating or cooling of iron were fast 
enough so that grain growth would not 
have time to occur, the transformation 
would take place by clicks, with twin-like 
regions of new phase being generated by an 
abrupt shear. Evidence on this point is 
entirely indirect; perhaps the orientation 
relationships and habit planes!4~*! and the 
form and orientation of “transformation 
twins’’!7 can be considered as favorable to 
the idea though the evidence is inconclusive. 


ANALOGIES WITH OTHER DIFFUSIONLESS 
TRANSFORMATIONS 


For the degree of similarity between the 
present results and other transformations 
which occur without diffusion the reader is 
referred to the summary by Troiano and 
Greninger.?! In metastable beta brass and 
in Fe-Mn alloys a different crystal struc- 
ture is produced by cold work than is found 
on simple cooling, not unlike the behavior 
reported here. 
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SUMMARY 


Lithium and the solid solutions of mag- 
nesium in lithium partially transform at 
low temperatures. The low temperature 
structure in lithium is tentatively identified 
as close-packed hexagonal; in the Li-Mg 
alloys it apparently differs from this al- 
though the diffraction pattern differs only 
slightly from that of HCP lithium. 

The transformation is accompanied by 
audible clicks and progresses while the tem- 
perature is lowered below a critical tem- 
perature Ms, but soon stops when the 
temperature is held constant or slightly 
increased. 

The transformation on heating is similar, 
being halted by constant or lowering tem- 
perature, and occurs over a range of tem- 
peratures above a critical temperature Ac. 
There is marked hysteresis between heating 
and cooling curves. At room temperature, 
after any low temperature treatments, only 
the usual BCC structure is found. To com- 
plete the reversion to BCC the temperature 
must be raised above Ac by an amount 
(40 or 50°C) that is sensitive to the rate of 
heating and the time of holding at tempera- 
tures above Ac—a stabilization effect. pos- 
sibly related to stress relief. The reversion 
is accompanied by clicks on rapid heating 
but these are few or absent on slow 
heating. % 

A phase identified as face-centered cubic 
is produced in lithium and some of the solid 
solutions of magnesium in lithium during 
cold work at low temperatures. This phase 
has a density almost identical with the 
usual form, and a unit cell dimension of 
approximately 4.40 A. It forms with audi- 
ble clicks during cold working at tempera- 
tures below 4 critical temperature Ms, and 
increases in amount with increasing defor- 
mation at any temperature below Ms. 

- Cold working stabilizes the BCC. form 
against further transformation on subse- 
quent cooling and against reversion on 
heating up to a temperature Ac, that is 50 
to 100° above Ac. Reversion to BCC can 
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occur either over a temperature range or 
isothermally (the latter presumably by 
movement of the phase interfaces). 

The polycrystalline metal is hardened by 
the transformation on cooling and softened 
by annealing briefly in the neighborhood 
of the reversion temperature for the cold- 
worked metal. 

Alloying with magnesium up to 12 atom 
pct magnesium raises all critical points; 
then increasing additions depress the tem- 
peratures required to produce a given 
amount of the low temperature material 
but traces of the phase change can be de- 
tected in sonic tests throughout the entire 
range of solid solutions. X ray diffraction 
tests place Ms at 71°K in lithium and 
130° + 10°K in the 12 atom pct alloy; Ac 
is 15 to 30°C higher than Ms; the highest 
magnesium content at which appreciable 
transformation occurs on cold working is 
about 25 atom pct, and on simple cooling is 
about 16 atom pct. Complete conversion 
is possible by low temperature cold-working 
of some of the alloys but has not been ob- 
tained in lithium down to 63°K. 

These transformations have interesting 
analogues in martensite and other dif- 
fusionless transformations and in 
deformation-twinning. 
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DISCUSSION 
(G. Sachs and W. M. Baldwin, Jr. presiding) 


G. Sacus—In opening the discussion, 
I would like to say that the picture ob- 
tained from the authors’ data is certainly 
very complex. Analogies to the behavior of 
other metals and alloys have been mentioned, 
and I hope it will be possible to confirm such 
analogies. 

It appears to me that the relation between 
quantity of transformation products and tem- 
perature of transformation is not quite con- 
elusive, if cold work is applied. Mechanical 
work creates heat which may result in effective 
temperatures which are higher than those 
recorded. 
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B. L. Aversacu*—The authors are to be 
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congratulated on their discovery of this very 
interesting martenisitc transformation in lith- 
jum. This diffusionless shear decomposition 
of a BCC structure into a FCC or HCP struc- 
ture has very striking analogies with the 
martensite reaction in iron alloys, and as the 
authors suggest, it may clear up certain points 
in the ferrous system which are at present 
difficult to interpret. 

In a study of the martensite reaction in 
iron-nickel alloys, Scheil* proposed a quali- 
tative scheme which summarizes the conditions 
under which the martensite reaction starts, 
and this scheme seems to fit the lithium case 
nicely. In Fig 20 the critical resolved shear 
stress for the slip of a single crystal, 7, is 
plotted as a function of temperature, and the 
stress necessary to cause plastic flow may thus 
be indicated for any given temperature range. 
If, however, this crystal happens to be of a 
type such that applied shear can produce 
another phase by a martensitic reaction, then 
the possibility of martensite formation can 
also be shown on the same diagram. When 
martensite} forms, at least a small portion of 
the high temperature phase must be thermo- 
dynamically and mechanically unstable, and 
at a temperature 7, a shear stress of —71t 
opposite in direction to that in which the 
lattice must shear to form the new phase is 
needed to prevent the martensite from forming. 
If this opposing stress has a temperature 
dependence as shown in the figure by the 
curve tm{, then at higher temperatures the 
application of a shear stress in the proper 
direction is able to produce martensite pro- 
vided the stressing is done at a temperature 
below T,.{ Above Tat slip planes are produced 
more readily than martensite plates, and in 
the neighborhood of T.{ both martensite and 
slip planes are produced simultaneously. Scheil 
demonstrated this qualitatively in iron-nickel 
alloys. There is a temperature, therefore, where 
the shear stress which must be applied to 
form martensite is zero, and this is the ordi- 


*E. Scheil: Uber die Umwandlung des 
Austenits in Martensit in Eisen-Nickelle- 
gierungen unter Belastung. Zésch. An. Chemie, 
207, 21, (1932). 

+ Here martensite is taken to mean the prod- 
uct of a martensitic reaction whether it be 
FCC, HCP, BCC, or tetragonal, and does not 
refer to any specific structure. 

{ To apply to single crystals. 
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nary M,* temperature. At M,*, or below, 
martensite is formed without any applied 
stress, and as a matter of fact, a stress in the 
opposite direction must be applied if the reac- 
tion is to be prevented. 


APPLIED SHEAR STRESS 


Tt M 


LOW TEMPERATURE TRANSFORMATIONS IN LITHIUM 


plastic deformation) is apparently about 100° K 
as shown in this investigation. 

To correlate further with effects observed by 
Scheil in iron-nickel and by Troiano and Tokich 
in cobalt, there should be a grain size effect 


Aw 


s Ta. 


TEMPERATURE ——~ 


Fic 20—CRITICAL RESOLVED SHEAR STRESS OF T PLOTTED AS FUNCTION OF TEMPERATURE. 


In this discussion the term stress is used to 
indicate plastic stress, but actually it is 
plastic strain rather than stress which is im- 
portant in martensite formation. Apparently 
elastic stresses do not affect this reaction to any 
appreciable extent. 

The previous discussion applied to a single 
crystal of the high temperature phase. For a 
polycrystal, additional barriers to martensite 
formation in the form of grain boundaries and 
slip planes may be present, and the r,* curve is 
shifted to the line shown by rm. The M, is now 
somewhat lower, T.* is lowered to TJ, and 
somewhat more stress is now needed to promote 
the reaction. For lithium, M, (the temperature 
at which martensite forms spontaneously on 
cooling) is 73°K while T, (the highest tempera- 
ture at which martensite can be produced by 


* To apply to single crystals. 


whereby the M, is raised as the grain size is 
increased. There are, however, understandable 
difficulties in the metallography of pure 
lithium, but perhaps the M, and 7, tempera- 
tures for a single and polycrystal could: be 
measured to check this point. 

This diagram merely indicates under what 
conditions the martensite reaction will start 
and says nothing about the amount of trans- 


formation. A study of the kinetics would be - 


very helpful in understanding the mechanism of 
the reaction, and the orientation relationships 
between the decomposition product and the 


matrix phase would also be necessary in an- 


investigation of the nature of this shear reaction. 

The data on lithium do clarify an interesting 
point on the type of stresses involved in the 
martensitic reaction. For steel, the austenite- 
martensite reaction results in a 4 pct volume 
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increase, and it has been presumed that a 
volumetric stress thus generated influenced the 
reaction in some way. In lithium, however, the 
BCC, FCC, and HCP phases all have about 
the same specific volume so that no volumetric 
stress is present. This merely emphasizes that it 
is plastic stress or more accurately plastic strain 
which is important in the martensite reaction. 
The authors have also shown that the prod- 
uct produced by deformation is different from 
that produced by cooling alone, although both 
products are close-packed and quite similar on 
an atomic scale. This point also remains to be 
checked in the iron system, and it seems that 
investigations of this type may be the beginning 
of a new attack on the question of martensite. 
To summarize, we now think of the marten- 
site reaction as having the following charac- 
teristics: 1. It is diffusionless and involves no 
change in chemical composition. 2. It takes 
place mainly during cooling. 3. It cannot be 
suppressed by increasing the cooling velocity. 
4. It takes place by a shear mechanism. 
Another criterion for the martensite reaction 
may, however, be added. The martensite reac- 
tion proceeds with plastic deformation alone at 
a temperature above M, but below Ta. Above 
T. plastic deformation produces only slip in 


. the austenite, and this slip actually hinders any 


subsequent martensite reaction: This latter 
criterion is useful in dealing with the y >a 
transformation which takes place in austenite 
18-8 on plastic deformation, it fits the lithium 
and iron-nickel cases, and seems to be valid for 
the cobalt transformation as well. 

In a diffusion reaction, stress alone will not 
cause the reaction to proceed, and there is no 
sharp cut-off temperature above which plastic 
deformation will actually inhibit the subse- 
quent reaction. It seems, therefore, that this 
additional stress criterion is valid for the mar- 
tensite reaction and it may be used as another 
distinguishing feature of this type of kinetics. 


R. Smotucnowski*—The results of the 
paper bring a host of new facts to be explained 
and seem to open anew field in the investigation 
of relative stability of various polymorphic 
transformations. Among the many problems 
which should be cleared up, one seems par- 
ticularly striking: the apparent preference of 


* Carnegie Institute of Technology. 
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the body-centered lattice to transform at low 
temperatures to a hexagonal close-packed 
rather than to a face-centered cubic lattice. The 
latter is obtained only on deformation at low 
temperatures. Both lattices are close-packed so 
that the final density apparently does not play 
an important role. 

It seems that the following very rough 
method of approach may indicate the possible 
reason for the preference to form a hexagonal 
lattice. As we look upon a body-centered lattice 
it appears that it is not very different from a 
hexagonal lattice if we consider the (110) 
planes of the body-centered lattice to become 
the basal close-packed planes of the hexagonal 
lattice. The important thing is that the relative 
superposition of these planes in the body-cen- 
tered lattice corresponds to that characteristic 
of the hexagonal lattice, thus it follows the 
sequence ABABAB. In order to form a face- 
centered cubic lattice, not only the atoms in 
the (110) planes of the body-centered lattice 
have to rearrange themselves slightly so as to 
make the planes close-packed, but also the 
sequence of the planes has to be changed into 
ABCABCABC. Thus it involves appreciable 
displacement, shear of the lattice. If we imagine 
a certain area of a single body-centered plane to 
try to become close-packed, then it will choose 
the hexagonal sequence of planes for which no 
large scale shear is necessary. The energy in- 
volved in such a process naturally would de- 
pend upon the size of the area which transforms. 
If we limit ourselves to consider a very small 
area, then it is easy to make a rough semi- 
quantitative estimate of the energy. Let us call 
this small area a nucleus of the new phase, al- 
though this should not imply any further 
growth which, in view of the low temperature 
at which the transformation occurs, is quite 
unlikely. Shear is probably the more correct 
mechanism to assume. When such a nucleus 
forms, it produces strain in the surrounding 
matrix and also the nucleus itself is strained by 
the matrix. For a rough comparison, we shall 
estimate only the strain in the nucleus, assum- 
ing the surrounding matrix to be strain-free in 
both cases, or strained in proportion to the 
strain in the nucleus. Let us consider a body- 
centered lattice as shown in Fig 21 and in par- 
ticular the five atoms, A, B, C, D, and E. The 
smallest number of atoms necessary to dis- 


‘ 
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tinguish between a face-centered and a hexag- 
onal close-packed lattice is five. By proper 
displacement of these five atoms, the nucleus of 
a hexagonal or of a face-centered lattice can be 
formed. It can be shown that for a hexagonal 


LOW TEMPERATURE TRANSFORMATIONS IN LITHIUM 


tion on both ends of the copper-silver system, 
as well as of such phenomena as influence of 
silicon on the slip system of alpha iron and 
others. A more detailed publication is to 
appear soon. 


ne 


Fic 21—Bopy-CENTERED LATTICE WITH ATOMS A, B, C, D AND E. 


lattice only the atoms B, C, and E have to be 
moved. To form a face-centered lattice all five 
atoms have to be slightly displaced. As a first 
approximation, the elastic energy is assumed to 
be proportional to the sum of the squares of the 
displacements of the individual atoms. By in- 
troducing arbitrary parameters, one can com- 
pute the energy and minimize it with respect to 
these parameters. This gives the minimum 
energy necessary to form the nucleus which for 
the hexagonal lattice turns out to be 0.94 and 
for the face-centered 1.79 in some arbitrary 
units; thus giving almost a factor of 2 in favor 
of the hexagonal lattice. Table 5 indicates 
the coordinates of the five atoms in the three 
cases. All this computation is made on the 
assumption that the effective atomic radius 
does not change during the transformation and 
also that the hexagonal lattice is close-packed. 
Both these assumptions seem to be justified by 
the results of the paper. 

The method used in this calculation, al- 
though very rough, seems to be successful also 
in explaining other phenomena. A _ recent 
investigation made by Mr. Opinsky and myself 
provides a plausible explanation of the differ- 
ences in the habit plane observed in precipita- 


C. S. Barrett (authors’ reply)—In reply 
to Dr. Sachs’ proposal that cold working the 
samples may have raised the temperature of 
the samples, it should be stated that this 
effect was expected and precautions were taken 
to minimize it. Each specimen was compressed 
between copper blocks large enough to absorb 
the heat of deformation from the thin speci- 
men without appreciable rise in temperature, 
the contact with the blocks was good, and the 
contact surface was large compared with the 
thickness of the specimen so that the heat 
would readily diffuse from specimens to blocks, 
and the rate of deformation was slow, a 
typical reduction requiring 4 to 10 sec. In some 
experiments compression was carried out in 
stages and the specimen and its surroundings 
were brought to the required temperature 
before each stage of reduction. While heating 
effects were not eliminated entirely, we feel 
that our technique reduced them to a value 
comparable with the other errors in the 
measurements. 

We appreciate Dr. Averbach’s discussion, 
which reviews Sheil’s observations that in 
iron-nickel alloys M, is lowered by prior cold 
work, and is raised by cold work at working 
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temperatures just above the normal M,, as in 
the experiments of the present paper. In this 
laboratory A. W. McReynolds has recently 
confirmed both of these effects in iron nickel 


- alloys using electrical resistance measurements. 
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should be given the results. In spite of these 
approximations, the results seem more en- 
couraging than some computations that I have 
been carrying out in a different approach to 
the same general problem. I have assumed 


TABLE 5 
B.é.c. Hex. F.c.c. 
x y 3 « y z % y z 
A 2hr~/2 ° [e) 2hr~/2 (a) oO 2h 2 d — 2h te) 
B te) Ons 2h to) h I Co} d-—h I 
C oma: —2hv/2 ts) Ors —2h to) ° d— Ah (0) 
D —2hr/2 ty) ra) —2hrv/2 ra) oO —2hvV/2| d oO 
E ° (0) —2h ts) h —I (0) d—h —I 


Where h = +/%, d = 36h(2 — ~/2). Atomic radius equal unity. 


The correlation between M, and grain size 
that was observed by Scheil has not been 
investigated in lithium, but judging by the 
available data on ferrous alloys and on cobalt, 
it seems highly probable that a high tempera- 
ture anneal causing grain growth will also 
cause raising of the M, temperature. It might 
be added that this does not necessarily prove 
that grain size is the controlling factor in such 
cases; alternate proposals are currently being 
made by Hollomon and his co-workers. 

In discussing the criteria for these diffusion- 
less transformations, it would be well to avoid 
assuming that below a certain temperature 
(T,) cold work promotes, and above Ta cold 
work inhibits subsequent spontaneous trans- 
formation, for the experiments show that 
cold work at any temperature below the 
softening temperature always tends to in- 
hibit subsequent spontaneous transformation 
whether or not it is at a working temperature 
such that the strain transformation is induced. 
Cold work not only produces a structure (FCC) 
that differs from the product formed during 
simple cooling, but it leaves the matrix frag- 
mented and microscopically strained, and 
either or both features may be important in 
the reaction kinetics. 

It is interesting that Dr. Smoluchowski’s 
computations suggest that the spontaneous 
product should be HCP rather than FCC. 
With the assumptions he makes of elastic 
anisotropy, of elastic energy proportional to 


the sum of the squares of the displacements, 


of a minimum of atoms being displaced, and 
others, it is difficult to judge what weight 


the new phase is formed in the shape of a thin 
plate that is coherent with the matrix, but of 
a size such that it has the anisotropic elastic 
constants of bulk material. Assuming that the 
strain parallel to the plane of the plate is that 
which is demanded by coherence with the 
matrix, and that the strain normal to the 
plate is such that the elastic strain energy of 
the plate is a minimum, the strain energy in 
the plate can be computed. For the case of 
precipitation in the copper-silver system, an 
excellent test for such theories, the compu- 
tations predict precipitation on (100) in 
preference to (111) planes of the matrix at both 
ends of the system, but this is observed only 
at the copper-rich end. ANI 
If these transformations are to be fully 
understood, more detailed information must 
be obtained on the crystal structures and 
orientation relationships between phases. To 
this end we are now supplementing the powder 
diffraction data with other X ray photographs. 
The data obtained thus far indicate that the 
structure formed on simple cooling of both 
lithium and the alloys differs somewhat from 
the structure tentatively proposed in this 
paper; a striking feature of the structure is that 
it consists of atomic layers that are stacked - 
in an array that is not regular but that con- 
tains stacking errors. Cold work at low tem- 
peratures, like thermal agitation at high 
temperatures, is an agency that promotes the 
atomic rearrangements necessary to remove 
stacking errors, for after cold work the struc- 
ture has developed the stacking sequence 
characteristic of the FCC lattice. 


An Electrolytic Method for Pointing Tungsten Wires 


By W. G. Prann,* Junior MemBer AIME 
(Chicago Meeting, October 1947) 


THE problem of forming points on 
wires that were from 0.002 in. to 0.010 in. 
in diam arose in the recent, appearance 
of silicon and germanium point contact 
rectifiers as elements in microwave radar. 
In these devices a pointed tungsten wire 
makes a delicate contact with the surface 
of a semiconductor. Because the quality 
of such rectifiers is largely determined 
by the nature of this contact, considerable 
attention has been given to the formation 
of the metal point. Reproducibility of 
contour and freedom from burrs and even 
microscopic irregularities are considered 
essential. The operations involved must 
be simple and rapid enough for mass 
production. 

Previously tungsten wires had been 
provided with conical points by a grinding 
method which involved rotating a wire 
about its axis and causing it to bear at 
an oblique angle against a spinning abrasive 
disc. This was later complemented with an 
electrolytic polishing treatment which 
removed irregularities from the ground 
point and also rounded it off at the tip—a 
desirable feature. Finally, these operations 
were supplanted by the electrolytic point- 
ing method described here. 


MECHANISM OF POINT FORMATION 


The wires to be pointed are partially 
- immersed in an electrolyte in a vertical 


Manuscript received at the office of the 
Institute Feb. 27, 1947. ose = TP 2210 in 
METALS TECHNOLOGY, June, I 

* Metallurgist, Bell Maephone Ce yrs 
Murray Hill, N.J. 

1jJ. H. Scaff and R. S. Ohl: Development of 
Silicon Crystal Rectifiers for Microwave Radar 
Receivers. Bell System Tech. Jnl. (1947) 26, 
I-30. 


position whereupon they are provided 
with smooth rounded points entirely 
by electrochemical action. The process is 
independent of the depths to which the 
wires penetrate the electrolyte because 
the points are formed at the surface level. 
It may be used to point a single wire or 
many of them simultaneously and is 
applicable to wires of different diameters 
within a limited range. 

Solution of the immersed portion of a 
tungsten wire is accomplished by making 
it the positive electrode in an electrolytic 
cell, as shown in Fig 1. While the wire is 
maintained at constant voltage the current 
through the cell falls continuously, prin- 
cipally because of the decrease in wetted 
area which results from solution of the 
tungsten. This increase in resistance 
occurs in a reproducible manner and is 
used as a control in the process. 

As the immersed portion of the wire 
dissolves, it remains cylindrical in shape 
except for the short section which is 
wetted by the meniscus. Here the rate 
of solution is lower and decreases as the 
top of the meniscus is approached. The 
result is the formation of a tapered section 
inside the meniscus. As solution continues, 
the cylindrical section either dissolves 
entirely or drops off just before complete 
solution, leaving only the taper which is 
now sharply pointed. Further action 
causes this point to become rounded and 
then quite blunt, until finally the end of 
the wire is almost plane. Fig 2 shows the 
stages in this development. Contour 2F is 
most representative of those used in point 
contact rectifiers. Thus a variety of point 
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shapes is available, any of which can be 
had simply by stopping the process when 
the cell current falls to the proper value. 
The electroformed points have surfaces of 
high luster, an effect which is heightened 
by subjecting them to a somewhat higher 
voltage for a fraction of a second at the 
completion of the process. 


ELECTROLYTE 


The electrolyte is an aqueous potassium 
hydroxide solution, usually a 38 pct by wt 
composition. It contains a certain amount 
of copper the function of which will be 
brought out below. The concentration of 
potassium hydroxide is not critical. The 
mechanism of point formation remains 
essentially unchanged over a range from 
to pct to 50 pct of potassium hydroxide, 
although the shut-off current and time 
do vary with composition. The pointing 
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sium hydroxide proceeds by the formation 
of potassium orthotungstate as follows:? 
Wt + 60H- — W(OH), 
W(OH), + 2KOH — K2WO, + 4H20 
About 650 cc of electrolyte can point at 
least 10,000 tungsten wires 0.005 in. in 


Fic I—ELECTROPOINTING CIRCUIT. A POTEN- 


TIAL DIFFERENCE OF ONE VOLT IS MAINTAINED 
BETWEEN THE TUNGSTEN WIRES AND THE CATH- 
ODE THROUGHOUT THE POINTING ACTION. 


diam, assuming a.depth of immersion of 
1g in. 
CATHODE 


The cathode is a copper gauze which 
has previously aged in electrolyte for a 


nn" 


Fic 2—MICROGRAPHS OF 0.005 INCH TUNGSTEN WIRES AT SUCCESSIVE STAGES OF ANODIC SOLUTION. 
MAGNIFICATION 100 X. 


time for 0.005 in. diam tungsten wires 
varies from about 134 min. in a 50 pct 
solution to 5 min. in a 1o pct solution. 
Even lower potassium hydroxide con- 
centrations can be used. These values 
are for an applied voltage of 1.0. 

The volume of electrolyte is of im- 
portance only insofar as the potassium 
hydroxide is depleted by electrochemical 
reactions with the tungsten and cathode. 


- The anodic solution of tungsten in potas- 


time sufficient to form an appreciable 
coating of copper oxide. If a cathode of 
clean copper is used, an evolution of 
hydrogen gas occurs. This cannot be 
tolerated as the resulting agitation inter- 
feres with the pointing by disturbing the 
menisci. The effect of the oxide coating 
is to make the cathode self-depolarizing, 
thereby preventing gassing. 

2Koerner: The Electrolytic Behavior of 


Tungsten Trans: Amer. Electroch. Soc. (1917) 
31, 221-255. 
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To conserve the cathode coating it is 
necessary to observe an upper current 
limit for a cathode of given area, as the 
cathode coating can be exhausted in a 


AN ELECTROLYTIC METHOD FOR POINTING TUNGSTEN WIRES 


intensity of this coloration is a function of 
copper concentration and is used as an 
indication of the amount of copper in the 
electrolyte. The influence of copper on 


Fic 3—PuMP-SIPHON APPARATUS FOR VARIATION, OF THE LEVEL OF THE ELECTROLYTE. PRES- 
SURE FROM THE RUBBER BULB FORCES LIQUID FROM THE AUXILIARY CONTAINER INTO MAIN VESSEL. 
REVERSING THE STOP COCK PERMITS THE LIQUID TO SIPHON BACK. 


few operations if the current is too high. 
Since it takes several days to form a new 
coating it is desirable that this be avoided. 
The current can be effectively limited by 
keeping the ratio of wetted tungsten 
area to cathode area below a certain 
minimum. The marginal value is about 
o.o1. For example, a cell having a cathode 
area of 150 sq cm facing the tungsten 
wires can be used to point about t00 
wires, 0.005 in. in diam for a depth of 
immersion of about \ in. Incidentally, 
for these conditions the initial current 
for an applied potential of 1 volt is on 
the order of 1.5 amp. The shut-off current 
is about 0.025 amp, or 0.25 ma per point. 
The pointing time is approximately 24 
min. Increasing the wire diameter causes 
an increase in pointing time and in shut-off 
current, as would be expected. The current 
density at the tungsten-electrolyte inter- 
face is on the order of 1 or 2 amp per sq cm 
throughout the process. 


EFFECT OF COPPER 


It has been found that the introduction 
of copper to the electrolyte has several 
effects of which advantage can be taken 
in practice. To be effective the copper 
must be in solution. It forms a complex 
ion which has a deep blue color. The 


the electropointing action is evident in 
the following ways: 

1. The meniscus that clings to each 
wire must hold its position until the 
point is completely formed. When potas- 
sium hydroxide alone is used the meniscus 
is easily broken by the slightest vibration 
or draft. This problem was quite serious 
until it was discovered that a solution 
of a small amount of copper in the elec- 
trolyte strikingly improved the holding 
ability of the menisci. The effect is height- 
ened as the intensity of the blue color is 
increased. 

2. The existence of copper in the 
electrolyte has an effect on the condition 
of the cathode coating. This coating is 
depleted during the pointing action but 
reforms upon aging in potassium hydroxide 
solution. It builds up much more rapidly, 
however, if the electrolyte is maintained 
at a deep blue color. Since copper is 
removed from solution by the cathode 
during use of the cell it has been the 
practice to maintain the electrolyte above 
a certain minimum color intensity by 
additions of cupric chloride as often as 
necessary. 

3. Each of these considerations demands 
a minimum copper concentration in the 
electrolyte but places no upper limit on 


? 
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copper content. If a concentration of 
1.1 mg of copper per milliliter is exceeded, 
pointing cannot be accomplished. The 
points become pitted, irregular in shape, 
and covered with a dull film. 

With a little experience an operator 
can maintain the solution within the 
proper color limits by visual estimation. 
For more precise control a photometric 
method based on percentage light trans- 
mission at a wave length of 650 milli- 
microns has been developed. 

Copper is usually added to the elec- 
trolyte in the form of a salt such as cupric 
chloride. Only a small portion of the 
salt dissolves, however. Most of it pre- 
cipitates as light blue cupric hydroxide 
which shortly converts to black cupric 
oxide. The precipitate has no effect on the 
pointing action and is usually removed by 
decantation. The copper which does 
dissolve is metastable. It slowly precipi- 
tates as cupric oxide with resultant 
decrease in the intensity of the blue 
color. The solution is essentially stable 
over a period of several days, however. 


ADJUSTMENT OF LEVEL OF ELECTROLYTE 


The electrolyte is contained in a glass 
vessel of convenient size and shape. The 
upper rim is ground flat and provision is 


- made for positioning it in a horizontal 


; 


; 


plane by supporting the vessel on a tripod 
base with adjustable feet. 

An arrangement for regulating the level 
of the electrolyte is shown in. Fig 3. 
Auxiliary to the main vessel is a reservoir 
for transfer of electrolyte to or from the 
larger container by a pump-siphon arrange- 
ment. To raise the level, pressure is applied 
to the reserve liquid by a rubber aspirator 
bulb fitted with a one-way valve. To 
lower the level the two-way stopcock is 
opened to atmospheric pressure, thereby 
permitting the liquid to flow from the 
main vessel by siphon action. The level 
of the electrolyte can be regulated quite 
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precisely by carefully manipulating the 
aspirator bulb. 

Accurate control of the height of the 
electrolyte is of practical value because 
it is a means of bringing all contact wires 
to a desired overall length. This may be 
illustrated for S-spring assemblies of the 
kind used in one type of rectifier. These 
are seated in a holder so that all bottom 
in the same plane. When this holder is 
inverted and placed on the rim of the 
container all wires will have the same length 
after pointing if the rim lies in a horizontal 
plane. Spring lengths can be controlled. 
fairly well by judging the liquid level by 
eye. For greater accuracy a different ar- 
rangement may be used. Two flat bot- 


*tomed pins of a nonconducting material 


project downward from the holder so 
that their mean length corresponds to 
that desired for the springs. One is set 
0.001 or 0.002 in. shorter and the other 
the same amount longer than this length. 
The liquid is then carefully raised so 
that it wets only the lower pin. A pair 
of such pins placed at each end of the 
bar- can be used to obtain equivalent 
accuracy in leveling the holder. 


SUMMARY 


The electropointing method that has 
been described was developed and used 
in manufacture during the war. It is 
simple and rapid and requires only ele- 
mentary apparatus. It is quite flexible, 
as a difference in wire size or in the point 
configuration desired involves little more 
than a change in the value of the shut-off 
current. The method has a very general 
aspect in that it is possible to produce 
points of any desired degree of sharpness 
on tungsten and molybdenum. Further- 
more, by selection of suitable electrolytes, 
cathodes, and voltages the principles dis- 
cussed should be applicable to a variety 
of metals. 
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DISCUSSION 
(J. W. Scott and H. H. Uhlig presiding) 


H. H. Untic*—Some years ago, the late 
Dr. C. F. Burgess compiJed a number of electro- 
chemical methods for finishing metal parts, 
among which he listed electropolishing and 
various methods of forming holes or threads in 
nonmachinable metals by anodic corrosion. 
This paper by Mr. Pfann may be considered a 
contribution to that list. 

Do I understand that the described method 
of pointing wires is presently being used for 
component parts of rectifiers? 


W. G. Prann (author’s reply)—Yes, it is in 
use now, and of course saw use during the war 
when rectifiers of silicon and germanium were 
produced in large numbers. 


J. W. Scorr}—I might ask one question: 
In drawing very fine wires there is quite a 
problem of pointing wires sufficiently to stick 
them through the die in order to get reduction 
started mechanically. Would the author’s 
method be applicable to such a problem? 

* Massachusetts Institute of Technology, 


Cambridge, Mass. 
t+ Western Electric Co., Chicago, Ill. 
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W. G. PFANN—Yes. 


J. W. Scort—If the wire is particularly 
ductile, pointing can sometimes be accom- 
plished by manually elongating to ultimate 
fracture, but some metals are not susceptible 
to that procedure. 


W. G. Prann—It is interesting that several 
patented methods of pointing wires seem to 
have been prompted by the desire for a means 
of starting a wire through a die. A point having 
a longer, more gradual taper than those pro- 
duced by meniscus pointing is desirable for this 
purpose. However, by simply dipping a wire 
into an agent capable of dissolving it and then 
slowly withdrawing the wire one could produce 
the effect in which you are interested. 


J. DrapEau*—A thought occurred to me 
that this method might find other applications. 
Would it not be possible to produce phono- 
graph needles by the principles involved in this 
paper? One of the pictures looked like a hypo- 
dermic needle. Without a doubt the present 
methods employed are better but I would like 
to suggest that this method might be adaptable 
to needles for phonograph records and hypo- 
dermic needles. 


* Metals 


Refining Company, Hammond, 
Indiana. : 
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Thin Oxide Films on Tungsten 


By E. A. GULBRANSEN* AND W. S. Wysonc* 
(Chicago Meeting, October, 1947) 


Tue behavior of tungsten and its 
surface oxides in oxidizing and reducing 
atmospheres and in high vacua at ele- 
vated temperatures is a question of con- 
siderable technical importance. The use 
of tungsten as a metal or as an important 
component in alloys in high temperature 
oxidizing atmospheres has been limited 
because of the unprotective nature of its 
oxide film and the volatility of its oxide. 
This paper will present results of a micro- 
balance study?.? of the following problems: 
(1) the oxidation behavior in the tem- 
perature range of 25 to 550°C (2) the 
reduction with pure hydrogen of thin 
oxide films formed on tungsten, and 
(3) the volatility of thin oxide films on 
tungsten. 

Tungsten is an interesting metal to 
study for the following reasons: (x) al- 
though the oxide to metal volume ratio 
is greater than one, the oxide is not con- 
sidered protective, (2) the metal readily 
oxidizes at temperatures from 300° to 


_ 550°C (3) the oxides WO2 and WOs are 


reduced at temperatures as low as 500°C. 
by hydrogen, and (4) the oxide WO; is 
volatile at temperatures from 800 to 
r100°C, 


LITERATURE 


The oxidation of tungsten in its thin 
film range has not been studied critically. 
In the thick film range Dunn’ has made 
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the only systematic study. He found the 
oxidation rate to obey the parabolic rate 
law in the temperature range of 700 to 
goo°C. The temperature variation of the 
oxidation rate constant was found to 
follow an exponential law of the Arrhenius 
type. An inflection was noticed in the 
temperature plot of the rate law constant 
at 850 to 900°C. This was attributed to a 
phase change in the oxides. Scheil* has 
studied the oxidation rate at 500 and 
700°C over long periods of time and found 
a linear rate law. This result was inter- 
preted as evidence for the presence of a 
nonprotective film. Pilling and Bed- 
worth’s® analyses of the oxide volume to 
metal volume ratio would indicate that a 
compact protective film should form. 

McAdam and Geil® have studied the 
oxidation of tungsten in the thin film 
range using the interference color method. 
A parabolic rate law was found. Their 
curves showed that tungsten oxidizes 
faster than nickel but more slowly than 
iron. 

The lattice structures found in the 
oxidation of tungsten surfaces have been 
studied by Hickman and_ Gulbransen.’ 
They have reported that WO; is the 
stable oxide in contact with the metallic 
substrate up to approximately 600°C 
while WO, forms first at 700°C. 

Hagg and Magneli® have recently 
reported a study of the lattice structures 
observed in the tungsten oxides using the 
X-ray diffraction method. In addition to 
an a-phase WO; and a 4-phase WO2, 
they reported the existence of two new 
phases. A §’ phase, homogeneous between 
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WO2.9; and W0O2.2, forms thin blue 
needles when heated to 1tooo°C and has a 
monoclinic cell. A y-phase, homogeneous 
between WOz.33 and WOz.50, forms reddish 
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APPARATUS 
The microbalance with its auxiliary 
apparatus is essentially the same as the 
one previously described.1? The method, — 


Fic 1—MIcROGRAPH SHOWING SURFACE OF THORIATED TUNGSTEN. DARK SPOTS INDICATE CRYSTALS 
' OF THORIUM. 


violet crystals which are monoclinic. 
This phase has a possible formula of 
W0u1. 

The behavior of tungsten in oxygen, 
hydrogen and mixtures of oxygen and 
hydrogen has been studied by Langmuir? 
in the temperature range of 1000°C. 
and higher using the thermionic emission 
technique. This type of experimentation 
has shown the unique character of the 
oxygen monolayer in its effect on the 
properties of tungsten as a thermionic 
emitter. Additional evidence confirming 
the properties and stability of this oxygen 
monolayer have been made by Morrison 
and Roberts!° using the change produced 
in the accommodation coefficient of the 
carrying gas. 


in brief, is to suspend a 5 mil sheet of the 
metal from the beam of a sensitive quartz 
microbalance operating in an all glass 
vacuum system. The weight change of the 
specimen is followed continuously as the 
several operations are performed upon it. 
These operations include evacuation to 
pressures of to-§ mm of Hg or better, 
degassing, reduction of the oxides with 
pure hydrogen, and oxidation of the metal 
specimen. Each of these operations can 
be carried out over a temperature range 
of —183° to 1c00°C cm and over a pressure 
range of 1o-§ mm to 0.2 atm. 

The balance has a sensitivity of 0.86 
divisions (x division equals 0.0or cm) 
per microgram for a sample weight of 


0.6840 g. The period of the balance is 
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8 sec. The balance is checked periodically are reproducible to }4 of a division or 
for stable zero point and negligible tem- approximately 0.3 X I07® g. 

perature and pressure coefficients. A The gas purification trains for the 
scale micrometer microscope is used to preparation of the hydrogen for the 
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reduction experiments and the oxygen 
for the oxidation experiments have been 
described.! The final stage of the hydrogen 


observe the beam and to record the 
deflection relative to a fixed point on the 
quartz supporting frame. ‘The readings 
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purification is a palladium diffusion tube 
operating at temperatures of 300 to 
500°C. Liquid air traps are used extensively. 


©, ADDED TO 76cm 


db.g./em2 
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placed in the traps during the evacuation. 
All samples are given a preliminary de- 
gassing treatment by heating the quartz 


EVACUATED TO 10° 6cm ae 


or (MIND) 


Fic 8 (above)—ROOM TEMPERATURE OXIDATION 7.6 CM Oz AFTER HYDROGEN REDUCTION INITIAL 
FILM AT 1000°C AND 2.2 CM He. 

Fic 9 (below)—ROoOM TEMPERATURE OXIDATION OF UNPOLISHED TUNGSTEN AFTER THICK OXIDE 
FILM REDUCTION BY HYDROGEN, 600°C. 


A furnace of large heat capacity is 
controlled to +5 degrees of the correct 
temperature. The temperature of the 
furnace could be varied from 25 to 1025°C. 
For temperatures above 500°C a quartz 
tube connected to the pyrex system by a 
transition seal is used to contain the 
sample. 


METHOD 


The weighed tungsten sample is placed 
on the balance beam and checked for 
beam alignment. The glass balance tube is 
sealed off. The apparatus is evacuated to 
ro-® mm of Hg or better. Liquid air is 


specimen tube to 575°C over a period of 
30 min. If an oxidation rate experiment 
is to be mfade, the furnace, controlled at 
the desired temperature, is raised around 
the specimen tube. After thermal equilib- 
rium is attained, a preliminary set of 


‘readings of the balance beam and furnace 


temperatures is taken. Oxygen is now 
admitted from the dosing system to the 
desired pressure. Readings of the balance 
beam are taken at fixed intervals during 
the oxidation. At the end of the oxidation 
the system is evacuated and a final set of 
readings is taken. 

If a hydrogen reduction is to be made, 
the specimen is heated to the desired tem- 
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perature and a series of preliminary read- 
ings taken after thermal equilibrium is 
attained. Pure dry hydrogen is_pre- 
‘pared by diffusion through a palladium 
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is evacuated after completion of the 
reduction and a final series of readings 
taken. 

Room temperature oxidation of a clean, 
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Fic 10 (above)—HyDROGEN REDUCTION OXIDES OF TUNGSTEN LOG 7H 


500 
TEMP. °C 


600 700 800 


PH20 ‘ 
VERSUS TEMPERATURE 
2 


DEGREES CENTIGRADE. 
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tube and collected in a large reservoir. 
The apparatus is now flushed with hydro- 
gen and a charge of hydrogen added for 
the reduction. This is carried out by the 
lowering of two mercury shutoffs and the 
use of the vacuum pumps. Readings of 
the balance beam are taken at fixed in- 
tervals during the experiment. The system 


oxide-free surface is made by remoying 
the oxide film at high temperature in a 
manner described above. The specimen 
is cooled in a hydrogen atmosphere to 
prevent reoxidation of the surface. A 
preliminary set of readings is taken before 
the addition of the oxygen. The balance 
beam is observed at fixed intervals during 
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the course of the oxidation. At the end of 
the experiment the system is evacuated 
and a final set of readings taken. 

The vacuum behavior of the metal or 
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a preliminary degassing and hydrogen 
treatment at 1ooo°C. An oxide film of a 
definite thickness is added and the tem- 
perature raised to the evaporation range. 
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metal plus surface oxides is studied by 
raising the furnace around the sample 
and then observing the balance beam as a 
function of time and temperature. In 
the study of evaporation of the surface 
oxide, it is necessary to give the specimen 
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Fic 12 (above) —HypDROGEN REDUCTION OXIDE 
Fic 13 (below)— HYDROGEN REDUCTION OXID 


FILM ON TUNGSTEN 500°C AND 2.2 CM Hp. 
E FILM ON TUNGSTEN 600°C 2.2 cM He. 


Readings of the balance beam and the 
furnace temperature are taken at fixed 
intervals through the evaporation. tem- 
perature range. Evaporation of the oxide 
will mean a weight loss of W,O,. The 
volatile oxide is assumed to be WO3. 
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SAMPLES is distributed as small crystals throughout 

Two types of tungsten are used in the the mass. A micrograph of the surface is 

experiments. Most of the experiments shown in Fig 1. The dark patches are 
are made using thoriated tungsten because _ the thorium crystals. 
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; Fic 14 (above)—HypROGEN REDUCTION OXIDE FILM ON TUNGSTEN 700°C AND 3-5 CM. 
Fic 15 (below)—HypDROGEN REDUCTION INITIAL OXIDE FILM ON POLISHED TUNGSTEN 600°C AND 


2.2 CM He. 
of its availability in our laboratory. ' Two series of specimens are prepared. 
Some experiments are made using “S” _ The first series is abraded, starting with 
tungsten to check the behavior of the , No. 2 grit paper and proceeding through 
thoriated tungsten. The “S” tungsten ' the series, finishing with 4/o paper. The 
gave identical results in oxidation to i abrading is done under kerosene to prevent 
those obtained on thoriated tungsten. ', oxidation of the tungsten. A second series 
The “S” tungsten is of high purity and | consists of specimens not subjected to the 
differs from pure tungsten only in the | abrasion treatment. Strips of the two 
crystal form. The _ thoriated tungsten *f materials are washed in petroleum ether 
contains 0.77 pct thorium. The thorium | and absolute alcohol, cut to approximate 
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size and trimmed to a weight of 0.6840 g. 
The samples have measured surface areas 
varying from 5.5 to 6.5 sq cm depending 
upon the abrasion treatment.. A counter 
weight of “S” tungsten is used. The 
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Fig 3. The curves are very similar for the 
polished and unpolished surfaces. The 
film thickness resulting from a two hour 
oxidation of polished tungsten is 7850 A. 

The oxidation of unpolished tungsten 
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Fic 16—VACUUM BEHAVIOR OF OXIDE FILM ON TUNGSTEN SCALE READING VERSUS TIME FOR 
VARIOUS TEMPERATURES FILM FORMED 500°C, 7.6 CM Oz 6 HRS. 


specimen and counter weight are sup- 
ported by a 72.5-cm section of 2 mil 
tungsten wire. The abraded samples are 
referred to as polished and the samples 
which have not been abraded as unpolished. 


RESULTS 


Thin Oxide Film Formation 


The rate measurements on unpolished 
tungsten from 300 to sso°C and at a 
pressure of 7.6 cm Oy are shown in Fig 2. 
Each experiment is carried out for 2 hr. 
The weight gain in micrograms per sq cm 
of area is plotted against time. Assuming 
a surface roughness ratio of unity and the 
density of WO; to be 7.16, the thickness 
of the films observed in this study can be 
calculated by multiplying the weight 
gain in micrograms per sq cm by the 
factor 67.5. The film thickness resulting 
from a 2 hr oxidation at 500°C and 7.6 cm 
Ox is calculated to be 6,750 A. 

The rate measurements on polished 
tungsten from 300 to 500°C and at a 
pressure of 7.6 cm of Oz are shown in 


at 300°C and 7.6 cm Oz is shown in Fig 4. 
The additional film formed after two hours 
of.oxidation is 70 A. The shape of the oxida- 
tion curves is similar to that observed on 
aluminum at these temperatures." 

The effect of pressure on the oxidation 
is shown in Fig 5. Two curves are shown, 
one for a pressure of 7.6 cm Oz and the 
other for a pressure of 0.076 cm Oz. The 
effect of pressure on the complete oxidation 
is appreciable although the greatest effect 
occurs in the initial part of the curve. 
The actual amount of oxidation after 
two hours is 20 pct less at the lower pres- 
sure. The pressure effect is small compared 
to the temperature effect. 

The effect of surface is shown in Fig 6. 
The first oxidation curve at 500°C and 
7.6 cm Oz is the normal oxidation curve. 
The oxygen in the film is completely 
removed by hydrogen reduction at 600°C 
and 2.2 cm hydrogen. A second oxidation 
is made under conditions identical to the 
first. The film formed in the first few 
minutes is equivalent to that formed -in 
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two hours of the first oxidation. This 
oxide film in turn is removed with hydrogen 
and.a third oxidation made. The oxide 
formed in the first few minutes is equivalent 
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Reduction Experiments on Tungsten Oxides 

The thermodynamics of the hydrogen 
reduction of the oxides can be calculated 
from the data of Seltz, Dunkerley and 
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TEMPERATURES FILM FORMED 500°C, 7.6 CM Oz 4 MIN. 


to that formed after 40 min. of oxidation 
during the second oxidation. Reduction 
of the oxide forms a surface of greatly 
increased area. The surface does not 
appear to recover its original structure. 

A 6 hr oxidation experiment at 500°C 
and 7.6 cm Oz on unpolished tungsten 
is shown in Fig 7. 


Room Temperature Film Formation 


Fig 8 shows a room temperature oxida- 
tion of polished tungsten at 7.6 cm Os, 
after reducing with hydrogen at 1ooo°C. 
and cooling to room’ temperature in 
hydrogen gas. A weight gain of 0.80 micro- 
grams per cm? is found which corresponds 
to a film thickness of 54 A. Similar experi- 
ments with specimens which are reduced 
at rooo°C with hydrogen and cooled in 
vacuum do not give a room temperature 
oxidation. 

Fig 9 shows the room temperature 
oxidation of unpolished tungsten after 
reducing a film.of 1oo micrograms per 
cm? at ro00°C. and cooling to room tem- 
perature in hydrogen. A comparison of 
Fig 9 with Fig 8 shows the effect of in- 
‘creased surface area on the reaction rate. 


DeWitt!? on WOs, the data given by 
Thompson'® on WOsz, and the data given 
by Kelley!! on H,O. The two following 
reactions are calculated over the tempera- 
ture range of 50 to 1000°C. 


WO, + 2H: = 2H.0 + W 
WO; + 3H: = 3H20 + W 


Fig 1o shows a plot of the equilibrium 
ratio of the pressure of water vapor to 
hydrogen gas over the solids WO; and 
WO, and the metal tungsten. The curves 
show that hydrogen reduction is feasible 
if the water vapor concentration is main- 
tained at a low value. Kinetic factors 
may prevent the reactions from occurring 
at the lower temperatures. The decom- 
position pressures of the two oxides are 
shown in Fig 11. Even at temperatures 
of 1000°C the oxides of tungsten are stable 
in the best vacua obtainable today. 

The temperature dependence of the 
rate of reduction of an oxide, film of 
approximately roo micrograms. per cm? 
is shown in Fig 12, 13 and 14. Weight 
loss is plotted against the time for the 
three experiments. The reaction starts 
slowly, builds up to a constant rate and 
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then falls off as the reaction approaches 
completion. The higher the temperature 
the faster the reduction. Practically com- 
plete reduction is obtained in the three 
experiments. 
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specimens containing different thicknesses 
of oxide over the temperature range® of 
600 to 1025°C. Before adding the definite 
thickness of oxide the specimens are 
heated to rooo°C in a hydrogen atmosphere 
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Fic 18 (above)—OXxIDATION. OF UNPOLISHED TUNGSTEN PARABOLIC PLOT 400°C AND 7.6 cM Oz. 
Fic 19 (below)—OXIDATION OF UNPOLISHED TUNGSTEN 500°C 7.6 cM Oz LONG PERIOD RUN PARA- 
BOLIC PLOT. 


The hydrogen reduction of the initial 
film on polished tungsten at *6co°C and 
2.2 cm He is shown in Fig 15. In 210 min. 
7.32 micrograms per cm? are removed. 
This corresponds to a film thickness of 


494 A 
High Temperature Vacuum Behavior of 
Oxide Films 


The volatility of the oxides on the 
surface is studied by heating several 


to remove any initial film. Fig 16 shows 
the vacuum behavior of an oxide film 
on tungsten. The oxide is formed at 
soo°C and 7.6 cm Oz for 6 hr. A total 
of 140 micrograms per cm? or 9,600 A of 
oxide is added during the reaction. In 
Fig 16 the scale reading is plotted against 
the time in hours. The temperature of the 
specimen is shown near the top of the 
graph. No appreciable weight loss is 
noted until a temperature of 800°C is 
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reached. At 850°C the reaction is much 
faster. The rate of evaporation can be 
obtained from the slope of the curve. 

Fig 17 shows the results obtained on a 
thin film. A reduced tungsten surface 
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the rate of evaporation decreases. To 
test whether the film is completely re- 
moved hydrogen is added and the remain- 
ing film reduced. The hydrogen removes 
further oxygen from the metal. This 
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is used as, the test specimen. An oxide 
film of 150 micrograms per cm? is added by 
oxidation at soo°C and 7.6 cm Oz for 
4 min. A film of approximately tooo A 
' is added to the tungsten in this manner 
or one-tenth of the film used in the first 
experiment. The thin film is stable at 
800°C and does not start to evaporate 
until a temperature of goo°C is reached. 
The evaporation becomes appreciable at 
tooo°C. As the evaporation proceeds 
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Fic 20 (above)—OxIDATION OF UNPOLISHED TUNGSTEN PARABOLIC PLOT 550°C AND 7.6 CM Ong. 
Fic 21 (below)—OxmATION OF UNPOLISHED TUNGSTEN LOG TIME PLOT 500°C AND 7.6 cM Oy, 


experiment shows that the volatility of 
the oxide js not only a function of the 
temperature but also of the film thickness. 


DISCUSSION OF RESULTS 
Thin Oxide Film Formation 


A number of equations have been 
proposed to explain the oxidation rate of 
metals in oxygen atmospheres. Some of 
these are based on plausible physical 
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mechanisms while others are largely 
empirical in nature. The most important 
class of these equations is the parabolic 
law and its various modifications. This 
law is derived from a diffusion mecha- 
nism.*-15.16 This law states: 


W = -~/Kt 


W is the weight increase per unit area, 
tis the time and K isa constant. A modifica- 
tion of the parabolic law to take into 


‘account the velocity of interface reaction 


was proposed by Wagner and Griinewald.!5 
This equation states: 


2 
aw + 2 = KH 


Here a and K’ are constants. Mott!” has 
recently proposed a modification to take 
into account the presence of an electric 
potential at the oxide-gas interface caused 
by a layer of adsorbed oxygen ions. The 
growth law is expressed by the equation: 


ov 
wep vae* ” sinh (Fe 


eaV 1 
Fr =) 


lathe 


U is probably the energy of formation of 
the ion, @ is approximately the inter- 
atomic distance, v is approximately 10!” 
sec!, and x is thickness of the film. This 
growth law develops into the parabolic 


V 
law for thick films when a <« 1. This 


potential creates a field which aids the 
diffusion of metal ions through the oxide 
lattice. The field becomes small for thick 
films and the normal diffusion gives the 
parabolic law. 

A second class of equations involves 
the rate as a function of the logarithm 
of the time. The following equation is 
typical and was derived by Tammann 
and Késter.'8 


a) 


Here a and 6 are constants. This equa- 
tion is largely empirical -in nature al- 
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though several rate mechanisms have 
been suggested.19,?0 

A third class are the equations based on 
the linear law of reaction rate. The simplest 
form of the equation is: 


W = K's) 


—————r 
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Fic 22—PARABOLIC OXIDATION RATE CONSTANT 


VERSUS _ FOR TUNGSTEN 400-550° C. 

The reaction rate is independent of film 
thickness and it must be assumed that 
the presence of the main body of the 
oxide has little to do with the reaction. 

To test the data for compliance with the 
several rate laws a number of graphs are 
prepared. Fig 18, 19 and 20 show curves 
of the square of the weight gain against 
time for the 400, 500 and 550°C oxidations. 
The parabolic law appears to fit the data 
after 20 min. of oxidation at 400°C and 
after 2 hr at 500°C. The deviation from 
the parabolic law during the early state 
of the reaction appears to be of the opposite 
sign to that predicted by Mott’s!” modifica- 
tion of the parabolic law. The deviations 
from the parabolic law are appreciable 
over the 2 hr oxidation. Whether the 
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rate would approach the parabolic law 
for long periods of oxidation is not studied 
in this work. Dunn’s* work between 700 
and goo°C indicates that this might occur. 
There appears, therefore, a region in 
temperature, time and thickness over 
which the parabolic law fits the data. 
Even though the rate deviates markedly 
from the parabolic law, it is far from 
linear and the film is partially protective, 
since the rate falls off with increasing 
thickness. 


TABLE 1—Parabolic Rate. Constants and 
Diffusion Constants 


Do cm? 


per sec 
Tungsten 28 
7.6 cm O2 450 -05 
E* = 45,650] 500 4.49 
Iron 3.70 X 10-9 
7.6 cm Oz 400 -35 X ro7® 
E* = 22,600] 450 


66: 107% 


TABLE 2—Entropies, Energies, and Free 
Energies of Activation 


Tungsten 6,620] 39,030 
7.6 cm O2 7,040| 38,610 

] 7;550] 38,100 
Tron —19,400| 42,000 
7.6 cm O2 — 21,200] 43,800 


22,600 


To check the application of the loga- 
rithmic law the weight gain is plotted 
against time on a logarithmic scale. 
Fig 21 shows such a plot for the oxidation 
at 500°C and 7.6 cm Os. The logarithmic 
law does not apply under these conditions. 

The temperature dependence of the 
parabolic rate law constant was first 
shown to follow an expression of the 
Arrhenius type by Dunn.’ A’ physical 
interpretation of the energy barriers in 
the reaction rate mechanism has been 
discussed by Mott.!® The author?! has 
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TUNGSTEN 


applied the transition state theory of 
diffusion developed by Eyring and co- 
workers.?2 The parabolic rate law constant 
is given by the following equation: 


* 


Here k is Boltzman’s constant, / is Planck’s 
constant, A is the distance in angstroms 
between the diffusional states of tungsten 
in the oxide lattice, AS* is the entropy 
of activation and E* is the energy of 
activation. The free energy of activation 
AF* of the transition state is given by the 
equation AF* = E* — TAS* since PAv* is 
negligible. 

Fig 22 shows a plot of the parabolic 


I 
rate law constant as a function of Tr 


The results between 400 and 500°C fall 
close to a straight, line. Values of the 
parabolic rate law constant K and the 
diffusion constant Oo are tabulated in 
Table 1 and the values of E*, AS* and 
AF* are shown in Table 2. A comparison 
is made with similar data obtained on the 
oxidation of pure iron. 

The values of AS*, E* and AF* are 
interesting since they show the importance 
of considering the entropy (frequency) 
factor in the rate of oxidation of metals. 
The difference between the oxidation of 
iron and tungsten occurs both in the 
energies of activation and in the entropy 
terms. The energy of activation is much 
higher for tungsten than for iron but the 
entropy term is of the opposite sign. This 
lowers the free energy so that tungsten 
actually oxidizes more rapidly than iron 
in spite of the very high energy of activa- 
tion. The free energy of activation of the 
activated state is one number which can 
be used in comparing oxidation reaction 
rates which obey the parabolic law. 
Positive values of AS* indicate an oxide 
lattice with many possible paths for 
getting to the activated state. 
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A comparison of the parabolic rate 
constants for tungsten given by Dunn? 
with those obtained in this study on 
thoriated tungsten is shown in Fig 23. 
A straight line is drawn through the data. 
Neglecting small deviations, good agree- 
ment is found over the temperature ranges 
studied. 


Room Temperature Film Formation 


The results shown in Fig 8 and 9 
show that both thick and thin films can 
be reduced at temperatures of 600 to 
1o00°C. A question may be raised as to 
whether the oxygen monolayer is removed 
in the reduction. Langmuir? has shown 
that this monolayer is only reducible if 
hydrogen atoms can be adsorbed in 
vacant spaces in the oxygen monolayer. 
A complete monolayer formed in the 
presence of a small amount of oxygen is 
difficult to reduce. 

It has been proposed?*,?4 that the oxygen 
monolayer may account for the passivity 
of chromium and the stainless steels. We 
may expect for tungsten that, if the mono- 
layer is passivating the surface, no oxygen 
uptake would occur if an oxidation is 
carried out at room temperature. There 
are two ways of interpreting our positive 
results on room temperature film forma- 
tion. First, the film and monolayer are 
reduced by hydrogen and the metal 
reacts with the oxygen to form an oxide 
film or, secondly, the film is reduced and 
the monolayer is not reduced, the mono- 
layer then having no effect on the room 
temperature oxidation. Additional evidence 
on the presence or absence of the oxygen 
monolayer is necessary to decide the 
question. 

We feel that the thin oxide film existing 
either as a multilayer or in the crystalline 
form of WO; has a definite effect in limiting 
further reaction. Electron micrographs 
of the oxide film formed on tungsten by 
Phelps, Gulbransen and Hickman have 
shown the existence of crystallites of the 
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order of 100 to 4oo A in size for the oxide 
film formed at 400°C for 5 min. The total 
thickness of this film is approximately 


I0oo A. 
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FIG 2 Get PEAsORe OXIDATION RATE CONSTANT 


VERSUS _ FOR TUNGSTEN. 


Reduction Experiments on the Tungsten 
Oxides 


The curves shown in Fig 12, 13 and 14 
indicate that it is feasible to reduce the 
oxide film on tungsten corresponding to a 
thickness of 100 micrograms per cm? or 
6750 Aina time of 1500 min. at 500°C and 
in 150 min. at 700°C. The shapes of the 
rate curves are similar to those derived 
by Johnson and Mehl?® for metallic 
transformations and to those derived by 
Lustman” for the reduction of oxides with 
hydrogen. Mott and Gurney”? have sug- 
gested two possible mechanisms for the 
reduction of the oxides. The first process is 
that the rate of reaction is limited by the 
removal of surface atoms. This leads to a 
rate which is proportional to the surface 
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area. A second Rett is based on a thermo- 
dynamic equilibrium at the interface 
between the metal and the oxide. A 
diffusional mechanism is used to derive the 


+x 107 
Fic 24—HyDROGEN REDUCTION OXIDE FILM 


ON TUNGSTEN MAXIMUM RATE VERSUS - 
growth law of each metal nucleus formed. 
No equation is suggested for the overall 
rate of reduction. A detailed analysis of 
the rate of reduction of surface oxides 
will be the subject of a later paper. 

To test the temperature dependence 
of the rate of reaction, the maximum rate 
of reaction for each temperature is plotted 
as a function of z The results shown in 
Fig 24 appear to give a straight line 
relationship. This indicates that a free 
energy of activation is involved in the 
process. An energy of activation of 18,000 
cal is calculated from the plot. 


High Temperature Vacuum Behavior of 
Oxide Films 


The evaporation of the oxides of tungsten 
occurs at a measurable rate at 800°C 
for a thick film and at 900°C for a thinner 
film. There appears to be a thickness 
dependence in addition to the temperature 
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factor. This thickness factor makes it a 
difficult task to calculate the latent heat 
of evaporation from rate measurements. 

According to Hagg and Magneli® all 
tungsten oxides whose structures have 
been determined are characterized by more 
or less regular octahedral coordination of 
oxygen atoms around the metal atoms. 
This follows from the fact that the dis- 
tance 3.8 A appears commonly in the 
structure of these oxides and is assigned 
to the distance between the centers of two 
diagonally placed oxygen atoms in a WO, 
octahedron. As a result of the complicated 
formulas of these oxides, the coupling 
between these octahedra is rather intrieate. 

Until the complete structure of the 
several.oxides is worked out, it is difficult 
to identify the reaction mechanism involved 
in evaporation of the tungsten oxides. 

The variation of rate of evaporation with 
thickness may be a result of the extra 
energy associated with smaller crystallites 
of the oxide, or the reaction may be 
hindered by kinetic factors involving a 
mechanism for removing WO; from a WO, 
octahedron. 


SUMMARY 


1. Vacuum microbalance measurements 
are made on the oxidation of tungsten 
from room temperature to 550°C. 

2. The effect of surface preparation, 
surface area and pressure on the oxidation 
rate is also studied. 

3. The reduction of the oxides is studied 
over the temperature range of 500 to 
700°C and a hydrogen pressure of several 
cm. 

4. The high temperature vacuum be- 
havior of the tungsten oxides is studied 
over the temperature range of 600 to 
1025°C. 

5. The oxidation follows the parabolic 
rate law between 400 and 500°C. Devia- 
tions are found to occur at 550°C and at 
low temperatures. 
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6. The temperature dependence of the 
rate constant is interpreted from the 
point of view of the transition state theory 
developed by Eyring and coworkers. An 
energy of activation of 45,650 cal is 
calculated. Positive values of the entropy 
of activation of about 9.8 cal per degree C 
are found. These values are contrasted 
with those found for iron. 

7. Room temperature film formation 
is found for specimens properly reduced 
and cooled in \ hydrogen atmospheres. 
These results indicate that either the 
monolayer of oxygen is reduced or that 
the monolayer of oxygen, if present, 
has no effect on the room temperature 
reaction. 

8. Both thick and thin oxide films on 
tungsten appear to be reduced at tem- 
peratures of 500°C and higher. An analysis 
of the maximum rate of reduction as a 
function of the reciprocal of the absolute 
temperature indicates an energy of ac- 
tivation of 18,000 cal for the reaction. 

9. The volatility of the tungsten oxides 
is- studied as a function of temperature 
and thickness. Thick films are found to 
evaporate at temperatures as low as 
800°C while thin films require a higher 
temperature. 
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Thin Oxide Films on Molybdenum 


By E. A. GuLBRANSEN* AND W. S. Wysonc* 
(Chicago Meeting, October 1947) 


Tue behavior of molybdenum and its 
surface oxides in oxidizing and reducing 
gas atmospheres and in high vacua at 
elevated temperatures is a question of 
scientific and technical importance. The 
use of molybdenum as a metal or as an 
important component in alloys in oxidizing 
atmospheres at elevated temperatures 
has been limited because of the unprotec- 
tive nature of its oxide film and the 
volatility of this oxide at moderate tem- 
peratures. This communication will present 
results of a vacuum microbalance study!” 
of the following problems: (1) the oxidation 
kinetics in the temperature range of 
250° to 450°C; (2) the reduction with 
pure hydrogen of thin oxide films formed 
on molybdenum; (3) the volatility of the 
thin oxide films; and (4) the vacuum oxida- 
tion of molybdenum at high temperatures. 

Molybdenum is an interesting ‘metal 
to study for the following reasons: (1) 
although the oxide-to-metal-volume ratio 
is greater than one, the metal is not con- 
sidered protective; (2) the metal oxidizes 
readily at temperatures of 250°C and 
higher; (3) the oxides of the metal are 
reduced at temperatures as low as 500°C 
by pure hydrogen; (4) the oxide MoO; 
melts at 795°C; and (5) the oxides of 
molybdenum are volatile at moderate 
temperatures. 

The following variables are studied in 
the oxidation kinetics: time, temperature, 
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pressure, surface preparation, surface area, 
concentration of inert gas in the lattice, 
cycling procedures in temperature, vacuum 
effect and high temperature vacuum oxida- 
tion. The general interpretation of many 
of these factors has been previously 
discussed. 


LITERATURE 


The oxidation of molybdenum has not 
been studied critically. Although many 
studies have probably been made on the 
kinetics of the oxidation process, none 
has been reported in the literature available 
to us. 

The crystal structures found in the 
oxidation of molybdenum have _ betn 
studied by Hickman and Gulbransen.! 
Their results showed that MoO, is the 
oxide which is stable in contact with the 
metallic substrate throughout the tem- 
perature range 300 to 700°C. As the film 
thickens in the low temperature range, 
MoO; becomes predominant on the sur- 
face. Above 400°C, MoOs is no longer 
observed, MoOz being the only oxide 
found. 

Hagg and Magneli® have shown from 
an X ray study that the a-phase, orthor- 
hombic MoQs; is stable up to 1050°C. 
Two other phases, 8 and B’, with com- 
positions close to MoOz.99 are also obtained. 


. The formula for the 6 phase is not given 


but that of the 8’ phase is defined as 
Mo 0x. The 6’ phase is found to be built 
upon a monoclinic unit cell. A y-phase is 
isolated from a _ preparation MoO>.75 
heated for 17 hrs at 670°C. This phase is 
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stable to 7oo°C but decomposes in the 
range 700 to 850°C. The formula of the 
y-phase may be MosOun.. A 6-phase MoO2 
is the only phase observed between the 
y-phase MosOy1 and Mo at temperatures 
lower than 7oo to 850°C. Powder photo- 
graphs of the 8 and #’ phases, when heated 
to 850°C, often show an e phase in addition 
to MoO; and MoO». This phase is stable 
in the temperature range of 700 to 1000°C. 
Hagg*® has studied the nitrides of 
molybdenum. An X ray examination of 
the molybdenum-nitrogen system revealed 
the following phases: (1) a-phase, body 
centered cubic, is pure molybdenum. 
No solid solutions are formed with nitrogen. 
(2) B-phase, face centered tetragonal, is 
Mo;N and has a composition of 28 atomic 
pet of nitrogen. It is stable above 600°C. 
(3) y-phase, face centered cubic, is Mo.N 
and has a composition of 33 atomic pct of 
nitrogen. This phase is stable at all tem- 
peratures. (4) 6-phase, hexagonal, is MoN 
and contains 50 atomic pct of nitrogen. 
The degassing of molybdenum has been 
studied by Norton and Marshall.*! They 
find it is necessary to heat the metal to 
1760°C in a vacuum of 0.001 microns for a 
time which varies with the thickness to 


- completely degas the metal. The gases 
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obtained were carbon monoxide and 
nitrogen. Different sources of molybdenum 
gave similar results. The total amount of 
gas collected varied from 0.86 mm* 
(NTP) per gram to 8.0 depending upon 
the pretreatment. 


APPARATUS 


A vacuum microbalance. is used to 
observe the reaction of 5 mil molybdenum 
sheet samples with oxygen, hydrogen or 
high vacua at elevated temperatures. 
The microbalance with its auxiliary ap- 
paratus is essentially the same as the one 
previously described.» 

The balance has a sensitivity of 0.86 
divisions (1 division equals 0.001 cm) per 
microgram for a sample weight of 0.6840 g. 


» 
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The period of the balance is 8 sec. The 
balance has a stable zero point and negligi- 
ble temperature and pressure coefficients. 
A scale micrometer microscope is used to 
observe the balance beam relative to a 
fixed point on the quartz supporting frame. 
The readings are reproducible to 14 of a 
division or approximately 0.3:X 10-® g. 

The gas purification trains for the 
preparation of the oxygen and the hydrogen 
have been described.! The final stage of 
the hydrogen purification is a palladium 
diffusion tube operating at temperatures 
of 300 to 500°C. 

A furnace of large heat capacity is used 
to surround the quartz specimen tube. 
The temperature can be varied from 25 
to 1025°C and controlled to +5 degrees of 
the correct temperatures. 


SAMPLES 


A 5 mil sheet of pure molybdenum is 
used. It has an analysis of 99.9* and can 
be obtained from our Bloomfield Lamp 
Works. Spectrographic analysis shows 
no impurity present in quantities greater 
than 0.02 pct. Most of the specimens are 
abraded, starting with No. 2 grit paper and 
proceeding through the series, finishing 
with 4/o paper. The abrading is done 
under kerosene to minimize oxidation of 
the molybdenum. Some of the specimens 
are abraded only through No. 1 grit while 
others are not abraded. Strips of the 
material are washed in petroleum ether 
and absolute alcohol, cut to approximate 
size and trimmed to a weight of 0.6840 g. 
The specimens have measured surface 
areas of about 10 cm®. The samples which 
have been abraded thru 4/o paper are 
referred to in the text.as polished and 
those which have not been abraded as 
unpolished. : 


METHOD 


The weighed molybdenum sample is 
suspended from the balance beam, checked 
for alignment and the glass balance tube 
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sealed. The apparatus is evacuated to 
1o-* mm Hg, liquid air being placed in 
the traps during the evacuation process. 
All samples except those designated as 


WT. GAIN G/cmM2 


TIME. (MIN) 


Fic 1—OxIDATION OF MOLYBDENUM, POL- 
ISHED-DEGASSED. EFFECT OF TEMPERATURE, 
7.6 CM Oz. 

Fic 2—OxIATION OF MOLYBDENUM. POLISHED- 
DEGASSED. EFFECT OF PRESSURE 400°C, 


“no degas” are given a preliminary heat 
treatment by raising the temperature 
around the sample tube to 575°C over a 
period of 30 min. For oxidation rate 
measurements the furnace, controlled at 
the desired temperature, is raised around 
the specimen tube. A preliminary set of 
readings is taken after thermal equilibrium 
has been obtained. Oxygen is then ad- 
mitted from the dosing system to the 
desired pressure and readings of the 
balance beam are taken at fixed intervals 
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during the oxidation. At the end of the 
oxidation the system is evacuated and a 
final set of readings is taken. 

Hydrogen reductions are made on 
samples having a definite oxide film thick- 
ness. The sample is heated to and main- 
tained at 1000°C in a hydrogen atmosphere 
of 2.2 cm. This removes gas in the metal 
and any oxide present initially on the 
surface. Care must be taken to heat and 
cool the specimen in hydrogen to prevent 
oxidation. The main furnace, controlled 
at the desired temperature, is raised about 
the specimen tube and an oxidation is 
made for a predetermined time. This 
produces an oxide of a definite thickness. 
The temperature of the furnace is changed 
to the reducing temperature. Preliminary 
readings are made in the vacuum, care 
being exerted to prevent appreciable 
evaporation of the oxide. Hydrogen is 
added to the desired pressure and readings 
are made of the balance beam at fixed 
intervals. After reduction and evacuation 
a final set of readings is taken. 

The vacuum behavior of the metal plus 
surface oxides is studied by raising the 
furnace around the sample and then 
observing the balance beam as a function 
of time and temperature. The specimen 
is given a preliminary degassing and 
hydrogen treatment by heating to 1000°C 
in hydrogen and cooling. An oxide film 
of a definite thickness is added and the 
temperature raised to the evaporation 
range. Readings of the balance beam and 
the furnace temperature are taken at 
fixed intervals during the experiment. 
Evaporation of the oxide will mean a 
weight loss of MO,. 


RESULTS 


Thin Oxide Film Formation 


The rate measurements on polished and 
degassed molybdenum from 300 to 450°C 
and at a pressure of 7.6 cm O2 are shown in 
Fig 1. The weight gain in micrograms per 
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sq cm of area is plotted against time. 
Each experiment is carried out for 2 hr. 
Assuming a surface roughness ratio of 
unity and the density of MoO; to be 4.50, 


procedures on the 400°C oxidation of 
molybdenum at 7.6 cm Og is shown in Fig 4. 
The three samples are (1) not polished; 
(2) polished No. 1 grit only; and (3) 


3 4 
TIME CHOURS» 


Fic 3—LONG PERIOD OXIDATION OF MOLYDBENUM. POLISHED-DEGASSED 7.6 CM O2 400°C. 


the thickness of the films observed in this 
study can be calculated by multiplying 
the weight gain in micrograms per sq cm 
by the factor 66.5. A similar calculation 
for MoOs, assuming a density of 6.74, 
yields a multiplying factor of 59.5. The 
film thickness resulting from a 2 hr oxida- 
tion at 450°C and 7.6 cm Oz is calculated 
to be 3590 A if the oxide MoO; is assumed 
and 3210 A if the oxide is MoOs. Electron 
diffraction studies? have shown that the 
oxide is mostly MoO, at this temperature. 

The effect of pressure on the oxidation 
is shown in Fig 2. Three pressures are used 
in the study 7.6 cm Oz, 0.76 cm O» and 


‘9.076 cm Os. The effect of pressure on the 


reaction is quite important and in this 
sense the oxidation of molybdenum differs 
from many other metals. The shapes of 
the curves are different and the actual 
magnitude of the oxidation after 2 hr 
differs by a factor of 4 for a pressure change 
of I00. 

A 7 hr oxidation experiment on polished 
molybdenum at 400°C and 7.6 cm Oz is 
shown in Fig 3. 

The effect of three surface preparation 


polished No. 1 grit thru 4/o emery. The 
effect is not important for molybdenum 
under these conditions. 

The effect of heat treating the specimen 
in a vacuum at 575°C on the oxidation 
rate of molybdenum at 300°C and 7.6 
cm Oz pressure is shown in Fig 5. Both the 
shape of the curve and the total oxidation 
are markedly affected. 

A comparison of a three-cycle oxidation 
with the direct oxidation of polished and 
degassed molybdenum at 400°C and 7.6 
cm Os pressure is shown in Fig 6. The cycle 
oxidation is carried out by oxidizing in 
three steps separated by a cooling to 25°C 
in vacuum and reheating to 400°C before 
adding the oxygen. 

A study of the vacuum effect on the 
oxidation of molybdenum at 350°C and 
7.6 cm of Oz pressure is shown in Fig 7. 
Reoxidation after evacuation to ro-* mm 
of Hg has no important effect on the rate 
of oxidation. The effect of preliminary 
degassing on the oxidation rate is small 
at this temperature. 

A study of the effect of the removal 
of the oxide film with hydrogen on sub- 
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sequent oxidations of molybdenum at 
400°C and 7.6 cm Oz is shown in Fig 8. 
The hydrogen reduction was carried out 
at 700°C. No appreciable effect was 
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Fic 4—OxIDATION OF MOLYBDENUM. DE- 

GASSED 400°C 7.6 CM Og. EFFECT OF POLISHING. 

Fic 5—OxIDATION OF MOLYBDENUM. EFFECT 
OF DEGASSING 300°C 7.6 cM Oz 


seen. Since the MoQ; is volatile at 700°C, 
the experiment was repeated but with the 
reductions carried out at 600°C. There was 
no effect. Even the removal of the third 
oxidation at 7oo°C had only a minor 
effect on the oxidation rate Fig 9. This 
experiment is contrasted with the large 
effects noticed with tungsten.’ 


Room Temperature 


Several room temperature oxidation 
experiments were made with negative 
results. The samples were heated to tem- 
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peratures as high as 1o000°C in fresh 
hydrogen for one hour and then cooled in 
hydrogen to room temperature. After 
thermal equilibrium was attained, oxygen 
was added to 7.6 cm. No oxidation effect 
was observed. This is in contrast with the 
results found on tungsten and iron.’ 


Reduction Experiments on Molybdenum 
Oxides 


The thermodynamics of the hydrogen 
reduction of the oxides can be calculated 
from the data of Seltz, Dunkerley and 
DeWitt? on MoOs;, the data given by 
Thompson® on MoOs, data given by 
Kelley® on H:0. 

Fig 10 shows a plot of the decomposition 
pressures of oxygen over MoO; and MoO: 
as a function of temperature. Even at 
the highest temperatures both MoO; 
and MoO, are stable to the best vacua 
obtainable today. 

The free energy of the following three 
equations is calculated over the tempera- 
ture range of 50°C to 1000°C. 


MoO: (s) + 2He (g) @ 
Mo (s) + 2H20 (g) [x] 
MoO; (s) + 3H2 (g) @ 
Mo (s) + 3H20 (g) [2] 
MoO; (s) + He (g) @ 
MoO: (s) + H:20 (g) | [3] 


Fig 11 shows a plot of the equilibrium 
ratio of the pressure of water vapor to 
hydrogen gas over the solids MoO; and 
MoO, and the metal molybdenum. The 


calculations show that Eq 2 and 3 are’ 


favorable from a thermodynamic point of 
view both in dry and in wet hydrogen. 
Eq t is feasible if the water vapor con- 
centration is maintained below the equi- 
librium value. Kinetic factors determine 
the rate at which the above reactions will 
reach the equilibrium state. 

The rate of reduction measurements 
shown in Fig 12, 13 and 14 are made with 
oxide films of approximately 20 micro- 
grams per sq cm, the oxide films being 
formed at 400°C for 2 hr at 7.6 cm of Oz, 
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The reductions are carried out at tem- 
peratures of 500, 550, and 600°C and at a 
pressure of pure hydrogen of 2.2 cm of Hg. 
Care must be taken to prevent vaporization 


30 


COOLED TO 25°C 
AND> REHEATED 


CYCLE OXIDATION 
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High Temperature Vacuum Behavior of 
Oxide Films 


The volatility of the oxides on the 
surface is studied by heating several 


TIME ours) 


SCALE READING WT GAIN 


“TIME (MIN) 


Fic 6—CoMPARISON CYCLE OXIDATION WITH DIRECT OXIDATION OF MOLYBDENUM 400 °C, 7.6 cm Or. 
Fic 7—VACUUM EFFECT OXIDATION OF MOLYBDENUM 350 °C, 7.6 Cm Oz. 


of the oxide before the reduction takes 
place. This is prevented by heating the 
specimen from 400°C to the reducing tem- 
perature in a hydrogen atmosphere of 
I mm pressure. 

Weight loss is plotted in Fig 12, 13 
and 14 against time. The reaction starts 
at a definite rate and then falls off slowly 
as the reaction approaches completion. 
The higher the temperature the more rapid 
is the reduction. Practically complete 
reduction is obtained in the experiments 
at 550 and 600°C. 


specimens containing different thicknesses 
of oxide over the temperature range of 
4oo to 1000°C. Before adding the definite 
thickness of oxide, the specimens are 
heated to r000°C in a hydrogen atmosphere 
and maintained at rooo°C for one hour 
before cooling in hydrogen to the oxidation 
temperature. 

Fig 15 shows the vacuum behavior of a 
thick oxide film on polished molybdenum. 
The oxide is formed at 475°C and 7.6 cm O2 
for several minutes. A total of 52.9 micro- 
grams per sq cm or 3150 A of oxide is 


634 


added during the reaction. In Fig 15 the 
scale reading is plotted against the time in 
minutes. Each division corresponds to 
0.12 micrograms per sq cm weight loss. 


THIN OXIDE FILMS ON MOLYBDENUM 


tion part of the curve is shown at the 
left in the figure. No appreciable volatiliza- 
tion occurs until a temperature of 512°C 
is reached. The rate becomes quite rapid 


x-SECOND OXIDATION AFTER Ha REMOVAL OF FIRST AT 700°C 
4=-THIRD OXIDATION AFTER Ha REMOVAL OF SECOND AT 700 


O-—INITIAL OXIDATION 400°C 7.6 CM O2 


* —SECOND OXIDATION oes ees OF FIRST 
OXIDATION AT 600°C 2.2CM Hz 


@—THIRD OXIDATION AFTER ee ae OF SECOND 
OXIDATION AT 600°C 2.2CMH 


*— FOURTH OXIDATION AFTER geDUCTION OF THIRD 
OXIDATION AT 700°C 2.2CM 


60 60 
TIME (MIN.) 


Fic 8—OxmATION OF MOLYBDENUM. DEGASSED 400°C, 7.6 CM Oo. EFFECT OF REDUCTION AT 
700°C, 
FIG 9—EFFECT OF TEMPERATURE OF REDUCTION ON OXIDATION OF MOLYBDENUM 400°C, 7.6 ou O2. 


The temperature of the specimen is shown 
at the top of the graph. The temperature 
is held constant for a time at 474°C and 
at 503°C. The shape of the curve indicates 
an exponential type of rate phenomena. 
This will be evaluated under the section 
entitled discussion. 

Fig 16 shows the results obtained with a 
film of approximately 413 A in thickness. 
Weight loss in terms of the scale reading 
is plotted against the time in minutes. 
Temperature in degrees centigrade is 
given at the top of the graph. The volatiliza- 


at 520°C. At a temperature of 524°C the 
balance scale reading reverses and a gain 
in weight is noticed. The vacuum at this 
point is checked by the McLeod gauge and 
found to be 10-* mm of Hg or better. A 
vacuum oxidation appears to be occurring 
as the temperature is increased to 722°C. 
The oxide remains on the surface or diffuses 
into the metal. The temperature is now 
decreased gradually to 495°C to test the 
temperature dependence of this reaction. 
The reaction is effectively stopped by 
decreasing the temperature to 650°C. 
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On increasing the temperature, the reaction 
becomes effective only after reaching a 
temperature of 680°C. This indicates 
that the reaction product is limiting the 
rate of the reaction. 
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Experiments at 700°C with ‘hydrogen 
reduction show that the oxides formed at 
4oo to 475°C are rapidly removed. The 
film shown in Fig 17 is slowly attacked. 
After each attack the oxide is found to be 
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Fic 11—EQUILIBRIUM PRESSURE RATIO 


VERSUS TEMPERATURE. HyDROGEN REDUCTION 


QXIDES OF MOLYBDENUM. 


Fig 17 shows another experiment with a 
film thickness of about 167 A. Volatilization 
of the oxide does not beconie appreciable 
until a temperature of 460°C is reached. 
At a temperature of 512°C the oxidation 
reaction starts to occur. The effect of 
temperature on the reaction rate is shown 
in the remainder of plot. The film appears 
to be protective at rooo°C in a vacuum of 
10-6 mm of Hg. The specimen is now sub- 
jected to a series of hydrogen reductions 


at 2.2 cm pressure. The oxide film is 


reducible with hydrogen but at a very 
slow rate. This is not shown in Fig 17. 


stable to the vacuum. After several 
hydrogen treatments the balance scale 
reading shown at the right in Fig 17 is 
moved up from 840 to 1000. 

The scale reading of 1000 is the starting 
point of Fig 18. Again the scale reading is 
plotted against the time in minutes. An 
oxide film of approximately 500 A is present 
on the surface. At the left in Fig 18 the 
oxide film after the hydrogen treatment is 
shown to be stable in a vacuum of ro—-® mm 
of Hg. At the time marked o, oxygen is 
added to a pressure of 6 X 10-* mm. A 
small weight loss occurs, the pressure 
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dropping to 2.7 X 10-4 mm. This pressure 
then remains constant and no further 
reaction is observed. The system is 
evacuated andthe stability tested. The 
oxide is found to be stable to the vacuum. 
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Fic 12—REDUCTION OF MOLYBDIC OXIDE 
FILM 500°C AND 2.0 CM He. OXIDE FILM FORMED 
AT 400°C TWO HOURS, 7.6 CM Ong. 

Fic 13—REDUCTION OF MOLYBDIC OXIDE 
FILM 550°C AND 2.2 CM He. OXIDE FILM FORMED 
AT 400°C, 7.6 cM Oo, TWO HOURS. 

Fic 14—REDUCTION OF MOLYBDIC OXIDE 
FILM 600°C AND 2.2 cM Hy. OxIDE FILM FORMED 
AT 400°C TWO HouRS, 7.6 cm Og. 


Oxygen is now added to a pressure of 
0.30 mm of Hg. A rapid oxidation and 
vaporization are occurring. Upon evacua- 
tion the familiar vacuum oxidation is 
found to occur at a pressure of ro—-§ mm 
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of Hg. All of the experiment is carried out 
at 1000°C. 

The evaporation of the thin oxide film 
and the subsequent vacuum oxidation are 
studied in more detail in Fig 19. Again 
weight loss or gain in terms of the scale 
reading is plotted on a much extended 
scale against the time in minutes. The 
temperature in degrees centigrade is shown 
at the top of the graph. A film of 176 A 
is formed on the surface. It is gradually 
heated, the oxide starting to vaporize at 
about 415°C. The rate increases until a 
temperature of 460°C is reached. At this 
point the vacuum oxidation overcomes the 
evaporation phenomena. The rate of the 
vacuum oxidation increases as the tem- 
perature is raised. 


DISCUSSION OF RESULTS 


Thin Oxide Film Formation 


Many equations have been proposed to 
explain the oxidation rate of metals in 
oxygen atmospheres. Some of these are 
based on plausible physical mechanisms 
while others are largely empirical in nature. 
A review of these equations and their 
application has been given in previous 
papers.!36 The most important class of 


these equations is the parabolic law and — 


its various modifications. This law is 
derived from a diffusional mechanism.10:11,12 
This law states 


W=~vVkKi 


W is the weight increase per unit area, ¢ 
is the time and K is a constant. 

Mott?’ has recently proposed a modifica- 
tion of the parabolic law to take into 
account the presence of an electric potential 
at the oxide-gas interface due to a layer of 
adsorbed oxygen ions. The growth law is 
expressed by the equation 


ba Vie = 
kus 
U is probably the energy of formation of 


U 
“ = pae *T sinh { 
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the ion, a is approximately the interatomic 
distance, vy is approximately 101? sec-}, 
and « is the thickness of the film. This 
growth law develops into the parabolic 
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run shows a deviation from the parabolic 
rate law after one hour. Even though the 
rate deviates a little from the parabolic 
law, it is far from linear and the film is 


| 


Fic 15—-VACUUM BEHAVIOR THICK OXIDE FILM (3150 A) ON POLISHED MOLYBDENUM. EFFECT OF 
TEMPERATURE 474°C TO 523°C. 


: eaV 
law for thick films when cr <1 Lhe 


potential creates a field that aids the 
diffusion of metal ions through the oxide 
lattice. The field becomes small for thick 
films and the normal diffusion gives the 
parabolic law. 

To test the data for compliance with the 
several rate laws several graphs are pre- 
pared. Fig 20, 21, 22 and 23 show curves 
of the square of the weight gain in micro- 
grams per sq cm for the 300°C, 400°C, 
400°C long period oxidation and the 450°C 
experiments. The parabolic law appears 


to fit the data after a certain initial period 


for the 300°C and 400°C runs that are 


shown in Fig 20 and 21. This deviation 


from the parabolic law during the early 
stages of the reaction agrees with the 
prediction of Mott’s modified rate law. 
The long period oxidation at 400°C shown 
in Fig 23 deviates from the parabolic 
rate law after 214 hr. The 450°C oxidation 


partially protective, since the rate falls 
off with increasing thickness. 

The temperature dependence of the 
parabolic rate law constant was first shown 
to follow an expression of the Arrhenius 
type by Dunn.'4 One of the authors! has 
examined this in more detail and has ap- 
plied the transition state theory of diffusion 
developed by Eyring and co-workers.1* The 
parabolic rate law constant is given by the 
following equation: 


Here & is Boltzman’s constant, # is Planck’s 
constant, \ is the distance in A between 
the diffusional states of molybdenum in 
the oxide lattice, AS* is the entropy of 
activation and E* is the energy of activa- 
tion. The free energy of activation AF* 
of the transition state is given by the 
equation AF* = E* — TAS* since PAV * 
is negligible. 
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Fic 17—VACUUM BEHAVIOR 167 


TABLE 1—Parabolic Rate Constants and Diffusion Constants 


Metal 


Molybdenum 7.6 cm O2 


Tungsten 7.6 cm O2 


Iron 7.6 cm Oz 
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Fic 16—VACUUM BEHAVIOR 413 A OXIDE FILM ON POLISHED MOLYBDENUM. EFFECT OF TEMPER- 
ATURE 400°C TO 722°C TO 495°C TO 835°C. 
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Fig 24 shows a plot of the parabolic 


rate constant as a function of = for the 


temperature range 250 to 450°C. The 
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The values of E*, AS* and AF* are shown 
in Table 2. A comparison is made with 
similar data on the oxidation of tungsten 
and iron. The values of E*, AS*, AF* 


OXIDATION OCCURRING 
AT lo-°mm Hg 


Fic 18—Low PRESSURE OXIDATION AND VACUUM BEHAVIOR OF OXIDE FILM 1000°C. 
Fic 19—VACUUM BEHAVIOR AND VACUUM OXIDATION THIN OXIDE FILM ON MOLYBDENUM-VAC IS 
to § mm He. 


results indicate two straight lines of differ- 
ent slope. An analysis of the 350°C to 
450°C portion gives an energy of activation 
E* of 36,500 cal mole. The transition tem- 
perature for the two straight lines is about 
350°C. This may be related to a transition 
in the structures of the oxides observed 
on the surface by Hickman and Gul- 
bransen.! The oxide film above 400°C is 
MoO, while MoO; is observed below this 
temperature. Values of the parabolic 
rate law constant K in (grams per cm?)? 
per sec and in cm? per sec and the diffusion 
constant Do are tabulated in diablemer. 


bd ; 


TABLE 2—Entropies, Energies and Free 
Energies of Activation 
Metal are 

36,260 

36,040 

Molybdenum 36,260 
7.6 cm Oz 36,030 
36,150 

38,100 

Tungsten 37,700 
7.6 cm O2 37,300 
37,950 

Iron 39,150 
7.6 cm Oz 40,300 
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and Dy differ somewhat from those previ- 
ously published for iron!® and tungsten® 
by the assignment of an exact value for A, 
the distance between the diffusional states 


(WT. GAIN)- 
of (gem?) 


TIME QIN.) ; 


a} 


(uc cm2)? 


(WT. Gain)* 


Fic 20—OxXIDATION OF MOLYBDENUM PARA- 
BOLIC PLOT, 300°C. POLISHED. DEGASSED 5 CM 


2. 

Fic 21—OxIDATION OF MOLYBDENUM PARA- 
BOLIC PLOT. POLISHED. DEGASSED 400°C— 
7.6 cM Oz. 


in the oxide. The relationship between the 
values is in no way affected. 

The values of AS*, H* and AF* are 
interesting since they show the importance 
of considering the entropy or frequency 
factor in the rate expression. The differ- 
ences in the oxidation rates occur both in 
the energies of activation and in the 
entropy terms. The entropy of activation 
of molybdenum is about +0.5 cal per °C. 
Tungsten on the other hand has an 
entropy of activation of +11.3 while iron 
has a value of — 24.6. 

The energies of activation for tungsten, 
molybdenum and iron are 45,650, 36,500 
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and 22,600 cal per mole respectively. The 
positive entropy value for tungsten lowers 
the high energy of activation. For iron, 
the opposite is true. The energy of activa- 
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Fic 22—LONG PERIOD OXIDATION OF MOLYB- 
DENUM PARABOLIC PLOT, 400°C. POLISHED. 
DEGASSED 7.6 CM Op. 

FIG 23—OxIDATION OF MOLYBDENUM PARA- 
BOLIC PLOT, 450°C. PoLIsHED. NOT DEGASSED. 
7.6 CM Og. 


tion is low and the entropy of activation 
is negative. This effectively decreases the 
reaction rate. The free energy of activation 
is the sum of the two terms E* and — TAS*. 
The free energy of activation of the acti- 
vated state is one number which can be 
used in comparing oxidation reaction rates 
which obey the parabolic law. Positive 
values of AS* indicate an oxide lattice 
with many possible paths for getting over 
the energy barrier of the activated state. 
- 
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Reduction Experiments on the Molybdenum 
Oxides 


The curves shown in Fig 12, 13 and 14 
indicate that the oxide film formed on 
molybdenum at 475°C and 7.6 cm of O2 


Gc To 450°C) 
—t 


' 
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denum. This may be tested for by a room 
temperature oxidation. The reduction of 
MoO; although thermodynamically feasible 
is difficult to carry to completion because 
of a slow rate process. 


Gar . oF 
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25 
Frc 24—MoLyBDENUM OXIDATION PARABOLIC RATE LAW CONSTANT VERSUS T—250°C To 450°C. 


I ‘ 
Fic 25—WEIGHT LOSS PER SECOND VERSUS T REDUCTION MOLYBDIC OXIDES HYDROGEN REDUCTION 


2.2 CM He 500°C TO 600°C. 


for several minutes, having a thickness of 
about 20 micrograms per sq cm or 1200 A, 
are largely reduced in 60 min. time at 
600°C and in something over 120 min. time 
at 550°C. The shapes of the rate curves 
are similar to those derived by Johnson 
and Mehl!7 for metallic transformation 
and to those derived by Lustman’$ for 
the reduction of oxides with hydrogen. A 
detailed analysis of the rate of reduction 
of surface oxides will be the subject of a 
later paper. 

Fig 25 shows a plot of the maximum 
rate of weight loss in the reduction process 


against a The data approximate a straight 


line, and an activation energy of 23,000 cal 
per mole is calculated. 

Complete reduction is not usually ob- 
tained in the case of the oxides on molyb- 


High Temperature Vacuum Behavior of 
Oxide Films 


The evaporation of the surface oxides 
on molybdenum starts at 450°C for a film 
of 3150 A. The evaporation over the 
temperature range of 474 to 523°C is 
shown in Fig 15. The slopes of this curve 
are determined for a series of temperatures. 
These slopes, in units of weight loss per 


7 Ie. . 
second, are plotted against Fina logarith- 


mic manner in Fig 26. A straight line 
relationship is found and an _ energy 
of activation of 50,800 cal per mole is 
calculated. 

The question as to which bonds are 
being broken in the MoO; or MoO; 
lattice when evaporation occurs cannot be 
answered until more detailed knowledge 
of the atomic geometry of the oxides is 
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available. From the low temperature of 
vaporization it would appear that the 
structures may contain MoO; or MoO: 
molecules with weak bonds between the 
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Fic 26—WEIGHT LOSS PER SECOND VERSUS 
VAPORIZATION MOLYBDIC OXIDES THICK FILM. 
AVA CalOsag Cy 


molecules. The energy of activation cal- 
culated is related to the strength of the 
bonds in the lattice for the separation of 
the molecule from the lattice. 

The latent heat of sublimation of 
MoO; and the latent heat of vaporization 
can be calculated from the vapor pressure 
data of J. Feiser.19 The heats of sublima- 
tion and vaporization are calculated to be 
70,300 cal per mole and 38,100 cal per 
mole respectively. 

It was hoped to extend the evaporation 
studies to thin oxide films. However, in 
the thin film range, the complicating 
. factor of vacuum oxidation makes a rate 
of evaporation study more difficult. 

The high temperature vacuum oxidation 
effect is interesting. If the oxide formed 
at 1000°C is MoOs, one would expect the 
oxide to evaporate as quickly as it is formed. 
Such a reaction is shown in Fig 18 where 
the reaction is carried out at an oxygen 
pressure of 0.3 mm of Hg. A rapid loss in 
weight is observed. In vacua of the order 
of 10- mm of Hg a film of the relatively 
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nonvolatile oxide of MoO, is formed. 
This oxide has been identified by Dr. 
J. W. Hickman of our laboratories using 
the electron diffraction camera furnace 
apparatus. Heating a specimen of molyb- 
denum in the vacuum of the electron 
diffraction camera at 900°C for 60 min. 
gave a pattern of MoO». Reduction 
experiments at 1ooo°C using the micro- 
balance on this oxide indicate a slow 
rate for the reduction mechanism. 

The nature of the oxidation process on 
molybdenum is dependent upon the pres- 
sure. Even at pressures as low as 0.3 mm 
at 1000°C the volatile oxide MoO; is 
rapidly formed. In high vacua the oxide 
MoO, is formed. The mechanism of the 
reaction to form MoO; must depend upon 
having three oxygen atoms adsorbed 
adjacent to one particular molybdenum 
atom in the surface of the metal. At low 
pressures the reaction to form MoO; 
may be limited by the ability of the oxygen 
to keep the surface saturated. The rate of 
reaction of MoO; will be limited by the 
temperature, the fraction of the surface 
covered, the rate of arrival of oxygen 
molecules, the probability of having the 
adsorbed atoms at the proper place for 
reaction and the activation energy of this 
reaction. The rate of reaction to form 
MoO, will be limited by similar factors. 
However, only two oxygen atoms are 
necessary for the reaction. This process 
is the more probable one at low pressures. 

The protective nature of the MoO, 
reaction product to further oxidation at 
1o0o0°C is interesting to us and indicates 
the presence of an oxide film on the molyb- 
denum. A micrograph of this surface con- 
firmed the presence of an oxide film on the 
metal. 


Heat Effects in the Reduction of the Oxides of 
Molybdenum 


The difficulties encountered in the 
reduction of the molybdenum oxides 
indicated that further investigation was 
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necessary. Let us consider again the three 
equations: 


MoO: (s) + 2He (g) @ 
Mo (s) + 2H20 (g) [1] 
MoO; (s) + 3He (g) @ 
Mo (s) + 3H20 (g) [2] 
MoO; (s) + He (g) @ 
MoO, (s) + H20 (g) [3] 
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The reaction 
shown by Eq 3 is strongly exothermic 
while that of Eq 1 is strongly endothermic. 
The reaction of Eq 2 is slightly endothermic 
at low temperatures and exothermic at 


for the several reactions. 


higher temperatures. The overall reduction 
of MoO; is slightly exothermic in the tem- 
perature range where the reaction is 
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Fic 27—HEAT OF THE REDUCTION OF THE TWO MOLYBDENUM OXIDES VERSUS TEMPERATURE. 


From an analysis of Fig 11 one can see 
that Eq 2 and 3 are more favorable 
thermodynamically than Eq t. It is of 


. interest to calculate the heat of the above 


reactions as a function of temperature. 

The heat of formation of MoO: is cal- 
culated from the equation given by 
Thompson,’ that of MoO; is calculated 
from the data of Seltz, Dunkerley and 
DeWitt.7 The specific heat equations 
given by Kelley® are used to evaluate the 
heat contents of the several components 
in the reaction. Specific heat data on 
MoO, are not available. The heat content of 
MoO, is evaluated from the heat of the 
reaction Mo (s) + 2HsO (g) < MoOz (s) 
+ 2H.(g) knowing the heat contents and 
heats of formation of the products and the 
reactants. The corrected form of the 
equation given by Thompson*® is used in 
the calculation. 

Fig 27 shows a plot of the heat of the 
reaction Q in cal per mole plotted against ‘s 


feasible kinetically. If sintering is to be 
avoided the reaction shown in Eq 3 should 
be carried out at low temperatures. The 
reduction of MoO2 presents some diffi- 
culties from a heat balance point of view. 
However, until the activation energy 
and probability factors are available no 
precise comparison can be made of the 
rates of the three reactions. 


SUMMARY 


1. Vacuum microbalance measurements 
are made on the oxidation of molybdenum 
from 250°C to 450°C. 

2. The effect of pressure, surface pre- 
paration, concentration of inert gas in the 
lattice, cycling procedures in temperature 
and vacuum effect are also studied. 

3. The oxidation follows the parabolic 


“Jaw from 250°C to 450°C. Deviations 


start to occur at 450°C. 
4. The temperature dependence of the 
parabolic rate law constant is evaluated 
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and an energy of activation of 36,500 cal 
per mole calculated. An entropy of activa- 
tion of about o.5 cal per mole per degree C 
is also evaluated. 

5. The reduction of the surface oxides 
is studied over a temperature range of 
500° to 600°C. An analysis of the maximum 
rate of reduction as a function of the 
reciprocal of the absolute temperature 
indicates an energy of activation of 23,000 
cal per mole. 

6. The rates of evaporation of a thick 
oxide film are studied at temperatures of 
474 to 523°C. An energy of activation of 
50,800 cal per mole is calculated for the 
evaporation process. This value is com- 
pared to calculated values of the heat of 
sublimation and heat of vaporization. 

7. In vacua of the order of 10-8 mm of 
Hg and at elevated temperatures an 
oxidation process is observed. The oxide 
formed is MoO:. This oxide has a protective 
action to further reaction in vacua at 
temperatures up to 1000°C. 

8. The heat effects accompanying the 
reduction of the two oxides on molyb- 
denum are calculated. 
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DISCUSSION* 
(J. H. Bruckner and F. N. Rhines presiding) 


Trans. 


W. Breck {—It is a question to what extent it 
is necessary to explain the results of the oxide 
film formation at room temperature with the 
aid of the rather complex field theory, recently 
proposed by F. N. Mott. This author tried to 
give a theoretical explanation of the formation 
of oxide layers on metals especially at high 
temperatures. Mott assumes the formation of 
a condenser-like system. The dielectric layer 
in this condenser is represented by this oxide 
film, whose resistance will be determined by its 
permeability to electrons, or, in the terms of 
quantum mechanics, by its tunnel effect. ‘ 

The two ‘“‘plates” on the condenser system 
are, according to Mott, the electron-emitting 
metal surface and the layer of adsorbed oxygen 
atoms on the surface of the oxide film. We may 
then expect that the adsorbed oxygen on the 
oxide film is ionized by the electrons emitted — 
by the metallic surface, after passing through 
the oxide film. The result is a potential gradient 
through the oxide layer between the | two | 
charged plates of the condenser. The effective — 
potential gradient will cause metal ions to — 
move to the oxygen ions on the outer surface 
of the oxide film to form metal oxides. This 
mechanism is a plausible preliminary explana- 
tion of the formation of oxide films at high 
temperatures. 

In the case of oxide film formation at room ~ 
temperatures, let us assume that the oxide 

* This includes discussion on Thin Oxide — 


Films on Tungsten. This volume p. 611. 
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film is almost entirely reduced by the hydrogen 
treatment. Further, let us assume a very thin 
layer of water vapor on the metal surface. 
Experience gained from electrokinetic poten- 
tial measurements justifies this assumption. 
After completion of the reduction, the hydro- 
gen is adsorbed on the metal surface to an ex- 
tent depending on the gas pressure and the 
temperature. If the water vapor film is only 
several molecules thick, we can expect the 
formation of a simple two-dimensional Helm- 
holtz double layer, whose exterior covering 
consists of hydrogen ions. If we now have the 
action of oxygen on this system, we must dis- 
tinguish between two phases of this process— 
first, the rapid phase consisting of depolariza- 
tion of the hydrogen in the very thin layer, 
instantaneous adsorption of oxygen, and oxida- 
tion at the freshly formed active centers on the 
metal surface. These processes are then fol- 
lowed by the second phase, slow oxidation, 
accompanied by slow growth of an oxide layer 
as a result of the low oxygen. pressure. In Fig 
9 the first 20 min. comprise the first phase. 
The reduction of an oxide layer can be ex- 
plained in the same way. (See Fig 12 and 13.) 
The rate of the reduction processes will be 
lower than the rate of the oxidation process. 
The question whether the oxide layer is com- 
pletely reduced or whether there remains a 
monomolecular layer is not important to this 
discussion. Investigations, beginning with the 
classical studies of Haber and including those 
of U. R. Evans and W.-J. Miiller, resulted in 
agreement on the nature of even the thinnest 


always are porous to some extent. 

In the case of unpolished surfaces it would 
be expected that the phenomena studied by 
the authors will appear in a more pronounced 


’ form as a result of the great number of active 


spots on such surfaces with a high adsorption 
potential. 


H. H. Untic*—The two papers which Mr. 
Wysong has just presented are a welcome 
addition to the series of contributions on sur- 
face studies originating in Dr. Gulbransen’s 
laboratory. 

I should like to make a brief comment on 
the authors’ interpretation of their data. They 


* Massachusetts Institute of Technology. 


passive films; they are never homogeneous and © 
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speak of a definite film thickness, and also 
mention fitting the data into certain equations 
which express the oxidation rate as a function 
of time. From the temperature dependence of 
the rates they are able to calculate activation 
energies for the oxidation reaction. The true 
thickness of the films, however, and the values 
of activation energies, as well as interpretation 
with respect to the particular equation followed 
by the oxidation data, depend, in some degree, 
on the true surface of the metal that is being 
oxidized. Assuming that the metal is a plane 
surface is not sufficient, since work done by 
Bowden and Rideal* and also by Brown and 
Uhlig} shows that the usual metal surfaces may 
be far removed from a plane surface. For ex- 
ample, acid-etched chromium has a surface at 
times as high as 50 times the apparent sur- 
face. Factors of this kind can very much influ- 
ence the conclusions one reaches on mechanism 
and rate of reaction. Perhaps Mr. Wysong will 
comment on this. 

I should like to ask, in addition, whether any 
correction was introduced*for carbon content 
of the tungsten and molybdenum. In the oxida- 
tion of mild steel and stainless steel, for exam- 
ple, the presence of normally small quantities 
of carbon serve effectively to mask the initial 
oxidation rate since the carbon oxidizes prefer- 
entially. Also, was any correction introduced 
for the adsorbed water formed by reduction of 
oxide films in the vacuum balance? 


T. N. Ruopin{—The work of Dr. Gul- 
bransen, I think, is a most promising use of 
the vacuum microbalance, both in the results 
obtained and the sensitivity of the method. 
As Dr. Uhlig so aptly pointed out, the inter- 
pretation of the results is something that must 
be approached with considerable caution, even 
for very simple oxidation metal systems. In the 
case of molybdenum or tungsten where we have 
evaporation occurring and similar complicating 
factors or reactions we must be even more 
cautious. We do not have time to make a de- 
tailed discussion. However, the main point 
with which I am concerned is the calculation 
of energies and entropies of activation. Appar- 


*F, Bowden and E. Rideal: Proc. Royal 


Soc., (1928) A120, 39, 80. 
+ C. Brown and H. Uhlig: Jnl. Amer. Chem. 


Soc., (1947) 69, 462. : 
t Institute for the Study of Metals, Univer- 


sity of Chicago. 
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ently this is just an extension of Eyring’s rate 
theory to this one rate process. 

I am familiar with the approach Dr. Gul- 
bransen takes in this effect, and I believe he 
assumes the rate constant of the parabolic rate 
law—that is assuming that the parabolic.rate 
does apply—is equivalent to the rate constant 
that Eyring calculates for a diffusion process. 
If this is the main mechanism then the discus- 
sion of the rates in terms of entropies and 
energies of activation, of course, is justified. 
However, I would like to point out this is 
rather a considerable assumption. 

As far as the other points are concerned, I 
too, was impressed by the fact that when we 
talk of the surface area effects and when we 
calculate film thicknesses we must know the 
roughness factor quite accurately. This point 
has already been well taken. 

Another point that concerns me considerably 
is the fact that in the films, in the case of both 
tungsten and molybdenum, the metals were 
cooled in hydrogen. Now the whole phe- 
nomenon of the cHemiadsorption is a rather 
difficult and complicated one. I do not under- 
stand much of it. However, I do know that 
hydrogen is chemiadsorbed at a temperature of 
100°C on nickel. It seems to me a rather 
tenacious film of hydrogen might be present on 
the tungsten and molybdenum prior to the 
oxidation. 

Now, when we consider the formation of a 
very thin oxide film at so-called room tempera- 
ture oxidation of tungsten, we might well have 
a reaction between the oxygen and a thin film 
of hydrogen adsorbed on the tungsten. 

I would suggest another note of caution in 
calculating the thicknesses from gravimetric 
data. I find it difficult to understand that, 
according to Drs. Gulbransen and Hickman, 
who studied the equilibrium structures found 
in the oxidation of molybdenum, the stable 
form of the oxide on molybdenum is the 
dioxide in the temperature range of 375°. The 
dioxide film is tenacious, compact, and not 
readily reduced, compared to the trioxide film 
which is porous, evaporates readily in the tem- 
perature range from 240 to 450° and is readily 
reduced. 

Apparently when one interprets the mech- 
anism of the oxidation or the protective film 
characteristics of molybdenum, one might well 
consider that most of the protective action is 
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due to the inherent film of the dioxide next to 
the molybdenum. In the considerable weight 
changes observed for the evaporation or oxida- 
tion of molybdenum, formation of the trioxide 
might well obscure any interpretation of the 
possible mechanism. 


W. S. Wysone (authors’ reply)—I do not 
know that I can exactly refute the things which 
have been said. I did want to present the facts, 
the experimental facts, and perhaps I did 
emphasize too strongly the interpretations. 
There are some questions that may be inter- 
preted in a different manner. The surface 
roughness, of course, is an important factor. 
We used the measured area since we have no 
information on the true area as a junction of 
film thickness. However, the experiments we 
did do and the one I showed you with various 
surface preparations, did not seem to change 
the rate very much. 

I do not believe I can answer Dr. Uhlig’s 
question on carbon content. As far as I know, 
I am quite sure no correction was made for 
carbonite. To consider the point of view of 
Eyring and his coworkers, we did assume that 
particular interpretation. We admit there are 
other possible interpretations. In a curved plot 
that I have shown, there may be many different 
processes involved, but we have given our 
interpretation of them. We would welcome 
other interpretations and we do feel it is very 
interesting work. 

I have something noted down here—the 
chemiadsorption on tungsten. What was that 
question? 


T. N. Raopin—I was concerned about the 
thin film of chemisorbed hydrogen that may 
occur on tungsten in the temperature range of 
the experiment. 


W.S. Wysonc—I may be able to answer that 
in part. The microbalance that we use is a very 
sensitive apparatus. I watched it for many 
hours, and I can actually watch the weight 
change of the specimen. I say it is reproducible — 
to approximately o.3 X 108g, and follow-— 
ing a specimen after it has been oxidized, 
and then reduced, and oxidized at room tem- 
perature. During the process of cooling to room 
temperature, the weight remained absolutely — 
stable, so that might be considered as saying 
there was no film being adsorbed on the surface. 


: 


_ 
_ As to the question about the surface struc- 

ture found on the surface of the film particu- 
larly pertaining to the dioxide, Dr. Hickman, 
will you discuss surface pressures as you did 


the electron diffraction studies? 


4 


= 


- J. W. Hickman*—I am not sure that I re- 
member Mr. Rhodin’s question. 


- T. N. Ruoprn—Would you care to speculate 
as to the role the thin film of the dioxide plays in 
4 the oxidation of the molybdenum? I am under 

the impression, although it is a thin film, that 
it is right next to the molybdenum, and hence 
might play a considerable role. 


J. W. Hickman—In other words you would 
like me to write the equations which illustrate 
the mechanism of the oxidation of molybdenum. 


T. N. Ruopin—No, I would not presume 
to ask you to do that. However, some attempt 
has been made to interpret the results and lam 
very anxious to get, or profit by, any analytical 
progress you have made in this direction. 


J. W. Hickman—Our results indicate that 
the initial reaction which takes place in the 
oxidation of molybdenum is the formation of 
molybdenum dioxide. Both the dioxide and the 
trioxide are feasible thermodynamically. How- 
ever, the first oxide which forms is the dioxide. 
The next reaction which occurs below 400°C, if 
sufficient oxygen is present, is the oxidation of 
the dioxide to the trioxide. Electron diffraction 
results show that the dioxide is in contact with 
the metal and that the trioxide forms as the 
oxide film builds up on the metal below 400°C. 
Above this temperature where the rates of 
formation and diffusion of molybdenum ions 

are quite high so that a sufficient number of 

molybdenum ions reach the surface, only the 

dioxide is observed. In other words, above 
400°C, if any trioxide forms, it immediately 
ereacts with the molybdenum ions which have 
diffused outward and forms the dioxide. 

This appears to be the explanation of the 
mechanism of the oxidation of molybdenum 
given by the electron diffraction studies. 


* Westinghouse Research Laboratory, East 
Pittsburgh, Pa. 
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E. A. GurtBprANSEN—I have little to add to 
Dr. W. Beck’s remarks on the room tempera- 
ture oxidation of tungsten. The picture is very 
confused since it is impossible to determine the 
structural features of the initial phase of the 
reaction. 

Dr. Uhlig’s comment on the importance of 
surface area is in order. We have not attempted 
to measure the surface area. In general we have 
found that the different surface preparations 
have only a minor influence on the reaction 
rate. The surface roughness may be an im- 
portant factor in determining the initial part 
of the oxidation curve since the effective area 
probably decreases as the oxide smooths out 
the surface. 

I do not feel that the carbon in tungsten and 
molybdenum has an important influence on the 
low temperature reaction rates. The carbon 
content has not been measured but is probably 
below o.or pct. We have never observed any 
decarburization by the oxides on these metals, 
a phenomenon which we would expect to be 
observed. I feel that the carbon content is 
negligible. If carbon does oxidize preferentially 
the effect is probably small because of the fact 
that at the temperatures used, only the surface 
carbon atoms will be able to take part in the 
reaction. Data on the diffusion coefficients of 
carbon in these metals would be of value in this 
discussion. In general, I feel the role of carbon 
is negligible for our conditions. 

I would like to defend the use of Eyring’s rate 
equations. It is quite true that we do not under- 
stand the mechanism. However, I think that 
the breakdown into an energy and an entropy 
factor is significant. I also feel that it is desir- 
able to get numbers out of rate data which can 
be tabulated and correlated. 

In regard to Dr. Rhodin’s question about the 
role of chemisorbed hydrogen on the room 
temperature oxidation, we have no information 
that such films are present although one might 
expect to firid such a monolayer on tungsten. 
I think that oxygen will react with the tungsten 
at room temperature with or without the film. 
The end product of adding oxygen will be an 
oxide film or a mono-layer of oxygen. 


Plating Molybdenum, Tungsten, and Chromium by Thermal 
Decomposition of Their Carbonyls* 


By J. J. LaANDERt AND L. H. GEeRMERf 
(Chicago Meeting, October, 1947) 


PART 1 


PLATING BY PYROLYSIS FROM THE 
CARBONYLS 


MOoLyBDENUM and tungsten have desir- 
able corrosion and temperature resistant 
properties, but the metals in bulk are 
expensive and their fabrication is difficult. 
Such considerations led to a search for 
a method of plating them upon base 
metals. This search was successful and 
led furthermore to a number of develop- 
ments which could not have been foreseen. 

Neither pure tungsten nor pure molyb- 
denum has been electroplated successfully, 
although the literature of electroplating 
is liberally sprinkled with the description 
of unsuccessful attempts. The process 
of plating these metals by thermal reduc- 
tion of their halides has achieved only 
limited usefulness because of technical 
limitations and because of limited range 
of product quality. Plating by thermal 
decomposition of the carbonyls does 
not suffer from limitations of the same 
sort and the properties of the plate are 
readily controllable. This paper describes 
the plating of molybdenum and tungsten, 
and of compounds and alloys of these 
metals, by pyrolysis of their carbonyl 
vapors. Chromium also has been plated 
in this manner, but the experiments upon 
chromium have been less extensive and 
the results much less satisfactory. 

* This work was carried out under NDRC 
Contracts OEMsr-430 and OEM-sr-1184. 
Manuscript received at the office of the Insti- 
tute June 11, 1947. Issued as TP 2259 in 
METALS TECHNOLOGY, September 1947. 
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+ Research Physicists, Bell Telephone Labor- 
atories, Murray Hill, N.J. 


Probably the most important of the 
products which we have obtained are the 
alloys with carbon, and the carbides of 
the metals. Either molybdenum or tung- 
sten can be deposited upon a base metal 
as a coherent and adherent coating. By 
adjusting the plating condition the carbon 
content of the coating can be made to 
have any value from substantially zero 
to about 35 atomic pct. The hardness is 
dependent primarily upon the amount of 
carbon in the plate and can be regulated 
over a very wide range, some coatings 
containing considerable carbon being harder 
than sapphire. In addition to products 
already known this method of plating 


has yielded new carbides of molybdenum ; 


and tungsten and alloys supersaturated 
with carbon. These new products are 
possible because, in the process of plating, 


carbonyl can be decomposed at tem- — 


peratures as low as about 150°C, and 
thus in the presence of other substances 
reactions occur which could perhaps not 
be produced in any other way. In addition 
to carbides and alloys with carbon, 
sulphides and oxides of molybdenum and 


~~. 


tungsten have been produced and studied. 


There are certain other advantages 
of the carbonyl method of plating. It is 
not required that the base have good 
electrical conductivity as in electrochemi- 
cal processes, and the base need not have 
the temperature stability required in 
plating from a halide. Thus low melting 
glasses, as well as other ceramics, can 
be plated almost as readily as metals. 
In particular, the plating of glass with 
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molybdenum sulphide will be described 
in a later section. 

The possibility of extending the carbonyl 
process to the preparation” of a wide 
variety of products should be emphasized. 
Although the work which has been carried 
out thus far belongs predominantly in 
the field of metallurgy, there exists a 
much wider range of possible applications 
of the process. Carbonyl vapors of any 
of a large number of metals* can be 
decomposed pyrolytically at comparatively 
low temperatures, and the metals can 
simultaneously be made to react with 
carbon from the released CO, with oxygen, 
with water, with hydrogen sulphide, or 
with any one of many active gases. It is 
probable that, of an enormous number of 
possible reactions, most can be controlled 
without unusual difficulty, many resulting 
compounds will be new, and some will 
be found to be commercially useful. 

The few products which have already 
been studied seem to have many possible 
applications. Pure molybdenum and tung- 
sten coatings may be useful in electronic 
devices and in the field of high tempera- 
ture chemistry. The hard alloys of these 
metals with carbon, and the carbides 
of the metals, can be expected to provide 
good wearing surfaces for bearings, dies, 
rolls, gauges, and other tools. Molybdenum 
sulphide may be useful as a semicon- 
ductor or as a lubricant. 

The carbonyl plating process is readily 
extended td the production of metallic 
and nonmetallic particles having a wide 
range of dimensions. The production of 
iron particles for transformer cores from 
iron carbonyl, and the Mond _ process 
for purifying nickel are, of course, well 
known. Exceedingly pure molybdenum and 


* The following metals form volatile car- 
bonyls: Fe, Ni, Co, Mo, W, Cr, Se, Te, Os. Ir, 
and Rh. Mixed carbonyls are known of the 
type [CO(Co)4]sM where M is any one of the 
elements Ga, In, Th, Cd, or La, as well as 
many compounds of metallic elements with 
both the carbonyl radicle and another non- 
metallic element such as hydrogen or a halogen. 
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tungsten have been made in the same 
way, and the finest particles of these 
metals are so small that they are spon- 
taneously combustible in air. Powders 
of metals, alloys and compounds may 
have applications in powder metallurgy 
and as catalysts. 

This plating process has, of course, 
technical difficulties which are quite 
different from -those of electroplating. 
The process requires that the article to 
be plated be exposed at the correct ele- 
vated temperature to a controlled flow 
of the proper gaseous atmosphere. Unusual 
precautions are required in the preparation 
of the surface and of the plating gas. The 
limitations set by these precautions may, 
however, appear more serious than they 
are. The seriousness of the problem 
cannot be appraised accurately at this 
stage of the development. The situation 
may be like that which existed in the 
early days of chromium electroplating 
when results seemed unreliable because 
the necessary precautions were unusual 
and not adequately understood. 

It is not affirmed, however, that a 
completely satisfactory method of plating 
molybdenum and tungsten is offered. 
The carbonyl method of plating is not 
to be thought of as a competitor of a 
possible successful electrochemical method 
of plating molybdenum and _ tungsten. 
It is presented as an alternative in the 
absence of such a method, but as an 
alternative which has the additional 
feature of giving a wide range of products 
which can hardly be expected from any 
other plating procedure. 


History 


Pyrolytic plating from metallic car- 
bonyls had its origin about 1888 in the 
work of Langer and Mond with. nickel 
and iron carbonyls. The synthesis and 
decomposition of nickel carbonyl occur 
so readily at ordinary temperatures and 
atmospheric pressure that the reactions 
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were rapidly developed into a highly 
successful process for obtaining pure 
nickel. The conditions for the preparation 
and the controlled decomposition of iron 
carbonyl were found to*be much more 
exacting, and as a result industrial ap- 
plication awaited the recognition of merits 
more specifically characteristic of the 
process. Lately it has been found that 
the very pure and almost perfectly spherical 
iron particles obtainable by the carbonyl 
process have desirable magnetic properties, 
and particles made by this process now 
enjoy widespread use in some types of 
transformer cores. Cobalt carbonyl and 
molybdenum carbonyl were discovered 
in this early period also, but, although 
serious attempts were made to find com- 
mercially attractive syntheses for these 
compounds, none was worked out. 

During this period it was customary to 


study the direct reaction between CO gas 


and solid metal as a function of tem- 
perature, pressure, state of the metal, 
and presence of catalysts. Nickel offered 
few difficulties. Iron reacted well enough 
in the presence of the proper catalyst 
(a trace of H2S). Cobalt was more sluggish, 
even if freshly reduced and exposed to a 
high pressure of CO. Intensive work on 
molybdenum produced less carbonyl than 
was required even to determine its com- 
position accurately, and work on tungsten 
produced nothing at all. 

A second period in carbonyl chemistry 
dates from about 1926 when A. Job 
demonstrated that it is possible to prepare 
chromium carbonyl by a reaction between 
chromium chloride and a Grignard reagent 
in the presence of CO. Some other car- 
bonyls were also made by this process. 
Additional methods for preparing car- 
bonyls were subsequently discovered and 
carbonyl chemistry developed rapidly. 
The most active and fruitful research 
of recent years has come out of the labora- 
tory of W. Hieber, and an authoritative 
account of the present state of carbonyl 
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chemistry is to be found in a review 
article by him.! This article contains 
adequate references to the literature, 
so that none need be given here. In 1940 
Kocheshkov and coworkers reported a 
fairly simple and very efficient method 
for producing molybdenum and tungsten 
carbonyls. This synthesis has been checked 
and improved in our laboratories and 
elsewhere. These carbonyls can now be 
manufactured quite cheaply, and, if 
there were considerable demand, probably 
at a cost no greater than that of an equal 
mass of the metal. 

The literature of carbonyl plating 
itself, as it appears in patents and in 
scientific periodicals, is inadequate. No- 
where is there a detailed report of the 
effects of temperature, pressure and com- 
position of plating gas, state of the surface 
to be plated, and state of the gas flow on 
the products obtained from any of the 
carbonyls. 


Properties , of Molybdenum, sei and 
‘Chromium Carbonyls* 


The hexacarbonyls of these metals 
are white volatile solids that decompose 
without melting in the neighborhood of 
150°C. Their vapor pressures at room 
temperature are of the order of o.1 mm, 
and are ordered inversely as the molecular 
weights. In the range from 80° to 150°C 
the pressures, as obtained by Hieber 
and Romberg,? are teprtsented by them 
by the formulas: 


Cr(CO)6: logio p = 11.832 — 3755.2/T [1] 
Mo(CO)6¢: logiop = 11.174 — 3561.3/T [2] 
W(CO)e: logio p = 11.523 — 3872.0/T, [3] 


p being the pressure in mm of mercury 
and ZT the absolute temperature. The 
Hieber and Romberg data for molyb- 
denum and tungsten are plotted as dots 
in Fig 1 and lines are drawn for the cor- 
responding equations. The low tempera- 
ture points for Mo(CO)¢s that are not 


1 References are at the end of the paper. 
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very accurate seem to have been weighted 
too heavily in drawing the corresponding 
line. It seems to us that what we have 
drawn as the ‘‘corrected”’ line represents 
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by light, but small amounts of some 
impurities catalyze decomposition in strong 
light. Presumably the high stability in 
comparison with other metallic carbonyls 
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Fic 1—VAPOR PRESSURE DATA FOR THE CARBONYLS OF MOLYBDENUM AND TUNGSTEN. 


their data better, the formula for this 
line being 


Mo(CO)¢: logic = 11.406 — 3654/T [4] 


The three carbonyls are reported by 
Hieber and Romberg to be nontoxic. 
They are somewhat soluble in the usual 


organic solvents but insoluble in water, 


the solubility of Mo(CO). in ether at 
30°C. being about 2.5 pct by weight. All 
are fairly stable up to about 150°C in 
water, acid, and air, but decompose in 
strongly basic solutions, and in halogen 
vapors. If very pure they are unchanged 


is the result of complete shielding of the 
electronic field of each metal atom by the 
octahedral array of CO molecules sur- 
rounding it. By condensation from the 
vapors large orthorhombic! crystals which 
are highly refractive are readily formed. 
AH’s for the decompositions of the car- 
bonyls have not been determined. No 
polymerized decomposition products are 
known, such as are formed by the car- 
bonyls of iron, cobalt and nickel. 

In pyrolytic plating we require vapor 


2 Their molecular structures have been 
determined by Brockway, Ewens and Lister, 
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pressures in the range between o.o1 and 
I mm of mercury, corresponding to 
carbonyl temperatures from o° to 50°C. 
Accurate values of pressure in this range 
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an inappreciable amount. The air flow 
is maintained for a time sufficiently long 
to give readily measurable losses of 
water, M, moles, and of carbonyl, Ms; 


CONSTANT 
TEMPERATURE 


Fic 2—APPARATUS USED FOR OBTAINING THE RATIO OF THE VAPOR PRESSURES OF CARBONYL AND 
WATER. 


cannot be expected from extrapolation 
of the data reported by Hieber and Rom- 
berg, and it is therefore necessary to 
extend their vapor pressure measurements 
to these lower temperatures. For this 
purpose a simple, and apparently new, 
method was devised for obtaining values 
of vapor pressure by comparison with 
known pressures of water, the method 
requiring weighing but no measurements 
of volume. 

The apparatus is shown diagrammati- 
cally in Fig 2. Air at approximately 
atmospheric pressure is passed successively 
through a drying tube filled with de- 
hydrite, through a carbonyl saturating 
tube, and through a water saturating 
tube. The saturating tubes are main- 
tained at the same temperature by thermo- 
static control, and the flow rate is so 
low that the pressure at the beginning of 
the train differs from that at the end by 


moles. The vapor pressure of carbonyl, 
po, at the temperature of the experiment 
is then related to the known vapor pressure 
of water, 1, by the formula, 


p= Fen (1 +2), [sl 


bs 
where #3 is atmospheric pressure measured 
in the same units as f; and fp. 

The carbonyls used were resublimed 
in vacuo and ground to a particle size 
similar to that of table salt. The carbonyl 
saturating tubes were U-tubes of 4 mm 
id, and they were filled to give a length 
of carbonyl of about 15 cm. The water 


saturator contained a bubbling chamber - 


at the bottom filled with distilled water, 
a tower about to cm high loosely packed 
with cotton wick dipping into the water, 
and a loose cotton plug at the top for 
removing any droplets of water that might 
become suspended in the air stream. Both 
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carbonyl and water are precipitated in a 
tube added to the train and held at a tem- 
perature one degree centigrade lower 
than that of the saturating tubes. The 
pressure difference between the input of 
the carbonyl saturator and the output 
of the water saturator was about 3 mm 
of mercury at a flow rate of six liters of 
air per hour, and about 1 mm at a flow 
rate of three liters per hour. Consideration 
of possible errors of measurement led 
to the estimate that carbonyl vapor 
pressure values obtained with this ap- 
paratus should be correct to about 2 pct. 
It would ‘be easily possible to improve 
the technique sufficiently to obtain an 
accuracy of at least 1 pct. 

As an over-all check on the method, 
it was applied to naphthalene for which 
vapor pressure data are available and 
which is similar to the carbonyls of 
molybdenum and tungsten with respect 
to insolubility in water and vapor pressure. 
The naphthalene, of C.P. grade, was 
purified by sublimation before use. Data 
obtained from this substance at 28.1 
and at 35.2°C are given in the first two 
lines of Table 1. The experimentally 
determined vapor pressures in mm of 
mercury appear in next to the last column, 


Taste 1—Data for Naphthalene and the 
Carbonyls of Molybdenum and Tungsten 


Vapor Pres- 
sure in Mm 
Flow 
Sub- 

Sub- pr Temp.,| stance Bisbee Calcu- 
stance iver) Deg C| Loss, Gant Ex- |} lated 
Gm peri- | from 

men- | Eqs 

tal 6,7 

and 8 
CioHs 2 .1 |o.0772|2.7281|0.1178]0.1153 
CioHs 2 .2 |0.0931|2-5803|0. 2282/0. 2254 
Mo(CO).«| 6 .5 |0.0316|0. 5861/0. 0600/0.0585 
Mo(CO).«| 3. .§ |0.0340]0.6348]0.0596]0.0585 
Mo(CO)é| 3. _I ]0.0511]0.6831/0.1512/0.1522 
Mo(CO).«| 6 .1 |0.0788|1.0405|0.1523/0.1522 
Mo(CO).| 2 2 |0.0517|0.5233|0- 3039/0. 2969 
Mo(CO)6 3. 2 |0.0787|0.8019|0. 3012/0. 2969 
W(CO)6é | 3 -1 |0.0494|2.0725|0.0361|0.0364 
W(CO)e | 3. 1 ]0.0599|2. 4911]0.0365|0.0364 
W(CO)e | I. _t |o.0417|1.7289|0.0364]0.0364 
W(CO)6 | 4 .2 |0.0457|1.4368}0.0732/0.0745 
W(CO).6 | 2 .2 10.0545|1.6601|0.0756/0.0745 


and in the last column are values for 
these temperatures calculated from the for- 
mula given by J. Thomas. The agreement 
with the data of Thomas is satisfactory. 

In lines of Table 1, below the first two, 
are given our data for the carbonyls of 
molybdenum and tungsten. The vapor 
pressures determined experimentally, Eq 
5, appear in next to the last column, and 
these are plotted as large circles on Fig 1. 
The lines drawn through these points 
have the formulas, 

800 


Mo(CO)<: logio p — II.795 =. Tr [7] 
W(CO)g: logio p => 12.004 a ae. [8] 


the goodness of the fit being shown by the 
agreement between the last two columns. 
Eq 7 and 8 give vapor pressures of the 
carbonyl of molybdenum and tungsten 
with considerable accuracy in the range 
of interest to us, and these formulas are 
useful in all of our work on the plating 
of these metals. 


Method of Plating 


An object is plated with molybdenum 
(or tungsten) by maintaining it at an 
elevated temperature while it is exposed 
to “plating gas” consisting of a mixture 
of carbonyl vapor, hydrogen, and some- 
times also water vapor or some other gas. 
The plating chamber must be contin- 
uously exhausted in order to prevent the 
formation of oxide, to accelerate diffusion, 
and to remove the carbon monoxide 
resulting from carbonyl decomposition. 
The construction of the plating chamber 
and of the associated furnace or high 
frequency heating equipment, as well 
as the design of the pumping system, 
are dependent upon the nature of the 
object to be plated and upon the type of 
coating which is required, and they will 


812. 
5 logiop = 11.7797 — 3 T 3 


— 0.0259 logioT [6] 
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in general be widely different in different 
applications of the process. Detailed 
description of special examples of such 
equipment will be left for later con- 


IONIZATION 


MANOMETER 


FURNACE 


Fic 3—SCHEMATIC DIAGRAM OF PLATING GAS GENERATOR. 


PRESSURE 
GAGE 


Most of 


sidération. the fundamental 
experimentation was carried out upon 
small steel blocks, and these were heated 
by high frequency currents during plating, 
in a simple glass enclosure which need 
not be described here. 


Equipment for the preparation of 
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plating gas of the desired composition, 
and at the desired pressure, can, however, 
be almost universally applicable. Such 


equipment is appropriately called a “‘plat- ° 


ing gas generator.” A schematic diagram 
of such a generator is shown as Fig 3 
and a photograph of a late model is 
reproduced as Fig 4. Generators of this 


type were used in most of the work to - 


be reported in these papers. 

The generator of Fig 3 and 4 is con- 
structed largely of copper tubing and 
metal valves. All metal joints are hard 
soldered, and alJl joints and valves are 
completely gas tight. The circles of Fig 3 
represent valves, and those marked W are 
special needle valves* permitting very 
fine control of gas flow. Tank hydrogen 
is purified by passing through a palladium 
tube purifier, marked Pd Purifier in Fig 3, 
and is then reduced to atmospheric 
pressure and maintained at this pressure 
by a needle valve and an overflow to air 
through an oil seal, marked “‘oil bubbler.” 
The pure hydrogen can be saturated with 
water at atmospheric pressure in the 
thermostatically controlled water saturator 
before passing through the carbonyl 
chamber at reduced pressure, or_it can 
be passed through the carbonyl chamber 
without going through water. In any 
case the carbonyl vapor pressure is con- 
trolled by the temperature of the “cooler” 
which is maintained a few degrees lower 
than the main carbonyl supply. In most 
applications this temperature is of the 
order of 20°C for Mo(CO), and 30°C for 
W(CO).). A McLeod gauge is used to 
measure pressure in the plating chamber 
and at the outlet of the plating gas genera- 
tor. With the controls available plating gas 


can be supplied with any desired per- — 


centage composition of the three com- 
ponents, carbonyl vapor, hydrogen, and 
water vapor, and at any total pressure 
over a wide range. 


* Fig 5 is a cross-sectional diagram of one of 
these needle valves. 
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in plating from tungsten carbonyl, except 
that we have never obtained the hexagonal 
carbide W:C. 


Variability of Coating 


Some coatings deposited from molyb- 
denum carbonyl are very soft, as low 


as Vickers 200, others are very hard, as 
— 


gee = f 


Fic 4—PHOTOGRAPH OF A PLATING GAS 
GENERATOR. 


high as Vickers 1500, and still others are 
noncoherent and powdery. Chemical anal- 
yses of very soft coatings show a low 
carbon content, of the order of 0.1 atomic 
pet, and X ray analyses indicate large 
highly oriented body-centered crystals 
of molybdenum metal. Harder coatings 
contain more carbon, in some cases as 


* much as 35 atomic pct. Some of the 


harder coatings give X ray patterns 
characteristic of small crystals of molyb- 
denum metal, and some give patterns 
resulting from face-centered cubic crystals. 
Some of the non-coherent coatings give 
diffraction lines which have been identified 
with the hexagonal carbide Mo,C. Similar 
variability of product has been obtained 


Carbon from released CO gas can be a 


Fic s5—CRross-SECTIONAL SKETCH OF SPECIAL 
NEEDLE VALVE. 
significant constituent of the plate. In 
the variability of physical properties of 
the product, which accompanies varia- 
tions of carbon content, we have the means 
of adapting molybdenum and tungsten 
plating to widely varying requirements. 
Consideration must be given to chemical 
reactions involving the released CO gas. 
The theoretical conclusions are based 
upon conditions of equilibrium at the 
plating temperature between the different 
constituents of the gas which results 
from carbonyl decomposition. Such equilib- 
rium is not always attained during plating, 
and the theoretical conclusions are thus 
not always applicable to actual plating 
procedures. They can, however, serve as a 
guide and they have proved very useful. 
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For the simplest possible case of plating 
gas consisting of carbonyl vapor only, 
one naturally assumes that two reactions 
occur during plating, the decomposition 
of carbonyl to form CO and the metal M, 
and the reaction of CO with itself to 
form CO and free carbon. These reactions 
are 


M(CO),— M + 6CO [9] 
(GO) 3 C42 CO [10] 


In any plating procedure the plating rate 
is proportional to the rate of evolution of 
CO from decomposing carbonyl, and 
therefore for any given pumping system 
the rate of plating will be approximately 
proportional to the pressure of the gaseous 
decomposition products within the plating 
chamber. This proportionality will be 
exact if the pumping speed and the com- 
position of the gas are strictly independent 
of pressure. 

We have data available from which can 
be calculated the equilibrium ratio of 
carbon to metal, on the assumption that 
deposition of carbon in the plate occurs 
with negligible change of free energy. 
Numerical values of the equilibrium 
constant, Ky = [CO]?/[COs], of Eq to as 
given by Austin and Day® are written 
down in the first line of Table 2 for the 
three plating temperatures 400, 500, 
and 600°C. The various assumed atomic 


TABLE 2—CO Decomposition Data 


Pressure of CO + CO2 in Mm 


Atomic 
od eee eee é 
arbon 00 
in Plate COz $00 Se M deg C 
1o~> 9.0 X 


column 1 cor- 


of carbon in 
respond to the ratios given in column 2 
of the partial pressure of CO to the total 


percentages 
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pressure CO-+ CO». From these ratios 
and the Austin and Day values of the 
equilibrium constant one calculates the 
total pressures of CO + CO:2 which are 
given in columns 3, 4, and 5. (For con- 
venience these pressures are in mm, while 
the equilibrium constants are given for 
pressures in atmospheres.) 

The solid curves of Fig 6 represent the 
relations, taken from Table 2, between 
temperature and pressure at which, under 
equilibrium conditions, metal plate will 
be deposited having the indicated per- 
centages of carbon. It is seen that Eq 10 
predicts that increasing the pressure or 
decreasing the plating temperature favors 
higher carbon content, that plate entirely 
free from carbon cannot be made from 
pure carbonyl, and that the production 
of plate having as little carbon as 0.2 
atomic pct at a temperature as high as 
600°C requires a pressure as low as 0.03 mm. 

One sees from this first simple cal- 
culation that plating temperature, and 
pressure of the gaseous decomposition 
products are important variables in deter- 
mining the character of coatings formed 
from molybdenum and tungsten carbonyls. 
These quantities must always be known 
with considerable precision in any plating 
procedure. It is not, however, implied 
that there are no other variables which 
have a marked influence upon the structure 
of a deposited coating. There are at least 
two other such variables: the geometry 
of the plating chamber and object to be 
plated, and the nearness of the system to 
equilibrium conditions, which can _ be 
altered without change of pressure by 
adjustment of the pumping speed and 
of the rate of gas flow. 


COMPOSITION OF PYROLYTICALLY 
DEPOSITED COATINGS 


The utility of any plate is dependent 
upon two factors: the nature of the coating 
and the soundness of the bond to the 
base upon which it is deposited. This 


we Oe AD hg, etl BE ee 


ee ee ee 


J. J. LANDER AND L. H. GERMER 


section is concerned with the first of 


these factors. 


Plating with Carbonyl and Hydrogen 


Chemical Considerations—In all plating 
procedures that we have found to be 
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opinion that no really satisfactory process, 
at least for plating the metals from the 
carbonyls of molybdenum, tungsten and 
chromium, can be devised in which the 
plating gas does not contain hydrogen. 
Primarily hydrogen serves as a carrier 
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Fic 6—CALCULATED RATIO OF DEPOSITED CARBON AND METAL IN DECOMPOSITION OF CARBONYL, 
AS ATOMIC PER CENT. 


practicable hydrogen has been added to 
carbonyl vapor to make a complex plating 
gas. There are important advantages in 
the use of hydrogen, and we are now of the 


of the carbonyl vapor and increases the 
flow through connecting tubing from the 
apparatus in which the vapor is generated.* 


* For the simple case, which in most appli- 
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There are also other advantages in the 
use of hydrogen which will become ap- 
parent in later pages of this paper. 

Any plate deposited from carbonyl 
vapor in the absence of hydrogen must 
contain carbon obtained from released 
carbon monoxide. Since the character 
of the plate is chiefly determined by its 
carbon ‘content, one needs at once to 
consider how this is affected by the 
presence of hydrogen in the plating gas. 

When hydrogen is added to carbonyl 
vapor to give a complex plating gas, a 
variety of chemical products becomes 
possible upon decomposition of the car- 
bonyl at a hot surface. In the absence of 
hydrogen the fundamental reactions are 
presumed to be, 


M(CO),— M + 6CO 


[rz] 
2(CO) > C + CO, K: = Ae) 


[coy 4! 


We have assumed that, upon the addition 
of hydrogen, only the simplest new com- 
pounds are produced, H,;O and CHg, and 
that they are formed by the reactions, 


[CO][He] 
CO + H:— H:0 + C, K; = “TH.0) 
[x3] 
H.]2 
C + 2H.— CHa, Ky, = ett [14] 


Numerical values of the equilibrium 
constant Ky, are given by Austin and 
Day.® To obtain values of Ks we note 
that Ks is the product of Ke and the 
equilibrium constant K3; for the water 
gas reaction 


Ks5=[H2][CO,]' [rs] 
(Coylo.Hy «5 
and we find that values of K» and of Ks 


have also been published by Austin and 
Day. Numerical values for the constants 


H.+ Cco.—- H,O+ Co, 


cations approximates the actual case closely, of 
negligible pressure at the end of a long con- 
necting tube, the rate of flow of carbonyl is 
proportional to (pH + pc)pc/n where pH is 
the partial pressure of hydrogen in the car- 
bonyl chamber, pc is the partial pressure of 
carbonyl, and 7 is the viscosity of the mixture. 
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at the temperatures 400, 500 and 600°C © 


are collected in Table 3. 


TaBLE 3—Equilibrium Constants for 


Pressures in Fractions of an Atmosphere _ 


Ka Ks Ks 

Tem- 

pera 

ture (Austin (Austin | (Austin 

Deg C] and Day) | and Day) | and Day) (Kr X Ks) 

400 12.3 0.OOIII 
500 4.88 0.023 
600 2.55 0.245 


We wish to use the data of Table 3 to 
calculate the equilibrium atomic ratios 


of carbon to metal, C/M. If we designate 


by A and B respectively the total con- 
centration of CO resulting from carbonyl 
decomposition, and the total concentra- 
tion of H, supplied by the plating gas, 
then we can write the equations 


A = [CO] + [CO:] + [CH] + [C] 
= [CO] + 2[CO,] + [HO] 
B = [Hs] + 2[CH,] + [H.0]. 


These three equations, together with 
numerical values from Table 3 for the 


cinerea 


constants Ke, Ks, and Ky, form a set of 6 — 


simultaneous equations which can _ be 
solved for the 6 unknowns, C/M, [H;0], 
[CO], [CH4], [CO] and [H,]. In carrying 
out this calculation it is assumed that 
absorption of carbon into the plate occurs 
with negligible change of free energy, an 
assumption which we are unfortunately 
required to make because there are no 
pertinent data available. It will be pointed 
out later that although the change of 
free energy seems to be small for molyb- 
denum and tungsten, this is apparently 
not at all true for chromium. 

In Table 4 are given calculated values 
of the CH, pressure and of the ratio C/M 
at the three representative temperatures, 
for A equal to 10-4 atmosphere and B 


DS aterm Rigo RE egy te eon 


equal to 0, 100, 1000 and 10,000 X 1078 . 


atmosphere. Negative values for C/M 


are obtained when Eq 12, 13, 14 cannot — 


be satisfied simultaneously. 
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TABLE 4—Calculated Equilibrium Data 


Initial 


Pressures 
(hemi~ ees eS |) Equilibrium . : 
pera- Pressure np peers 
ture | (Atm X 105) | (Atm X 108) M t 7. . iw 
Deg C of CH4 Ae ae SN 
B A 
(Hz) | (CO) 
400 o}| 100 0.61 
400 Io0o} 100 0.16 0.63 
400 I,000] 100 15.5 0.65 
400 |10,000] 100 1200. * 0.99 
500 0} 100 0.107 
500 Too] r00 0.024 0.122 
500 I,000} 100 203 0.157 
500 | 10,000] 100 220. - 0.91 
600 o}| 100 0.006 
600 I00o}] 100 0.005 0.008 
600 I,000] 100 0.5 0.00 
600 | 10,000] 100 48. —0.72! 


Table 4 shows that, although with a 
very high hydrogen/carbon monoxide 
ratio carbon will be completely removed, 
the addition of a moderate amount of 
hydrogen to the plating gas can be expected 
to increase, rather than decrease, the 
amount of deposited carbon. For amounts 
of added hydrogen comparable with the 
amount of CO, the effect of hydrogen in 
increasing the deposited carbon is, however, 
rather slight. If we were to draw cal- 
culated equilibrium curves of temperature 
versus CO pressure for various percentages 
of carbon with, in each case, an amount 
of added hydrogen just equal to the 
amount of CO, the curves would not be 
greatly different from those already drawn 
for zero hydrogen (Fig 6). We can therefore 
use those curves as an approximate 
indication of what to expect under equilib- 
rium conditions even when there is con- 
siderable hydrogen in the plating gas. 

The expedient of reducing carbon 
deposition greatly by the use of a very 
high H;/CO ratio will be effective at 
low total pressures, but experiments re- 
ported below have shown that at high 
pressures carbonyl vapor is decomposed, 
even before it reaches the hot surface, 
giving large colloidal particles and a 
loose and worthless coating. Thus the 
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method of reducing carbon by using a 
very high H.2/CO ratio can be used only 
for very low CO pressures which cor- 
respond to very low plating rates and are 
of no practical value. 

From the curves of Fig 6 one sees that 
greatly reduced carbon content of the 
plate can be obtained, even at high CO 
pressures, if the plating temperature is 
sufficiently increased. This method, how- 
ever, fails also, and for exactly the same 
reason that makes very high H2/CO ratios 
impractical. High temperatures increase 
the decomposition of carbonyl in the 
gas phase and give worthless coatings. 
The maximum CO pressure which can 
be used, and therefore the maximum 
plating rate, is a function of the plating 
temperature and decreases greatly at 
very high temperatures. 

Deposited carbon cannot be conven- 
iently reduced to near zero by increasing 
plating temperature or by adding hydrogen 
to the plating gas. A better method must 
be found. A clue to such a possible method 
is supplied by Eq 13; the addition of 
water vapor. to the plating gas can be 
expected to reduce carbon deposition, 
and this method has actually been found 
to be very effective and satisfactory.* 
For many uses carbon in the plate. is 
desirable, and in these cases water in 
the plating gas is contraindicated. 

Types of Plate Obtained—Excessive de- 
composition of carbonyl in the gas phase, 
and resulting plate which is noncoherent 
and worthless, makes impossible certain 
plating procedures, which would otherwise 
be highly attractive. Explicitly, pressures 
cannot be increased indefinitely, and 
in practice not much above 0.1 mm for 
plating from molybdenum carbonyl, and 
plating temperature cannot be greatly 
increased except at the expense of much 


* The use of water to remove carbon was 
suggested to us by Dr. G. T. Kohman of the 
Bell Tel. Lab., and independently by Dr. 
J. W. Marden of the Westinghouse Elec. and 
Mfg. Co. 
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reduced CO pressure and correspondingly 
lowered plating rate. Some decomposition 
in the gas phase can be tolerated, but 
at high pressures and high temperatures 
this is so éxtensive that colloidal particles 
are formed which never produce a sound 
plate at all. The coating is then powdery, 
or at least poorly coherent, and it is 
deposited upon cold parts of the plating 
chamber as well as upon the hot surface. 
The beginning of the formation of this 
sooty deposit sets an uppper limit upon 
the plating rate which can be obtained 
in any given plating chamber with any 
given pumping system, the limit decreasing 
with increasing plating temperature. 

Colloidal deposits prepared from molyb- 
denum carbonyl at high plating pressures 
and high temperatures have been examined 
by X ray diffraction, and have been found 
to contain the hexagonal carbide? Mo2C 
and in some cases to be composed entirely 
of this carbide. In our experience the 
hexagonal carbide is formed only in the 
gas phase and any coating which contains 
even a small amount! of this carbide is 
never sound and strong. The CO and Hg 
pressures at which hexagonal carbide 
just begins to be formed depend upon the 
plating temperature, decreasing with in- 
creasing temperature, and upon the ge- 
ometry of the plating chamber and object 
being plated. Formation of the hexagonal 
carbide is favored by increase of tem- 
perature, and by increase of pressure, 
either of CO or of He. 

Since the hexagonal carbide is _pro- 
duced only from decomposition of car- 
bonyl in the gas phase, its formation 
temperature is certainly not that of the 
surface being plated. Thus the above 
theoretical considerations cannot apply. 
One expects that they can serve as a 
guide only when the pressures and tem- 
peratures are such that there is no ap- 
preciable carbonyl decomposition in the 
gas, or at least when molybdenum or a 
molybdenum compound from decomposed 
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carbonyl reaches the hot surface predomi- 
nantly in atomic or molecular condition. 


nes 


In Table 5 are given the results of X ray — 


analyses of a number of molybdenum 


coatings prepared at various temperatures — 


and at various partial pressures* of CO 
and Hy. The data of the first four lines 
show the effect of high He pressures in 
producing carbide; if these coatings had 
been deposited without hydrogen but 
at the same temperature and at the same 
CO pressure all of them would have 
given X ray patterns characteristic of 
molybdenum metal only. The effect of 


high CO pressures, and high temperatures, — 


is shown by data of the last four lines; _ 


it has been found in other experiments 


that even if hydrogen had been com- — 


pletely absent, with the same CO pressures 
and the same temperatures, some hexagonal 
carbide would have been present in 
each coating except the last. 


TABLE 5—Coatings Deposited at 
Hydrogen, and at High CO Pressures 


Composition of the 
Coating 


Partial Pressures 


(Percentages) 
pee 
ar 
Mo | Garb, | _ (de: 
scribed 
later) 
3.0 Oo. ° 100 0. 
2.0 oO. ° 90 Io 
2.0 oO. ° 80 20 
0.7 Oo. 100 ° ° 
1.0 oO. 75 25 ° 
I.2 0. 50 50 to) 
0.9 oO. 50 50 ° 
0.7 oO. 95 5 ° 


In experiments conducted upon the 
preparation of coatings from tungsten 
carbonyl the hexagonal carbide W2C has 
never been produced, and decomposition 
of carbonyl in the gas phase has not been 


*Here, as elsewhere, we designate as CO 
pressure the total partial pressure of the gases 
resulting from carbonyl deposition, in this case 
CO plus CO:2 and perhaps CHa. 
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observed at temperatures and at CO and 
hydrogen pressures which would produce 
great decomposition of molybdenum car- 
bonyl. Metallic tungsten can be plated 
at considerably higher pressures than 
metallic molybdenum, and therefore at 
higher plating rates. 

When plating temperature and hydrogen 
and carbon monoxide pressures are not 
excessive, coatings are obtained from 
molybdenum carbonyl which appear to 
be sound and coherent and give promise 
of being useful. Even at low plating 
pressures, however, great variability of 
coating is obtained; “high temperature” 
coatings are in general pure metal and 
soft, but “low temperature” coatings 
are hard, contain considerable carbon, 
and some of them give X ray diffraction 
patterns of a face-centered cubic material 
with none of the lines of the metal. 

Micrographs of hard coatings reveal 
small crystals in some cases and large 
crystals in others; the large crystals have 
the highest carbon content, around 30 
to 35 atomic pct, and give X ray patterns 
characteristic of a face-centered cubic 
material of 4.14A unit-cell edge. Some 
equally hard coatings are made up of 
much smaller face-centered cubic crystals 
with a lower carbon content, and some 
hard coatings are predominantly molyb- 
denum with considerable interstitial car- 
bon. As much as 9 atomic pct carbon 
has been found in coatings which still 
give X ray diffraction lines of body-centered 
molybdenum only. 

Analyses of coatings made up of the 
largest face-centered cubic crystals agree 
well with the empirical formula Mo:C, and 
thus it seems probable that the face- 
centered cubic material is a second crystal- 
line form of MozC which has not been 
reported before. Smallness of crystals in 
coatings with lower carbon content can 
be attributed to carbon deficiency. 
_Hagg® has identified a face-centered 
cubic nitride of molybdenum which has 
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the formula Mo.N. The locations of the 
nitrogen atoms were not discovered in 
his tests, but he assumes that the cube 
centers are filled by nitrogen atoms and 
that the rest of them have a disordered 
distribution. among the positions at the 
centers of the edges. Our structure is 
probably the same as that of Hiagg’s 
nitride, with a considerable tendency 
toward carbon deficiency. In any case, 
we feel justified in describing the face- 
centered cubic material obtained from 
molybdenum carbonyl vapor as “cubic 
molybdenum carbide.” In plating from 
tungsten carbonyl a face-centered cubic 
material of unit cell size 4.16A is formed 
under similar conditions. We_ believe 
that this material is a new cubic tungsten 
carbide, W2C, although no carbon analyses 
upon it have been carried out. 


TaBLe 6—IJndividual Tests to Determine 
Boundary between Molybdenum Metal 
and Cubic Carbide 


Plating (ore) He Result of 
Temperature Pressure Pressure X Ray 

Deg C (Mm) (Mm) Analysis 
525 0.26 Metal 
A475 0.22 Carbide 
450 0.079 Metal 
425 0.086 Carbide 
425 oO. Carbide 
425 oO. Metal 
400 0.054 Carbide 
400 0.020 Metal 
400 oO. Metal 
375 0.055 Carbide 
375 0.026 Metal 
375 oO. Carbide 
350 0. Carbide 


In Table 6 are data from a number of 


individual tests from which one can 


determine with fair accuracy the boundary 
between the regions in which metal and 
cubic carbide are formed from molyb- 
denum carbonyl vapor. In order to simplify 
experimental conditions, these test coatings 
were deposited without, hydrogen, except 
in three cases. The data for plating without 
hydrogen are plotted at the left of Fig 7 
and from this plot one can see that the 
boundary between cubic carbide and 
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metal containing interstitial carbon is 
quite sharp. One notes also from the 
data of Table 6 that two of the three 
coatings deposited with considerable added 
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neglecting the reaction between molyb- 
~denum and carbon, and does in fact agree 
fairly well with this theoretical curve. 
The negligible “effect of added hydrogen, — 
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hydrogen could be plotted on the same 
figure without being out of line with 
coatings for which no hydrogen was used; 
only in the one case of the high H,/CO 
ratio of 0.950/0.026 was there any ob- 
servable effect of hydrogen in reducing 
the deposited carbon below that required 
for carbide formation. 

The plot at the left of Fig 7 has the 
same general form as the _ theoretical 
curve of Fig 6 for 33.3 pct carbon, which 
was calculated from equilibrium data 


except at very high H2/CO ratio, is : 
furthermore in agreement with the theoreti- _ 
cal prediction from Table 4. The data 
of Table 6 and Fig 7 are not equilibrium — 
data, and are therefore strictly valid 
only for the exact experimental conditions — 
under which they were obtained. 
On Fig 7 at the right, an attempt has. 
been made to sketch very roughly from 
the data of Table 5, and from data of 
the experiments not described here, the 
boundary between molybdenum metal 
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and hexagonal carbide, and the boundary 
between cubic and hexagonal carbides. 
The boundary between cubic carbide and 
metal is sharp, but boundaries of the 
hexagonal carbide region are very ill- 
defined. This is understandable from 
knowledge of the way in which the hexa- 
gonal carbide is formed. 

Carbon monoxide from decomposing 
molybdenum carbonyl enters into the 
plating reaction at all temperatures thus 
far studied. A mixture of molybdenum 
carbonyl and hydrogen giving a CO pres- 
sure of 0.05 and a hydrogen pressure of 


0.06 was tested with an iron block at 


170°C. The plate produced was the cubic 
carbide. At a block temperature only 
to° lower (160°C) no decomposition of 
the carbonyl occurred. Thus one must 
conclude that, at least in molybdenum 
carbonyl plating, carbon monoxide enters 
actively into the reaction at all possible 
plating temperatures. 

In plating from tungsten carbonyl 
the cubic carbide is formed less readily 
than is the cubic carbide Mo.C. In particu- 
lar the cubic carbide W2C was not pro- 
duced at 450°C with a CO pressure as 
high as Io mm, although it was formed 
readily at 400°C and 1 mm CO pressure. 
These observations are in harmony with 
the fact that we have never been able 
to form the hexagonal tungsten carbide. 

A number of coatings have been made 


from chromium carbonyl in the tempera- 


ture range 400 to 600°C, both with and 
without hydrogen. Coatings were obtained 
which had a satisfactory metallic appear- 


ance and which showed in general the 


X ray diffraction lines of body-centered 
chromium metal. The lines were, however, 
always fuzzy, indicating small crystals and 
therefore probably high carbon or oxygen 
content. In some cases there were addi- 
tional diffraction lines of unknown origin. 
All of these coatings were exceedingly 
hard. Hence chromium has a much 
greater tendency to react with CO than 
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have molybdenum and tungsten, and 
we have not discovered any means of 
plating the metal in very pure form. 


Plating with Carbonyl, Hydrogen and Water 


One can expect the presence of water 
vapor in the plating gas to result in 
lowered carbon content of a pyrolytically . 
deposited coating, and therefore a coating 
which is soft. This expectation is based 
upon Eq 13 


The addition of water vapor to the plating 
gas seemed to be the most promising 
method of obtaining coatings without 
carbon, and in fact it has turned out to be 
the most successful method of several 
which have been tried. Other possible 
additions, which conceivably might ac- 
complish the same result, are CO: as sug- 
gested by Eq 2, oxygen, and HS. This 
section will be concerned primarily with 
the use of water, although brief mention 
will be made of experimentation with 
other gases. 

The addition of water to plating gas 
consisting of carbonyl vapor and hydrogen 
does not give any new compounds which 
might not have been formed without the 
water. We shall therefore assume the 
formation of only the simple compounds 
given by Eq 11, 12, 13, 14. If now we 
limit ourselves to the consideration of 
relatively low CO and He pressures, 
as is required to avoid great decomposition 
in the gas phase and the formation of 
colloidal coatings, oné sees from Table 4 
that the formation of methane by Eq 14 
is negligible, and it therefore becomes 
very easy to calculate the effect of added 
water. In particular, our needs will be 
satisfied by an estimate of the effect of 
water at a single pair of values of He 
and CO pressures close to the maximum 
pressures which can be used. Such a pair 
of pressures is 100 X 1o-§ atmosphere 
(0.076 mm) for the pressure of CO from 
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carbonyl decomposition and the same 
pressure for the added hydrogen. 

When we neglect the very small amount 
of CH, which can be formed, the com- 
ponents of the chemical system are CO, 
Hz, H,O, CO2 and C. Representing the 
concentration of added water vapor by D, 
we have 


A + D = [H,0] + [CO] + 2[CO}] 
B+ D = [H,0] + [H3] 
A = [CO] + [CO,] + [C]. 


If we limit our interest to the conditions 
which will just make C =o, that is, 
give no deposited carbon in the plate, we 
can solve these three equations simul- 
taneously with numerical values of Ke 
and K,s from Table 3 for the five quanti- 
ties, [CO], [CO:], [H2], [H:O] and D. 
Values of D found in this way for A = B = 
100 X 1076 atmosphere are written down 
in Table 7. 


TABLE 7—Calculated Pressures of Added 
Water, D, which just Prevent Carbon 
Deposition 


Initial Pressures 
(Atm X 108) 


D/(D + B) 


The numbers of Table 7 mean that, 
at equilibrium and at the initial H, and 
CO pressures given, 0.14 pct of water 
vapor in the hydrogen plus water fraction 
of the plating gas will just prevent carbon 
deposition at 600°C, 2.3 pct water will 
suffice at 500°C, and 48 pct water at 
400°C. If equilibrium is not established 
larger amounts of water will be required. 
In practice, it can be expected that water 
will be effective in preventing carbon 
deposition at 600 and 500°C but not at 
400°C. 


as genet 


PLATING MOLYBDENUM, TUNGSTEN, AND CHROMIUM 


If the expected removal of carbon from 
a molybdenum coating is to be useful 
it must be accomplished without oxidation. 
Data are available regarding the oxidation 
of molybdenum by mixtures of hydrogen 
and water. According to these data a 
water/hydrogen ratio of 0.0623 is just 
oxidizing at 400°C, a ratio of o.118 is 
required to oxidize at 500°C, and 0.193 
at 600°C. Experimentally we have found 
that even pure water is not oxidizing 
under some conditions; no oxide was 
produced by plating at 400, 500, and 
600°C using a plating gas consisting of 
water and carbonyl only, the water 
and CO pressures being each about 0.12 mm 
in all three experiments. Since the amount 


Neat 4 


of CO present at the lower temperatures — 
was not enough to reduce the oxide 


expected theoretically, it is concluded 
that the oxidation of ‘molybdenum by 


water is slow and equilibrium is not — 


attained at practical plating rates. How 


low the plating rate must be before — 


equilibrium is established is not known. 
These three tests indicate that the addition 


of small percentages of water to the plating © 


gas will never oxidize a molybdenum 
coating. * 


*One might be tempted to conclude from 


re 


these tests that a small leakage of air into the — 
apparatus during plating would not appreciably © 
affect the quality of the coating obtained, since © 


the oxygen of the air might be equivalent to a 
small added amount of water. In fact one 
might well infer that a controlled air leak 
could be used in place of water. It has been 
found, however, that air is not at all equivalent 
to the corresponding amount of water vapor. 
In two experiments coatings of molybdenum 
were deposited at 450 and at 550°C, in’ each 
case with a CO partial pressure of 0.1 mm and 
the same partial pressure of He, In each experi- 
ment, after depositing a plate 1 mil thick, air 
was admitted to the plating gas to the amount 


of about 5 pet of the hydrogen and plating was — 
continued to give a thickness of 0.2 mil; the — 


air valve was then closed and plating continued 
to give a further layer about 1 mil thick. The 
composite coating, which had been laid down 
in this manner, showed on cross-sectional 


microscopic examination after etching that the _ 


intermediate 0.2 mil layer was etched much 
more rapidly than the bulk plate. In further 
tests it was found that crushing, hammering, or 
abrading with a coarse grinding wheel pro- 
duced spalling in the intermediate layer. In 


testing other coatings, in which the added air 
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In practice the wet hydrogen is very 
effective in preventing deposition of carbon 
in molybdenum plate. Nearness of the 
system to equilibrium is, however, of 
great importance and may well be the 
governing factor in determining actual 
carbon deposited in any plating operation. 
Equilibrium is approached at low plating 
rates and any system certainly moves 
farther and farther from equilibrium as 
plating rate is increased. Thus at any 
given temperature and percentage com- 
position of the plating gas, the effectiveness 
of water vapor will decrease greatly with 
increasing plating rate. Experiment has 
proved this to be true. For example, 
a molybdenum coating prepared at 625°C 
in plating gas containing 2 molar pct 
water was found by chemical analysis 
to contain only 0.15 atomic pct of carbon. 
A coating prepared at this same tem- 
perature in the same apparatus, but at a 
considerably higher plating rate and in 
8 molar pct water, contained 1.8 atomic 
pet carbon, and another coating made in 
25 molar pct water at the same tem- 
perature and a still higher rate contained 
7.0 atomic pct. Very low carbon content 
cannot be obtained without the use of 
water in the plating gas, except at high 
temperatures and at plating rates which 
are exceedingly low. In any particular 
application experimentation must be carried 


out in the apparatus and at the plating 


rates which are to be used. 

Experiments carried out upon the 
plating of molybdenum in wet hydrogen 
cannot be carried over to the plating of 
tungsten or of chromium. Tungsten has a 
lesser tendency than molybdenum to form 
plate containing carbon, and in con- 
sequence water in the plating gas is more 
effective in removing carbon from tungsten 
PE eet eee 


amounted to only 0.5 pct of the hydrogen, it 
was found the plate seemed to be quite normal. 
We must conclude that 5 pct air (1 pct oxygen) 


cannot be tolerated in the plating gas, but that 


0.5 pet air (0.1 pet oxygen) does not affect the 
plate appreciably. : 
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plate than from molybdenum plate. Chro- 
mium, on the other hand, reacts violently 
with water vapor to form oxide, and no 
water can be used in chromium plating 
from the carbonyl. Chromium has also 
a much greater tendency to take carbon 
into the plate than has tungsten or molyb- 
denum. The change of free energy is 
quite small when carbon is absorbed into 
tungsten plate, slightly larger for molyb- 
denum and carbon, and much larger for 
chromium and carbon. 

Since water vapor in the plating gas is 
quite efficient in preventing carbon deposi- 
tion in molybdenum plate at temperatures 
down to about 500°C, and since water is 
very easily controlled, there seems to be 
no good reason for searching for a different 
method of decarburization at high tem- 
peratures. The failure of water at tem- 
peratures below 500°C is, however, sufficient 
reason for trying to find an alternative 
method of decarburization which will 
work at low temperatures. 

From Eq 12 one would guess that the 
addition of CO, to the plating gas might 
be effective in removing carbon. HS 
might be tried also, because of its similarity 
to water and because it has often been 
used in the decarburization of metals. 
Our experiments with CO, have been 
unsuccessful in decreasing carbon pre- 
cipitation at 500°C, but experiments with 
H.S have been promising. With low 
concentrations of the latter gas very 
pure soft molybdenum coatings have been 
deposited at temperatures as low as 
350°C. The use of H2S has practical 
difficulties, however, which have not 
been entirely surmounted although this 
may very well be possible. 


PART 2 


PHYSICAL PROPERTIES OF PYROLYTICALLY 
DEPOSITED COATINGS 


By plating at 600°C in wet hydrogen, 
molybdenum coatings have been obtained 
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which are as soft as 300 on the Vickers 
hardness scale, as measured by an Eberbach 
micro-hardness tester equipped with a 
standard Vickers diamond indenter. A 


Fic 8—MICROGRAPH OF VERY SOFT MOLYB- 
DENUM PLATE WITH CRYSTALS HIGHLY ORIENTED 
WITH (111) PLANES PARALLEL TO THE GENERAL 
SURFACE AND WELL DEVELOPED (100) FACES. 
MAGNIFICATION 375 X. 


coating of this type may become as soft 
as 200 Vickers after high temperature 
anneal subsequent to plating. Chemical 
analyses of such soft coatings have yielded 
values of 0.1 and 0.15 atomic pct carbon. 
Crystals in these coatings are often very 
large and highly oriented with well 
developed faces, and such crystals give 
to a surface a velvety sheen with sharp 
optical reflections at angles characteristic 
of the type of orientation and of developed 
crystal facet. A representative micrograph 
of a soft coating made up of large highly 
oriented metal crystals is reproduced as 
Fig 8. 

At lower plating temperatures the effect 
of water in the plating gas in removing car- 
bon from a deposited coating becomes less 
pronounced, and at temperatures much 
below 500°C the effect of water is negligible. 
Increasing carbon content is accompanied 
by decrease of degree of crystal orien- 
tation and of mean crystal size, and by 
increase of hardness of the plate. The vari- 
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ation of hardness with plating temperature 
and with the percentage of water in the 
hydrogen of the plating gas is illustrated 
by the data of Table 8. The six coatings of 


TaBLE 8—Effect of Water in the Plating 
Gas upon Hardness of Molybdenum 


Coatings 
Plating Percentage Vickers 
Temperature Water Hardness 
deg. C 
500 ° 1030 
a 1000 
8 800 
550 ° 920 
2 740 
8 430 


this table were deposited under identical 
geometrical conditions and at Hy and CO 
pressures of 0.12 and 0.08 mm respectively. 
Crystal size and softness are apparently 
excellent indicators of carbon content and 
these have been widely used by us in 
appraising the quality of coatings made in 
different ways. 

In coatings that have the highest 
carbon content (over 30 atomic pct) the 
crystals are large and highly oriented. 
These coatings are cubic carbide, and 
are of course very hard. Coatings of inter- 
mediate carbon content, which by X ray 
analysis are found to contain little or 
no cubic carbide, are characterized by 
the smallest crystals. The extreme range 
of crystal size which has been observed, 
as determined by X ray and _ optical 
methods, is from about ro? A, in very 
hard coatings containing considerable car- 
bon but no carbide, to about 1o® A, in 
coatings of highly oriented pure molyb- 
denum crystals and in coatings of highly 
oriented carbide crystals with a carbon 
content of the order of 35 atomic pct. 
The highest carbon content which we have 
found in a coating which contained no 
carbide was 9.4 atomic pct; it was made 
up of small crystals and was very hard. 

The hardness of a molybdenum coating 
increases rapidly with decreasing plating 
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temperature in the neighborhood of 500°C, 
but reaches a limit at about 450°C and 
changes little with further decrease of 
temperature. Data for two typical series 
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oriented crystals of pure carbide, while 
the plate prepared at 450°C was made 
up of extremely small crystals of molyb- 
denum metal, undoubtedly with a high 


1500 


VICKERS HARDNESS 
o 
fe) 
Oo 


PLATING TEMPERATURE 
Fic QO— VARIATION OF HARDNESS OF MOLYBDENUM COATINGS WITH PLATING TEMPERATURE. 


of experiments are given in Table 9 and 
are plotted in Fig 9. Although the coatings 
deposited at temperatures from 380 to 
450°C have about the same Vickers 
hardness, they differ markedly in other 
ways. That prepared at the lowest tem- 


perature was made up of large and highly 


carbon content although no analysis 
was made. 

Although the hardnesses of the coatings 
prepared at 380, 410, and 450°C were 
about the same, another mechanical 
property was found to be quite different 


in these four coatings. This property is 


Taste 9—Properties of Molybdenum Coatings Deposited at Various Temperatures in Dry 
Hydrogen 
ee 


Plating Percentage 
Pressures Composition 


Plating (Mm) Cubic Mo 
Temper- 
ature 
Deg C 
Pe Co Carb Metal 
(1) (2) (3) (4) (5) 
380 0.12 0.12 100 
410 0.12 0.12 85 I5 
410 12 0.12 15 85 
450 0.12 0.12 100 
540 0.12 0.12 100 
475 0.08 0.10 
520 0.08 0.10 
550 0.08 0.10 


———— ss kenny cum Gay 7 Gal 
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“brittleness” which was tested qualita- 
tively by a careful hammering procedure. 
These coatings, and also the 540°C coating, 
could be readily ordered in a series of 
decreasing brittleness, as indicated in 
column 9 of Table 9. This result has an 
implication which seems to be important 
for any application of molybdenum plate 
in which extreme hardness is a highly 
desired quality, such as its use as a wear- 
resistant coating on dies, rolls, or machine 
tools. Although hardness is desirable, 
brittleness is certainly mot desirable. 
The implication is that the best type of 
coating will be one containing considerable 
carbon but no carbide as such, because 
the presence of the latter makes a coating 
more brittle without increase of hardness. 
Under experimental conditions approxi- 
mating those of the two sets of tests of 
Fig 9 and Table 9, it seems that a hard 
wear-resistant coating of the best type 
will be deposited in dry hydrogen at 
about 475°C. For plating temperatures 
below this the coating will be more brittle 
without being harder, whereas for higher 
temperatures it will be less brittle but 
also less hard. The best type of coating, 
from the standpoint of extreme hardness, 
will be obtained under conditions repre- 
sented on Fig 7 by points slightly to the 
right of the boundary line between metal 
and carbide.* 

For some applications it may be impor- 


*It should be pointed out here’again, how- 
ever, that plating rate and other factors may 
be of the greatest importance in determining 
the hardness and character of a deposited 
coating. The very great effect of high plating 
rate in increasing carbon content was, for 
example, pointed out in the immediately pre- 
ceding section. A striking example of the effect 
of geometrical factors upon hardness of a 
molybdenum coating was afforded by the 
results of another experiment in which the 
inner surface of a short cylinder was plated 
with a source of plating gas which projected 
into the cylinder somewhat eccentrically. Be- 
cause of the lack of symmetry one side of the 
cylinder was plated with a coating about twice 
as thick as the other side. It was found that on 
the thicker side the coating had a Vickers hard- 
ness of 800, and on the thinner side a hardness 
of 500. : 
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tant to know the effect of heating a plate 
to high temperature, and tests upon 
coatings which have been annealed are 
therefore of interest. We have found 
that pure cubic carbide is unchanged in 


hardness, and apparently in crystal size 


also, by heating at temperatures up to 
about 1000°C. Coatings of molybdenum 
metal, on the other hand, are considerably 
softened by annealing. The very softest 
coatings (Vickers 300) are still further 
softened (to Vickers 200) as mentioned 
at the beginning of this section. Data on 
the effect of anneal upon harder coatings 
are written into Table 9, Columns 6, 7 
and 8, and are indicated in Fig 9. Hard 
coatings of metal containing interstitial 
carbon were considerably softened by 


heating for 1 hr at 775°C. Further heating - 


in wet hydrogen at 750°C produced no 
further change in the hardest of these 
coatings, which is proof that the preceding 
alteration had not been caused by removal 
of carbon. In any contemplated applica- 
tion involving use of hard coatings at 
high temperatures this softening effect 
must be taken into account. 

Experiments have been carried out 
also upon the hardness of tungsten coat- 
ings, which, in general, are harder than 
molybdenum coatings. The softest tung- 
sten coatings, prepared in wet hydrogen 
at a low plating rate and at rather high 
temperature (640°C in one _ instance), 
have had a Vickers hardness of about 
500. Crystals are very large in these 
coatings, and it is presumed that the 
carbon content is extremely low. Coatings 
of tungsten, plated at 450 and at 500°C 
in dry hydrogen at a rather high pressure 
and presumably containing considerable 
carbon, have had Vickers hardnesses 
above 2000. 


The rather small amount of experi- | 


mentation upon the plating of chromium 
from its carbonyl has yielded very hard 
coatings only, Vickers 1200 to 1600. 
We have been unable to think of any 
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procedure which gives promise of producing 
relatively pure and soft coatings of 
chromium. 

Two types of mechanical failure have 
been found frequently, and perhaps uni- 
versally, in certain hard coatings. One of 
these occurs in the very hardest tung- 


.sten coatings, but apparently never in 


hard molybdenum or molybdenum carbide 
plates. A tungsten plate, for which the 
Vickers hardness exceeds 2000, upon a 
smooth flat surface of a base metal is 
marked by a network of polygonal cracks 
presenting the crackled appearance of 
certain types of pottery. The presence 
of the surface cracks is ascribed to the 
difference between the coefficients of 
thermal expansion of the coating and the 
base metal, setting up stresses in the 
plate as it cools from the plating tem- 
perature. The failure occurs because of a 
very high Young’s modulus for the plate, 
and tensile strength inadequate to sustain 
the stresses set up. Plates of soft tungsten 
and of molybdenum and molybdenum 
cubic carbide, which never show these 
polygonal cracks, probably have lower 
values of Young’s modulus and greater 
capability of plastic flow. This kind of 
failure may not impair the usefulness of 
very hard tungsten coatings for certain 
applications. 

The other type of failure of very hard 
coatings occurs wherever a hard coating 
of thickness greater than about 1 mil 
covers a sharp edge of underlying base 
metal. At such a sharp edge there is 
spalling within the plate giving a concoidal 
type of fracture having the appearance 
of broken glass. Hard molybdenum, as 
well as tungsten coatings have this type 
of failure. It does not occur in softer 
coatings, but for the hard coatings it 
can be avoided only by considerably 
reducing the radius of curvature of all 
sharp edges of the base metal. 

The type of crystal orientation in plated 
surfaces and the way in which orientation 
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develops during the plating process are 
of some fundamental interest, and also 
of practical importance in their bearing 
upon the strength of deposited coatings. 
Theories of crystal growth! would predict 
that during the deposition of a coating all 
of the crystals will grow, but in each of 
them there will be one type of plane per- 
pendicular to which growth takes place 
most rapidly under a given set of condi- 
tions. If plating goes on for a sufficient 
length of time those crystals which happen 
to have this plane parallel to the surface 
will outgrow other crystals and an oriented 
plate will result. This process of the 
gradual development of orientation with 
increasing thickness will be stopped only 
when growth of large crystals is impeded, 
for example by the deposition of impuri- 
ties. Thus it is to be expected that a high 
degree of orientation will be found when 
the individual crystals are large, and 
there will be little or no orientation when 
the crystals are small. High orientation 
is predicted in large crystal cubic carbide 
coatings which are very hard, as well 
as in large crystal metal coatings which 
are always very soft. A single type of 
orientation is to be expected for all crystals 
of a given sort. 

These predictions are in fairly good 
agreement with our observations. The 
expectation that marked orientation will 
be found only in coatings made up of 
large crystals is well fulfilled, as is the 
gradual development of orientation with 
increasing thickness of coating. In a 
particular experiment three polished iron 
blocks were plated with soft molybdenum 
under identical conditions except for 
time of plating, giving coatings 100, 500 
and soooA in thickness; by electron 
diffraction it was discovered that the 
molybdenum crystals in the thinnest 
of these coatings were unoriented, in the 


10See, for example, Volmer, ‘‘Kinetik der 
Phasenbildung’’ Theodor Steinkopff, Dresden, 


1939. 
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second coating the crystals had con- 
siderable 111 orientation, and in the 
thickest this type of orientation was very 
sharply developed. The predicted single 


Fic 10o—MICROGRAPH OF THE CROSS-SECTION 
OF A MOLYBDENUM PLATE ABOUT 5 MILS THICK 
SHOWING LARGE CRYSTALS AND WELL DE- 
VELOPED COLUMNAR STRUCTURE. 500 X. 


type of orientation for crystals of a certain 
sort is also fairly well fulfilled, or at 
least one can explain away the exceptions 
which have been found. Molybdenum 
and tungsten surfaces develop in general 
111 orientation, and for molybdenum 
crystals the surface facets are 100. Cubic 
carbides of both molybdenum and tung- 
sten develop 110 orientation. Exceptions 
are the discovery of too orientation in 
rather small molybdenum crystals plated 
at so0o°C and presumably containing 
considerable carbon, 110 orientation in 
molybdenum plated with HS _ under 
conditions known to give impure coatings, 
100 orientation in molybdenum carbide 
crystals plated at the exceptionally low 
temperature of 250°C, and single observa- 
tions of 211 orientation in a molybdenum 
coating and of 210 orientation in a coating 
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of molybdenum carbide, both under 
unknown plating conditions. The data — 
are recorded in Table ro. 

In some applications rather thick plates 


TABLE of Crystal 


1o—Observed Types 
Orientation 


Constitu- 


Platin ents of the 
giahy visage Crystal Devel- 
Coating | pera- ras aditio. - Orienta- oped 
ture, tolCar tion Faces 
Deg C bonyl and 7 
Hydrogen 
Mo 600 III 100 
600 | Water IIl 100 
500 100 
500 | Water 111 and 
100 
H2S above 110 1ooand 
0.2 pet 211 : 
H2S below IIr 
0.2 t 
Conditions not recorded 211 i 
Mo cubic 400 110 
carb. 250 100 
Conditions not re- 
; 
a 
- 
: 7 
of comparatively pure metal are required. : 


The growth of large crystals as these — 
plates are deposited leads to a columnar i 
structure of the coating, a typical example — 
of which is shown in cross-section in the — 
micrograph of Fig 10. In plates of pure 
carbide the crystals are very large also, 
and these plates too have marked columnar 
structure. Columnar structure in thick 
coatings can be avoided only by main- 
taining plating conditions under which 
the individual crystals are small. Small 
crystals occur in general only in coatings 
in which there is considerable carbon 
but not enough carbon to form’ pure 
carbide, and in coatings which contain an 
excess of carbon over that required to 
form carbide, and apparently only plates 
of these two types do not have columnar 
structure. ‘ 

Tests of the mechanical strength of 
molybdenum coatings are described later. 
In these tests it was found that coatings 
with highly developed columnar structure 
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are very much weaker in shear in planes 
parallel to the direction of columnar growth 


_ than in the plane normal to this direction. 


qe ee ee 


In shear parallel to columnar growth 
failure always occurs along intercrystalline 
boundaries. In molybdenum and tung- 
sten crystals slip occurs along 112 planes 
in [11] directions.!! In general slip planes 
are of no consequence in determining the 
method of failure under mechanical stresses 
of molybdenum coatings having well 
developed columnar structure, because 
intercrystalline boundaries are so weak 
that mechanical failure always occurs 
along these boundaries. Further con- 
sideration, and actual measurements, of 
the strength of plates in directions parallel 
and perpendicular to columnar growth 
will be given later. 


THE BOND BETWEEN COATING AND BASE 
METAL 


In most cases a very strong bond is as 
important as are desirable. properties of 
the plate itself. In fact, since a coating 
and the base metal have in general widely 
different coefficients of thermal expansion 
(about 13 X 10-6 degrees C7 for steel, 
5.5 X 10-§ for molybdenum, and 4.5 X 
1o-* for tungsten), and since both must 
cool together from the plating tempera- 
ture to room temperature, severe stresses 
are always set up and spalling ef the plate 
will occur at once on cooling unless the 
bond has considerable strength. 

The problem of obtaining a strong bond 
is essentially that of exposing an almost 
perfectly clean surface of base metal 
to the plating gas, and of maintaining 
the surface clean until it is adequately 
protected by plate. Cleaning by abrasion 
with pure abrasive does well enough in 
many cases. Fairly good bond can, for 
example, be made to iron and to copper 
after the surface has been cleaned in 
this way. It is required only that the 
initial plating temperature be sufficiently 
high, In general a better bond can be 
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made by heating to a high temperature 
in hydrogen immediately before plating. 
Either procedure has one disadvantage 
when applied to the plating of steel; 
the original temper of the steel is removed 
by the plating process. Much effort has 
been directed toward the development of a 
method of making a sound bond between 
molybdenum, or tungsten, and alloy 
steel without heating the steel to a tem- 
perature high enough to produce ap- 
preciable softening. No practical method 
has been developed, and in every useful 
procedure the object to be plated is heated 
to a high temperature in hydrogen im- 
mediately before beginning to plate. 
Steel can be re-hardened and tempered 
after plating. 

The account will be restricted to descrip- 
tion of the deposition of the plate upon 
three materials only: copper, iron, and 
high alloy steel. These are probably 
sufficiently diverse to suggest the types 
of problems which may be encountered 
in plating many other metals. Some 
general consideration will be given to 
bond strength and the factors that influence 
it. This will be followed by a description 
of the methods which have been used to 
evaluate this strength, of the techniques 
employed to obtain the strongest possible 
bond and precautions which must be 
observed, and finally of the effect of 
heat treatment upon bond strength. 


General Consideration of Bond Strength 


_ Since molybdenum and tungsten have 
much lower coefficients of thermal expan- 
sion than any of the three base metals under 
consideration, the plate tends to con- 
tract less than the base metal upon cooling 
from the plating temperature. When the 
plate is on the inside of a smooth cylinder 
spalling cannot readily occur because the 
plate is then under uniform compression. 
There will be a tendency to spall when the 
plate is on the outside of a cylinder, or in 
general wherever there are convex edges 
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of the base metal over which plate has 
been deposited. The magnitudes of the 
stresses which are set up cannot be readily 
calculated because considerable plastic 
flow will occur during cooling, but the 
calculation is very simple if one neglects 
plastic flow and the results of this simplified 
calculation will give upper limits to the 
actual stresses. 

We assume a solid circular cylinder of 
diameter d, and coefficient of thermal 
expansion ag, plated at # in degrees C 
above room temperature with a coating 
of thickness #, modulus of elasticity Em, 
and coefficient of thermal expansion am. 
Neglecting plastic flow, the pressure at 
the interface will be 


x = (2h/d)(am — as)Ent, [16] 


and the tangential stress per unit area 
in the plate will be?? 


o = (An — As) Ent. 


[17] 


One sees that the tangential stress per 
unit area is independent of the plate 
thickness and of the diameter of the base 
cylinder, but the normal pressure is 
proportional to the thickness and is 
much smaller than the tangential stress 
per unit area except for very small cyl- 
inders. The quantities appearing in Eq 16 
and 17 have the following approximate 
values: 


fr boonG 
a, = 13 X 1076 (deg C)-" for steel 
Am = 4.5 X 1o~® (deg C)- for tungsten 
= 5.5 X 10-8 (deg C)— 
for molybdenum 
Em = 50 X 10° lb per sq in. for tungsten 


These give for tungsten plate on steel 


x 
o 


— 420,000 h/d lb per sq in. [18] 
— 210,000 lb per sq in. [19] 


When spalling occurs it must be caused 
by a value of « which exceeds the bond 
strength. For a representative plate 5 mils 
(0.12 mm) thick on a small cylinder of 
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r mm diam, « = 53,000 lb per sq in. 
which is smaller than the tensile strength 


en 


of steel and of the plate by a factor not | 


greater than 2. 
Sharp convex corners are more or less 


equivalent to cylinders of very small — 


diameter, and it is clear from this cal- 
culation that spalling may perhaps occur 
at corners unless the bond strength is 


comparable with the tensile strength of the — 


base metal and of the plate. It has been 
observed experimentally that spalling often 
occurs along sharp edges when the bond 
between plate and base metal appears on 
casual observation to be otherwise quite 
sound. Whenever we find at sharp edges 
the spalling of molybdenum or tungsten 
plate that does not contain much carbon, 


the bond strength is much lower than the © 


maximum strength which can be readily 
attained. With the best bond which we 


are able to produce there is never any © 


spalling of plate which is moderately 
pure molybdenum or tungsten metal, 


no matter how thick the plate may be ~ 


nor how sharp the edge. * 

In any coating upon a base metal 
there is probably considerable foreign 
matter at the bond interface which must 


_ 


a 


affect the bond strength adversely. For — 
plate on the outside of a cylinder or at © 


sharp edges, foreign matter which is 
not strong in tension or does not adhere 
well to the plate or to the base metal 
may be considered as a void at the bond 
interface. If particles of foreign material 
are flake-like in shape they may weaken 
the bond far out of proportion to the 
fraction of the total area of the interface 


that they occupy. The effect of a void 
has been worked out for the simple case — 


of a hole having the shape of a cylinder 
of elliptical cross-section. The maximum 


*In the preceding part it was pointed out 
that very hard coatings will in general spall at 
sharp edges within the plate whenever the 
coating is thicker than about 1 mil. This type 
of failure has to do with the mechanical 
properties of the coating itself and is unrelated 
to bond strength, : 


a tae ae ee ee. Oe 


a 
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negative pressure will occur along elements 
of the cylinder through the ends of the 
major axis of a cross-sectional ellipse, 
and will have the value?* 


Nmax = «(1 + 20/5), 


where a and BD are respectively the major 
and minor axes of the cross-sectional 
ellipse. For the case of a cylindrical hole of 
circular cross-section the maximum nega- 
tive pressure will be increased by a factor 
of 3 over that obtaining at positions far 
removed from the hole. Much more 
serious effects will be produced by im- 
purities of flake-like shape at the bond 
interface. 

The amount of impurity at the bond 
interface must be reduced as much as 
possible, and furthermore the individual 
particles of impurity should be spherical 
in shape rather than flake-like. In our 
experiments it has frequently been found 
that high bonding temperatures are very 
much better than low temperatures. It 
seems altogether possible that at least 
one beneficial effect of high temperature 
bonding may be the sintering together 
into more ‘or less spherical shapes of 
impurities at the bond that might previ- 
ously have been flake-like in shape. 


Tests of Bond Strength 


Plate which falls off at once in cooling 
from the plating temperature is obviously 
poorly bonded, but one must not assume 
that if the plate does not fall off at once 
the bond strength will be adequate for 
the use which is to be made of the plated 
article. In some cases coatings adhere to 
the surfaces of blocks upon which they 
have been deposited, but spall at the 
bond in long slivers from sharp edges 
of the blocks. The bond is stronger in 
these cases than it is when general spalling 
occurs, but the strength is certainly still 
quite unsatisfactory. In other cases there 
is no spontaneous spalling but large 
pieces of the coating come off when the 
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specimens are deformed slightly by bend- 
ing or hammering. Here again the bond 
strength is certainly inferior to the strength 
of the base metal, and presumably in- 
sufficient for most uses. ; 

Compression Test—The behavior of a 
coating when the base metal upon which 
it is plated is deformed has been developed 
into an excellent test of the quality of the 
bond. The test is best when the plated 
specimen has sharp edges. To obtain 
such edges, and thus have more sig- 
nificant tests, slightly raised ridges are 
machined on small 14 in.-long test speci- 
mens before plating. To test a particular 
plating technique, or the effect upon the 
bond of a variation in a previously de- 
veloped. technique, a test specimen is 
plated by the method in question and the 
plated specimen is then deformed in a 
standardized manner. Most of our con- 
clusions regarding different procedures 
and necessary precautions have been 
arrived at from the results of tests of this 
sort.* 

The deformation of a }4 in.-long test 
specimen is produced by crushing in a 
hydraulic press in a direction parallel 
to the ridges. The crushing is carried out 
in steps at progressively higher applied 
pressures, and the specimen is examined 
for spalling or cracking of the plate 
after each compression. If results of 
different tests are to be comparable it is 
desirable, and perhaps essential, that 
the material of all the specimens have 
the same hardness, and for alloy steels 
we have standardized upon a Rockwell C 
hardness of 30 to 35. After an experimental 
coating has been deposited upon a test 


~specimen it is heat treated in a standard 


manner to give it the desired hardness 
before it is crushed. . 

A steel specimen plated with a 5 mil 
molybdenum coating by the best pro- 


* This test was devised for us by Mr, G. M. 
Bouton. Dr. E. C. Larsen made contributions 
to its development. 
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cedure, can be crushed 20 pct without 
any observable spalling or cracking of the 
plate. When the amount of overall 
compression greatly exceeds 20 pct it is 
usually discovered that much of the 
compression is localized and that some 
parts of the specimen have been com- 
pressed by a very much larger percentage 
than the specimen as a whole. In a case 
of such excessive crushing failure usually 
occurs, but it is limited to the region 
where the deformation is largest (perhaps 
50 pct) and a test of this sort does not 
offer a fair criterion of bond strength. 
In the region of excessive compression 
failure sometimes consists of cracking 
only, but often loose pieces are broken 
out. The fact that nonuniform and 
excessive crushing does not give a fair 
test of bond strength is proved by the 
observation that broken pieces are usually 
magnetic, which indicates clearly that 
at least some of the failure occurs in the 
steel and not at the bond. 

In some cases steel test specimens with 


ridges can be given overall compressions — 


of much more than 20 pct without any 
marked concentration of the deformation 
at one region. If concentration of the 
deformation does not occur, a molyb- 
denum plate 5 mils thick which is satis- 
factorily bonded to a _ hardened steel 
block can be crushed much more than 
20 pct without cracking or spalling. We 
have found in general that, if a plated 
hardened steel test specimen can _ be 
crushed 20 pct without failure, further 
crushing to 30 pct will not cause fail- 
ure unless the steel is deformed very 
nonuniformly. 


These experiments led to the adoption” 


of 20 pct crushing as the standard test 
for bond strength. A molybdenum plate 
5 mils thick bonded to a hardened steel 
specimen by our best technique will not 
show any cracking or spalling after the 
specimen has been subjected to 20 pct 


‘compression parallel to the surface. Any © 


4 


failure of the plate occurring as a result 
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of this compression is evidence that the 
bond is of unsatisfactory strength because 


of faulty technique. Absence of failure — 


is accepted as proof of a satisfactory 
bond. 

Quantitative Shear Test—In our search 
for adequate means of evaluating the 
bond strength between molybdenum or 
tungsten plate and a base metal, various 
tests were devised in addition to the 
compression test. Of these only the 
“quantitative shear test’’ will be described 
here because it alone has added appreciably 
to knowledge which can be gained from 


the compression test. Results of the latter 


test indicate that the bond strength, when 
the plating has been carried out, by the 
best technique, is comparable with the 
strength of the underlying metal. It is, 
however, highly desirable to have quan- 
titative data, and the quantitative shear 
test was devised to supply this need. 

It is not clear just what kind of a test 
of bond strength can be expected to give 
results of the greatest significance; perhaps 


the answer depends upon the-use to be 


made of the plated surface. A method of 
measuring the resistance of the bond to 
shearing forces was adopted because of 
convenience. This was a_ satisfactory 
choice since differentiations could be 
made by means of this test between 
certain different plating procedures. The 
results could not be distinguished by 
qualitative tests. It seems probable that 
this shear test can be applied to electro- 
deposited coatings also, and can add con- 


siderably to knowledge of the strength of — 


the bond in such coatings. 


The design and method of operation | 
of the testing instrument is almost obvious — 


from the sketches of Fig 11. A test piece 
of rectangular cross-section is cut from 
the specimen of plated metal which is to 


be tested. With a smooth and flat-faced — 


but sharp-edged shearing tool a load is 


applied to the plate in a direction parallel _ 


J. J. LANDER AND L. H. GERMER 


to the bond interface while the base 
metal is clamped and supported, the 
bond being in this way subjected to a 
shearing force. The magnitude of the 


SHEARING 
TOOL 
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of the required thickness is plated by the 
procedure under consideration and a 
test specimen of ‘approximately these 
dimensions is cut out after plating. The 


SPECIMEN 


PLATE- BOND 
E.G. DETAIL OF SPECIMEN IN POSIT 
gees APOROXIMATELY. OX ACTUAL 


SHEARED. 
SIZE 


IG II—SKETCH OF INSTRUMENT FOR MAKING QUANTITATIVE SHEAR TESTS OF BOND STRENGTH. 


stress per unit cross-section. is determined 
from the total force applied by a spring 
balance, the mechanical advantage of the 
lever, and the cross-section of the test 
specimen. 

In detail the design is determined by 
the important restriction that only rela- 
tively thin plates can conveniently be 
prepared, because of the lowness of 
possible plating rates. Thus the shearing 
tool must be supported on a very small 
ledge of plate and the bond _ interface 
to be sheared must be proportionately 
narrow to avoid twisting forces. A slab 
of rectangular cross section 0.1 in. by 
0.015 in. with a plate thickness of not 
less than 0.010 in. was used. A coating 


final preparation of the test specimen 
consists of very careful polishing of its 
surfaces after it has been ground to the 
desired size. Exact alignment of the edge 
of the shearing tool, the edge of the sup- 
porting surface, and the bond interface 
is not required if the bond strength is 
much lower than the strength of the 
base metal and of the plate. If, however, 
the bond strength is at all comparable 
with the strengths of the two metals 
this alignment is quite critical in order 
that shear shall occur at the bond. For 
this reason considerable care was used 
in constructing the instrument, and the 
specimen is always carefully aligned under 
a microscope before the top plate is 
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clamped in place. The shearing tool is 
guided by a slot in the top plate which 
is accurately aligned with a slot in the 
lower plate, and the tool slides easily but 
with very little play. The supporting 
plates and the shearing tool are of hardened 
steel, and the operating surfaces are kept 
flat and the edges sharp. 

Regarding the interpretation of such 
results Davis, Troxell and Wiskocil!4 
state that “‘in the transverse shear test 
it is usually the procedure to clamp or 
support a prism of the material so that 
bending stresses are minimized across 
the plane along which the shearing load 
is applied. Although the method suffices 
for an indication of what shearing resist- 
ance may be expected, nevertheless, 
owing to bending or to friction between 
parts of the tool or to both, it gives but 
an approximation to the correct values of 
shearing strength. The results of such a 
test depend to a considerable degree on 
the hardness and sharpness of the edges 
of the hardened plates that bear the 
specimen.” Discussion of the theory of 
shear is in books on mechanical engineer- 
ing. For example, it is found empirically 
that the ratio of shear strength to tensile 
strength varies from about o.8 for ductile 
metals to about 1.2 for brittle metals. 
Possibly much of the discussion of shear 
cannot be applied exactly to the results 
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obtained with this instrument, because 
the instrument does not measure pure 
shear. In this instrument, if the bond is 
much weaker than both the plate and 
the base metal, the plate breaks cleanly 
away from the base at a certain load. 
Under the microscope the surface of the 
base metal then appears exactly as it 
did before plating. If, however, the bond 
is about as strong as the plate or the 
base, metal portions of the plate will 
adhere to the base metal, portions of the 
metal to the plate, or both. If, after 
shearing, little or no bond interface is 
exposed, the results cannot be interpreted 
very exactly because the load may not 
have been applied accurately enough. 
Experience with the instrument and 
repeated experiments with the same type 
of sample indicate that if it is very difficult 
to shear the specimen through the bond 
interface, then the bond is about as 
strong or stronger than the material in 
which shear is actually taking place. 
Preliminary tests of this instrument 
were made by determining with it the 
strengths in shear of various sheet mate- 
rials and comparing them with ultimate 
tensile strengths measured upon _ speci- 
mens from the same sheets. The results 
are assembled in Table 11. The cross- 
sectional .areas were measured micro- 
scopically after shearing. The load was 


TABLE 11—Shear and Tensile Strengths of Various Metals 
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applied always at the rate of about 14 lb 
per sec at the end of the lower arm, the 
actual load at the specimen being in each 
case greater than the scale reading by the 
factor 4.71 which is the lever arm ratio. 

One notes that the ratio of shear to 
tensile strength is somewhat lower than 
the value o.8 which is empirically pre- 
dicted for ductile metals, and that the 
ratio is especially low in the case of 
molybdenum. The lowest values for molyb- 
denum were obtained for the very thin 
sheet of tests 1, 2, and 3 and it seems 
probable these three low values are asso- 
ciated with exceptionally thin specimens. 
If one considers only the results for the 
thicker metal sheets the probable pre- 
cision of the measurements seems to be 
about +5 pct. 

The results of compression tests indicate 
the bond strength of plates that are 
bonded to steel by the best techniques 
is comparable with the strength of the 
plate and of the base metal. This view is 
confirmed by quantitative results obtained 
with the shearing instrument. For a 
particular steel specimen plated with 
molybdenum the average value obtained 
for the strength of the plate parallel to 
the bond was 100,000 psi for the strength 
of the bond 54,000; and for the strength 
of the steel 87,000. These values are repre- 
sentative of those obtained in tests of 
specimens plated by the best methods. 

Measurements have been made also 
of the strength of molybdenum plates 
in the direction normal to the bond inter- 
face. That this strength might be con- 
siderably lower than that of the plate 
parallel to the bond is a natural assump- 
tion from the existence of marked columnar 
structure in the plate (Fig 10). This 
assumption has been verified. In particular 
each molybdenum plate described in the 
paragraph immediately above had a 
strength in a direction normal to the 


pond of about 25,000 psi, much less 
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than half the strength parallel to the 
bond. This anisotropy is typical of most 
plates. 


Plating Technique 


With these methods available for testing 
the strength of the bond it becomes possible 
to try out various plating procedures 
and to discover which give the strongest 
bonds. In general it is possible also to 
discover the reasons for failures that 
occur at the bond interface. These possi- 
bilities have been adequately exploited 
and techniques developed for making a 
sound bond between a molybdenum 
coating and copper, iron and alloy steel. 
The conditions which necessarily obtain 
at the beginning of a plating operation, 
the making of the bond between coating 
and base metal, are in general quite 
different from those which are suitable 
at a later stage of the plating. It is neces- 
sary in many cases to begin plating at a 
certain temperature and certain pressures 
required for making a good bond, and 
very soon thereafter to change these 
conditions greatly in order that the 
main part of the coating shall have the 
desired properties and be deposited at as 
high a rate as possible. 

Methods—Some preliminary cleaning is 
desirable before placing an object in the 


plating apparatus, and in some cases 


preliminary cleaning is absolutely essen- 
tial. This cleaning is followed by heating - 
in hydrogen within the plating chamber 
to remove whatever surface oxide is still 
present, and then by plating for a short 
time at a relatively high temperature and 
low plating rate to make a sound bond. 
After this short initial plating the tem- 
perature and the pressures are adjusted 
to give the type of coating desired and 
as high a rate of plating as can be used. 
Copper surfaces require no preliminary 
cleaning unless appreciably oxidized, and 
surfaces of iron, or carbon steel, require 
relatively little cleaning. Alloy steels, 
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on the other hand, have been successfully 
plated by us only after very thorough 
cleaning by abrasion under absolute 
alcohol or after electrolytic etching by the 
process which gives a polished surface. 
Oxides of copper, iron, and the metals 
in alloy steels can be entirely reduced in 
hydrogen within the plating chamber at 
sufficiently high temperatures, but com- 
plete reliance cannot be placed upon 
such cleaning. Experiments were carried 
out upon the plating of iron and copper 
» surfaces that had been considerably oxi- 
dized and had received no subsequent 
preliminary cleaning by abrasion or by 
chemical means. Although the hydrogen 
treatment was adequate to reduce the 
oxides completely, the plates spalled 
badly in some cases. Electron diffraction 
examinations of the bond sides of spalled 
flakes gave lines corresponding to the 
unoxidized base metals. The reduced 
base metal was in a loose form and the 
molybdenum plate adhered firmly to this 
reduced metal, which, however, was not 
in turn attached soundly to the bulk of 
the base metal. In all plating applications 
‘it is therefore necessary to remove large 
amounts of oxide or surface corrosion 
products by preliminary abrasion or 
chemical treatment in order to avoid the 
presence of loose metal at the bond 
interface. 


The necessary hydrogen treatment with- 


in the plating chamber preliminary to 
plating varies with the nature of the 
base metal. Copper surfaces need be 
heated only to about soo°C in either 
wet or dry hydrogen; iron and alloy 
steel surfaces should be heated up to 
soo°C in dry hydrogen and then from 
500 to 600°C in wet hydrogen for iron, 
and up to 800°C for alloy steels. * 


*At temperatures from 500 to perhaps 
800°C wet hydrogen is a better reducing agent 
for steel than is dry hydrogen; in a direct test 
Fe3O4 is reduced more rapidly in hydrogen con- 
taining 8 pct water vapor than in dry hydrogen. 
At temperatures considerably below 500°C dry 
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After the preliminary cleaning and the 
hydrogen reduction which have just been 
described, the bond between base metal 
and plate is made at a temperature ap- — 
propriate to the base metal, and at a 
very low plating rate. For copper and for 
alloy steels the recommended bonding 
temperature is 800°C, and for iron any 
temperature between 600 and 800°C. 
For copper lower temperatures are not 
satisfactory, probably because of the 
exceedingly low diffusivity of copper into 
molybdenum, but 800°C is not at all 
critical and considerably higher tem- 
peratures are equally good. For iron and 
alloy steels, on the other hand, the tem- 
perature of 800°C must not be exceeded. 
At a plating temperature of 825°C, for 
example, carbon from alloy steel (or from 
iron) diffuses into molybdenum at an 
appreciable rate and results in the forma- 
tion of hexagonal molybdenum carbide 
at the interface, as determined by electron 
diffraction, and a greatly weakened bond 
between the steel and the plate. The bond 
between iron and molybdenum can be 
made successfully at 600°C but higher 
temperatures up to 800°C are probably 
at least equally good. For alloy steels 
temperatures below 800°C are satisfactory 
under certain conditions of exceptional 
freedom from impurities. 

The production of colloidal particles 
is extremely dependent upon pressure 
(Fig 7), upon plating temperature, and 
upon geometry of the specimen. The 
temperature at which the bond is made 
hydrogen is not efficient in reducing iron oxides, 
and wet hydrogen is oxidizing. For this reason 
the specimen is heated in dry hydrogen, and 
water is added only after the temperature has 
reached 500°C. A satisfactory bond can be 
made to iron, nickel, cobalt or alloy steels even 
when the heating from room temperature has 
been carried out in hydrogen containing 8 pct 
of water vapor. Some oxide is certainly pro- 
duced at low temperatures but, when the rate 
of temperature rise is high, the amount of ~ 
oxide formed may be too small to have any — 
observable deleterious effect. Atomic hydrogen 
is an effective reducing agent for iron between 


300 and 500°C, but no practical use has been 
made of this technique. , ’ 
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is always higher than the subsequent 
plating temperature. The tendency to 
form colloidal particles is therefore, as 
far as the factor of temperature alone is 
concerned, greater during bonding than 
during the subsequent plating. However, 
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0.14 mm are listed only as typical of a 
certain equipment with which we are 
familiar. Softer coatings are made by 
plating at a higher temperature and at a 
lower pressure, and harder coatings by 
plating at a lower temperature. 


TABLE 12—Summary of Plating Procedures 


Copper 


Iron 


Alloy Steel | 


Preliminary cleaning........... Mechanical cleaning 


Hydrogen reduction treatment. . 


Heated to 800°C in wet 


He (5 pct water) 


Fis FeCUCEC! COs 52.05% neler aos 0.05 mm 
Carbonyl added to give CO 

PLCsstite sees opera Meese eine isa 0.01 mm 
Pidted for to min at..... 02... 800°C 
Temperature reduced to........ 525°C 


WIR TTAISEC) TOn, vials, p02 ic shale Pals +.¥el 
SO Faised- LOM ate «credo ene 


0.14 mm max. 
0.14 mm max. 


Mechanical cleaning 

a ae to 500°C in dry 
2 

Heated from 500 to at 


least 600°C in wet He 
at 0.5 mm (5 pct water) 


Mechanical cleaning 
Electrolytic polish 
Heated to 500°C in dry 


2 
Heated from 500 to 
800°C in wet He at 
0.5 mm (5 pct water) 


Held at 600 to 800°C for| Held at 800°C for 10 


Io min. min. 
0.05 mm 0.05 mm 
0.or mm 0.0l1 mm 
600 to 800°C 800°C 
525°C 525°C 


0.14 mm max. 
0.14 mm max. 


0.14 mm max. 
0.44 mm max. 


the amount of colloidal material that 
can be tolerated while the bond is being 
formed is probably considerably below 
the amount that causes appreciable de- 
terioration of the quality of the plate 
itself. The formation of colloidal material 
at the necessarily high bonding tempera- 
ture can be reduced only by making the 
bond at a low plating rate. In making 
the bond to any surface it is therefore 
desirable, if indeed not essential in all 
cases, to use an extremely low plating 


-rate. It has been customary to make the 


bond at a plating rate approximately 
one-tenth of the rate that is used later 
in plating, with a hydrogen pressure about 
one-half of that used later. By empirical 
tests this procedure has been found to be 
satisfactory. 

Plating procedures for copper, iron, 
and alloy steels are summarized in Table 
12. The final plating temperature and 
plating pressures given at the bottom of 
the table are designed to give a moderately 
hard coat at about as high a plating rate 
as possible. The actual maximum pressures 
depend, of course, very greatly upon the 
geometry of the system, and the values of 


. 


Some of the conditions of Table 12 
are critical, but others are not. For copper 
adequate hydrogen reduction is attained 
at low temperatures, but the bond must 
be made at a temperature close to: 800°C 
or higher, apparently because of insuffi- 
cient interdiffusion of the two metals 
at lower temperatures. Except for this 
one precaution, the plating of copper is 
simple and exceptional © purity of the 
gases and of the equipment are unneces- 
sary. The plating of alloy steels requires 
considerably more care; preliminary elec- 
trolytic polishing or careful mechanical 
abrasion is essential. For alloy steels 
reduction at 800°C is satisfactory and 
plating is started at this temperature. 
The temperature must not exceed 800°C 
after plating has begun because hexagonal 
molybdenum carbide will form at the 
interface. 

Precautions—Although the methods of 
making sound bonds to copper, iron, and 


alloy steels are very simple, failure may 


occur because of instrumental difficulties 
or faulty technique. During the develop- 


ment of the methods described above 


many failures were traced to faulty 
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functioning of the plating equipment, 
and several necessary precautions were 
discovered. These are listed here, with 
estimates of their importance and of the 
margins of safety which are involved. 
We are concerned now with bond failures 
that occur even when cleaning procedures, 
temperatures, pressures, and other details 
are presumed to be as specified in Table 12. 
The cause of such failure may be impuri- 
ties, excess water, or carbonyl reaching 
the surface to be plated before cleaning 
has been completed. 

Impurities may be caused by leaks 
in the palladium tube purifier allowing 
tank hydrogen to come through, by leaks 


in the apparatus permitting air to enter, - 


by water or other foreign matter in the 
carbonyl supply, or by compounds within 
the apparatus itself, such as metal oxides, 
which may become hot and be reduced 
giving off oxygen or water vapor. Excess 
water may appear because of faulty design 
or faulty functioning of the water satura- 
tor. Deposits of carbonyl in the immediate 
connections to the plating chamber will 
supply carbonyl vapor in uncontrolled 
amounts at all stages of the plating pro- 
cedure and could naturally be classed with 
impurities within the apparatus. 

Condensed carbonyl within the plating 
chamber cannot be tolerated in the plating 
of any base metal. The only safe procedure 
is to keep the valves to the carbonyl 
chamber closed at all times when the 
pump is not in operation, and whenever 
the valves are open to maintain all parts 
of the apparatus beyond the valves at a 
temperature at which carbonyl will not 
condense. 

The most objectionable impurities likely 
to be present in the supply of carbonyl 
are water and air. Air can be removed 


readily by pumping, but water is not so. 


easily taken out and pumping for several 
hours is sometimes necessary. It is easy 
to evacuate a closed system containing 
carbonyl and to test for water by means 
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of a McLeod gauge. A negative test must 
be obtained before any plating operation. 

Adjustment of the water saturator 
requires a fine needle valve completely 
immersed in the thermostatically con- 
trolled water bath. Sodium chloride is 
added to the water to lower its vapor 


pressure slightly and thus guard against ~ 


any possibility of condensation at the 
valve which could give a burst of pure 
water vapor. Precautions against splashing 
must be taken also. The addition of fresh 
water to the saturator must always be 
followed by very thorough flushing with 
pure hydrogen in order to remove all the 
air. 

The seriousness of impurities varies 
with the nature of the base metal. No 
tank hydrogen or air can be tolerated in 
preparing to plate upon a high chromium 
steel surface that requires the utmost 
freedom from water and from oxygen. 
Precautions against leaks in the palladium 
purifier or against leaks of air into the 
equipment must be taken. Oil and water 
vapors from the pump are guarded against 
by a liquid air trap between the pump and 
the plating chamber. All metal and other 
parts within the plating chamber that 
become hot in the plating process must 
be clean, bright and free from oxide. 
Oxidized metal in the plating furnace can 


be most readily eliminated by heating the » 


specimen by induction within a ceramic 
chamber containing little or no metal in 
addition to the material to be plated. 
Plating upon most alloy steels is usually 
less critical, and upon iron and copper 
much less. Experiments were reported 
earlier (Footnote p. 17) concerning the 
amount of oxygen that could be used in 
the plating gas for a molybdenum coating. 
In experiments showing the effect of 
air upon the bond between molybdenum 
and iron, the bond was ruined by an air 
leak of 0.1 pct (0.02 pct oxygen) of the 
amount of hydrogen, but was not ob- 
servably injured by a leak of o.or pct 
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(0.002 pct oxygen). The bond to iron is 
roughly so times more readily damaged 
by air leaks than is the quality of the 
plate itself. It is clear that oxygen is 
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of heat treatment is illustrated in Fig 12 
showing the two halves of a molybdenum- 
plated test specimen that was crushed 
after plating. The different performance 


Fic 12— PHOTOGRAPH OF THE CRUSHED HALVES OF A MOLYBDENUM PLATED STEEL TEST SPECI- 
MEN. 12 X. THE LEFT HAND HALF WAS CRUSHED 37 PER CENT WITHOUT SPALLING OR CRACKING 
OF THE PLATE. THE RIGHT HAND HALF WAS HEATED, AFTER PLATING, FOR 30 MINUTES AT goo°C 
AND WAS THEN CRUSHED 12 PER CENT WITH VERY SEVERE SPALLING OF THE PLATE. THE TWO 
HALVES OF THE TEST SPECIMEN HAD THE SAME HORIZONTAL DIMENSION BEFORE CRUSHING, 


not at all equivalent to the corresponding 
amount of water vapor. Bonds between 
copper and molybdenum have been known 
to be ruined by air leaks, but measures of 
the magnitude of a leak which will ruin 
such a bond have not been made. 


Effect of Heat upon Bond Strength 


Heating a molybdenum plated article 
may alter the character of the coating 
and the strength of the bond. In general, 


the effect upon properties of the plate 


itself is not very great, and in many 
cases the plate on an article which is to 
be heated after plating can be made to 
have the desired properties by appropriate 
adjustment of the plating conditions 
taking into account the subsequent heating 


to which the article is to be exposed. The 


bond, on the other hand, is often very 
seriously injured by heat treatment after 
plating and as far as our experience goes 
there is no way of avoiding such injury 
other than by limiting the subsequent 


heating. 
The injury that a bond between steel 


and molybdenum can suffer as a result . 


of the two halves resulted from the heat 
treatment that one of the halves received; 
the bond strength of one half of the speci- 
men was ruined by heating for 30 min. 
at goo°C. 

Molybdenum flakes, spalled from a 
test specimen as a result of crushing after 
heat treatment, were examined by elec- 
tron diffraction. In these tests the bond 
side of spalled flakes was composed of the 
hexagonal carbide MozC although there 
was no carbide, and probably very little 
carbon, in the plate itself. Furthermore, 
in an entirely independent test a very 
thin layer of molybdenum upon steel 
was entirely converted to the hexagonal 
carbide upon heating at 900°C.* Micro- 
scopic examination of plated test specimens 
that have been heated at goo°C reveal 
the presence of a diffusion layer at the 
bond interface. From the electron diffrac- 
tion tests it appears that this layer is the 
hexagonal carbide, and that the carbon 

*Ina related test, it was found that a very 
thin layer of the cubic carbide is not changed 
to the hexagonal carbide by heating at 900°C. 


In fact a thin layer of the cubic-carbide is not 
changed at all by this heating. 


a 
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contained in this carbide has been ex- 
tracted from the steel. The manner in 
which heating a plated steel specimen 
caused injury to the bond is thus quite 
clear since the hexagonal carbide is known 
to be very brittle. 

Quantitative shear tests were conducted 
to determine the degree of injury to bond 
strength caused by heating, and the 
maximum temperature to which the 
bond can be subjected without appreciable 
injury. These tests were made upon por- 
tions of a plated steel specimen that had 
a bond strength of 54,000 psi. Heating 
at 800°C for 15 min. produced no observable 
change of bond strength. Heating at 
825°C for 15 min. and at goo°C for 5 min. 
resulted in bond strengths of 24,000 and 
5,000 psi respectively. Hence 800°C is 
the highest temperature that the bond 
between steel and molybdenum can stand 
for a short time without injury. 


MISCELLANEOUS EXPERIMENTAL PLATING 


Plating a Molybdenum-Tungsten Alloy 


A molybdenum-tungsten alloy is plated 
most simply by supplying plating gas 
from a generator which is charged with a 
mixture of the two carbonyls. The plate 
obtained by this procedure must contain 
18 or 19 atomic pct of tungsten, as cal- 
culated from the vapor pressures of the 
carbonyls Such coatings, made under 
conditions which give very low carbon 
content, were found to have a face- 
centered cubic structure practically identi- 
cal with that of molybdenum, but to be 
quite hard and brittle and _ therefore 
unsuitable for most uses. It seems certain 
that tungsten has a marked effect in giving 
hardness to a molybdenum coating and 
is perhaps as effective as an equal atomic 
percentage of carbon. ' 

These experiments indicate that tung- 
sten, in much smaller percentages, may 
be a useful constituent of molybdenum 
plate where hardness is desired with a 


low carbon content. Any desired per- 
centage of tungsten can be added to 
molybdenum plate by employing simul- 


taneously two plating gas generators for — : 


- 
; 


supplying plating gases containing respec- — 
tively molybdenum carbonyl and tungsten ~ 


carbonyl. Although alloy coatings having 
a low tungsten content can be readily 


made in this way and will probably be ~ 
found to have desirable properties, such © 


plates have not yet been prepared. 


Coatings of Molybdenum Oxide 


A coherent coating of oxide is deposited. 


from plating gas containing only air and 


molybdenum carbonyl vapor at low pres- — 


sures. Pure oxide MoO, is formed when 
the amount of air is adjusted to supply 
oxygen in the required stoichiometrical 
ratio. With smaller amounts of air mix- 
tures of metal and MoO, are obtained, 
these mixed coatings having a variety of 


- blue, purple and bronze colors. When the 


relative amount of air is_ sufficiently 
increased beyond the stoichiometrical ratio 
for MoOs, the white and volatile oxide 
MoO; is formed. All of these coatings 
containing oxide are moderately hard 
and brittle, but adherent and coherent 
when the plates are thin. The temperature 
of deposition is unimportant, coatings 
which are apparently similar being de- 
posited at temperatures 


for these oxide coatings is known, the 
experimental work on them was not 
extensive. 


Decarburization with Hydrogen Sulphide 


Hydrogen sulphide can be used in place 
of water vapor as a-constituent of the 
plating gas to prevent deposition of 
carbon in a molybdenum coating. This 


gas has an advantage over water in that ~ 
it is efficient in removing carbon at tem-— 


peratures down to 350°C, whereas the 
effectiveness of water becomes negligible 


between 400 — 
and 600°C. Since no immediate application — 
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below about 500°C. Thus coatings that 
contain very little carbon can be plated 
with the aid of H:S at temperatures at 
which only cubic carbide would be formed 
if water were the decarburizing agent. 

In Table 13 are listed data for a number 
of coatings prepared with HS in the 
plating gas. Three different sets of plates 
were made at HS pressures of 0.006, 
0.0008 and 0.0002 mm respectively. Except 
the single coating deposited at 500°C, 
the coatings vary markedly in hardness 
with the softest corresponding to the 
lowest H,S pressure. All plates give 
X ray patterns characteristic of large 
crystals of molybdenum metal. All are 
coarse grained with columnar structure 
and extremely well developed orientation 
and crystal faces. The orientation of the 
softest coatings, 111, is the same as that 
found whenever the purest molybdenum 
or tungsten coatings are deposited from 
plating gas of any composition whatever. 
(Table 10). 

The low temperature coatings of Table 
13 are inferior in strength to molybdenum 
plates made at higher temperatures in 
wet hydrogen. They tend to disintegrate 
into power when crushed. It seems possible 


TaBLE 13—Data on Coatings Prepared 
with H»S in Plating Gas 


SSS eS ee 


Partial 


° . 
© || Pressuresin Mm Vickers Hardness 
a 
a After 
As Heating at Orien- 
a Hz. |CO| HS | Plated eae 
s 750°C | 900°C 
ey 
500 840 590 IIO 
425 II50 110 
425 1290 IIo 
350 1400 900 860 Ilo 
425 800 480 110 
425 860 620 IIo 
425 970 600 IIo 
350 880 780 710 IIo 
425 460 330 IIl 
425 650 IIL 
660 370 IIL 


that the quality of the coatings could be 
greatly improved by heat treatment 
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after plating, and the effects upon hardness 
of heat treatment for 5 min. at 750 and 
at goo°C are indicated in the table. 
Even after heat treatment, however, 
none of the coatings was as strong as 
coatings of comparable hardness prepared 
at higher temperatures in wet hydrogen. 
Thus it seems possible that the lower 
temperature coatings made possible with 
H,S gas may perhaps be fundamentally 
inferior to coatings prepared at tem- 
peratures above 500°C. 

The use of HS in the plating gas 
presents also at least one other experi- 
mental difficulty. It was found that good 
bonds could not be obtained between 
molybdenum plate and iron or steel after 
the base metal had been exposed to HS 
even in very small amounts and in the 
presence of a large excess of hydrogen. 
For example, plating on a surface at 
700°C exposed immediately before plating 
to 0.5 pct H2S in He, total pressure about 
0.20 mm, produced a plate which spalled 
while cooling. (As much as 20 pct H20 
in Hy will give a good bond under the 
same conditions.) Good bonds were ac- 
tually obtained by using methods already 
developed and adding H,S only after a 
protective film had been deposited. Even 
with this precaution, however, the use of 
H.S is difficult because after the use of 
H.S the plating chamber is “poisoned” 
and an extremely extensive flushing is 
necessary before a sound bond to a base 
metal can again be made in it. 

There is theoretical interest in the 
fact that a very small amount of H2S, 
o.1 pet of the amount of released CO, 
can result in almost complete removal of 
carbon from the plate, and that this 
occurs even in the absence of hydrogen. 
Clearly the removal cannot be by simple 
chemical association. Perhaps the growing 
metal surface, or active regions of the 
surface, are covered by absorbed H2S 
which in some way inhibits the decom- 
position of CO. 
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Plating the Sulphide, MoS: 


When HS is added to the plating gas 
in an amount considerably exceeding 
2 pct of the released CO, which is the 
highest percentage in the data of Table 13, 
hard plates are obtained that no longer 
have the coarse grained quality of plates 
made with low percentages of H2S. At 
about 20 pct coatings are formed which 
seem to be amorphous, perhaps resulting 
from a large amount of co-deposited 
sulphur. In the absence of hydrogen and 
with still higher percentages of H.S, 
a coating of the hexagonal sulphide 
MoS, is eventually produced. At 425°C 
this sulphide is first formed at an H2S/CO 
ratio of about 7. No attempt has been 
made to form the higher sulphides MoS; 
and MoS, described in the literature. 

Addition of HS to molybdenum car- 
bonyl vapor results in a system of such 
complexity that thermodynamic calcula- 
tions have not been attempted. It is 
worth noting, however, that equilibrium 
data have been reported! for the reaction, 


[HS] 
[Ha] ’ 
[20] 


MoS; + 2H2— 2H2S + Mo Ks, = 


with the following values of the constant, 


$ox°Cr O10, TOORTG. 1200. 


® 6.00582 0.00873 0.0137 0.0480 


By extrapolation of these values to the 
range 400 to 500°C one estimates that 
MoS: is quite stable at these lower tem- 
peratures and should form readily from 
H,S. One expects that the presence of 
CO can have no effect except by removing 
H,S by reaction or by retarding the reac- 
tion rate. 

Experimental tests were made of the 
composition of the coating as a function 
of plating temperature and HS pressure 
at two different values of CO pressure. 
Well defined boundaries were found be- 
tween regions in which MoS, was deposited 
and regions in which the coating was a 
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mixture of metal and sulphur. These 
boundaries are drawn in Fig 13 for the 
two CO pressures 0.07 and 0.15 mm. 


~ oem ee ere, 


It must be emphasized again, as in other . 


similar experimentation, that the system 
was almost certainly not in equilibrium, 
and therefore the diagrams of Fig 13 
can be strictly correct only for the experi- 
mental conditions under which they were 
obtained. 

Coatings of MoS, made in the tem- 
perature range 400 to 500°C have very 
poor crystalline development. X ray 
patterns from such coatings show well 
developed reflections from the basal 
planes only; the alignment between suc- 
cessive layers must therefore be poor. 
Specimens made at higher temperatures 
have much better crystalline development, 
but little or no preferential orientation 
is ever obtained. 

Some simple tests were made upon a 
film of MoS, about 10,000A thick which 
had been deposited at 550°C upon pyrex 
glass at H.S and CO pressures of 1.2 and 
0.07 mm respectively. The change of 
resistance of this film with temperature 
was found to be about 3 pct per degree 
at 20°C, and about 2 pct per degree at 
100°C, The relation between resistance 
and temperature could be represented in 
this range within about +2 pct by the 
relation, log R = 1137/T + 3444, where 
T is the absolute temperature. 


DISTRIBUTION OF COATING, AND PLATING 
RATE 


' Distribution of Coating 


To dispose an object to be plated so 
that it is covered with a coating of uni- 
form thickness may be easy or difficult. 
The concentration of carbonyl must be 
the same over all the area to be plated 
and the gaseous decomposition products 
must be continuously removed. In some 
cases a uniform coating can be obtained 
only by moving the source of carbonyl 
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with respect to the object. It has been 
our experience, in the plating of articles 
of many different shapes, that drastic 
modification of the plating chamber and 
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type of equipment seems to be non- 
existent. This is especially true if many 
identical objects are to be plated by a 
repetitive or continuous process. 
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Fic 13— COMPOSITION OF COATINGS FROM MOLYBDENUM CARBONYL AND HYDROGEN SULPHIDE, 


AT TWO DIFFERENT VALUES OF THE 


mits; ° 
THICKNESS 3 


PLATING 


MILS He 
THICKNESS 6 


CO PRESSURE (0.07 AND 0.15 MM). 


“1.0 CM. 
TO PUMP 


Fic I4-—PLOT OF THE MEASURED THICKNESS DISTRIBUTION OF MOLYBDENUM PLATE DEPOSITED 
INSIDE A TUBE FROM A WATER COOLED PLATING GAS INJECTOR THAT IS FIXED WITH RESPECT TO THE 


TUBE. 


of the means of injecting the plating gas 
is often required when changing from the 
plating of one specimen to the plating of 
another of different form. A universal 


The distribution of thickness of coating 
which is produced from a fixed carbonyl 
injector is simply illustrated in the plating 
of the inside of a cylinder. In Fig 14 is 
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plotted the measured thickness of molyb- 
denum plate deposited in a cylinder of 
rt cm id when the source of plating gas 
is a smaller water cooled tube lying, as 
indicated in the sketch, along the axis 
of the tube being plated. The plating 
occurs exclusively on a small section of 
the cylinder in the immediate neighborhood 
of the place where the plating gas is 
injected into it. If the entire inside is to 
be plated uniformly it becomes necessary 
to move the injector back and forth 
along the axis during plating. 

The production of a uniform coating 
has been accomplished in this case. 
The coating of any object of a different 
shape poses another problem, and every 
plating operation will in general have 
associated with it the design of a method 
for distributing the coating smoothly. 
As an example of possible manufacturing 
methods a proposed design of a machine 
for plating by a continuous process is 
described later. 


Plating Rate 


The rate of deposition of metal is 
proportional to the rate of evolution of 
CO from the plating gas, and, unless 
there is considerable carbon deposited in 
the coating, this is proportional to the 
CO pressure and to the rate at which CO 
is carried away by the pump. For a CO 
pressure of pp mm of mercury and a pump 
of effective speed S, liters per second 
operating at the temperature 7, degrees K, 
the plating rate for molybdenum is 


M = 0.26Sopo/To gm/sec, [21] 


or 
R = 0.025Sopo/ToA cm/sec, . [22] 


where A is the area being plated in cm. 
The second of these expressions, cal- 
culated for molybdenum using 10.2 gm 
per cc for the density, holds also for 
tungsten because these two metals happen 
to have nearly identical atomic volumes. 
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For a Cenco Hypervac 20 pump So 
may be about 2 liters per second and To 
about 325°K. For these values, and for 
po = 0.1 mm and A = 10 cm’, the rate 
of deposition of coating is 1.5 X 10-® cm 
per sec or 2.2 mils per hr. It is clear from 
these numerical values that plating from 
the carbonyls is not very rapid. As large 
a pump as practicable is always desirable 
and as high a CO pressure as possible, 
but even then the plating is slow. 

The time required to plate the inside 
of a cylinder by means of a moving water- 
cooled injector from which plating gas is 
distributed as it moves back and forth 
may be considered. The injector enters 
the tube from one end and a pump is 
attached to the other end. Here con- 
siderable impedance is offered by the 
tube itself to the escape of spent plating 
gas, and an indefinitely high plating rate 
cannot be attained by the theoretically 
simple expedient of using a pump of 
larger and larger capacity. The maximum 
possible plating rate does actually always 
increase with increase of pumping speed 
but approaches a theoretical finite limit 
for a pump of infinite capacity. 

It can be shown that in any practical 
case the flow of spent plating gas is 
lamellar through a tube being plated, 
and that pressures along the tube and 


the flow of gas through it satisfy the. 


Poiseuille formula with considerable ac- 
curacy. This formula combined with 
Eq 22 gives the following relation between 
the plating rate R, the speed of the pump 
So, and the maximum pressure within 
the tube ~; mm obtaining at the nose of 
the injector when the latter is fully 
withdrawn, 


So V pi? — (7650 - (TnL?/D8a)R 


= (125. ToDL/a)R. [23] 


Here T°K is the plating temperature, 7 
the viscosity of the spent gases in egs 
units, Z and D the length and diameter of 
the tube in cm, and a@ the fraction of the 
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spent plating gas which is CO. The maxi- 
mum possible plating rate, for an infinite 
pumping speed, is 


Rmax = £12D?a/7650. TnL? cm per sec [24] 


The pumping speed required to give a 
plating rate Rmax€é, smaller than the 
maximum rate by the fractional factor e, 
is 


So = .o16ToD*pieT nL V1 — € 


liters per sec, [25] 


and the highest pressure within the tube pi 
is greater than the pressure at the pump 
by the factor 1/+/1 — e. 

We estimate that exhausted plating 
gas has a viscosity 7 = 315 X 10° at 
800°K, and that € = 0.5 is about as high a 
value as can be used without too great 
variation of the coating from one end of a 
tube to the other. Ty is about 325°K and T 
about 800°K. For a tube 20 cm long and 
1.0 cm diam, and for #; = 0.2 mm Hg, 
a =o0.5, and € =0.5, we obtain for the 
plating rate R=1.0 X 10-* cm _ per 
sec = 0.014 mil per hr, and for the pump 
speed So = 0.14 liter per sec. For plating 
this tube a pump of o.14 liter per sec 
speed will give a plating rate about half 
that which could be obtained by a pump 
of infinite capacity and an actual rate 
about as large as can be tolerated if the 
plate is not to vary greatly in quality 
from one end to the other. 

Much more favorable plating rates 
can be obtained for tubes that are short. 
A copper magnetron anode is an example 
of a very short tube on which molyb- 
denum plate may have useful properties 
in increasing the capacity of the device. 
Molybdenum has been deposited upon 
anodes in the form of small rings of 0.8 cm 
id 0.6 cm long. For such a tube the chief 
impedance to flow of spent plating gas is 
_ offered’ by the pump connections rather 
than by the tube itself, and the plating 
_rate is given by Eq 22. Fig 14 shows that 
it will be difficult or impossible to arrange 
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the plating equipment so that all of the 
injected carbonyl is decomposed upon 
the ring, and it is therefore necessary to 
add a correction factor to Eq 22 for the 
carbonyl that is not utilized. For such a 
factor equal to 0.5, To = 325°K, po = 
o.1 mm Hg, and Sp = Io liters per sec 
we find for the plating rate R = 25. X 
ro-® cm per sec = 36 mils per hr. A 
coating 2 mils thick, which is about the 
desired thickness for this application, 
is deposited in less than 4 min. 


AN APPLICATION 


Magnetron rings were plated with 
molybdenum for test purposes, and the 


‘results of the first tests were sufficiently 


encouraging to warrant designing a machine 
for plating a great many rings very rapidly. 
Although this machine has not been 
built it seems that the design is funda- 
mentally sound and that a successful 
model can be built. Automatic machines 
have been designed for the plating of other 
articles also. 

The size of the anode of a magnetron 
tube is more or less fixed by the voltage 
of operation and the frequency of the 
oscillations which the tube generates. 
Thus, increase of power without change 
of frequency is accompanied by increased 
heat dissipation per unit area. The problem 
of heat dissipation in electronic devices 
is often solved by the use of molybdenum 
electrodes, but molybdenum is not a 
satisfactory anode material for a mag- 
netron oscillator because of its low elec- 
trical conductivity. It seems that a copper 
anode with a molybdenum interior surface 
should be superior to an anode of either 
metal, the former being then the metal 
through which the oscillating currents 
flow and the latter forming the surface 
upon which all of the heat of electron 
bombardment is dissipated. The molyb- 
denum coating must be thick enough to 
protect underlying copper from a too high 
temperature rise in the short time interval 
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while the surface is being bombarded. 
From the thermal diffusivity of molyb- 
denum and the off and on time intervals 
of the magnetron it was estimated that 


a 
Wh 


Platirn 


LU 


beennna===-/9C(---- 


| 


Sy, 


=n 
= 

1 

| 

ne 


70 pump 


Stainless 
steel-pins 


Hydrogen 


A 
TDwatt | Som 


\ 4} 
‘Heater windings 


PLATING MOLYBDENUM, TUNGSTEN, AND CHROMIUM 


given preliminary tests at high outputs 
with encouraging results. Tests were 
never completed. 


It was estimated in the last section that 


A 
PR 


Fic I5—SKETCHES, HALF FULL SIZE, OF A PROPOSED MACHINE FOR PLATING MAGNETRON RINGS 
BY A CONTINUOUS PROCESS, 


an 0.05 mm (2 mil) molybdenum plate 
should be thick enough. 

Copper magnetron anodes of 0.8 cm id 
were plated on the inside with molyb- 
denum coatings about 0.05 mm thick, 
and resonating cavities were cut into the 
rings after the plating operation. The 
machining involved sawing slots through 
the coating, and to facilitate this it was 
necessary that the coating be as soft as 
possible. After making the bond at 800°C, 
or higher, and at a very low plating rate 
(Table 12), the body of the plate was 
deposited at about 650°C in wet hydrogen. 
This plating procedure insured a very 
soft coating (Vickers 220), and it was 
found that this coating could be machined 
satisfactorily. 

Magnetron rings made in this way were 


a molybdenum coating 2 mils thick can 
be deposited upon a magnetron ring of 
the size under consideration in about 
4 min. This time is short enough to be 
adaptable to a continuous process or 
assembly line method of plating. 

Sketches of a proposed machine for 
plating one ring after another at 4-min. 
intervals are reproduced as Fig 15. The 
supply of unplated rings is stacked up 
one on top of another in an exhausted 
metal container. At each 4-min. interval 
the bottom ring of the stack is pushed, 
by a plunger operating automatically 
through a Wilson seal, over into a rec- 
tangular shaped copper heating tube 
where the ring temperature is raised 
during 4 min. to above 800°C. At the 
end of this time another ring is pushed 
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into the heating tube and the first ring 
pushed along where it can be maintained 
for 4 min. at 800°C; the first ring is then 
pushed under the nose of a water cooled 
tube which injects plating gas and coats 
the ring for 4 min., while other rings are 
coming along behind it. After plating, 
each ring is permitted to cool for 8 min. 
before falling into a metal container for 
the plated rings. 

Detail sketches are shown of a pro- 
posed arrangement of the copper tubes 
through which the magnetron rings are 
pushed and of heating coils which were 
estimated to be of adequate capacity. 
The plating gas is to be supplied from a 
standard plating gas generator, Fig 3 
and 4. The entire apparatus is to be 
exhausted at a rate of at least ro liters 
per sec, for which a Cenco Hypervac 
100 pump of 16 liters per sec free air flow 
capacity is suggested. It is very essential 
that no plating gas reach a magnetron 
ring until its temperature has reached 
800°C; it is proposed to insure this by a 
baffle across the center of the exhausted 
chamber and by a continuous flow of 
hydrogen through the section of the 
chamber in which the cold rings are 


stored. The entire apparatus can be taken 


apart readily for cleaning. A liquid air 
trap of large size lies between the plating 
chamber and the pump. Because some of 
the injected carbonyl vapor will not be 
decomposed in the plating of such a 
short ring there will be considerable con- 
densation of carbonyl in the trap, and 
this can be salvaged at appropriate 
intervals. 
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DISCUSSION 
(J. W. Scott and H. H. Uhlig presiding) 


Joun Wutrr*—It is not often that we have 
occasion to listen to such a splendid piece of 
research as Dr. Lander and Dr. Germer have 
just presented. The work is not only an excel- 
lent contribution to the physical chemistry of 
molybdenum-carbony] but also to technique of 
vapor plating in general. 

In my own work on the evaporation and 
sputtering of metals on metals, I have usually 
found poor adhesion between the film and steel. 
On this account, I should like to inquire how 
good the adhesion between molybdenum and 
the steel really was? Furthermore, how well 
do such films adhere to steels of different 
chromium content? Finally, was the oxide 
barrier film on chromium due to carbon dioxide 
or water vapor attack? 

No doubt it has occurred to other readers 
that films of the kind reported here might be 
used for cutting tools and other abrasion- 
resistant surfaces provided they were well 
bonded to the basis metal. Have such applica- 
tions been studied? 


J. J. Lanver (authors’ reply)—In partial 
answer to Professor Wulff’s first question: our 
main problem first was adherence, but after 
we found the conditions under which we could 
get good adherence, the second problem became 
strength of the plate and, in particular, strength 
along the perpendicular to the bond. That is 
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the problem we have not solved in general. 
Under certain conditions plate was found to 
build up in columns, showed quite a marked 
columnar structure, and was found to be rather 
weak in that direction. In some cases the 
strength between columns was only one third 
the strength in the direction perpendicular to 
the columns. : 

Now, as regards bond strength, we found 
after quite a lot of work with the process that 
one could in general obtain with a carbon steel 
a bond which, if the specimen were crushed, was 
so strong that the steel would come off with 
the plate—what material one could force off 
the specimen by crushing was strongly mag- 
netic and if observed under the microscope, one 
found that large grains of steel were torn off 
with the plate. 

However, in sympathy with Doctor Wulfi’s 
visualization of the problem, we were never 100 
pct sure that we were going to obtain such a 
plate; there are quite a number of things which 
can happen and which will make the bond 
quite a bit weaker than the best bond one can 
obtain. 

Concerning materials high in chromium, or 
chromium itself, that brings up the much 
nastier problem of cleaning up the surface. 
High temperatures, rooo°C or even higher, and 
very pure hydrogen are required. One cannot 
start the plate with any water vapor in the 
plating gas at those temperatures and actually 
one does not start the plate at all in those 
temperatures. Having cleaned the surface one 
cools as rapidly as possible and starts the plat- 
ing at a lower temperature with a dry plating 
gas mixture. If one wants pure molybdenum 
or tungsten, one starts with conditions which 
give about as pure a plate as one can without 
water, and then having built up a protective 
plate one adds the water and continues to 
plate under conditions which give a very 
pure product. 


Joun Wutrr—Do I understand correctly 
then your statement that you can get a film 
free of oxide on stainless steel, for example? 


J. J. LANpDER—I do not know how free of 
oxide it is. I doubt whether one can get rid of a 
monomolecular layer of oxygen. Also there may 
be particles of oxide scattered around the sur- 
face. But I think one beneficial effect of high 
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temperature treatment may be the sintering of 
such particles, if they still exist, so that the bond 
is not weakened by layers of impurities covering 
most of the surface. If one can coalesce all the 
dirt in one spot one has only one weak spot. 
One thus makes available a much bigger area 
and obtains quite a good bond. 

We have obtained bonds with alloys contain- 
ing as much as 20 pct chromium which were 
very strong indeed. That is, when crushed, the 
plate would fall off and bring some of the base 
metal with it. 


Joun Wutrr—May I ask, were those plates 
heat treated after deposition, those in which 
crushed material was brought? 


J. J. LanpER—In the case of steels they were. 
Joun Wutrr—In the case of stainless steels? 


J. J. LANDER—No, we are not enough inter- 
ested in such systems to go into their heat 
treatment and the problems that would arise 
out of them. That might be regarded as a de- 
sirable field of study. 


R. D. VENEKLASEN*—Have the plate sur- 
faces been analyzed for carbon content? That 
is to say, what is the form of the carbide? 


J. J. Lanper—In which case? In the dia- 
gram I indicated two regions, one in which one 
obtained a very pure cubic carbide, a carbide 
which has not been observed before, and a 
second in which one obtained pure molyb- 
denum, as indicated by the large crystals 
which could be grown under a fairly wide range 
of conditions. X ray examination, for example, 
gave extremely sharp lines. There was no evi- 
dence of contamination. In the regions between, 
one obtains diffuse X ray lines of the carbide, 
of the pure metal or of both. 


R. D. VENAKLASEN—Another question: You 
speak about plating molybdenum powder. Are 
you plating as molybdenum carbide or pure 
molybdenum, and if so can you control the 
grain size? 


J. J. LanpER—We did not go very far into 
the problem. To obtain powders one must 
arrange to heat the active vapor in such a way 
that it will decompose and also that there will 
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be condensation of the products in the gas 
phase before they strike a surface. 

In the problem of obtaining very large and 
very spherical products of iron by a similar 
process, the engineering of the decomposition 
chambers has been rather well worked out. 

Now, a similar engineering job would have to 
be carried out to obtain molybdenum powders 
of such size. The conditions would be quite 
different, Iam sure. 

We have carried through such a study only to 
the point where we have been able to produce 
particles which were not pyrophoric and which 
contained molybdenum plus carbon. 

We did not go into the problem of obtaining 
very pure carbonyls having a large size. We did 
go through a region in which we obtained 
particles with variable carbon content, which 
were extremely active when exposed to air. 
They flashed and burned immediately on ex- 
posure to air. 


R. D. VENEKLASEN—I did not hear the first 
part of the discussion. Did you start with 
molybdenum powder or with the molybdenum 
oxide? 


. J. J. Lanper—In the synthesis of molyb- 
denum carbonyl? 


R. D. VENEKLASEN— Yes. 


J. J. LanpEr—You people should know 
more about that than we do. 

The synthesis that you used in producing 
large quantities of carbonyl for us involved 
starting with the chloride and decomposing the 
chloride on a zinc surface in the presence of an 
organic solvent and a high pressure carbon 
monoxide. The chloride was made from pure 
metal. One could equally well start with the 
oxide and go to the chloride. That of starting 
with the oxide but skipping the chloride step is 
one which I am sure you people know more 
about than we do. 


R. D. VENEKLASEN— I was not aware that we 
had gone into that. 


J. J. Lanper—It might be possible to make 
it that way. 


‘J. W. Scorr*—Are there any other ques- 
tions? While you are thinking of them I should 
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like to concur with Doctor Wulff in his esti- 
mate of this research. These authors have done 
a very fine piece of work. One or two points 
came to me as Mr. Lander was presenting the 
paper and I think they may be of interest. 

First, I notice Mr. Lander’s constant refer- 
ring to moisture in the plating gas. As I recall 
in the plating of chromium, the presence of 
hydrogen is necessary to give an extremely 
hard plate. However, in the authors’ case, 
water vapor appears detrimental. Might I ask 
whether water is detrimental because of the 
hydrogen ion or the oxygen ion? 


J. J. Lanper—In the case of chromium the 
oxygen and the carbon in the carbonyl are both 
so effective that one cannot obtain pure plate. 
I do not think that adding a small amount of 
water vapor would make much difference. 
Hydrogen ions would not behave in the same 
way they do in electroplating because of our 
high temperature low pressure conditions. 


J. W. Scort—One cannot always obtain the 
pure metal one wishes by electrolysis from 
solutions and therein may lie the need for 
the unusual plating from gas. However, I be- 
lieve that it would be appropriate if dur author 
would comment on the general need for gas 
plating. Stated simply, why would one use 
plating from gas when it is normally so much 
easier to plate from a solution? 


J. J. Lanper—The materials in which we 
soon became interested were not the pure 
metals at all but rather metal containing carbon 
and carbides. I have also mentioned oxides and 
sulphides. These cannot be obtained as uni- 
form, coherent and heavy plate by the elec- 
trochemical methods, at least to the best of 
my knowledge. This wide range of hardnesses 
which can be controlled and which is due to the 
addition of carbon to the plate, is apparently 
out of the reach of any electrochemical 
procedure. 

Then also, of course, electrochemical meth- 
ods in the case of molybdenum and tungsten 
have not produced pure metallic plates. Alloys 
of tungsten have been produced under certain 
conditions, I believe, with nickel or iron. 


H. H. Untic*—I should like to ask Mr. 
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Lander if he can tell us something about uni- 
formity of plate in the plating chamber. Are 
there certain surfaces where the plate is formed 
preferentially at high-temperature regions, for 
example, or at catalytic areas causing the 
plate to be thicker than elsewhere? 


J. J. LAnpER—That is a very interesting 
problem and one about which we know little. 
I think we were rather fortunate in successfully 
setting up conditions where that could not 
happen. We always did our best to maintain a 
very uniform temperature throughout the 
specimen to be plated. In some cases it turned 
out that that was not entirely possible and we 
did obtain plate with varying hardness. 

A temperature difference of 10° is sometimes 
noticeable. It is extremely important to make 
sure that uniformity of temperature is main- 
tained throughout the area to be plated. 

With regard to the effect of small amounts of 
impurities, or perhaps crystal structure of the 
base material directing the initial progress of 
the plate, I am sure such effects do occur. How- 
ever, the conditions we set were such as to 
obtain a uniform plate, and in general we did 
succeed. In the initial stage of plating it is 
quite possible that there are areas which start 
with a preferential type of deposit. However, 
other conditions, mainly temperature and gas 
composition, seem to determine the quality of 
the bulk plate. Highly preferred orientation was 
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found to be associated with such conditions and 
not with the surface of the work. 


A. J. SHater*—I should like to ask the 
authors of this very interesting paper if they 
could give us a little more information on 
two things; one is the rate of deposition of these 
plates, and the second, the efficiency of de- 
position. I imagine that since they had to get a 
very uniform thickness, the authors probably 
had to keep the efficiency of the process low so 
that the relative proportion of the decomposi- 
tion products and ingoing products stayed 
about the same. 


J. J. Lanper—The plating rate was generally 
kept low—about one mil per hour—but the rate 
is largely determined by pumping speeds, the 
geometry of the specimen and the plating 
chamber, and the hardness of the plate desired. 

One has a means of varying the plating rate, 
but keeping within the limits of uniformity of 
product, in adaptation of the apparatus to the 
object to be plated. The fastest plate rate one 
can obtain would be that obtained with a very 
small sample and a large plating chamber. In 
that case one uses carbony] inefficiently. Most 
of it goes past the specimen, but it ends up ina 
trap and can be recovered. A figure for a maxi- 
mum plating rate would be not over 10 mils per 
hour, I believe, but we do not actually have 
such a figure. 
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Plating Chromium by Thermal Decomposition of Chromium 
Hexacarbonyl* 


By B. B. OwENy AND R. T. WEBBERT{ 
(New York Meeting, February 1948) 


THE vapor phase deposition of molyb- 
denum and tungsten from the hexacar- 
bonyls has been thoroughly investigated by 
Lander and Germer!, and shown to yield 
well-bonded coatings on a variety of hot 
metallic surfaces. They also demonstrated 
that chromium coatings?* could be simi- 
larly deposited, but did not investigate this 
metal extensively. Recently,‘ conditions 
have been described by which this com- 
pound can be prepared in quantities 
sufficient for laboratory scale plating exper- 
iments, and it is the purpose of the present 
communication to outline the results of 
preliminary experiments upon the plating 
of chromium from its carbonyl. 


APPARATUS AND TECHNIQUE 


The apparatus used in these experiments 
is shown in Fig 1. At one end, connected 
by a short length of rubber tubing, is a 
Cenco Hypervac 20 pumping continuously. 
At the opposite end is a needle valve which 
allows a small stream of purified hydrogen 
to flow through the apparatus. Connected 
in series are a trap 71, maintained at the 
temperature of dry ice and acetone, the 
plating chamber, and two traps T; and T3 
containing crystals of the carbonyl. T2 


_is kept in a constant temperature bath (not 


shown), while 7’; is at room temperature. 


* This paper is based on work done for the 
Office of Scientific Research and Development 
under Contract OEMsr-1318 with Yale Uni- 
versity. Published by permission of the War 
Department. Manuscript received at the office 
of the Institute October 28, 1947. Issued as 
TP 2306 in Metars TECHNOLOGY, January 

8. ; 
ee Professor of Chemistry and Instructor in 
Physics, respectively, Yale University, New 
Haven, Conn. 

1 References are at the end of the paper. 
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Stopcock S, allows the hydrogen flow to 
by-pass the carbonyl traps. A McLeod gauge 
is connected so that it can measure the 
pressure at the pump through Sg, or the 
pressure at the plating chamber through Sy 
and Sg. The standard (12 liter) volume con- 
nected by 5S; is used to determine the vol- 
ume included by S4, S¢, Ss, S10, the needle 
valve and the McLeod gauge. Knowledge of — 
this volume allows calibration of the flow of 
hydrogen. 

The apparatus* is built entirely of pyrex, 
except for the needle valve, the rubber con- 
nection to the Hypervac, and the cover of 
the plating chamber. The plating chamber 
is water-jacketed, with a large brass top 
allowing insertion of the specimen to be 
plated. Set into the brass top is a ground 
glass stopper through which thermocouple 
leads are sealed. The thermocouple wires 
(pure Pt, and 87 pct Pt-13 pct Rh) serve 
the double purpose of measuring the speci- 
men temperature and suspending it in the 
chamber. Surrounding the chamber is the 
coil of an induction heater, H. 

The apparatus is designed to allow varia- 
tion of the following conditions: (1) the 
specimen temperature, from room tempera- 
ture to about 1000°C, (2) the carbonyl vapor 
pressure, from 40 to 220 microns, and (3) the 
hydrogen “flow. In several runs, 0.8 to 1.8 
pet of hydrogen sulfide was introduced 
through a needle valve that replaced S4. 

The vapor pressure of the carbonyl is 


* Stopcocks S1 and S4 are of 0.2 cm bore; S» 
and S3 1.8 cm; Ss, Se, S7, Sio 1.2 cm; and Ss 
and S»9 0.6 cm. The pyrex tubing connecting the ~ 
plating chamber to Sand the needle valve is 1.4 
cm id. The tubing connecting the 320 cc McLeod 
gauge to Ss and Sy is 1.0 cm id, 
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controlled by the temperature of the bath 
surrounding 7». According to Windsor and 
Blanchard® the vapor pressure, in mm of 
mercury, is given by the equation 


3285 


logio p = 10.63 — T 


The run, in general, consists of three 
parts: preheating, plating, and annealing. 


To Vacuum 
Pump 


KX 


were performed in which the temperature 


at no time exceeded 550°C. The effect of 
this modified procedure on the bond was 
unfavorable, but not pronounced. 


EXPERIMENTAL RESULTS AND CONCLUSIONS 


A total of 36 plating runs was performed 
using mild steel disks 1 in. in diam and 
14 in. thick.* The flat surfaces of many of 


Fic 1—SCHEMATIC DIAGRAM OF THE PLATING APPARATUS. 


After the system is evacuated to about 1 
micron, the sample is heated to about 700°C 
in hydrogen for ro to 30 min. to deoxidize 
the surface. During this operation stopcock 
Sg is open, while S7 and S10 are closed. The 
sample is now cooled to the desired plating 
temperature, the bath surrounding T» is 
adjusted to provide the desired carbonyl 
vapor pressure, and plating is initiated by 
closing S's and opening S7 and Sio. At the 
end of 2 to 4 hr, the supply of carbonyl is 
cut off again, S's is opened, and the sample 
is heated to 700 or 800° and gradually 
_ cooled to anneal the plate. 
Because the high temperatures involved. 
in the above procedure permanently change 
the characteristics of the steel, several runs 


these disks were polished to a mirror finish 
with rouge and alcohol. Other disks were 
ground and finished with No. o emery 
paper, or No. ooo emery paper. One plating 
was made in which half of the bottom face 
was polished with rouge, and the other half 
was ground with an ordinary grinding 
wheel. The quality of the plate to steel bond 
was slightly better on the rougher surface. 

The composition and hardness of the 
plate appear to be determined primarily by 
the temperature of the disk during plating. 


*The hardness of the disks was Rockwell 
B88 or 174 Vickers. The composition obtained 
by spectroscopic analysis was 0.1 to 0.3 pct 
Mn; 0.03 to 0.1 pet Cu; less than 0.03 pct Co, 
Cr, Ni, and others. A carbon analysis gave 0.5 
pet by weight. 
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The general results of the thirty-six experi- 
ments on steel disks are summarized in 
Table r. 

. The data indicate the existence of two 
regions of possible practical importance, 
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the region around 450° where a well bonded, 
comparatively soft and pure plate is ob- 
tained, and the region around 625°, where 
a well bonded, but much harder plate con- 
taining a considerable proportion of oxide 
and carbide is produced. ; 

The properties of the plate may very well 
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be affected by the rate of plating, but our 
investigation of this point is insufficient to 
allow us to draw any conclusions. We have 
investigated, however, the various factors 
that contribute to the plating rate. Of 


nel Vie 


ess a 


500X. 


these, the most important is the carbonyl 
vapor pressure. The plating rate proved to 
be approximately proportional to the vapor 
pressure. The plating rate at a carbonyl 
vapor pressure of 200 microns was about 
forty-two times the plating rate at 40 
microns. The plating-rate was also propor- 
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tional to hydrogen flow, providing that 
flow was slow enough to allow the gas to 
become saturated with the carbonyl vapor. 
The disk temperature was found to have 


TABLE 1—Characteristics of the Plate 


Approximate 
Composition * 
Per Cent 


Hardness 


Temp. 
(Vickers) 


Range °C Bondingt 


250-350 very poor 


400-500 good 


500-525 poor 
25 Unknownt : 
530-550 |50 Ur 
50 Cr2O3 
600-650 o Cr 
emainder 
Cr203 and 
Cr3C2 


very poor 


very hard | good 


(2000?) 


* The approximate composition was determined by 
X ray analysis. 

The bonding was qualitatively determined by 
giving the plate a sharp, standard rap with a pointed 
tool. In the case of good bonding, the point of the tool 
penetrated the plate but microscopic.observation of 
the hole sey | only slight cracking of the plate on 
the periphery. In the case of very poor bonding, the 
pits was broken loose over a large area around the 

ole 
t The ‘‘unknown”’ appearing at a plating temper- 
ature of 500-525°C may be a new carbide. 


negligible influence on the plating rate. 
However, the presence of approximately 
0.8 pct of hydrogen sulphide mixed with the 
hydrogen was observed to decrease the 
plating rate by about 45 pct below that 
with hydrogen alone. 

Fig 2 shows micrographs of transverse 
sections of two of the chromium plates. The 
magnifications of each of these photographs 
is 500X, and the etchants used were 5 pct 
Nital followed by a boiling solution of 
potassium hydroxide plus potassium ferri- 
cyanide. The first reagent reveals the fer- 
ritic structure and pearlitic component in 
the mild steel base of the specimens; the 
second reveals the structure of the plate. 
The plating was reinforced with a layer of 
electrolytic iron before cutting and polish- 
ing the sections. 

Following are pertinent observations® re- 
sulting from examination of the two typical 
specimens: 

Specimen No. 23: 95 pct Cr, 5 pct 


Cr.O3; plated at disk temperature of 400° 
for 4 hr; Hardness 1300 Vickers; annealed 
for 30 min. at 620°C. 

The etched plate has a light brown color 
characteristic of chromium as well as the 
dark. spheroidal constituent which we 
believe to be the Cr2O3. Less of the sphe- 
roidal constituent is visible in this speci- 
‘men. The dark band at the base of the 
plate is an illusion resulting from relief. 
Careful examination at 1500 magnifica- 
tion shows the plate to be quite uniform 
and reveals no evidence of a diffusion zone 
at the steel interface. 

Specimen No. 26: 50 pct Cr20s3, 50 pct 
Cr3C2; plated at 500° for 30 min., at 250°C 
for 374 hr; hardness 1400 ices annealed 
at 700° ‘ae 20 min. 

The plate has a distinct duplex structure. 
The outer portion, plated at the lower tem- 
perature, has a coarsely columnar structure 
showing frequent cracking and etches blue 
with dark banding; the blue, lighter phase 
is presumably the carbide. The inner por- 
tion, plated at higher temperature, is 
brown in color, and has a pronounced sphe- 
roidal structure, and suggests chromium 
containing spheroidal oxide particles. There 
is no evidence of diffusion at the plate-steel 
interface. 

Fig 3 shows a micrograph of the surface 
of a typical sample, specimen No. 38, 
plated at 400°C. It shows a coarse nodular 
surface with occasional larger nodes. Micro- 
scopic, examination of other samples showed 
some with fine granular surfaces. The con- 
ditions controlling the nature of these sur- 
faces are not known as no consistent results 
were obtained. 

Several runs were made with a small pro- 
portion (0.8 to 1.8 pct) of hydrogen sulphide 
mixed with the hydrogen. It was hoped 
that the presence of the sulphide would in- 
hibit the formation of the oxides, and pro- 
duce a purer, softer plate. The result was 
very soft (330 Vickers), spongy plate of 
95 pet pure Cr. A major technical difficulty 
arose from the fact that the presence of the 
hydrogen sulphide near the steel disk before 
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the plating was begun ruined the bond. In 
an attempt to eliminate this difficulty, the 
sulphide was not introduced until 20 min. 
after the plating was begun.* 
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SUMMARY 


Coatings of chromium were deposited on 
36 1-in. disks of steel by the thermal decom- 
position of the vapor of chromium carbonyl 
in the presence of hydrogen. The plating 
rate was varied between 1 and 2 mils per 
hour. Plating temperatures between 250 
and 850°C were used, and it was found that 
temperatures near 450 and 62 5°C gave the 
most satisfactory bond between the coat- 
ings and the disks. Coatings deposited at 
625° are extremely hard (2000 Vickers) and 
are not more than 4o pct Cr, the remainder 
being Cr.O3 and CrsC2. Coatings deposited 
at 450° are hard (1200 Vickers) and are 
about 95 pct Cr, the remainder being 
Cr,03. Softer coatings (down to 300 
Vickers) were prepared, but they were 
poorly bonded. 


* The Bell laboratories in similar but more 
extensive experiments with molybdenum car- 
bonyl found that it required several days to 
decontaminate the apparatus after one run 
before another could be begun. 


helpful discussions and for the analyses of 
the chromium plates and the mild steel 
disks. We also express our gratitude to 
Professor J. N. Hobstetter (Harvard) for 
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DISCUSSION 
(B. W.Gonser and L. S. Dietz, Jr. presiding) 


B. W. GonsER—This is very interesting 
work, which although possibly of no immediate 
practical importance, may point the way to 


other means which may have wider application.’ 


At Battelle we have been interested for many 
years in depositing metals by decomposition 
of their volatilized compounds. We have pre- 
ferred the halides for the most part, and of 
those, in the case of chromium, I believe we 
would choose the iodide at present. We have 
deposited chromium from the iodide to a 
thickness of 20 mils, about 2499 in. in about 
an hour. 


B. B. Owrn—The plating rate by our 
procedure was only about 2 mils per hour. 


B. W. GonsER—The iodide decomposes 
rather rapidly, according to conditions. I shall 
not take the time to go into a prolonged dis- 
cussion of it, because this is not quite the 
time for it, but this whole subject of decom- 
posing metal salts at high temperature is 
ascinating, and one that is becoming more 


7 


and more important. An advantage in plating 
chromium at high temperature by vapor 
decomposition means is that you are much 
nearer the stable condition desired for high tem- 
perature applications. Chromium electroplated 
at room temperature is more likely to spall and 
crack when heated to high temperatures. 


F. R. Morrat*—I notice that the authors 
in Table 1, third item, mention an unknown. 
In the footnote, it is indicated that it may 
be a new carbide. I see that one carbide has 
been mentioned. I wonder if the other two 
known carbides, trigonal Cr;C37 and the cubic 
Cro3C.8 have been checked with the unknown. 


B. B. Owen (authors’ reply)—Dr. J. J. 
Lander, who performed the X ray analyses 
for us, reported that the carbides Cr7C; and 
Cro;Cs were checked against the unknown, 
and that lines at 2.60 and 2.64 A remain 
unexplained. 
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Hydrogen Content of Electrolytic Chromium and Its Removal* 


By E. V. Porrert anp H. C. LuKENs} 
(New York Meeting, February 1948) 


INTRODUCTION 


In general, during all electrowinning 
processes, large volumes of gas are liberated 
at the cathodes of the electrolytic cells. 
Most of this gas escapes from the electro- 
lyte, but much of it may be absorbed or 
entrapped in the metal being plated. In 
many cases, this is not objectionable, but 
since it is liberated when the metal is 
heated, it is a potential source of trouble 
where the metal has to be heated or melted. 
Since this gas is principally hydrogen, in 
escaping from a melt it may cause minor 
explosions and scattering of the molten 
metal, while in -other cases it has been 


“reported to make the metal rise in the molds 


when cast. Therefore such metals would be 
more generally useful if all or most of the 
gas were removed before they were used. 

Tn an earlier investigation! the gas con- 
tent of electrolytic manganese was deter- 
mined and methods found for removing 
most of it without detrimentally affecting 
the properties of the metal. In this paper 
results of a similar investigation on elec- 
trolytic chromium are presented. 


APPARATUS 


The apparatus used in these investiga- 
tions is essentially the same as that used in 
the manganese work! and is shown in 
Fig 1. It consists of sample chamber 4, 
vacuum or pressure gauge B, volume gauge 


* Published by permission of the Director, 


4 Bureau of Mines, U. S. Department of the 


Interior. ; 

Manuscript received at the office of the 
Institute October 15, 1947- Issued as apr as 52 
in METALS TECHNOLOGY, January 1948. 

+ Physicists, Salt Lake City Division, Bureau 
of Mines, Salt Lake City, Utah. 

1 References are at the end of the paper. 


C, vacuum pump D, hydrogen container £, 
auxiliary gas chamber F, and furnace G. 

The pressure in the system is measured 
by the mercury manometer B. Changes in 
gas volume are measured by volume gauge 
C which is essentially another mercury 
manometer in which the volume of the 
mercury column is large and can be varied 
by raising or lowering the well H. In this 
apparatus the tube had a volume of too cc 
for a 60 cm length. Larger changes in gas 
volume can be accommodated by auxiliary 
containers attached to the system at F. The 
sample is heated by furnace G, the tempera- 
ture of which is regulated within +5°C by 
an automatic controller. The only change 
in the apparatus was the sample container 
which was made smaller because of the 
chromium metal’s containing more gas 
than the manganese metal and a smaller 
sample was used. 


METHOD 


The measurements were made as follows: 
The complete system when cold was evacu- 
ated and refilled with He, until all the air 
was removed. It was then refilled with H» 
to the desired pressure, as indicated on 
manometer B. The temperature was then 
raised to the desired value and as gas was 
either liberated from or absorbed by the 
sample, the height of well H was changed 
to alter the volume of the system so as to 
keep the pressure constant. In determining 
rates of liberation of gas, volume readings 
were taken at convenient time intervals 
depending on the rapidity with which the 
gas was liberated. In determining . total 
volumes, the specimen was held at con- 
stant temperature and pressure until 
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equilibrium conditions were reached. This 

was assumed to be true when the change in 

volume was less than o.5 cc in 30 min. 
The volumes as determined above are 


perature and pressure on the amount of gas 


liberated from the metal. 2. To determine © 


the effect of temperature and pressure on 
the rate of liberation of gas from the metal. 


SAMPLE 
HOLDER 


@ 


VOLUME 
GAUGE , 


(C) 


ok 
CH 


2 SCALE 


MANOMETER GAUGE (B) 


— 


AUXILIARY 
CONTAINERS 


“(F) 


(E) HYDROGEN 
TANK 
POTENTIOMETER 


| vacuum 
PUMP 


Fic 1—APPARATUS 


greater than the volume of gas liberated 
from the specimen because the hot gas in 
chamber A is expanded. A correction for 
this was determined by filling chamber A 
with a volume of quartz (which does not 
contain or absorb hydrogen) equal to the 
volume of the metal sample and measuring 
the change in volume of the gas as the tem- 
perature of the sample container A is raised. 
This correction, at any given temperature, 
is then substracted from the apparent gas 
volume observed with the metal sample to 
obtain the correct volume of liberated or 
absorbed gas for the metal. 


PROCEDURE AND RESULTS 


This investigation was divided into three 
phases: 1. To determine the effect of tem- 


3. To determine the effect of degassing in 
air on the amount and rate df gas liberation 
and on the absorption of oxygen and nitro- 
gen by the metal. The metal used in these 
tests was prepared in the Boulder City, 
Nev., laboratories of the Bureau of Mines. 
It was in the form of sheets 60 to 80 mils 
thick, broken into pieces 14 to 3 sq in. 
in area. 


Effect of Temperature and Pressure on 
Amount of Gas Liberated from 
Electrolytic Chromium 


A series of tests was made to determine 


. 
Pes 
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the variation of the amount of gas liberated - 


as a function of temperature and pressure. 
Individual samples of electrolytic chro- 
mium metal, about 5 g, were heated in 
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steps from room temperature to 1000°C, 
enough time being allowed for reaching 
equilibirum at each temperature. These 
tests were repeated at various pressures 
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The absolute amount of gas liberated 


from the samples varied considerably. In a 
given batch of metal the variations were as 


much as +37 pct while the variation be- 
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from 40 to 760 mm of mercury and were 


' made on three different batches of metal. 


A typical curve showing the amount of gas 


liberated at various temperatures is shown 


: 
1 
4 
3 


ma 
i" 


in Fig.2. Up, to 200°C very little gas is 


liberated; the amount increases rapidly 


from 200 to 400°C, after which the increase 
is small and is only about 1 pct between 500 
and 1000°C. From the standpoint of de- 
gassing the metal, little is ‘to be gained by 
heating the metal above 400°C and the gain 
above 500°C is negligible. 


tween batches was greater than too pct. 
In Table 1 are given the average volume of 
gas liberated from samples of three batches 
of metal when heated to 500°C, the most 
probable deviation, and the maximum de- 
viations. The values for samples A and B 
are based on twenty tests while the values 
for sample C represent sixteen tests. 
Samples B and C agree fairly closely, 
especially when the maximum deviations 
are considered, while sample A has about 
twice as much gas. This large difference can 
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be attributed to the differences in the elec- 
trolytes from which the metal was plated. 
Sample A was deposited from a sodium 
dichromate solution while samples B and C 


TABLE 1—Average Volume of Gas Liberated 


at 500°C. 
Ce per 100 Grams Metal 
Sample F 

Volume of Gas Maximum 
Liberated at 500°C Deviations 

A 1406 + 45 +104 

—134 

B 6990 + 68 +261 

— 262 

ce 607 + 33 + 86 


were deposited from chromium sulphate 
solutions. Sample B is representative of the 
first pilot-plant product while sample C is 
representative of current production and 
shows considerably less variation in the 
volume of gas in the metal. 

This gas cannot represent gas soluble in 
the chromium metal because, according to 
Luckemeyer-Hasse and Schenck,? the solu- 
bility of hydrogen in chromium is 0.3 cc per 
100 g Cr at 500°C increasing to 2.6 cc per 
too g Cr at 1000°C. Our values vastly 
exceed this and, in addition, the amount of 
gas liberated increases with temperature up 
to at least tooo°C whereas it would prob- 
ably decrease with increasing temperature 
if it represented soluble hydrogen. The bulk 
of the gas in the metal and that liberated 
upon heating must therefore represent gas 
adsorbed, entrapped, or present as a super- 
saturated interstitial solution. In this case 
it represents 50 to 115 volumes relative to 
the metal. These values compare favorably 
with the 40 to 400 volumes reported by 
Morkhov and Atchin* but greatly exceed 
the amounts found in manganese! and iron 
which are 20 and 25 volumes respectively. 

The total amount of gas present in the 
chromium metal cannot be determined def- 
initely from these investigations. We do not 
know at any time how much gas is still in 
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the sample. However, the small increase in 
the amount of gas liberated between 500 
and rooo°C would seem to indicate that 


Sete ee yl gee onl 


nearly all the gas removable has been — 


liberated; and since so little hydrogen is q 


actually soluble in the metal, the amount of 
gas removed at 500 or 1000°C should repre- 
sent closely the total amount of gas in the 
metal. 


During these tests samples of the liber- — 


ated gas were obtained and analyzed. The 


a 


analyses were very similar, and results © 
typical of sample C are shown in Table 2. 


The bulk of the gas is hydrogen, but the 


molecular weights of the other components — 


are so large compared to hydrogen that 
they contribute materially to the density of 


the gas and must be considered in calcu- | 


lating the density. The density of this gas — 


sample is given in the last column of the © 
table and is about 50 pct greater than that — 


of pure hydrogen. 


TABLE 2—Gas Analysis—Sample C 


Percent 


Density, 
Gram per 
Liter 


Ilumi- 


The results of these tests were inconclu- 
sive as far as the effect of pressure was con- 
cerned. Variations with pressure were noted 
but they were not systematic and no defi- 
nite trend could be attributed to the varia- 
tions in pressure. For this reason all the 
data obtained regardless of pressure were 
averaged to give the results shown in 
Table 1. 


Effect of Temperature and Pressure on Rate 
of Liberation of Gas 


Another series of tests was made in which 
samples were inserted into a preheated fur- 
nace. The volume of the gas liberated from 
the metal was measured at convenient time 
intervals so that the rate of liberation could 
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be determined. These tests were made for 
temperatures from 250 to 5soo°C and were 
repeated for three vaiues of pressure, 40, 
320, and 760 mm, respectively. The results 
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350, 425, and soo°C are shown as a function 
of the square root of the pressure. The 
curves are essentially flat indicating that 
the external pressure has very little influ- 
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Fic 3— VOLUME OF GAS LIBERATED VS. TIME FOR VARIOUS TEMPERATURES. 


obtained at 760 mm pressure are typical 
and are shown in Fig 3. Because the abso- 
lute amount of gas liberated varies from 
sample to sample, the results of the various 
tests cannot be compared directly. In each 
case they were converted into percentage 
of the amount of gas removable at 500°C. 


This was obtained by raising the tempera- 


ture of each sample to 500°C after the main 
test was completed. 

At each temperature the bulk of the gas 
is liberated in 10 min., and the amount 
liberated then slowly increases, approach- 


ing a limiting value. The importance of 


temperature is readily seen; at 2 50°C only 
65 pct of the gas is liberated, while at 350, 
425, and soo°C, 87, 93; and roo pct are 
liberated, respectively. 

The effect of pressure is shown in Fig 4. 
In these curves the percentage of gas liber- 
ated at the end of 15-, 30-, and 6o-min. 
heating periods for temperatures of 250, 


ence on the rate of liberation of the gas, 
the predominant factors being time and 
temperature. 

From these results it can be seen that, of 
the total quantity of gas removable at. 
500°C, 90 pct can be removed in 30 min. at 
425°C, 95 pct in 15 min. at 500°C, and 99 
pet in x hr at 500°C. In no case does the 
increase in gas liberation resulting from a 
reduction in pressure warrant the use of an 
evacuated system. 


Effect of Degassing in Air on the Amount and 
Rate of Gas Liberation and the Absorption of 
Oxygen and Nitrogen by the Metal 


One of the objects of this work was to 
determine the most practical method for 
degassing chromium metal. In the two pre- 
vious sections we found the effects of tem- 
perature, pressure, and time on the amount 
and rate of liberation of the gas from the 
metal when the metal is heated in a hydro- 
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gen atmosphere. Degassing the metal in 
this way would be highly desirable as the 
product would be as free of gas as possible 
and would not be contaminated in any way 


The change in weight and the change in ' 


nitrogen content are readily determined. — 
The volume of gas remaining in each sam- 
ple can also be determined, but the amount ~ 
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during the treatment. It would be much 
simpler to heat the metal in air, however, if 
the hydrogen could be liberated effectively 
and the resulting contamination of the 
metal from the oxygen and nitrogen in the 
air was not excessive. A series of tests was 
made to determine the practicability of 
such a procedure. 

These tests were conducted as follows: 
Samples of dry metal were carefully 
weighed and heated in air to various tem- 
peratures for various lengths of time. The 
samples were then carefully reweighed and 
tested for gas content and analyzed for 
nitrogen. Assuming that the observed 
change in weight is equal to the weight of 
the liberated gas less the amount of nitro- 
_ gen and oxygen absorbed, we can determine 
the amount of oxygen absorbed if the other 
three factors are known. 


liberated cannot be determined accurately i 


because we cannot determine the actual gas 


content of the samples before degasstall 
3 


them and must assume an average gas con- 
tent. The error resulting from this can be 
estimated from Table 1 where the varia- 
tions in gas content are given. For sample 
C which was used in these tests the prob- - 
able variation is 33 cc with a maximum 
variation of +86 cc. Using the density of 
the gas as given in Table 2, this represents 
a maximum error of 0.012 g per 100 g of Cr 
or 0.012 pct and can introduce this much 
error in the oxygen determinations. 

Table 3 shows the results of these tests. 
The variation between specimens is con- 


siderable, and the results are not as sys-~ 


tematic as would be desired, but it can 
be seen that heating to 4oo°C for 4% hr or 
more or heating to 450 or 500° for 44 hr or 


ee 
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more will remove from 94 to 99 pct of the 
gas. The nitrogen content varied from 
0.07 to 0.08 pct but was not appreciably 
changed by the degassing treatments and 


TABLE 3—Gas Removed and Oxygen 
Absorbed during Degassing Treatments 


in Air 


Z Time of Gas Oz 
eens Treatment, Removed, | Absorbed, 
. Minutes Percent Percent 
350 15 79.8 0.00 
350 30 88.1 0.00 
350 60 85.1 0.00 
400 15 88.0 0.00 
400 30 98.1 0.014 
400 60 97.6 0.020 
450 15 96 0.00 
450 30 99 0.008 
450 60 97.9 0.026 
500 15 98.1 0.027 
500 30 94.1 0.023 
500 60 94.4 0.024 
ee ee 


is not shown in Table 3. The oxygen ab- 
sorbed is never over 0.03 pct and is essen- 
tially constant in all the samples heated for 
1 hr to 400°C or higher and in all the 500°C 
specimens. This would indicate that the 
oxide forms a protective coating which 
amounts to not over 0.03 pct. This film 
forms in 15 min. at 500°C and less rapidly 
at lower temperatures and effectively pre- 


- vents further diffusion of oxygen into the 


metal. The most satisfactory treatment 
appears to be a 400 to 450° treatment for 
14 hr in which case 98 to 99 pet of the gas 
is liberated and the oxygen content is about 
0.01 pct. 

The results of these tests regarding the 
oxygen content are substantially confirmed 
by the appearance of the metal itself. None 
of the 350° samples nor the 400 nor 450° 
samples heated for 14 hr is appreciably dis- 
colored. The 450 and 250° samples heated 
for 14 hr are only slightly discolored, while 
those heated for 1 hr have a very definite 


"yellow-brown color. All the 500°C samples 


are badly discolored and have a blue to 
purple surface. 
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Effect of Degassing Treatments on X ray 
Parameters and Diffraction Patterns 


During these investigations X ray dif- 
fraction patterns were obtained on the 
original metal and several typical degassed 
samples. The results are shown in Table 4. 


TABLE 4—X ray Parameters of Normal and 
Degassed Metal 


ns 


Sample Parameter A Remarks 


2.882 (B.C.C.)| Lines fuzzy, a1 
and a2 dotblets 
not resolved. 

Lines less fuzzy 
doublets not re- 


Original metal... 


Degassed in He] 2.881 
at 500°C. 


solved. 
Lines sharp, 
doublets re- 
solved. 


Degassed in He] 2.880 
at 1000°C. 


The original metal, containing about 700 cc 
of gas, gave a normal body-centered cubic 
pattern, but the lines were fuzzy and the 
parameter was enlarged compared to nor- 
mal chromium metal which has a param- 
eter of 2.879 A. This indicates that the 
lattices are enlarged and distorted by the 
gas, the variation in lattice spacings being 
0.3 to 0.4 pct. The sample degassed at 
500°C showed a somewhat smaller param- 
eter and somewhat sharper lines but the 
doubtlets were not resolved, while the 
sample degassed at 1000°C showed a nearly 
normal parameter and sharp diffraction 
lines. These results indicate that only a 
slight readjustment in the lattice occurs at 
500°C even though substantially all the gas 
has been removed while at 1ooo°C, the 
lattice is completely readjusted, the spac- 
ings being normal and uniform. 

Similar results were obtained on man- 
ganese metal.° It showed an enlarged param- 
eter and lattice distortions in the original 
state and after degassing at 300°C. In this 
case, however, degassing at 300°C per- 


mitted the lattices to return to their normal 


uniform spacings. 
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SUMMARY AND CONCLUSIONS 


The gas content of electrolytic chromium 
metal prepared from different electrolytes 
varies considerably. Samples from a sodium 
dichromate solution contain as much as 
1406 cc per 100 g of Cr, while others de- 
posited from a chromium sulphate solution 
contain from 600 to 700 cc per Ioo g of Cr. 
Samples prepared under similar conditions 
show considerably less variation, but varia- 
tions of 14 to 35 pct have been observed. 
Metal typical of present production at the 
Boulder City, Nev., station of the U. S. 
Bureau of Mines shows a gas content of 607 
+33 cc per 100 g of Cr. 

The bulk of this gas, about 97 pct, is 
hydrogen with small amounts of Ne, Os, 
CO:, CO, and CHy. Its density is about 50 
pet greater than pure hydrogen, being 
about 0.135 g per liter. This gas is essen- 
tially all adsorbed, entrapped, or present in 
the metal as a supersaturated interstitial 
solution. It represents 50 to 115 volumes 
relative to the metal. 

When heated in a hydrogen atmosphere, 
the bulk of this gas is liberated from the 
metal at temperatures between 200 and 
500°C, only an additional 1 pct being 
liberated between 500 and 1000°C. 

The amount of gas removable relative to 
that removable at 500°C depends primarily 
on temperature and time, 65 pct being 
removable at 250°C while at 350, 425, and 
500°C, 87, 93, and roo pct are removable. 
Most of this gas is released in the first ro 
min. and the rate of liberation decreases 
rapidly thereafter. In 30 minutes at 425°C 
go pct is removable, while at 500°C, g5 pct 
is removed in 15 min. and 99 pet in x hr. 
Pressure has a negligible effect on the rate 
or amount of gas liberated. 

The metal can be satisfactorily degassed 
by heating in air. In r hr at 500°C no addi- 
tional nitrogen is picked up and the oxygen 
content does not exceed 0.03 pct. Heating 
to 400 to 450°C for 4 hr will liberate 98 to 
99 pct of the gas while the oxygen content 
is increased by about o.o1 pct. 

X ray examinations of the original metal 


and samples degassed at 500 and 1000°C 
show that the lattices are distorted by the 
gas in the metal. The average parameter of 
the original metal is enlarged by about o.1 
pet and variations of 0.3 to 0.4 pct exist in 
the lattice spacings producing fuzzy lines 
in the diffraction patterns. 


wy 
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Degassing at 500°C removes the gas but — 


has little effect on the average parameter — 
and lattice spacing variations. Degassing © 


ae 


at 1000°C permits the atoms to rearrange © 


themselves, returning to their normal uni- 


form spacings, producing a normal param- 


eter and sharp diffraction lines. 
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(B. W. Gonser and L. S. Dietz, Jr. presiding) ; 


M. B. Bever*—Current quantitative knowl- 


edge of the behavior of gases in metals is largely 


* Massachusetts Institute of Technology. 
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restricted to equilibrium conditions. This paper 
contributes welcome data on nonequilibrium 
gas contents and kinetics. It is of practical 


' interest that the extraction of hydrogen from 


“eee 


electrolytic chromium does not depend on the 
ambient pressure and may be carried out in air. 

The periods on which Fig 3 is based seem 
too short to warrant the statement that the 
amount of gas liberated approaches a limiting 
value for each temperature. Gas evolution in- 
volves diffusion and the rate of diffusion 
depends on the concentration gradient as well 
as on temperature. In an electro-deposited 
metal the mechanism is further complicated 
by the effect of grain structure on the location 
and migration of a solute. It would be of 
interest to know whether the samples of 
chromium deposited from a sodium dichromate 
solution and those from a sulphate solution 
had the same structure. It may be possible in 
experiments of this kind to correlate the 
hydrogen contents and evolution rates with 
the size and shape of the grains of the electro- 
deposited metal. 

The authors do not report the presence of 
any water vapor in the liberated gas. One 
would expect that some electrolyte was oc- 
cluded in the samples. Did the method of gas 
analysis allow the determination of water 
vapor? This question is of importance because 
the presence of water vapor is likely to-affect 
the evolution of other gases such as hydrogen. 


C. A. SNAvELY*—The authors are to be con- 
gratulated for obtaining and presenting data 
which will be of use to those interested in elec- 
trolytic chromium as an alloying material, and 


“also in engineering applications of chromium 
~ electroplates. 


The work under discussion was mainly con- 
cerned with how much hydrogen is in elec- 
trolytic chromium, and how to get it out. It 


appears that a few words concerning how the — 
hydrogen got into the chromium in the first 


place would be helpful in understanding some 
of the data reported by the authors. 

A research program was undertaken at 
Battelle Memorial Institute several years ago 
with the object of developing fundamental 
information concerning the chromium plating 
product and process. The results of that work 
were published very recently. While the Bat- 


* Battelle Memorial Tastiaute: 


6 >’ References are at the end of the discussion. ° 
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telle work was mainly concerned with chromic 
acid electrolytes, perfunctory examination of 
electrodeposits from baths formulated with tri- 


.valent chromium salts has indicated that the 


same fundamental considerations are applica- 
ble in both cases. 

It was shown that chromium is normally 
deposited as unstable hydrides in which the 
hydrogen atoms are interstitially placed. The 
crystal structure of the hydrides may be com- 
plete or incomplete versions of either the 
wurtzite or fluorite types, depending on the 
amount of hydrogen present as-the interstitial 
atoms. The allowable amount of interstitially 
placed hydrogen thus may range from 33 to 67 
at. pet in the chromium plate as deposited. The 
wurtzite type of chromium hydride is mis- 
takenly treated as an allotropic form of metallic 
chromium in most of the published literature. 
These hydrides are unstable at ordinary tem- 
peratures, and decompose rapidly after deposi- 
tion. The products of the decomposition are 
atomic hydrogen and normal body-centered 
cubic chromium. The volume change ideally 
accompanying this decomposition exceeds 15 
pet. The cracks, hardness, and lack of ductility 
of chromium plate are related to this volume 
change. 

When the hydrides decompose, the released 
hydrogen is sparingly soluble in body-centered 
cubic chromium and tends to diffuse out of the 
plate. However, many microfissures are be- 
lieved to be produced during the shrinkage of 
the plate, and much hydrogen may be occluded 
in these fissures. The experimental work pre- 
sented in the paper under discussion is con- 
cerned only with these decomposition products, 
B.C.C. chromium metal, and occluded hydro- 
gen. Since the amount of hydrogen in hydrides, 
as deposited, may vary within the range from 
33 to 67 at. pct, depending on the conditions of 
deposition, it is not surprising that the hydro- 
gen contents of the chromium samples studied 
by the authors varied from sample to sample. 

In their summary, the authors suggest that 
hydrogen and B.C.C. chromium may form a 
supersaturated interstitial solution. This idea 
may be discarded when one compares the size 
of the hydrogen atom and the size of the inter- 
stices in the B.C.C. chromium lattice. The 
interstices are approximately 1.58A in least 
diam. The hydrogen atom is less than 1A in 
diam. All indications are that an interstitial 
atom must be sufficiently large to contact all 
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surrounding atoms if a stable or even metasta- 
ble interstitial solid solution type of structure is 
to be established. 

The X ray data presented in the paper may , 
be compared with that of Wood,’ an English 
investigator. Wood worked with chromium 
specimens deposited from chromic acid elec- 
trolytes and found slightly greater lattice ex- 
pansions than those reported by the present 
authors. The general effect of annealing in 
decreasing the lattice parameter was also noted 
by Wood. However, the authors’ conclusion 
that hydrogen “enlarges and distorts” the 
B.C.C. chromium lattice appears to be unjusti- 
fied. The previously described decomposition of 
chromium hydride, with attendant volume 
shrinkage, is ample cause for lattice strains 
sufficient to produce the X ray results reported. 
The fact that these strains remained after the 
major portion of the hydrogen was removed 
argues against the authors’ conclusion. 

It is desired to append here a reference to the 
work of Makariewa and Birukoff.§ Those au- 
thors also presented data on the removal of 
hydrogen from electrolytic chromium. These 
data are, for the most part, corroborated by the 
work under discussion. There is a minor dis- 
crepancy at the 200°C temperature. The foreign 
workers reported a much larger portion of the 
hydrogen removed at this temperature than 
did the present authors. 
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C. A. ZAprre*—The data in this paper con- 
stitute a valuable contribution to the knowl- 
edge of gas-metal systems. Drs. Potter and 
Lukens’ interpretation of their data, however, 
suffers from a lack of recognition of two impor- 
tant principles which underly the system. 

First is the identification of atomic H as the 


* Metallurgist, Baltimore, Md. 


dissolving species, and consequently of the 
Henry’s Law relationship: 


._[H] = K- (Px) 


where brackets represent solution in the metal - 


lattice. In the experiments of Luckemeyer- 
Hasse and Schenck, to which the present 
authors refer, the environmental concentration 
Py was approximately 1o—!® atmos., corre- 


sponding to the listed solubility of 0.3cc H2/100 


ee 


o 


yt wena ve 


g of metal at 500°C. In Potter and Lukens’ © 


experiment with electrodeposited Cr, however, 


Px was some unknown value definitely greater — 


than 10o-!° atmos. and possibly approaching a 
value of 1 atmos. Consequently, the quantity 
[H] in their experiments should be expected to 
exceed the [H] of Luckemeyer-Hasse and 
Schenck’s value by any factor between 1 and 
101°! The factor of several thousand that they 
actually find is therefore entirely acceptable, 
their puzzlement arising from the widespread 
confusion of thinking in terms of Paz when Pa 
is the control. 

With this fact kept in mind, the remaining 
features of their work become perfectly clear. 
For example, the observation that environ- 
mental Pye is virtually without effect on re- 
moval of the gas clarifies immediately. The 
relationship of Py and Pye is quadratic, whereby 
their specimen contents of 100 rel vols. corre- 
spond to theoretical Paz values of some 10 
million atmospheres. Accordingly, no obsery- 
able counterdiffusion is effected by ordinary 
external pressures of Pye, anymore than cap- 
ping a pickling bath reverses the pickling 
action. Dehydrogenization is thus subject only 
to time and temperature. 

Next, their observation that removal of the 
gas does not result in relaxation of the lattice 
similarly follows from the fact that the precipi- 
tation (or evaporation) pressure of such a 
concentrated hydrogen solution has many 
thousands of atmospheres potential. It there- 
fore tends to evaporate into all voids within the 
lattice, including those of atomic dimensions, 
remaining trapped there until heating further 
increases the pressure and drives important 
quantities of the gas off. 


Since the lattice does not relax on effusion of - 


the gas, we can assume the lattice was never 
extended, at least to the supposed extent. The 


diffuseness of the diffraction pattern probably 


_ 


—) 
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relates instead to the distortion of the minute 
crystal elements involved in the precipitation 
phenomena, as described by this writer for 
iron.* These recover their previous positions 
only on heating into the recrystallization range, 
as the authors show. The reading of a diffuse 
diffraction pattern is somewhat arbitrary; and 
it might be suggested that diffuse patterns of 
hydrogenized metal be interpreted toward the 
conservative side of lattice expansion, perhaps 
allowing a little increase to account for the fact 
that the lattice adjoining an occlusion site does 
hold considerably augmented proportions of H 
because of the great pressure of H: in the void. 

* Carl A. Zapffe: Neumann Bands and_the 
Planar-pressure Theory of Hydrogen Em- 


Brit. Iron and 
Steel Inst., Aug. (1946) 8 pp. 
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E. V. Porter (authors’ reply)—The above 
discussions make a very valuable addition 
to the material in this paper. We were glad to 
know that our observations agreed so well with 
those of others mentioned by Dr. Snavely. In 
reply to the inquiries of Dr. Bever, there was 
no great difference between the plates used in 
these tests, and the size and shape of the grains 
were not determined. Also the method of analy- 
sis did not allow for water vapor determina- 
tions. The plates were dried in some cases, by 
heating to 105°C for several hours. 

As noted by Drs. Zapffe and Snavely, the 
fuzzy diffraction patterns could well résult 
from distortions in the lattices without any 
general overall enlargement. 


Passivity in Chromium-iron Alloys; Adsorbed Iron Films 
Chromium 


HERBERT H. Untic,* Memper AIME 
(Chicago Meeting, October 1947) 


A stupy of passivity in chromium-iron 
alloys holds considerable interest, both 
because of the present-day practical 
importance of the stainless steels, and 
because of the scientific importance at- 
tached to the mechanism of their corrosion 
resistance. Upon the discovery of the 
passive chromium-iron alloys in 1912, 
it seemed logical to attribute the observed 
phenomenal corrosion resistance to a thin, 
continuous, protective reaction product 
on the surface. The product was thought 
to be Cr2O3 or a similar oxide containing 
both chromium and iron. This mechanism 
seemed likely in view of Michael Faraday’s 
conjecture that passive iron is not reactive 
in concentrated nitric acid because of an 
oxide on the metal surface. ft 

Since 1912, data have accumulated 
that permit a further exploration into the 
nature of passivity and provide a new 
approach to the problem. A summary 
of the facts lends considerable weight 


Manuscript received at the office of the 
Institute May 10, 1947. Issued as TP 2243 in 
METALS TECHNOLOGY, September 1947. 

*Formerly Research Laboratory, General 
Electric Co., Schenectady, N. Y.; now Associ- 
ate Professor of Metallurgy, Massachusetts 
Institute of Technology, Cambridge, Mass. 

+ Faraday also offered the alternate hy- 
pothesis now largely forgotten .. . ‘‘that the 
surface of the iron is oxidized or that the 
superficial particles of the metal are in such 
relation to the oxygen of the electrolyte as to be 
equivalent to an oxidation, and that having 
their affinity for oxygen satisfied, and not being 
dissolved by the acid under the circumstances, 
there is no renewal of the metallic surface, 
no reiteration of the attraction of successive 
particles of the iron on the elements of suc- 
cessive portions of the electrolyte and there- 
fore not those successive chemical reactions 
by which the electric current can be con- 
tinued.”” (Experimental Researches in Elec- 
tricity, 2, 244, London, 1844.) 
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to a mechanism based not on physical 
protection of an oxide or similar com- 
pound, although such compounds may be 
present on the surface, but to a change in 
tendency of surface metal atoms to react 
chemically. This change in reaction tend- 
ency is ascribed to chemisorbed films that 
effectively satisfy residual valence forces 
of the metal surface, but do not appreciably 
disturb the positions of metal atoms in 


the lattice. In other words, formation of © 


a new lattice such as that of an oxide 
is not a necessary condition for this type 
of passivity. The decreased reaction 
tendency of the metal by reason of chemi- 
sorbed films can thereby account for 


low reaction rates of the stainless steels 


in many media, as well as a noble galvanic 
potential as is observed. Substances cap- 
able of adsorbing on the stainless steels, 
and hence accompanying the property of 
passivity, are typically oxygen, nitrites 


or chromates, but are not in any sense — 


limited to these. Other elements and 
compounds can also chemisorb, and there- 


fore may also play a major part in the 


mechanism of passivity in specific media. 

The mechanism of passivity based on 
chemisorption or activated adsorption 
begins with the interpretation Langmuir 
proposed for his experiments concerning 
adsorbed oxygen on tungsten.! He found 
that adsorbed oxygen was tightly bound, 
remaining on the tungsten surface above 
temperatures at which WQ; rapidly vola- 
tilizes. The oxygen in such a state did 
not readily react with hydrogen even at 


1 References are at the end of the paper. 
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1200°C, although WO; is known to reduce 
at temperatures as low as 500°C. In 
other words, the oxygen was seemingly 
inert presumably because of satisfaction 
of its valence forces by residual valence 
forces of the metal. Chemical bonds had 
formed, as was evident from the high heat 
of adsorption (162,000 cal per g mole), 
but tungsten atoms remained in the 
metal lattice. Langmuir, at the time, 
thought that passivity of chromium 
must have its origin in a similar mechanism. 
Chromium is known for its outstanding 
property of passivity under ordinary con- 
ditions of exposure. Iron, on the other hand, 
is passive only under restricted conditions, 
as in the presence of high concentrations 
of oxygen or in the presence of oxidizing 
compounds such as concentrated nitric 
acid or chromates. When chromium is 
alloyed with iron, however, the alloy 
acquires the stable passivity of chromium 
at and above a critical concentration of 
12 to 15 pct chromium. The alloy then 
apparently chemisorbs oxygen as does 
tungsten and presumably chromium, and 
exhibits a noble galvanic potential and 
unusual corrosion resistance. Alloys con- 
taining at least the critical concentration 
of chromium constitute the stainless 
steels. 
The critical concentration of chromium 
in these alloys has been ascribed to the 
particular type of electron sharing oc- 
curring between chromium and iron.?:*4 
This theory, called the electron con- 
figuration theory of passivity, proposes 
that the unfilled d-band energy levels 
of chromium tend to fill with electrons 
supplied by iron atoms, and so long as the 
band is unfilled the alloy is passive. 
However, should the band fill in effect, 
the, alloy loses its passivity and becomes 
active. Since there are five vacancies in 
the third shell of chromium, and other 
evidence indicates that the sharing of 
one electron per iron atom induces the 
passive configuration in iron, the critical 


711 


concentration for passivity is calculated 
to occur at 16.7 atom pct chromium 
or 15.7 wt. pct. This is in reasonable 
agreement with the observed critical con- 
centration of 12 to 15 pct chromium 
mentioned above. 

By this mechanism, it is expected that 
mere physical contact of metallic chromium 
with iron should produce a layer of passive 
iron, the thickness of the layer depending 
on the extent of electronic interaction. 
It should be possible to detect any such 
layer of passive iron by its relative chemical 
resistance to media resisted by passive 
iron or the stainless steels. One example 
is nitric acid. 

It was to prove or disprove this possi- 
bility that the present investigation was 
undertaken. 


FORMATION OF IRON LAYERS ON CHROMIUM 


To produce intimate contact of iron 
with chromium, two procedures were 
followed. The first made use of electro- 
plated iron on an etched chromium surface, 
and the second made use of vaporized 
iron condensed on a chromium surface 
not etched. In either instance the iron 
appeared to be firmly adherent to the 
base metal. As indicated later, there is 
good evidence that not all the actual 
surface but only local areas of the two 
metals so prepared are in contact. 

Electrodeposition of iron was carried 
out in a bath essentially as recommended 
by Blum and Hogaboom.® A solution of 
ferrous chloride was used, reduced with 
electrolytic iron just before use and 
acidified occasionally with dilute hydro- 
chloric acid to offset a tendency of the 
solution to become less acid with time. 
Electrolytic iron was employed for the 
anodes. Cathodes were thin nickel sheets 
measuring 10 X 7.6 cm heavily plated 
with chromium (1 mil or more) employing 
a commercial chromium-plating bath. 
The chromium surfaces were first cleaned 
by pickling in hot (approximately go°C) 


ype 


t.5 N HCl, accomplished by directing a 
fine stream of the acid from a wash bottle 
to all portions of the chromium surface. 
Within a few minutes the surface was 


SPECIMEN 


Fic 1—APPARATUS FOR EVAPORATION OF IRON 
FILMS ON CHROMIUM. 


activated as shown by evolution of 
hydrogen. If passivity persisted despite 
the hot hydrochloric acid, the surface was 
readily activated by momentarily touch- 
ing it with a piece of zinc. The cathodes 
were then washed in distilled water and 
immersed immediately in the plating 
bath. Plating was carried out for 15 min. 
at a cathode current density of 0.02 amp 
per sq cm and at 40°C. A smooth uniform 
electrodeposited layer of iron resulted 
approximately 0.25 mil thick on both 
sides of the electrode. Lower or higher 
current densities for correspondingly longer 
or shorter times appeared to have no 
consistent effect on the results reported 
later. — 

In preparing evaporated iron layers on 
chromium, disks of nickel 3.9 cm diam 
were used, and chromium-plated as for 
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the electrodes above. One disk at a time 
was mounted 


that served as source of evaporated iron, 
Fig 1. The disk was first heated to 800- 
goo°C for 3 min. by induction in low 
pressure (1.5 mm Hg) pure hydrogen 
obtained by diffusion through a heated 
palladium tube. The hydrogen was then 
pumped out and the same _ procedure 
repeated twice. These treatments operated 
to clean the chromium surface and were 
probably adequate to reduce the oxide, 
if any, that may have been present on 
the surface. The iron wires were also 
heated a short time in hydrogen to clean 
them. During these preliminary operations, 
glass shields as shown in Fig 1 were 
raised magnetically over the iron wires in 
order to avoid contamination of the 
metal surfaces. 

The shields were next lowered and the 
iron wires heated by electric current to 
about 1150°C in a vacuum of 1o—-§ mm 
mercury. Under these conditions sublima- 
tion of iron was rapid. The iron wires were 
maintained at uniform temperature for 
I5 min., or until the wires burned out if 
this occurred in less than 15 min. As shown 
by a corresponding dense iron film on the 
glass surface, the time allowed was suffi- 


cient to produce an appreciable iron © 


coating on two sides of the disk. 


THE DETECTION OF IRON MADE PASSIVE 
’ BY CONTACT WITH CHROMIUM 


The chromium surfaces covered with 
relatively thick layers of iron by elec- 
trodeposition or evaporation were im- 
mersed for 15 min. in 3 N HNO;at 30°C, 
each specimen in an individual beaker. 
All non-passive iron had ample time to 
react, as was proved by electroplating a 
copper sheet with iron in. exactly the 
same manner as for 
plated electrodes and noting that the 
iron deposit disappeared in 3 N HNO; in 
less than 1 min. The specimens after 


the chromium- . 


he gel 


in a vacuum chamber 
directly in line between two iron wires 
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immersion in’ nitric acid were’ washed 
with tap water followed by distilled water. 

Residual iron remaining on the chromium 
surface after nitric acid immersion was 
dissolved along with some chromium 
by directing a fine stream of hot (ap- 
proximately 90°C) 1.5 N HCl on the 
specimen surface. These HCl washings 
collected in a beaker totalled about 25 
to 35 ml. The HCl washings were retained 
for analysis, as were the washings of a 
second treatment with 1.5 N HCl identical 
with the first. The second washings served 
as a blank determination in later analyses 
for iron. 


Tue TrEest FOR [RON 


A sensitive test for iron was employed 
making use of the recording spectro- 
photometer. To a to cc aliquot portion 
of the 1.5 N HCl washings were added 
2 ml of saturated ammonium persulphate, 
and, after 5 min., 2 ml of 5 pct KSCN 
and 5 ml of a mixture of 5 vol amyl alcohol 
and 2 vol ethyl ether. The reagents and 
ether mixture were delivered from cali- 
brated pipettes. The ether mixture upon 
shaking with the aqueous solution served 
to concentrate ferric thiocyanate in the 
5 ml vol of the ether-alcohol. The depth 
of red in the ether mixture was then used 
as a measure of iron contained in the 
original aliquot portion by comparison 
with known standard iron solutions pre- 
pared identically. Three standard iron 
solutions in 1.5 N HCl were prepared 
each time analyses were run to compensate 
for trends of color change occurring 
between preparation of solutions and 
“comparison in the spectrophotometer. 
The analyses by this procedure were 
adequately sensitive and _ reproducible 
and, as shown by the results for the 


standard solutions, altogether consistent. 


A typical plot of logarithm per cent trans- 
mittance at 490 millimicrons with known 
amounts of iron in the standard solutions 
is shown in Fig 2. 
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For both electrodeposited and evapo- 
rated iron films, it was found that a 
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Fic 2—PERCENT TRANSMITTANCE OF FE 
(SCN)3 SOLUTIONS IN ETHER-AMYL ALCOHOL 
SOLUTION AT 490 MILLIMICRONS WAVE LENGTH. 


definite analyzable amount of iron re- 
mained on the chromium surfaces after 
immersion in 3 N nitric acid. The amount 
ranged from about o.1 to 5 micrograms per 
sq cm of projected (apparent) surface 
depending on several factors mentioned 
below. This was equivalent to a total 
amount of iron of 0.02 to 0.75 mg per 
electrode, or more than 2.5 micrograms 
per disk specimen. The blank determina- 
tions ranged from 0.025 to 0.1 microgram 
per sq cm of apparent chromium surface. 
The amount of iron determined in blank 
was subtracted from the total iron for the 
particular specimen under test. 

The amount of residual iron after 
s-min. immersion in 3 N HNOs was con- 
sistent with the amount determined after 
s-min. immersion. The 15-min. immersion 
period was used, therefore, for all speci- 
mens as representing adequate tite for 
reaction. Loss of residual iron by reaction 
with 3 N HNO; would be expected to 
occur at a very low rate typical of the 
low corrosion rates of passive iron or stain- 
less steels in dilute nitric acid. The exact 
effect of time of immersion as well as 
concentration of nitric acid on the residual 
iron remains for future study. 

Residual iron per unit apparent area of 
chromium, determined as described above, 
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increased with the time over which the 
initial iron layer remained in contact with 
chromium before nitric acid reaction. 


An aging effect of this kind was observed trodes etched once with HCl previous to 


acid immersion with no observable effect 


on the residual iron found. 
Less residual iron was found on elec- 
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at room temperature. If the temperature of 
aging was raised above room temperature, 
such as by immersion in boiling water, 
the amount of residual iron increased ap- 
preciably. By the same token, the amount 
decreased with lowering of aging tem- 
perature, and aging did not occur at all 
at as low as liquid-air temperatures. Re- 
sults for electro-deposited and evapo- 
rated iron films are given in Fig 3 in 
which ‘the logarithm of residual iron per 
‘unit apparent area is plotted with the 
reciprocal of the absolute temperature. 
Cause of aging is discussed later. It was 
not a function of hydrogen content of the 
iron as was proved by cathodically polariz- 
ing* a specimen immediately before nitric 


* Cathodic polarization was carried out in 
dilute sulphuric acid to which was added a few 
drops of P in CS: to increase hydrogen absorp- 
tion by the metal. Current density was 0.25 
amp per sq cm and the time 1 hr. 


iron deposition than for electrodes etched 
several times. The amount of residual 
iron per unit apparent area as much as 
doubled for some specimens used two or 
three times. Data of Fig 3 are for specimens 
used only once. Residual iron per unit 
area of chromium surface not etched, 
as in the case of evaporated iron, was 
still less. These results were reasonable 
on the basis that etching increases the 
true surface of a metal many times, as 
shown by the work of Bowden et al.®7 
The fact that a small but definite 
amount of iron remained on a chromium 
surface after nitric acid reaction gave 


satisfying support to the electron con-— 


figuration theory of passivity predicting 
such an effect. It remained to prove that 
a chromium-iron alloy had not formed by 
diffusion of iron into chromium or vice 
versa, in effect producing a stainless 
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steel resistant to nitric acid and thereby 
accounting for residual iron on the chro- 
mium surface. The increase of residual iron 
with time made this a distinct possibility. 

The question of chromium diffusing 
into iron or vice versa was checked in 
several ways. First the: rate of diffusion 
of chromium into iron at low temperatures 
was estimated by extrapolating diffusion 
data obtained at elevated temperatures. 
Seith,® quoting data of Bardenhauer and 
Miiller, cites average values for the 
diffusion constant at r150°C and 1300°C 
equivalent to 6.83 X 10710 and: 3.75 X 
10-8 cm? per sec respectively. From these 
values, one calculates that the diffusion 
constants at 25°C and 100°C are 10778 
and 10-8 cm? per sec respectively. A 
similar order of magnitude of values 
for iron diffusing into chromium would 
probably be found were data available. 
An extrapolation of this kind is always 
subject to question, especially since the 
elevated temperature data were not par- 
ticularly precise and because they con- 
cerned diffusion of chromium into gamma 
iron rather than alpha iron. The extra- 
polated values indicate, nevertheless, that 
lattice diffusion is extremely low at tem- 
peratures in the vicinity at room tempera- 
ture. They indicate that in one day at 
100°C one would expect not more than 
1.3 X 107%? g of chromium (less than 
one atom) to diffuse into iron of 1 sq cm 
area.* Since a monolayer of chromium 
or iron atoms amounts to about 0.165 X 
to-® g per sq cm, the above value is 
negligible and it can be said that for 
experiments reported here, lattice diffusion 


to form a passive chromium-iron alloy 


is unlikely. 
“An experiment confirming this con- 


clusion was performed allowing the aging of 


* The weight of substance diffusing a short 
distance across I sq cm of surface is. approxi- 


I mated by the expression Co / Dit/r where Co 


is the surface concentration of iron, D is the 
diffusion constant, and ¢ is the time. 


H. UHLIG Teak 
electrodeposited iron coatings on four 
specimens to continue in a 100°C oven 
for 4734 to 334 hr. It was found that the 
residual iron after this length of time 
was approximately the same for all 
specimens, varying from 2.7 to 4.4 micro- 
grams per sq cm. Variation in the values 
probably occurs largely because of variance 
in the true surface of chromium produced 
by etching. The values, however, are of 
the same order as values obtained by aging 
in boiling water for four hours and hence 
indicate that only slight or no further 
diffusion takes place beyond the four- 
hour aging. The fact that saturation 
occurs suggests that, rather than lattice 
diffusion, a surface diffusion of iron over 
the chromium takes place beginning at 
local areas of attachment of the iron to 
chromium. As soon as all the surface is 
covered with iron, no further increase in 
residual iron is found. 

A calculation of the activation energy 
for diffusion was in line with this possi- 
bility. It is known that surface diffusion 
occurs more readily than lattice diffusion 
so that the activation energies attending 
surface diffusion are expected to be 
comparatively lower. In several systems 
studied this was found to be the case.° 
Bardenhauer and Miiller’s data quoted 
previously yield an activation energy for 
chromium diffusing into gamma _ iron 
of about 119,000 cal per gram atom, a 
value which seems high in view of Mehl 
and Well’s!® value of about 65,000 cal 
per gram atom for diffusion of man- 
ganese or nickel into gamma iron. It 
seems likely, at any rate, that the value 
would not be less than about 50,000 cal 
for iron diffusing into chromium or vice 
versa. From data of Fig 3, the activation 
energy for diffusion is calculated to be 
11,900 cal per gram atom for electro- 
deposited films and 9350 cal for evaporated 
films.* These values are in reasonable 
M = 


*Calculated using the relations 
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agreement with each other and are suffi- 
ciently lower than energies characteristic 
of lattice diffusion in iron to lend addi- 
tional support to the conclusion that 
surface diffusion of iron on chromium takes 
place measurably at room temperature. 


LAYERS OF IRON PASSIVATED BY CHROMIUM 


The thickness of the passive iron layer 
on chromium can be calculated from the 
amount of iron adsorbed, provided the 
true surface is known. Assuming a radius 
of the iron atom equal to 1.27 A units, 
a close-packed monolayer is equivalent to 
0.165 micrograms of iron per sq cm. 
Based on the apparent surface, therefore, 
adsorbed iron in amounts of o.1 to 4.5 
micrograms per sq cm is equivalent to 
less than 1 to as many as 27 layers. 

The exact accessible surface of an 
etched chromium specimen is known to be 
appreciably greater than the apparent 
area. The accessible area of specimens 
used in this investigation undoubtedly 
changed with variables of plating and 
etching, although with considerable effort 
it was possible to obtain specimens fairly 
reproducible from one specimen to the 
next. The fact that the true surface area 
of all the specimens is relatively large 
can be considered well established. Bowden 
and Rideal report an area for silver 
etched with nitric acid 50 times the 
apparent area. An electron micrograph of 
etched copper in accord with this reported 
large surface ratio reveals deep fissures 
in the metal produced by the etching 
reaction.}! 

The order of magnitude of accessible 
area of etched chromium plate was deter- 


VDi 
Va 


substance diffusing across a boundary 1 sq em 
in area in time ¢, D = diffusion constant, 
T = abs temp, Q = activation energy, R = gas 
constant (1.99 cal per °C per g atom), and 
A, m, C are constants. Numerically Q = 2 x 


ae dlog M 1 ¢ 
5.58 X a/T cal per gram atom, 


sQ' 
(Bs and D = Ae RT where M = mass of 


mined using the Brunauer-Emmett-Teller _ 
method based on gas adsorption.!? Values 
found by this method’ prove that the 
accessible area of etched chromium Closely 
parallels the value reported by Bowden 
and Rideal using a different technique 
for silver. The observed surface factors 
for etched chromium ranged from 15 to 53. — 
From these values and the weight of — 
residual iron per unit apparent area, © 
it appears that layers of iron passivated by 
chromium are in the order of monolayers — 
or less. The reproducibility of the measure- — 
ments was not adequate to establish 

that the maximum thickness of iron 
adsorbed is equal exactly to one atom 
diam but the data at least are not in 
conflict with such a conclusion. The actual 
average thickness of iron passivated by 
physical contact with chromium is Cer- 
tainly less than a monolayer as first : 
deposited, and appears to approach a ~ 
monolayer under conditions of time and ; 
temperature permitting surface diffusion 

of iron to all recesses of the chromium : 
surface. 

The amount of iron adsorbed on chro- 
mium not etched, characteristic of the 
disk specimens covered with evaporated _ 
iron were, on the average, lower than _ 
corresponding values for electrodeposited — 
iron on etched chromium, Fig 3. This 
result is plausible in view of a possible 
lower accessible area of electrodeposited 
chromium compared with etched chro- 
mium, and, more important, it is expected 
that preliminary heat treatment of the 
chromium surface in hydrogen reduces 
the initial accessible area. Bowden and 
Rideal found such a reduction of area 
with time even at room temperature. 

A schematic diagram of surface diffusion 
of iron into sub-microscopic recesses of 
etched chromium, and the nature of the — 
passive iron surface after nitric-acid treat- 
ment of iron on chromium is given in 
Fig 4. ' 
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SIGNIFICANCE OF THE RESULTS 
From the observed relatively low order 
of heat evolved on alloying chromium 
with molten iron, it is likely that. the 
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the chromium and iron being greater 


than the bonding of iron with itself makes 
‘chemical reaction with oxygen, for ex- 
ample, 


more difficult and favors the 


Fe FILM 
es 


ETCHED Cr 
S$ 


AS DEPOSITED 


AGING 


IRON FILM ON CHROMIUM AFTER AGING 
AND HNO 3 IMMERSION 
PIG: 4.—IDEALIZED SKETCH SHOWING EFFECT OF AGING AND NITRIC-ACID TREATMENT ON IRON 


COATINGS DEPOSITED ON CHROMIUM. 


heat of adsorption of iron on chromium 
is not much larger than the heat of sub- 
limation of iron itself (97,000 cal per 
gram atom). The fact that surface diffusion 
occurs accompanied by spreading may 
indicate, however, that the heat of adsorp- 
tion is larger than 97,000 cal per gram 
atom.!? Iron, accordingly, must have 
greater affinity for chromium than for 
itself, otherwise spreading would not 
occur. 

This is in agreement with what one 
expects. The tightness of bonding between 


(Not drawn to scale) 


adsorption type of film in which the 
metal atoms remain in their lattice. 
The greater the difficulty of removing meta] 
atoms from their lattice, or the higher 
the heat of sublimation, the less likely 
will reaction occur involving disruption 
of the lattice. Passivity of the metal or 
alloy results. 

Another factor favoring the adsorbed 
type films which presumably accompany 
passivity is a possible lowering of the 
work function, since the greater . ease 
with which an electron leaves the metal, 
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to be shared by an electron absorber or 
oxidizing compound of the environment, 
the more likely will adsorption rather 
than reaction take place. A lowering of 
the work function when iron absorbs 
on chromium is not unlikely in view of 
Langmuir’s observation that adsorbed 
caesium lowers the work function of 
tungsten from a value of 4.52 v to 0.72 Vv, 
a value 1.08 v lower than the work function 
of pure caesium itself (1.8 v). Further- 
more, iron, like caesium, is thought to 
transfer one electron per atom to the 
base metal setting up a layer of positively 
charged ions on the surface. Such a layer 
lowers the energy necessary to transfer 
an electron from the metal to the exterior. 

A lowered work function plus an in- 
crease in energy of sublimation, therefore, 
are factors that reasonably favor chemi- 
sorption of oxygen on the iron layer that 
in turn is adsorbed on chromium. These 
factors favor passivity in any metal 
system, whereas the reverse situation of 
high work function and low heat of sub- 
limation favor oxide formation, as for 
example with Ca, Mg, Al and Cu. A 
review of metal properties indeed bears 
out that the usual passive and non-passive 
metals can be approximately grouped 
according to whether the ratio of work 
function to heat of sublimation (in electron 
volts) is greater or less than unity." 

Chromium, therefore, by sharing elec- 
trons with iron in contact with it, can 
impart to iron the property possessed 
by chromium itself of chemisorbing oxygen 
or other elements and compounds A 
result of such chemisorption with satis- 
faction of residual valences is a sharp 
reduction of metal-surface reactivity. There 
is evidence, therefore, that chromium, or 
stainless steels, or iron adsorbed on chro- 
mium derive their passivity from the 
same source as tungsten, the surface of 
which is covered with adsorbed oxygen 
as discussed earlier. 

The observed surface migration of iron 


on chromium at room temperature sug- 


gests one reason why metal coatings can 
be satisfactorily protective despite their 
evident porosity. It appears that the 
base metal becomes covered with a mono- 
layer or more of the protecting metal 
whether or not pores in the coating reach 
to the surface of the base metal. Because 
of electron interaction with the base 
metal, the metal monolayer in general 
probably exhibits considerably more pro- 
tection than its thickness or chemical 
properties suggest. 

It is possible that both the mechanisms 
of surface diffusion and electron inter- 
action account for the practical protection 
afforded by a very thin coating of chro- 
mium over nickei as practiced com- 
mercially. Chromium coatings are very 
porous, but if the nickel or the chromium 
diffuses so as to insure intimate contact 
wherever nickel is exposed, there then 
exists a passive layer of nickel at all 
portions of the nickel surface even though 
the bulk of chromium may make contact 
at local areas only. The satisfactory 
protection of a commercial chromium 
coating no more than 0.00001 to 0.00002 in. 
thick on nickel-plated metal structures 
constitutes evidence that some such 
mechanism is probably operating. 


SUMMARY 


Iron brought into contact with chromium 
is passive at the interface. This was demon- 
strated by electroplating or evaporating 
iron on a chromium surface and immersing 
in 3 N HNO. A residual film of iron 
always remained on the chromium surface. 
The amount of residual iron resistant to 
nitric acid was determined by treating 
the chromium surface with 1.5 N HCl 
and analyzing for dissolved iron using the 
spectrophotometer. 

Iron apparently adsorbs on the surface 
of chromium in a manner similar to 
adsorption of alkali metals on tungsten, 
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DISCUSSION 


previously studied in the field of electron 
emission. The chemical properties of iron 
so adsorbed are changed and the iron 
behaves as a passive metal. 

These results lend weight to the elec- 
tron configuration theory of passivity 
predicting such an effect. According to 
this viewpoint, electron interaction be- 
tween alloyed chromium and iron in 
stainless steels imparts to iron the passive 
properties of chromium at a critical 
minimum alloy concentration (12-15 pct 
Cr), thereby accounting for pronounced 
passivity in these alloys. Consequently, 
electron interaction of the same kind is 
expected in at least superficial layers 
when iron is brought into physical contact 
with a chromium surface. 

The amount of residual iron found on 
chromium increases with the time elapsed 
between deposition of iron and reaction 
with nitric acid. Study of this effect 
shows that surface migration of iron 
occurs starting from local points of at- 
tachment and proceeds to all recesses of 
the chromium surface. Values of the 
true surface area of etched chromium 


combined with quantitative determinations 


of residual iron indicate that at least a 
monolayer of iron is passivated by contact 
with chromium. The data are not suffi- 
ciently precise to rule out formation of 
passive multilayers. 

The surface migration of metals at 
low temperatures and expected electron 
interaction in other alloy systems resulting 
in improved corrosion resistance, sug- 
gest a mechanism for the relatively good 
protection of some very thin metal coat- 
ings. The mechanism may particularly 
apply to the protection afforded by thin 
electrodeposits of chromium on nickel, 
as practiced commercially. 
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DISCUSSION 


Cart A. Zaprre*—Dr. Uhlig’s electron 
configuration theory for passivity of stainless 
steel has greatly interested the writer since its 
introduction in 1939; and this recent contribu- 
tion of his is indeed most admirably handled. 

However, while Dr. Uhlig has shown himself 
in other publications well acquainted with the 
behavior of hydrogen in metals, there remains 
one possible instance in the present work where 
the complex behavior of that gas might stand 
against acceptance of his theory. On p. 714, he 
dismisses hydrogen as a factor on the basis of a 
check test with a cathodically treated specimen. 

As iron becomes more pure, hydrogen is ab- 
sorbed with increasing difficulty during ca- 
thodic treatment, such that his test might have 


* Consulting Metallurgist, Baltimore, Md. 


720 PASSIVITY IN CHROMIUM-IRON ALLOYS, ADSORBED IRON FILMS ON CHROMIUM © 


yielded negligible absorption. Of course, his 
adding the “‘promoter” elements P and S to the 
bath might have erased that resistance of iron 
to absorption of H. 

On the other hand, it might not have; and 
certainly the difference between one and several 
HCl etch treatments could account for a 
marked difference in hydrogen content. Also, 
chromium plate absorbs large amounts of H 
during plating,!® later to pass it off into coat- 
ings such as the iron used here;!® and the 
supposed surface layer of oxygen must indeed 
be strongly affected by the hydrogen fugacity 
of the matrix. 

Interestingly, the simple test that one would 
immediately propose to test this hydrogen 
concept stands already performed in the paper. 
That is, an as-plated specimen should be com- 
pared with a specimen whose hydrogen content 
has been purposefully reduced, as by aging. 

In Fig 3, exactly that aging test shows the 
expected result from the standpoint of the 
hydrogen theory, for the 1/T vs. Fe slopes in- 
crease with increasing aging temperature. 
Also, the slope is less steep for the condensation 


specimen, which would expectedly contain less ~ 


hydrogen and would therefore be less suscepti- 
ble to aging effects. The projection of this 
reasoning to the displacement between the two 
curves is not clear; although the conditions for 
diffusion and occlusion of the hydrogen through 
the two types of specimen understandably 
differ appreciably, even to the extent of allow- 
ing a higher H fugacity in the specimen of 
lower H content because of such factors as 
molecular occlusion. 

To disprove the hydrogen concept satis- 
factorily, an experiment is suggested in which 
iron is electroplated in one case on plastic by 
the AgNO; electrotype process and then de- 
hydrogenized, and in the other case is con- 
densed on some hydrogen-free base. Testing of 
such specimens in HNO; should rapidly deter- 
mine a role, if any, played by the underlying 
chromium in present tests. 

Actually, Dr. Uhlig has closely approached 
such an experiment with his check test on 
copper sheet; and the present criticisms are 
solely a long shot on a paper whose excellent 
preparation and important message warrants 
closest consideration. The remarks are princi- 
pally prompted by an observation described 
to the writer by Dr. George A. Moore of 


Battelle Memorial Institute, who years ago 
hung a carefully dehydrogenized iron wire over 
a bottle of water and found it as passive and 
corrosion-free as platinum a year later. 
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J. J. Hecrer*—Dr. Uhlig is to be congratu- 
lated for his splendid work on the subject of 
the mechanism of the passivity of stainless 
steels. This subject is, indeed, a fascinating one 
especially at the present time when three dif- 
ferent theories exist, and each theory is 


supported by experimental evidence to explain. 


the mechanism of passivity. Ordinarily, such a 
situation would seem to be quite complicated 
but after studying these theories, one wonders 
if they are not related in some manner, such 
that a single-concept would be all that is 
necessary to explain satisfactorily the stainless- 
ness of stainless steels. 


The three theories now in existence are: 1. 


The Oxide Film Barrier Theory. The experi- 
mental support for this theory is that the oxide 
films have been stripped and thus isolated. 
2. The Physically Adsorbed Gas Theory. Fon- 
tana and Becky have cited experimental sup- 
port for this theory. 3. The Electron Configura- 
tion Theory. The experimental support for this 
theory is given in the paper just presented by 
Dr. Uhlig. 

As one might imagine, these theories are 
similar in certain respects. Each refers to some 
surface reaction, in other words, the protection 
given to the stainless steel is confined to the 
surface of the metal. Also, each requires that 
oxygen be involved in this surface reaction. 
The theories differ in regard to the type of 
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reaction that occurs at the surface; the first 
theory postulates an oxide formation, the 
second, a physical adsorption of oxygen, and 
the third, a chemical adsorption of oxygen. 
But this difference may be more apparent than 
real and it may be explained by considering the 
mechanism of oxidation which in many 
metals consists of three stages: first, the ad- 
sorption of oxygen; second, the formation of 
oxide films and their growth according to a 
logarithmic law; and third, the parabolic 
growth of the oxide. Thus, in the stainless 
steels, the adsorbed gas layer, whether it be a 
physically or chemically adsorbed layer, is, 
undoubtedly, the first stage of oxide formation, 
and this layer is enough to create passivity, at 
least in certain solutions. The evidence that 
this first stage in film formation creates pas- 
sivity does not negate the formation of the 
oxide film, but it does demonstrate that at least 
in certain solutions an oxide film is unneces- 
sary. However, the mechanism of passivity can 
still be considered on the basis of the oxide 
film theory because, although passivation 
results from the adsorbed oxygen, this ad- 
sorbed oxygen is merely the first stage in the 
formation of the oxide film. 

Therefore, the three theories of the mechan- 
ism of passivity of stainless steel may not be as 
widely divergent as one might at first suppose 
—they may be explanations of the different 
stages of the room temperature formation of an 
oxide film on stainless steel. 


M. G. Fontana*—Have you ever tried 
exposing the specimens to nitric acid without 
exposure to air? Perhaps the “evaporated” 
specimens could be flooded with acid after the 
vacuum evaporation. In our work this tech- 
nique was used. I should like to venture a 
guess that all of the iron might dissolve if an 
intermediate air exposure were not used. 

With reference to the last discusser’s re- 
marks on the different theories, it is possible 


that there probably never will be a single 


mechanism that will explain all of the peculiar 
behaviors of stainless stee]. After all, passiva- 
tion is a relative term and one theory may 
explain a certain behavior and not apply at all 
in a different corrosive environment. There are 
four or five theories instead of the three men- 
tioned by the last discusser. 


* Ohio State University, Columbus, Ohio. 
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Tron-chromium alloys show passive charac- 
teristics in many cases, but sometimes the 
addition of chromium decreases corrosion re- 
sistance. For example, the 16 pct chromium 
steels corrode more rapidly than ordinary 
carbon steel in some concentrations of sulphuric 
acid. This would indicate that surface effects 
may be more important than the actual alloy 
composition. 


R. B- Mears*—I was pleased to see on the 
first page of Dr. Uhlig’s paper the following: 
“A summary of the facts lends considerable 
weight to a mechanism (of passivity) based not 
on physical protection of an oxide or similar 
compound .. . but to a change in tendency 
of surface metal atoms to react chemically. 
This change in reaction tendency is ascribed 
to chemisorbed films... .” 

This was especially interesting since for some 
years after Uhlig and Wulff first proposed their 
theory of passivity, arguments against it were 
based mainly on their contention that passivity 
was a bulk effect and not a surface effect. In 
discussing an early paper of Dr. Uhlig’s,™” 
R. H. Brown and I said, “Perhaps the elec- 
tronic structural theory can be developed so 
that the mechanism of film formation will be 
more fundamentally explainable. For example, 
perhaps the formation of an adherent, stable 
film is dependent upon formation of satisfied ~ 
electron groupings at the surface... .” 

This suggestion was rejected by Dr. Uhlig 
at that time but now, as evidenced by the quo- 
tation given above from his present paper, he 
has swung around to viewing passivity as a 
surface effect. 

Since this is the case, there is no longer any 
reason to consider that there are two theories 
of passivity. There is only one theory—the 
film theory. Dr. Uhlig’s work attempts to 
refine the film theory by predicting what types 
of metals or alloys will form protective films. 
We all hope that his extension of the film 
theory proves genuinely useful in making such 
predictions, since this would be a very valuable 
forward stride. 


U. R. Evans{—The simple notion that 


passivity is due to a single layer of chemi- 

* Research Lab., Steel 
Corp., Pittsburgh, Pa. 

+ Cambridge University, 
land. 

17 References 17-38 are On pages 723-724. 
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adsorbed oxygen atoms has appealed to many 
people, including myself. Twenty-five years 
ago I ascribed passivity!® to a “‘two-dimen- 
sional oxide film’ consisting of oxygen atoms 
attached to the outermost atoms of the metal. 
Gradually, however, optical,!® electrometric?® 
and gravimetric?! researches showed that ex- 
posure to air at ordinary temperature produced 
on many metals a film many atoms thick. 
Clearly, therefore, a single layer of oxygen 
atoms does not in all circumstances prevent 
further combination—at least on metals as we 
know them. Perhaps a “‘perfect” surface 
might receive protection from such a film. 

Recent results on anodic behavior are in- 
structive on this point. The extensive and 
careful researches of Hickling?? show that on 
gold and platinum the discharge of sufficient 
electricity to produce a monomolecular oxide 
layer often raises the potential to the value at 
which an alternative reaction (e.g. the evolu- 
tion of oxygen) can set in. After that time the 
greater part of the current may be used up on 
the evolution of oxygen; but even on a passive 
anode a small proportion of the current proba- 
bly continues to be used in the formation of 
oxide, since the film often reaches greater 
thicknesses, notably on iron—as shown by the 
outstanding optical work of Tronstad.?* 

The inhibition of corrosion by the addition 
of chromic acid or a chromate has been vari- 
ously attributed to the chemi-adsorption of 
(CrO4) ions or of oxygen. Chemi-adsorption 
is a rapid process, and, if these ideas are right, 
corrosion should cease from the outset. Micro- 
chemical studies by Thornhill?4 showed that 
Cambridge water, dosed with potassium 
chromate, produced attack at the outset 
almost at the same rate as the untreated water; 
gradually, however, the attack became slow 
in the chromated-water while it remained 
rapid in the untreated water; the addition of 
zinc sulphate, a cathodic inhibitor without 
oxidizing properties, only began to slow down 
the reaction after time had been allowed (evi- 
dently for the formation of a film). Thornhill’s 
curves are reminiscent of those of Forrest, 
Roethelli and Brown*® obtained during their 
study of the behavior of carbon steel and stain- 
less steel in distilled water containing oxygen; 
on both materials the velocity of attack was 
much the same at the outset; on the carbon- 


steel, the velocity was maintained, while on the 
stainless steels it died away. 

Passing to alloys, I have long felt?® that in 
special cases where the affinity between unlike 
atoms is abnormally great, the combination ? 
ought to produce a material abnormally stable — 
to corrosion. For corrosion involves, not only — 
the passage to the state of (usually hydrated) j 
ions, but the separation of atoms to large — 
distances from one another. Thus the energy of - 
sublimation and of hydration must be taken : 
into consideration, as well as the ionization — 
energy, in arriving at the equilibrium electrode : 
potential of a material, rather in the manner 
suggested by Butler.?’ It would be theoretically 
possible to produce enhanced corrosion-re- i 
sistance by alloying, quite apart from film- — 
formation, but it is not yet certain whether 
this factor plays any important part in the 
resistance of stainless steels. The facts, as we 
know them, suggest that films here play a de- 
cisive role, and that the thickness of the films 
present on stainless steels as employed in prac- 
tice usually exceeds that of a mono-molecular 7 
layer. The films on austenitic stainless have 
been isolated and analyzed in an extensive 
research by Vernon, Wormwell and Nurse.?8 

Films formed on metals carry internal 
stresses—for which there is fairly direct evi- 
dence?*—and may tend to break down locally; 
under suitable conditions, the film repairs 
itself at a crack by fresh oxidation of the metal 
exposed, and, at low temperatures, where 
lattice diffusion is slow, growth probably — 
proceeds mainly by this crack-heal mechanism.*° 
If, however, the cell Metals/Reagent/Oxide, 
set up momentarily at a crack, causes reductive 
dissolution of the oxide, the damage, instead of 
repairing itself, will spread readily. In the case 
of visible films such as those responsible for 
interference tints on pure iron, there is fairly 
direct evidence*! that their power to protect 
the metal depends on their power to resist 
reductive dissolution. The behavior of untinted 
iron and that of stainless steel (tinted or un- 
tinted) show many analogies, and it is difficult 
to avoid the conclusion that in these cases also 
the decision between passivity and corrosion 
depends on the same factors. Plates of 18/8 
steel have been kept half immersed in normal 
sulphuric acid for 24 days without visible 
change, but a similar plate joined to aluminum, 
suffered serious attack; particles of the origin- 
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ally invisible film (which had evidently been 
undermined and detached) remained in the 
acid for weeks without being dissolved. It is 
difficult to avoid the conclusion that this film, 
which was obviously resistant to acid, must 
have played an important part in causing the 
immunity of the plates not joined to aluminum. 

Pryor is studying at Cambridge the reduc- 
tive dissolution of sesquioxides, and it is hoped 


‘to study mixed ferric-chromic oxides also. 


There is qualitative evidence that the oxides 
formed on stainless steel (at least the visible 
oxides formed after heating) do resist reductive 
dissolution better than those on unalloyed iron, 
and this would seem to provide one reason for 
the resistance of such alloys to acid. Certainly 
the diagrams published by Pourbaix*? show a 
more restricted region for the stability of 
divalent chromium than for divalent iron. 
This does not necessarily exclude the view 
that, even in the absence of a film, stainless 
steel might still be more resistant than unal- 
loyed iron. More evidence will, however, be 
needed before such a view can be adopted. If the 
alloy iron-chromium was a noble material, one 


would expect that it could be deposited elec- 


trolytically on a cathode at a potential similar 
to that of silver or copper. Again, as pointed 
out by Hoar,** one would expect a large evolu- 
tion of heat when iron and chromium were 
alloyed, if the alloy were more noble than its 


constituents. The fact that attack upon a 


stainless steel anode often produces corrosion 
of the interior, leaving the surface layers in a 
form recalling a hollow tree,*4 strongly suggests 
that the resistance resides in the superficial 
zone; the corrosion of the interior cannot be 


attributed to hydrogen in cases where the 


specimen is subjected to anodic, not cathodic, 
treatment. The contention that hydrogen is 


responsible for the rapid attack which often 


occurs on stainless steel raises the question as 
to the source of the hydrogen; if it is replied 


that it results from attack upon the stainless 


steel, this is equivalent to an admission that 
the “natural” potential of the alloy is such as 
to make it anodic to hydrogen. 

Nevertheless, it may be found to be the case 
that iron-chromium alloys, even when free 
from film, are somewhat more noble than 
either metal; work on this and similar ques- 
tions is proceeding in more than one laboratory 
in Great Britain, and it is best not to discuss 
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the matter further until results are available. 
Even if, however, it is found that, alloying, as 
such, produces nobility, it does not follow that 
this change of properties is due to the electron 
sharing suggested. The idea that chromium can 
absorb electrons from other elements seems 
to have arisen from the study of tables showing 
the distribution of electrons within the atom. 
Such tables refer to an isolated atom, situated 
at'an infinity distance from any other. The 
state of affairs in a solid metal with numerous 
atoms close together is far more complicated 
owing to broadening of the energy levels, 
hybridization, and the provision of bonding 
electrons; there appears to be no physical 
reason to think that chromium in a solid alloy 
should have the power to attract, or share, the 
number of electrons postulated. 

The new experimental evidence published 
by Professor Uhlig can be interpreted in more 
than one way. It may mean that an atom of 
iron attached to chromium loses its ordinary 
power to react (not necessarily by an electron 
transfer), and if so this is a matter of great 
importance. There is, however, an alternative 
possibility. Electrodeposited coats of chro- 
mium (in contrast to those of copper, used in 
the blank experiments) are usually porous when 
thin, but contain networks of cracks when 
thick. Any iron which moves by surface migra- 
tion into these cracks and remains attached 
to the walls may well escape attack by the 
nitric acid, or, if attacked, may remain in the 
crevices as an iron salt. Indeed, if the iron 
atoms can move over the chromium surface, as 
Professor Uhlig believes (probably with justi- 
fication), chromium atoms can move over the 
iron, and cover up the layer of monatomic iron 
with an outer layer of chromium oxide, thus 
protecting the iron from attack. In a mass of 
binary alloy, one kind of atom will tend to dis- 
place the other from the surface, the choice 
being determined by consideration of surface 
energy. This surface concentration is shown by 
the electron diffraction work of Dobinski,*® and 
the analyses of Vernon, Wormwell and Nurse?® 
suggest that in stainless steel it is the chromium 
which tends to take up the outside position. 
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H. H. Untic (author’s reply)—Mr. Heger’s 
point of view has much merit and is one with 
which I have been in sympathy since our first 
published paper on this subject. There is evi- 
dence that many of the once widely-differing 
theories of passivity are now converging, 
probably not to a single viewpoint, but to a 
condensed viewpoint that properly relates the 
importance of one mechanism to another. The 
adsorbed-film, oxide-film, and metal-configura- 
tion theories apparently all have their place 
in describing the general phenomena of pas- 
sivity; however, the emphasis of each in a 
particular metal-nonmetal system is still de- 
bated, a situation that will undoubtedly 
improve as further experimental evidence 
comes forward. 

It seems evident, at least, that the viewpoint 


of a physically protective oxide or other 


stoichiometric compound as the only tenable 
cause of passivity is more and more difficult to 
uphold. The problem, in other words, is more 
complex than the simple oxide picture affords, 
a fact which might be surmised from the ex- 
tended discussion of theory by many able 
scientists for a period of over one hundred years 
beginning with the publications of Michael 
Faraday and C. F. Schoenbein. 

The more than one criterion of passivity 
alone complicates the situation. Michael Fara- 
day used potential behavior as a measure of 
passivity, but investigators following him 
began to use reaction rates as well. This has 
led to the necessity of two definitions for 
passivity,** indicating that separate mechan- 
isms are involved for some metals in either 
category. ; 

Mr. Heger remarks that adsorption pre- 
cedes reaction, and that an adsorbed film itself 
satisfies all the requirements of passivity in 
some environments. This agrees with our view- 
point. With stainless steels, the adsorbed film, 
I believe, satisfies surface valence forces, and in 
this manner presents a surface chemically 
inert or so-called passive. In this respect, such a 
film of which the atoms are in register with the 
underlying metal atoms, differs from an oxide 
film having its own characteristic lattice. An 
oxide protects the metal by interposing a 
physical barrier, but the adsorbed film protects 
by satisfaction of chemical forces.- The ad- 
sorbed film, therefore, is really not a two-di- 
mensional oxide, even though it precedes 
formation of oxide. We have indicated else- 
where that presence of an activation energy for 
reaction of some metals with oxygen (the 
transition metals, including their alloys such 
as stainless steels) is usually accompanied by 
adsorption of oxygen and accompanying 
passivity, whereas with those metals lacking 
an activation energy (the non-transition 
metals), passivity can exist usually only by 
reason of a physical barrier oxide.*? 

Dr. Fontana suggests that exposing the iron- 
chromium specimens to nitric acid without 
previous exposure to air would result in solu- 
tion of all the iron. By our viewpoint of 
mechanism, nitrate ions adsorb on the iron, 
the latter, in turn, made passive by combined 
electron interaction with chromium and the 
presence of adsorbed nitrate, so that dissolved 
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oxygen should have no bearing on the result. 
I predict, therefore, that the experiment ex- 


cluding oxygen will yield results not differing 


from those we have reported in the presence of 
oxygen. The experiment is one that should be 
done, and we shall keep it in mind in further 
plans of experiments along these lines. I hope 
that it will also receive consideration from Dr. 
Fontana and others interested in this funda- 
mental field. 

The effect of alloyed chromium on the corro- 
sion rate is covered in my following answer to 
Dr. Mears. 

The discussion quoted by Dr. Mears goes 
back to r941 when the major difference in view- 


_point seemed to center on whether the metal as 


such, or an oxide film was more important in 
describing passivity in alloys. It was our con- 
tention then that the oxide film theory fell 
short of explaining all the facts, and this is still 
my viewpoint today. There can be no doubt 
that in stainless steels the mechanism of noble 
potential and reduced reactivity reside largely 
at the surface metal atoms, or more specifically, 
the metal and non-metal atoms at the inter- 
face, as Dr. Mears also believes. Nevertheless, 
the factor responsible for passivity in alloys may 
reside throughout the metal, as, for instance, 
electron sharing between the metal components. 
As an illustration, it is the copper at the surface 
of a copper-bearing steel that accounts for 
resistance to atmospheric attack, but the cop- 
per, nevertheless, exists throughout the steel. 
Passivity, similarly, is definitely a surface 
effect, although the factors leading to passive 
surface properties may be a bulk effect. In 
other words, both the characteristics of the 
metal and of the environment determine 
whether passivity is possible. 

If the evidence shows that I have swung 
around toward placing more emphasis on the 
surface, I am thankful for the trend, because I 
believe this emphasis is correct. I am equally 


grateful that the role of the metal in the 


mechanism has not been lost sight of, since I 
likewise believe this factor has great impor- 
tance. The electron configuration theory of 
passivity in alloys focuses attention upon the 
metal, but the effects at the surface are in no 
way discounted. 

It is plausible that Dr. Zapffe should look to 
hydrogen for an explanation of the trend of 
residual iron with time. The possibility strongly 
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suggested itself to us during our experimental 
work, and subsequent experiments gave what I 
believe to be conclusive results. The analysis of 
residual iron for a composite chromium-iron 
surface intentionally charged with hydrogen 
was done for specimens in which we knew 
hydrogen entered the metal. A background of 
many experiments proved that cathodically 
polarizing a piece of iron in dilute sulphuric acid 
containing a few drops of phosphorus dissolved 
in carbon disulfide always causes absorption of 
hydrogen by the iron. This could be demon- 
strated by reproducible embrittlement of 
swaged electrolytic iron rod so treated, and 
also by analysis of similar pieces: of iron for 
hydrogen by the hot extraction method. 
Despite the entrance of hydrogen into the iron 
layer, however, the residual iron after nitric 
acid immersion was in line with similar analyses 
in the absence of added amounts of hydrogen. 
We were justified, therefore, in concluding that 
hydrogen interstitially dissolved was not a 
factor in the aging effects. 

Confirming this conclusion, the evaporated 
iron films were found also to “‘age,”’ although 
under the conditions of high vacuum existing 
during the evaporation process, any hydrogen 
was pumped off, and, hence, it is unlikely any 
significant amount deposited with the iron. 

Dr. Evans has submitted a detailed analysis 
of the author’s experiment of the kind that 
cannot but help in arriving ultimately at a 
clearer picture of the mechanism. As has been 
characteristic of most discussion in this field in 
the past, there are usually two sides to any 
point of view, so that it is not surprising one 
can counter Dr. Evans’ proposals with others 
that to me seem equally or more plausible. For 
example, practically all gas or liquid films on 
metal surfaces are shown to be multiple layers 
by optical measurements. Yet Langmuir’s 
work has shown that in the case of adsorbed 
films, the energies of bonding between various 
layers are not equally distributed. The first 
layer is strongly bound to the metal, especially 
if chemisorbed, whereas any subsequent layers 
are much less tightly bound and may be 
properly classified as physically adsorbed 
layers. However, Langmuir showed that it was 
the first layer of oxygen on tungsten that 
accounted for its chemical inertness. Also, in 
the extensive work on electron emission, the 
major effects were always ascribable to the 
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monolayers of caesium or thorium on tungsten 
and not to multiple layers that might form 
extraneously. Likewise, with the stainless 
steels, the primary cause of passivity is more 
likely concerned with an adsorbed monolayer. 

The experiments of Thornhill on reaction of 
iron with chromic acid solutions will be awaited 
with interest, and comments should be deferred 
until the investigation is published. One might 
say at this time, however, that chemisorption is 
not always rapid; in fact, there are many 
instances on record showing that the process 
may be measurably slow. This factor, therefore, 
should not be ruled out in the interpretation of 
such experiments. : 

The experiments of Forrest, Brown, and 
Roethelli have another interpretation, differing 
from that given by Dr. Evans and by the three 
authors. The amount of dissolved oxygen 
reacting with freshly pickled metals immersed 


in aerated water was measured, and inter- 


preted as a rate of metal reaction with at- 
tendant film formation. However, other 
experiments have clearly shown that pickling 
a metal may charge large amounts of hydrogen 
into the metal which is later released at the 
surface, and is available for reaction with 
molecular oxygen. Hence, it is more likely that 
the oxygen absorption as measured by Forrest 
et al., was initially only a measure of the amount 
of hydrogen that had been charged into the 
metal during the pickling operation. In the case 
of stainless steel, as soon as the hydrogen was 
used up, an adsorbed oxygen film could form, 
whereupon passivity ensued and - reaction 
largely ceased. The easy entrance of hydrogen 
into stainless steel has been proved by potential 
measurements of alloy specimens on one side, 
the other side of which was cathodically polar- 
ized.88 In the case of iron, no such adsorbed 
oxygen film formed, so that continued reaction 
of oxygen with iron took place over the period 
of the experiment. The conclusion is that in the 
absence of interstitial hydrogen, the stainless 
steel specimen would probably have caused 
no absorption of oxygen immediately from the 
start, rather than after a definite lapse of time, 
and, therefore, film formation was not neces- 
sarily involved in the experiment as performed. 

The passivity of stainless steel in sulphuric 
acid is equally well explained by adsorbed 
films. On such a basis, the insoluble oxides that 
are disengaged during later chemical reaction 


are evidence only of a supplementary mechan- 


ism of protection by physical barrier film forma- 
tion, which probably is not the primary cause 
of passivity. 

The basis for believing that electron sharing 
enters into the mechanism of passivity in stain- 
less steels is the accord of theory with the facts. 
The theory predicts (1) passivity in the chro- 
mium-iron binary system as beginning at 15.7 
weight pct chromium compared to 12 to 15 
weight pct observed, (2) a critical concentration 
for passivity beginning with 38 weight pct 
nickel in the copper-nickel alloy series as 
against about 40 weight pct observed, (3) 
passivity in the molybdenum-iron binary 
system at 55 weight pct molybdenum as com- 


‘pared with 60 to 70 pct observed, and finally, 


(4) maximum iron for passivity in a ternary 
mixture of molybdenum-nickel-iron at 35 pct 
as compared with 30 pct observed. There are 
also other examples. 

The theory admittedly does not account for 
all the peculiarities of metal-nonmetal reac- 
tions, and no doubt it should ultimately be 
extended to account for some observations 
more satisfactorily, and it also should be made 
more detailed and with further foundation on 
concepts of the metallic state. I believe it ex- 
plains facts that are either not explained at all 
by other theories, or are explained inade- 
quately. It has, to my mind, already justified 
itself by suggesting the present experiment, 
which I do not believe would have been 
encouraged by any other theory of passivity. 

The proposition that iron diffuses into 
cracks in the chromium surface and is there 
occluded as either metal or iron salt is not likely 
to account for the present observations. A 
longer time of immersion in nitric acid, on this 
basis, should have reduced the total amount of 
residual iron found, but whether the specimen 
was immersed 15 min. or 5 min. made no sig- 
nificant difference. Were iron slowly diffusing 
out of cracks and crevices, some difference 
should have been observed. To add further 
evidence on this point, perhaps the experiment 
might be repeated using evaporated films of 
chromium on glass avoiding, thereby, the 
cracks that characterize electrodeposited chro- 
mium. We are presently contemplating such an 
experiment for the purpose of arriving at a more 


precise value for thickness of adsorbed iron 
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The suggestion that chromium may cover 
up the iron rather than the iron, as deposited, 
cover up the chromium tends toward the 


possibility that lattice diffusion of iron into 


chromium may take place, since an exchange of 


the layers is, in effect, such a diffusion. How- 


ever, I have outlined three reasons for believing 
that lattice diffusion does not occur, but instead 
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that iron remains on the chromium surface and 
diffuses only over the surface. 

It is very helpful to have carefully thought- 
out comments such as the above on experi- 
ments in this difficult field. They will stimulate 
us and, I hope, others as well, to further experi- 
mental work that should provide a satisfactory 
basis for describing the general property of pas- 
sivity in all metals and alloys. 


The Transformation of Cobalt* 


By A. R. Tro1Ano,{ MEMBER AND J. L. Toxicu,t Junior Memper AIME 


(New York Meeting, February 1948) 


INTRODUCTION 


SINCE 1921, when Hull! discovered that 
cobalt can exist in the face-centered cubic 
and hexagonal close-packed modifications, 
the transitions that occur in cobalt have 
been extensively studied. It is generally 
agreed that on heating the hexagonal lat- 
tice changes to the cubic structure at tem- 
peratures ranging from 4oo to 500°C 
although considerable doubt exists as to 
the exact temperature. Data concerning 
the temperature of the transformation on 
cooling are much less concordant and their 
interpretation has not been satisfactory. 
The study is further complicated by the 
fact that many investigators have reported 
the existence of a high temperature allo- 
tropic change in the range 850 to 1020°C, 
at which the cubic lattice reverts to the 
hexagonal modification. 

The transition on cooling, which has 
been reported as occurring at various 
temperatures from approximately 400 to 
100°C, is of particular interest. Troiano and 
Greninger? have recently suggested and 
considered the possibility of allotropic 
transformations occurring in pure metals 
by a shear-type, diffusionless (martensite) 


* Most of the material presented in this 
paper has been abstracted from a thesis sub- 
mitted by J. L. Tokich in partial fulfillment of 
the requirements for the degree of Master of 
Science, University of Notre Dame, December, 
1946. Manuscript received at the office of the 
Institute December 2, 1947. Issued as TP 2348 
in Metrats TECHNOLOGY, April 1948. 

+ Professor of Metallurgy, University of 
Notre Dame. 

{Former O'Brien Fellow, Department of 
Metallurgy, University of Notre Dame. At 
present with the Economic Division, Office of 
Military Government, Berlin, Germany. 

1 References are at the end of the paper. 


transformation. The case of cobalt was 
specifically discussed and certain observa- 
tions of previous investigators evaluated in 
terms of this type of transformation. 
Table 1 briefly outlines the methods and 
results of previous investigators of the 
transformation temperatures of cobalt. 


MATERIALS AND METHODS 


The major portion of this investigation 
was performed with cobalt sheet containing 
a total of 0.2 pct impurities with carbon 
present to the extent of o.1 pct. -After 
melting in an induction furnace under an 
atmosphere of hydrogen, the carbon con- 
tent analyzed 0.03 pct. Some observations 
were repeated with hydrogen reduced 
cobalt compresses analyzing 99.9 pct 
pure. No significant variations in results 
were observed employing the as-received 
sheet, the remelted stock, or the cobalt 


_ compresses. 


Filings for X ray diffraction analysis were 


sealed in evacuated glass ampoules. Pyrex | 


glass tubing was used for temperatures 
below 600°C and for higher temperatures 
clear fused quartz was satisfactory. .After 
appropriate heat treatment at various tem- 
peratures, the specimen ampoules were 
furnace cooled, air cooled or quenched by 
crushing under distilled water. This al- 
lowed a range of cooling velocities from less 
than one degree C per sec to greater than 
1,000°C per sec. 

X ray diffraction patterns were taken 
with a Debye camera and filtered char- 
acteristic cobalt K-alpha radiation. The 
proportion of the existing phases was 


roughly approximated by visual examina- 
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tion of the lines. All X ray diffraction pat- 
terns were taken at room temperature 


only. 


TaBLE 1—Determinations of the Transfor- 
mation Temperatures of Cobalt 


; Transformation 
Investigator Method Temperature 
° 
Masumoto? Electrical con-| 422 to 477 heat- 
ductivity ing 
Thermal expan-| 360 to 403 cool- 
sion ing 
Magnetic change 
X rays 
Schulze4 Variation of spe- | 400 to 500 


Wever and Has- 
chimoto® 
Uffelmann® 


Schulze? 


Hendricks, Jef- 
ferson and 
Schultz 


Cardwell? 


Wassermann!? 


Sykes!! 


Sykes and 
Graff12 

Seybolt and 
Mathewson!4 


Von Steinwehr 
and Schulze!4 


Marick!6é 


Meyer'é 


Edwards 
Lipson!7 


and 


cific resistance 
with temp. 
Thermal expan- 
sion 


Thermo-electric 
temp. gradient 
Dilatometric 

measurements 
Expansion by op- 
tical interference 
Electrical resist- 
ance 


Reduction of co- 
baljtoxide, 
Co304, at fixed 
temperatures, 

‘rapidly cooling 
and X ray exam. 

Photo-electric ef- 
fect 

X rays 

Thermal expan- 
sion 

Reduction of co- 
balt oxide, 
Co304, at fixed 
temperatures, 
rapidly cooling 
and X ray exam. 

Thermal analysis 


Solubility of oxy- 
gen in cobalt 

Electrical resis- 
tivity i 

Heat evolution 


Electrical resist- 
ance rays, 
high-temp. cam- 
era 


X rays, high- 
temp. camera 
X rays, high- 


temp. camera 


452 heating; 
values down to 
100 cooling 

465 to 470 


465 


450 heating 

330 cooling 
*444 to 467 heat- 
ing 

350 to 400 cool- 


ing : 

+403 to 446 heat- 
ing 

150 to 270 cool- 
ing 

400 

1015 


570 and 850 


450 
400 to 480 


420 
1020 


420 

875 

440 and 850 
380 to 420 


492; no second 
transition up to 
1187 


No second tran- 
sition up to 
I1I00° 

400 to 500 heat- 
ing 


-* High purity cobalt 


+ Impure cobalt 


In addition to the X ray investigation, a 
thermal analysis of the alpha <> beta 


(hexagonal £> cubic) transformation was 
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performed. High velocity cooling and heat- 
ing, data were obtained with the aid of a 
small gas-quenching furnace, and a short- 
period torsion galvanometer coupled with a 
drum camera. The details of the construc- 
tion and operation of this equipment have 
been described elsewhere.'® 


EXPERIMENTAL RESULTS 


To facilitate discussion and avoid repeti- 
tion, several general observations should be 
mentioned at this time. It was not possible, 
by treatment at any temperature, to pro- 
duce structures that yielded patterns abso- 
lutely free of hexagonal lines. As will be- 
come more evident later, this does not 
necessarily imply that a minute quantity of 
the hexagonal phase was present at the 
temperature of heat treatment or that this 
small amount of the phase formed on cool- 
ing. It is possible that the weak reflections 
of the hexagonal lattice are a consequence 
of thé slight deformation involved in 
the preparation of the specimen for X 
ray analysis. Sykes!® has reported that 
“even such slight deformation as 
might result from screening cubic powder 
will appreciably increase the intensity of 
the hexagonal lines.” Patterns containing 
these very weak hexagonal reflections shall 
hereafter be referred to as representing the 
cubic structure alone. 

Much of the X ray diffraction data is 
summarized in the tables which follow. It 
will be noted that no indication of the rate 
of cooling is included in these tables. This 
information has been omitted because the 
structure appeared to be unaffected by the 
rate of cooling from approximately 1°C per 
sec to 1000°C per sec. 

Unless otherwise specified, all cobalt 
filings were severely deformed and, prior to 
heat treatment, consisted of the hexagonal 
modification only. This was substantiated 
for all specimens employed for further 
study. Fig 1 shows that the cubic form of 
cobalt is readily converted to the hexagonal 
form by deformation, in addition to illus- 
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i (a) (b) 
Fic I—D&rEBYE PATTERNS THAT SHOW THE EFFECT OF DEFORMATION AT ROOM TEMPERATURE ON THE 
STRUCTURE OF FACE-CENTERED CUBIC COBALT. 

(a) Undeformed cubic filings. (b) Moderately deformed cubic filings. (c) Severely deformed 
cubic filings. 
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trating the “all cubic” and hexagonal 
patterns. 

As a matter of convenience only, most of 
the results may be best presented grouped 
into three temperature ranges. These are 
room temperature to 550°C, 550 to 800°C, 
and 800 to 1300°C. 


Room Temperature to 550°C 
The results for this range of temperatures 


are summarized in Table 2. Filings heated 


TaBLE 2—Room Temperature X ray Data 
for Severely Deformed Cobalt Filings, 
Heated at Different Temperatures for 

Various Times 


Tempera- 


ee oC Time Phases 

320 440 hr Hex. + little cubic 

350 4 hr Hex. + trace of cubic 

350 87 hr Hex. + increasing amounts 
of cubic 

350 1223 hr Hex. + increasing amounts 
of cubic 

350 1675 hr Hex. + increasing amounts 
of cubic 

350 2900 hr Hex. + increasing amounts 
of cubic 

400 1800 hr Cubic + appreciable Hex. 

425 0.5 hr Hex. + little cubic 

425 386 hr Cubic + little Hex. 

425 1800 hr Cubic 

475 2 min. | Hex. + little cubic 

475 Io min, | Hex. + appreciable cubic 

475 5.5 br Cubic 

475 14.5 hr Cubic 

A75 75 hr Cubic 

A475 roo hr Cubic 

A475 336 hr Cubic 

475 408 hr Cubic 

475 844 hr Cubic 

475 1408 hr Cubic 

475 1800 hr Cubic 

550 ro min. | Cubic 

550 30 min. | Cubic 

550 528 hr Cubic 


below 320°C for periods extending to 3o hr 
yielded patterns that contained hexagonal 
lines only as did the original deformed and 
unheat-treated filings. A small quantity of 
cubic was evident after 440 hr at 320°C. 
The first indication of the cubic phase was 
detected at 350°C after 4 hr. As the time at 
temperature was prolonged, the amount of 
this phase increased very slowly. Samples 
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heated for 2900 hr were still predominately 
hexagonal. The patterns that manifest 
these progressive changes are shown in 
Fig 2. 

Above 350°C the quantity of the cubic 
phase formed at equal intervals of time 
increased continuously as the temperature 
was raised. This is evident from the data of 
Table 2. Despite the fact that the cubic 
form of cobalt is stable only at the higher 
temperatures, it is readily retained at room 
temperature as indicated in Table 2. 


550 to 800°C 


It has been shown that if the holding 
time at temperatures between the transi- 
tion point and 550°C is sufficient, the cubic 
phase alone may be retained on cooling the 
specimen to room temperature. Further- 
more, for the times employed in this study, 
the time at temperature in excess of that 
necessary to obtain the cubic phase only 
is without effect upon the structure. In 
sharp contrast to this behavior, the time at 
temperature above 550°C causes structural 
changes on cooling. For example. Table 3 
indicates that filings heated at 600°C for — 
times ranging from 2 min. to 14 hr con- 
sisted of the cubic phase only. On the other 
hand, identical filings heated at the same 
temperature for 60 hr or longer contain 
both the hexagonal and cubic phases. These 
changes are illustrated by the patterns of 
Fig 3. Above 600°C, the time necessary to 
effect a similar structural change upon 
cooling decreases as the temperature is 
raised as demonstrated by the data of 
Table 3. The X ray evidence also indicates 
that the quantity of the hexagonal phase 
formed on cooling from temperatures above 
the transition temperature increases as the 
time is prolonged until the specimen con- 
tains approximately so pct of the hexagonal 
modification. Thus time at temperature in 
excess of the minimum required to obtain 
equal quantities of the hexagonal and cubic 
phases apparently has no effect in causing 
further structural alterations on cooling. 
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Fic 2—DEBYE PATTERNS OF COBALT FILINGS HEATED AT 350°C FOR VARIOUS TIMES, 
(a) 4 hours (b) 87 hours (c) 1675 hours (d) 2900 hours. 
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The structural changes resulting from 
prolonged heating at temperatures near 
600°C and above do not necessarily imply 
that a “critical” temperature must be 


TaBLE 3—Room Temperature X ray Data 
for Severely Deformed Cobalt Filings, 
Heated at Different Temperatures for 

Various Times 


Tempera- 


fare eG Time Phases 
600 35sec j Hex. + little cubic 
600 I min. | Hex. + appreciable cubic 
600 2 min. | Cubic 
600 5 min. | Cubic 
600 I hr Cubic 
600 14-hr Cubic 
600 60 hr Cubic + appreciable Hex. 
600 158 hr Equal amounts of Hex. and 
cubic 
600 761 hr Equal amounts of Hex. and 
cubic 
600 1773 br Equal amounts of Hex. and 
cubic 
_700 35 sec | Cubic 
700 I min. | Cubic 
700 2 min. | Cubic 
700 5 min. | Cubic + little Hex. 
_ 700 thr Equal amounts of Hex. and 
cubic 
700 14 hr Equal amounts of Hex. and 
cubic 
700 86 min. | Equal amounts of Hex. and 
cubic 
800 35 sec | Cubic 
800 5 min.} Equal amounts of Hex. and 
cubic 
800 2 hr Equal amounts of Hex. and 
cubic 
800 48 hr Equal amounts of Hex. and 
. cubic . 
800 86 hr Equal amounts of Hex. and 
cubic 


ee ne 


reached before such changes can occur. 
Very likely the times employed at lower 
temperatures (above the transition tem- 
perature) were not of sufficient duration to 
show the same phenomenon. 


* 800 to.1300°C 


The data of Table 4 indicate that above 
800°C. the time necessary to cause struc- 
tural changes on cooling is apparently so 
short that the cubic phase alone can not be 
retained at room temperature. The most 
significant feature of the results in this 
temperature range is the fact that for all 
times at temperature the same amount of 
the hexagonal phase forms on cooling, 
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regardless of the cooling velocity. This is 
merely an extension of the same phe- 
nomenon observed at 600, 700, and 800°C. 


Miscellaneous Tests 


Several specimens which had _ been 
treated (475°C—1800 hr) to produce the 
cubic structure at room temperature were 
held at 320 and 350°C for as long as 1675 
hr. No indication of any structural change 
was apparent in the diffraction patterns of 
these specimens. 

A large number of combination heat 
treatments was performed. Fig 4 a-e, in- 
clusive, schematically indicate the nature 
of these tests and typify the results ob- 
tained. It is apparent that the high tem- 
perature treatment “washes out” the 
effects of any type of previous treatment. 
Of particular interest are the results indi- 
cated in Fig 4b, 4c, and 4e. Taken together 
these results show that the 475°C—100 hr 
treatment is capable of retaining the cubic 
structure at room temperature only when 
the treatment originates from the com- 
pletely hexagonal and deformed state. 
When the 475°C treatments originate from 
a 50 pct hexagonal and 50 pct cubic struc- 
ture (Fig 4c) or from a completely cubic 
structure (Fig 4e) the cubic phase can not 
be retained at room temperature. There can 
be little doubt that the grain size in the 
475°C treatments indicated in Fig 4c and 
4e is larger than in the 475°C treatment 
indicated in Fig 4b. The question of grain 
size and its effect will be considered in,a 
subsequent portion of this paper. 

In many cases slivers 342 X }42 X Win. 
were heat treated with the filings. The 
slivers did not behave in the same manner 
as the filings and it was not possible by heat 
treatment of the as-cut slivers to retain a 
completely cubic structure at room tem- 
perature. This observation is in agreement 
with the results of Edwards and Lipson.” 
However, after severe deformation it was 
possible to obtain the cubic structure in 
slivers at room temperature. For example, 
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(a) (b) (c) (d) (e) 
Fic 3—DEBYE PATTERNS OF COBALT FILINGS HEATED AT 600°C FOR VARIOUS TIMES. 
(a) 35 seconds (b) 5 minutes (c) 14 hours (d) 60 hours (e) 1773 hours. 


A. R. TROIANO AND J. L. TOKICH 


an as-cut sliver was heated at 550°C for 
I§ min. and contained approximately one- 
third cubic and two-thirds of the hexagonal 
structure after cooling to room tempera- 
ture. After severe deformation to produce 
an all-hexagonal structure and heating to 
550°C for 15 min. (see Table 2) it was com- 
pletely cubic at room temperature. Follow- 
ing this, the same sliver was lightly 


TABLE 4—Room Temperature X ray Data 
for Severely Deformed Cobalt Filings, 
Heated at Different Temperatures for 

Various Times 


Tempera- 


hae eOC Time Phases 

900 5 min. | Equal amounts of Hex. and 
cubic 

900 15 hr Equal amounts of Hex. and 
cubic 

1000 5 min. | Equal amounts of Hex. and 
cubic 

1000 I hr Equal amounts of Hex. and 
cubic 

1000 14 hr Equal amounts of Hex. and 
cubic 

1250 5 min. | Equal amounts of Hex. and 
| cubic 

1250 thr Equal amounts of Hex. and 
cubic 

1250 Pishe Equal amounts of Hex. and 
cubic 

.1250 24 hr Equal amounts of Hex. and 
cubic 

1250 44 hr Equal amounts of Hex. and 
cubic 

1300 5s min. | Equal amounts of Hex, and 
cubic 

1300 thr Equal amounts of Hex. and 
cubic 

1300 5 hr Equal amounts of Hex. and 
cubic 


deformed at room temperature to again 
produce approximately the same original 
percentage of the two structures. It was 
reheated to 550°C for 15 min. and again 


- exhibited the all-cubic structure at room 


temperature. Finally, an initially unde- 
formed coarse-grained sliver (spotty Debye 
lines) was lightly deformed to approxi- 


mately the same extent as the all-cubic 


sliver described above. This was heated at 
sso°C for 15 min. On cooling to room tem- 


perature it was not completely cubic but 


contained approximately two-thirds of the 
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hexagonal and one-third of the cubic struc- 
ture with slightly spotty Debye lines. Ap- 
parently the retention of the cubic phase 
at room temperature is independent of the 
initial amount of the cubic and hexagonal 
phases present and depends on the defor- 
mation only to the extent in which it con- 
trols the cubic grain size. 


THERMAL ANALYSIS 


If the small (0.04 X 0.04 X 0.015 in.) 
cobalt specimens used to record time-tem- 
perature curves were severely deformed 


TABLE 5—Cubic — Hexagonal Transforma- 
tion Temperature for Cobalt 


Cooling Velocity Transformation 


Specimen* at 700°C—°C 
merece Temperature °C 
Ai 1800 391 
Ag 650 387 
As 250 386 
Bi 2200 392 
Bz 1600 387 
Bs 400 389 
Cc 30 386 
Di 1450 392 
De 500 387 
D3 200 386 
Ds 50 388 
Ei 3000 390 
Ee 2800 380 
Fi 1900 391 
Fe 40 387 
G 100 388 
H 2600 390 


* A, Ao, As, and so on, refer to quenching of same 
specimen. 


prior to heating, they became transforma- 
ble only after repeated cycling above and 
below the transformation temperature. 

The effect of various cooling velocities 
upon the cubic — hexagonal transition 
temperature is summarized in Table 5. 
These results are for specimens heated at 
800 to 1000°C for times varying from Io 
min. to 3 hr. Within the limits of accuracy 
of this method, it is evident that the tem- 
perature of the beginning of the cubic 
—> hexagonal transformation is not affected 
by cooling velocity. 
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The experimental set-up did not permit 
the use of a wide range of heating velocities. 
However, for a heating velocity of 250°C 
per sec, measured at 400°C, the transition 
temperature was determined to be 431°C. 


1200 “Cc. 

475 ‘Cc. 100 Hours 

Room T. g 

(b) 

1200 °C. 5_Mins. 

475 “c. 100 Hours 

Room T. Shae 
* 500 

(d) 
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not sufficiently great to accomplish the 


transformation at these low temperatures. 
The high-speed thermal analysis defi- 


nitely indicated that the cubic — hexagonal 
transformation in specimens employed for 


ins. Min. 
100 Hours 
50a x< 50« 50 e< 
50¢ 50¢ 50? 
(c) 
5 Mins. 
100 Hours 
50< 
* 50 ¢ 
(e) 


Fic 4—SCHEMATIC ILLUSTRATION OF TYPICAL COMBINATION HEAT TREATMENTS. 


In order to examine the effect of lower 
temperature and time at temperature on 
the transformation, specimens were heated 
at 450 to 800°C for times extending to 16 
hr. No depression of the transition tem- 
perature was observed. Cooling curves con- 
sistently showed the thermal arrest at 
approximately 388°C, 


DIscussION OF RESULTS 


Consistent with the observation of sev- 
eral previous investigators, it has been 
demonstrated that the cubic modification 
of cobalt can be completely transformed to 
the hexagonal form by moderate deforma- 
tion at room temperature and below. The 
transformation under such conditions can 
occur only by some type of shear mecha- 
nism. It is obvious that the diffusion rate is 


thermal analysis could not be suppressed 
nor could the temperature of the beginning 
of the transformation be lowered by in- 
creasing the cooling velocity from 30 to 
3000°C per sec. This behavior rules out a 
diffusion-type of reaction. 

Edwards and Lipson!’ in a careful and 
comprehensive investigation of cobalt, 
employing a high-temperature camera, 
clearly demonstrated that the cubic = 
hexagonal transformation progresses only 
while the specimen is cooling and its prog- 
ress is not dependent upon time at tem- 
perature. A two phase pseudo-equilibrium 
appears to exist. In‘the present investiga- 
tion it was shown that the relative propor- 


tions of the cubic and hexagonal phases at - 


room temperature were always approxi- 
mately the same regardless of the cooling 


velocity, for those specimens which ex- 


¢ 
‘ 
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ceeded a definite minimum time at tem- 

perature. These observations are not 

consistent with a diffusion controlled 
_ transformation. 

All of the above definitely places the 
cubic — hexagonal transformation of 
cobalt under certain conditions in the 
category of a martensite-type of transfor- 
mation. Troiano and Greninger? have re- 
cently outlined and generalized the salient 
features of the martensite transformation. 
The universal nature of this mode of 
transformation® was indicated by demon- 
strating its occurrence in carbon-free 
ferrous alloys, non-ferrous alloys and ex- 
tending the generalization to allotropic 
transformations in pure metals. The be- 

havior of the transformation in cobalt 
satisfies a sufficient number of Troiano and 
Greninger’s criteria to classify it as a mar- 
tensite transformation. 

It has been shown that heat treatment 
slightly above the transition temperature 
_ will suppress the cubic — hexagonal trans- 
,formation on cooling to room temperature; 

while high temperature treatments cause a 
_ structural change on cooling such that 
‘substantial amounts of the hexagonal struc- 

ture is present at room temperature. The 
~ combination treatments of the filings illus- 

trated in Fig 4 and particularly the 550°C 
- treatments of the slivers indicate that this 
_ phenomenon is independent of the relative 
~ amounts of the cubic and hexagonal phases 
~ present at room temperature, and also of 
- the state of deformation for light deforma- 
tions. The only remaining variable appears 

to be the grain size of the cubic phase 
above the transition temperature. The 
time-temperature relations of the heat 
treatments necessary to eliminate the 
retention of the cubic structure at room 
temperature are suggestive of grain growth. 
For example at 600°C (see Table 3) filings 
will require less than 2 min. to transform by 
diffusion from the hexagonal to the stable 
cubic phase with a fine grain size. On 


continued holding at this temperature 


" 
5 5 


, 
¥ 
a 
. 
~ 
~ 


grain growth will proceed until at some 
time between 14 and 60 hr a “‘critical”’ 
grain size will exist beyond which it is no 
longer possible to retain the cubic phase at 
room temperature. At 158 hr and longer 
additional grain growth is without further 
effect on the transformation. Obviously 
there is a grain size range existing between 
14 and 158 hr at 600°C in which varying 
amounts of the hexagonal phase up to 
approximately 50 pct will form on cooling 
to room temperature. Also the tempera- 
ture at which the cubic — hexagonal trans- 
formation starts on cooling (M,) may be 
lowered® in this grain size range. The 
analogy with the well-known phenomenon 
of stabilization is striking. Quantitative 
data on the relative amounts of the two 
phases present at room temperature and 
on the amount of lowering of M, as a func- 
tion of time, temperature, and grain size 
would offer substantial possibilities for a 
better understanding of the fundamental 
nature of this phenomenon. However, this 
phenomenon is not, without precedent in 
other systems involving the formation of 
martensite. For example, it has been the 
experience of one of the authors that a 
relatively large, coarse-grained specimen 
of iron plus 32 pct nickel will form an ap- 
preciable quantity of martensite on cooling. 
from room temperature to —77°C; but 
filings cooled to — 192°C will not transform. 
This and other similar observations previ- 
ously described as a specimen-size effect 
may, on re-examination be more specifically 
attributed to the grain size.* In fact, 
Scheil2° observed a lowering of M, of 35°C 
by changing the grain size from o.1 mm? to 
less than o.or mm?, in an alloy of iron plus 
29 pct nickel. 

Edwards and Lipson, from a considera- 
tion of the difference in the behavior of rod 
and powder specimens, postulated that this 
behavior was caused by differences in grain 
size—a conclusion supported by this inves- 


*An investigation of this phenomenon is 
now in progress in our laboratories. 
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tigation. From an analysis of the imperfect 
nature of the hexagonal lattice, they for- 
mulated a theory which indicated that the 
free energy is lowered more for small crys- 
tals than for large ones, and so the transi- 
tion temperature should be higher the 
smaller the grain size. As they point out, 
this is contrary to the facts. In view of the 
demonstrated martensite nature of the 
transformation, any complete solution of 
the anomalous behavior of cobalt must be 
considered from the point of view of a 
shear-type diffusionless transformation. 

The question arises as to the true transi- 
tion temperature. Filings severely déformed 
to produce the hexagonal structure trans- 
formed slowly to the cubic phase at 320°C. 
At 350°C it was apparent that the amount 
of the cubic structure was slowly increasing 
with time. Filings previously treated to 
produce a completely cubic structure did 
not change on prolonged heating at 320 and 
350°C. On the other hand the thermal 
analysis indicated that the beta — alpha 
transformation will start at approximately 
388°C (M,) regardless of the cooling veloc- 
ity. It is hardly conceivable that the mar- 
tensite transformation can be initiated at a 
temperature above the transition tempera- 
ture. The grain size variations between the 
thermal analysis specimens and the filings 
was not evaluated. However, this variable 
should be amenable to the same type of 
experimental analysis as applied to the 
slivers. Presumably the grain size for the 
filings was smaller than for the thermal 
analysis specimens. On this basis, it ap- 
pears that the true equilibrium transition 
temperature of cobalt for specimens having 
a grain size less than some minimum value 
is a function of the grain size; while for 
relatively coarse-grained specimens the true 
transition temperature is independent of 
the grain size and can not be below 388°C. 
Because of the slight energy change in- 
volved in this transition, it is probable that 
the true transition temperature is at 388°C 
or only slightly higher. 
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Admittedly the results of this investiga- 
tion do not offer a complete solution to the 
cobalt problem. Obviously such a solution 5 
must await, among other things, a better ? 
understanding of the fundamental nature — 
and causes of the martensite transforma- 
tion. However, many of the anomalies 
reconsidered on the basis of a martensite — 
transformation and other observations — 
made here become less perplexing and may _ 
at least be catalogued in terms of more © 
familiar behavior. For example the two — 
phase pseudo-equilibrium is‘a natural con- f 
comitant phenomenon of the martensite © 
transformation. Previous conflicting ob- 
servations on the high-temperature modi- 
fication of cobalt can be now rationalized 
on the basis of the non-suppressible nature 
of the martensite transformation and the 
effect of grain size. The martensitic nature 
of the transformation carries over to many 
cobalt-rich alloys whose structures are 
based on alpha and beta cobalt. The binary 
phase diagrams of cobalt with various ele- 
ments give ample evidence of this fact and 
the confusion it has caused. The danger 
involved in not recognizing a martensite 
transformation in equilibrium studies has 
been carefully described by Troiano and 
McGuire.”! 

The possibility that the hexagonal lattice 
in cobalt may not be a stable form but 
merely a transition structure should be 
carefully explored. Such a highly specula- 
tive concept receives considerable stimulus 
by comparison with the gamma +; epsilon 
transformation in iron-manganese alloys?! 
where the epsilon structure although ex- 
tremely persistent is not a stable form. 


=“ 
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DISCUSSION 
(G. Sachs and W. M. Baldwin, Jr. presiding) 


G. Sacus—The preceding lectures of this 
session dealt with phenomena which were 
determined primarily by diffusion. The last 
lecture and some of the following lectures, how- 
ever, discuss phenomena in which diffusion 
a plays only a minor role. 
: Only a few years ago, changes in the solid 
4 state were generally attributed to diffusion. 
However, about 20 years ago it was detected 
, that many transformation and precipitation 
processes are not governed by diffusion but by 
mechanical phenomena similar to shearing of 
single crystals. 

The last lecture presents considerable mate- 
rial for further thinking and speculating. It 
appears to me that the phenomena observed 
_ by the authors may be rather universal. Some 
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years ago we found on quenching certain iron- 
nickel alloys* also, that the high temperature 
phase was retained if quenched from slightly 
above the transformation temperature. How- 
ever, it decomposed partially if quenched from 
very high temperatures. I also wonder now 
whether the conception is quite correct, that 
the quantity of retained austenite after marten- 
sitic quenching is primarily a function of the 
(minimum) temperature. 


A. R. Trorano (authors’ reply)—I agree 
with Dr. Sachs that the grain size phenomenon 
is probably quite common to most martensite 
transformations. We have already confirmed 
the existence of the grain-size effect on the 
gamma-epsilon transformation in an alloy of 
Fe plus 20 pct Mn, as well as in 3 out-of 4 hypo- 
eutectoid alloy steels investigated. More 
specific information on these experiments will 
be published in the near future. The phenome- 
non described by Sachs and Spretnak corre- 
lates well with our own experience in Fe-Ni 
alloys and undoubtedly may be attributed to 
a grain size effect. 

I still feel that it is correct to consider that 
basically, the quantity of retained austenite 
after martensitic quenching is primarily a 
function of the temperature. However, it is 
true that as our knowledge of martensite 
transformation characteristics is extended, it 
becomes increasingly apparent that other 
superimposed phenomena may alter the quan- 
titative aspects of the temperature dependence. 


G. Sacus—I would like to ask one more 
question. Do you imply that the transforma- 
tion will never be complete, even if you reduce 
the temperature to extremely low values? 


A. R. TrorANo—It is not possible to general- 
ize the answer to this question. Briefly, under 
certain conditions it is usually possible to com- 
plete the transformation by sub-zero treat- 
ment. However, under other conditions of 
stabilization etc, the same alloy apparently will 
not completely transform regardless of how low. 
a temperature may be employed. 


J. R. Dotct and C. M. Scawartz{—The 
authors are to be congratulated on their excel- 


*G. Sachs and J. Spretnak: The Structure 
and Properties of Some Iron-nickel Alloys. 
Trans. AIME (1941) 145, 340-356. 

+ Battelle Memorial Institute. 
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lent demonstration of the martensitic nature of 
the transformation in cobalt. Their work is 
especially valuable because of the detailed 
study of the effect of heat-treating tempera- 
ture and time on the amount of the cubic phase 
transforming to hexagonal on cooling. This 
study correlates many observations not pre- 
viously understood. 

In commenting on the paper, we would like 
to question a few statements made by the 
authors in discussing the experimental results. 
It is stated that the cubic structure in filings 
can be entirely transformed to the hexagonal 
by deformation. However, the X ray diffrac- 
tion patterns of the ‘“‘all-hexagonal”’ structure 
(Fig tb and rc) are not representative of an 
all-hexagonal structure. A pure hexagonal 
structure should show nearly equal intensities 
for the (10.0) and (00.2) diffraction maxima 
as in magnesium, whereas Fig 1b and 1c show a 
much lower intensity for the (10.0) maximum 
than for the (00.2), which is overlapped by the 
(111) plane of the cubic phase. Therefore, an 
appreciable amount of the cubic phase must be 
present in Fig rb and rc. 

As a matter of interest, it is noted that the 
(10.0) maximum of the hexagonal is sharp, even 
after the cold work, whereas the (10.1) maxi- 
mum, and also the (10.3), are especially diffuse. 
These facts indicate that the hexagonal phase 
formed during cold working is largely the type 
of hexagonal described by Edwards and 
Lipson* and analyzed by Wilson.t Wilson 
deduced that the preferred diffuseness of the 
hexagonal diffraction maxima was due to its 
having twinning planes only a few atomic dis- 
tances apart. Examination of the authors’ 
Fig 3a shows that the hexagonal remaining 
after 35 sec at 600°C has the same character- 
istic of showing some diffraction maxima diffuse 
and others sharp. We have noted this result 
on samples held in a high temperature camera. 
The last remaining hexagonal phase showed the 
(10.1) maxima more diffuse than the (10.0), 
though the diffuseness due to cold work had 
’ been removed by previous heat treatment. 

The stability of the cubic phase formed from 
the hexagonal slightly above the transition 
temperature was verified independently in this 


*O. S, Edwards, and H. Lipson: Proc. Roy. 
Soc. 180-A, 268 (1942). 

t A. J. C. Wilson: Proc. Roy. Soc., 180-A, 277, 
(1942). 
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laboratory using a high-temperature Debye 
camera. Patterns taken slightly above the — 
transformation showed almost the same rela- — 
tive amounts of cubic and hexagonal forms ~ 
when photographed at the holding temperature 
as they did when subsequently photographed ~ 
at room temperature. 

The authors report that increasing amounts ~ 
of cubic phase are observed with increasing — 
holding times at 320 and 350°C (Fig 2a to 2e) 
which temperatures are below the beginning 
of the cubic — hexagonal transformation tem- 
perature on cooling. We have already pointed © 
out that considerable cubic was present in the : 
deformed filings before heating. It is suggested — 
that the authors reconsider this point in view — 
of the possibility that the cubic pattern might _ 
be becoming sharper because of strain relief, ‘ 
and thus more easily detectable. If the authors 
estimated the amounts of cubic from the : 
intensity of the (200) cubic diffraction maxima, | 


Oe eae ey 


the amount might be underestimated after 
holding times which were too short to relieve 
strains. 

The authors’ contention that the loss of 
stability of the cubic phase on increased heat- 
treating temperature above the transformation 
point is due to grain size, appears very logical. 
The results of their proposed study of the 
effects of cubic grain size on the transformation 
to hexagonal on cooling will therefore be 
awaited with interest. Properties, other than 
grain size, which may change with heat- 
treating temperature, must also be considered 
before the result can be ascribed to grain size 
alone. The authors’ statement that the grain — 
size of the filings should be less than the grain 
size of solid samples need not be always true. 
Filings heated at 900°C and above are usually 
sintered, and therefore, may have grains larger 
than the original powder particles. Grain-size 
studies should be made on filings as well as 
block material. 

Our experiments with a high temperature 
camera showed that a trace of hexagonal phase 
existed after 2 hr at 525°C. It may be very 
difficult to eliminate the last traces of the 
hexagonal phase, and this might account for 
some—though not all—of the hexagonal phase. 
observed by the authors in every sample. 

High temperature camera studies of the 
type of samples studied by the authors would. 
be very desirable. : 


i 
: 
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DISCUSSION 


R. SMoLucHowsxk1*—The problem of poly- 
morphic transformation of cobalt is very 
interesting indeed. Recently Dr. L. J. E. Hofer, 
of the U. S. Bureau of Mines, and myself have 
made a study of the structure of very fine cobalt 
powder, which is obtained in connection with 
Fischer-Tropsch synthesis. It is actually a 
mixture of cobalt, thoria, and kieselguhr. An 
X ray pattern obtained with this powder 
shows only diffraction lines of cobalt; the other 
two constituents contribute mainly to the 
diffuse background. The pattern obtained 
_ shows all the lines of the hexagonal close- 
packed lattice, however, with anomalous 
intensities similar to those observed by 
Edwards and Lipson. The pattern can be 
explained in terms of a “layer structure”’ of 
dense-packed (111) planes which are essentially 
in a hexagonal sequence ABAB .. . with 
frequent out-of-step ‘‘cubic” planes ABA B- 
CBCB. .. . These out-of-step planes seem to 
be two to three times as frequent as observed 
by the British authors. This would be in accord 
with the fact that our powder was much finer 
and so the entropy term would play a rela- 
tively larger role in the free energy of the 
crystal. A more quantitative study of this 
structure is still in progress. 


A. R. Trorano (authors’ reply)—We shall 
- look forward to a further analysis by Professor 
Smoluckowski of the anomalous line intensities 
which have been observed in cobalt under 
various conditions of thermal and/or mechan- 
ical treatment. 

_ We are pleased to note the several con- 
_ firmatory observations of Messrs. Doig and 


* Carnegie Institute of Technology. 
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Schwartz. Grain size observations of a quali- 
tative nature have been made on both filings 
and block material. None of these observations 
has been of a nature that would invalidate the 
grain size effect concept. 

Unfortunately, there appears to be some 
misunderstanding regarding the criterion of 
the absence of the cubic structure, following 
deformation. All diffraction lines of major 
intensity characteristic of the hexagonal and _ 
cubic structures virtually coincide, with one 
important exception. The {200} -reflection of 
the face-centered cubic lattice is well separated 
from any hexagonal reflection (compare, for 
example, Fig 1a and 1c). In as far as the absence 
of any diffraction spectrum may indicate the 
absence of the structure involved, this con- 
stituted the criterion for the all-hexagonal 
structure. Under the particular conditions 
involved in this investigation, we feel confident 
that no cubic cobalt was present after moderate 
to severe deformation at room temperature. 
If the {200} reflection of the cubic structure 
also coincided with one of the hexagonal 
reflections, we do not feel that the analysis 
presented in this paper would have been 
possible at this time. This is largely because 
of the anomalous line intensities of the hex- 
agonal structure which are not yet amenable 
to a rigid quantitative analysis. Also other 
factors such as preferred orientation following 
deformation would seriously complicate such 
an analysis. These considerations indicate 
why the observations made at 320 and 350°C 
were not explained on the basis of strain relief. 

We definitely share the discussers’ opinion 
that further analysis with a high-temperature 
X ray camera would be desirable. 
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INTRODUCTION 


In the iron-cobalt system there are sev- 
eral property-composition relationships of 
theoretical importance. The alloys are 
ferromagnetic exhibiting a maximum satu- 
ration at approximately 33 at. pct cobalt;! 
the interatomic distances at room tempera- 
ture show large positive deviations from 
Vegard’s rule;? and in the region of 50 at. 
pet cobalt there is an _ order-disorder 
transition? which has a large effect on 
other properties. The thermal expansion 
data for the system have been reported®:4:5.6 
only from room temperature to 100°C, 
and for this temperature range a minimum 
in coefficient in the region of 50 at. pct 
cobalt is well established.*:4.6 

This paper reports the expansion prop- 
erties in the iron-cobalt system for tem- 
peratures from 30 to 850°C, shows the 
correlation with other physical properties, 
and proposes an explanation for the 
interrelation. 


EXPERIMENTAL PROCEDURE 


The thermal expansivities of iron-cobalt 
alloys in 10 pet steps in composition were 
determined from 30 to about 850°C. The 
major series of alloys was prepared by 
induction melting from Armco iron and 
cobalt rondelles with the addition of about 
0.6 wt pct manganese. This series was 
supplemented by three compositions: high 


Manuscript received at the office of the Insti- 
tute October 7, 1947. Issued as TP 2320 in 
METALS TECHNOLOGY, February 1948. 

* Members of the Technical Staff, Bell Tele- 
phone Laboratories, Inc., New York, New 
York. 

1 References are at the end of the paper. 
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purity electrolytic iron, high purity electro- 
lytic cobalt, and an alloy of 52.1 wt pct 
cobalt prepared from the high purity 
electrolytic iron and electrolytic cobalt by 
vacuum-melting. The compositions of both 
serics of alloys are given in Table t. 

The specimens for measurement were 
prepared from the cast ingots by first hot- 
swaging followed in most instances by 
cold-swaging to o.180-in. diam rod. Some 
alloys in the region of sc pct cobalt, 
because of inherent cold-brittleness, were 
swaged hot to the final diameter. The 
expansion specimens were approximately 
216 in. long with flat-ground and polished 
ends. Before measurement they were 
annealed in hydrogen for 1 hr at goo°C. 

In the apparatus used for the thermal 
expansivity measurements (Fig 1), a 
modification of that designed by Hidnert 
and Sweeney,’ the differential expansion 
between the specimen and vitreous silica 
was measured by a dial micrometer reading 
to o.cor mm. An invar fixture supported — 
the dial gauge, and this fixture, in turn, was 
connected to a split invar collar which 
supported the outer silica tube. A pyrex 
“TT”? was placed over the outer silica tube 
and was sealed to the invar collar by 
Apiezon Q sealing compound.:A movable — 
hollow vitreous silica rod which rested on 
top of the test specimen slid through a 
flexible rubber diaphragm cemented to the 
top of the pyrex “T.” The specimen 
rested on a vitreous silica pedestal fused 
into the outer tube and was kept centered 
by a silica sleeve. 

A nonoxidizing atmosphere was ob- 
tained by admitting hydrogen into the 
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side arm of the ‘“T.” The gas traveled 
downward and out through holes provided 
in the hollow push rod. A flow of 75 cc per 
min. kept all the alloys from oxidizing. 
The temperature of the sample was 
measured by a chromel-alumel thermo- 
couple the hot,junction of which was placed 
in an 0.05-in. hole drilled in the sample. 
The sample was heated with an auto- 
matically-controlled well-insulated wire- 
wound resistance furnace, 3 ft long, with a 
temperature variation over the sample 


TABLE 1—Compositions and Thermal Expansivities of Iron-cobalt Alloys 


Chemical Analyses* Weight Per Cent 
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eter® and the results compared with those 
of the dial gauge dilatometer. The accuracy 
of the dial gauge dilatometer was found 
to be approximately +0.03 X 107$ in. per 
in. The expansivities on heating and 
cooling, except in experiments where the 
specimen went through a phase change, 
agreed to within 0.20 X 107% in, per in. 
This difference, which corresponded to a 
shrinkage at high temperatures, was prob- 
ably caused by deformation of the sample. 
Where the data indicated this apparent 


Thermal Expansivitiest 
Al/l 30 X 10? 


Alloy No. 
Co Fe Mn Si Cc Ni_ | 200°C | 400°C | 600°C | 800°C 
SEGRE yc ae Chae Ct gtene Le HEROIC 10.2 890.4 0.31 <0o.01 BPO 1 Ae72, i 7258) [OAs o 
SDS ee Sa a SN and ar 20.0 719.2 0.47 Nil 1.86 | 4.18 | 6.80 9.58 
SEIS ain cine Seo ate eno 30.2 | 69.4 0.45 Nil 1.82 | 4.06 | 6.56 9.32 
BORA Rertrapeie te esa Ssicaud ci Ele salle, 0 40.I | 50.4 0.44 Nil T.7 | 35921-6336 9.14 
COS EIB Acree tN CR CROKE a RC 50.1 | 49.2 0.47 <0.01 D608. lesa72) 5.82 8.60 
(WLIGY Sh ar ORM Oe ar seen 59.8 | 39.4 0.58 | <o.or 1.72 | 3.88 | 6.28 9.08 
CCEA 2, Re Et ene 69.6 29.8 0.39 <0.01 1.88 | 4.16 | 6.78 9.66 
TCHS RMN eich os nin Sat eg 70.4 20.2 0.48 0.01 Ze LO esas S alg ee Ol 9.66 
oo Mp pe a aera ae (89.6) 9.6 0.63 0.03 2.12 | 4.78 | 7.54 | 10.70 
RSS ees Beep te onli e feuei's (98.9) 0.1 0.63 0.09 | 0.20 3232 | 525271 8,.00, | 12.08 
-9) 0.05 | Trace 0.02 Nil O04: "2.44 15.341) 9.28 |) 12.58 
nes 0:0t. tT, 661) 13 72),) 5.80 8.56 
0.02 2 22 es ean sor \l De,50) 


* All values in parentheses were obtained by difference. 
Cobalt rondelles from which alloys 5931 to 6072 were prepared contains 0.25 Ni. 


Electrolytic cobalt contains 0.01 Cu and 0.003 S. 


Electrolytic iron contains 0.008 P and 0.002 S. 


_ General qualitative spectrochemical analysis of R 340 revealed only traces of Ag, Cu, Mg and Na. General 
qualitative spectrochemical analysis of 6013 revealed the presence of Al, Ni, and possibly Cu as impurities and 


traces of Ag, Ca and Mg. 


+ Thermal expansivity data reported to nearest 0.02 X 10% and is accurate to +0.03 X 10%. Data 
given for electrolytic iron, electrolytic cobalt, and alloy 6013 are for heating only. 


length not exceeding 1°C. The whole 


apparatus was tilted at an angle of 13° 
from the vertical. Except for transforma- 
tion studies the heating rate was about 
200°C per hour. The cooling rate from 900 
to 600°C was about 100°C per hr and then 
decreased as the temperature became lower. 
Measurements were made at intervals of 
about 25°C except in transformation 
studies where the intervals were smaller. 
The apparatus was calibrated with both 
high purity platinum and vitreous silica. 
In addition, sample R340 (52.1Co) was 
measured with an interferometric dilatom- 


shrinkage, a correction, was made for it. 
This affected the expansivity values only 
above 7oo°C. Individual measurements 
taken on heating or cooling seldom varied 
by more than +0.02 X to78 in. per in. 
from the average heating or cooling curve. 


EXPANSION CHARACTERISTICS 
OF THE TRON-COBALT SYSTEM 


Thermal expansion curves from 30 to 
approximately 850°C for all the composi- 
tions listed in Table 1 are given in Fig 2 
and 3. The expansivities to several tem- 
peratures are given in Table 1 and plotted 
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Fic 1—SCHEMATIC DIAGRAM OF DILATOMETER. 


THERMAL EXPANSION PROPERTIES OF IRON-COBALT ALLOYS 


inant 


in Fig 4. The linear coefficients of thermal _ 


expansion (1/1 dl/dt) at 200, 400, 600 and 
750°C are plotted as functions of composi- 
tion in Fig 5. These were determined by 
graphically measuring the slopes of the 
expansivity curves at the temperatures in 
question. The temperature, 750°C, was 
chosen to be below the minimum Curie 
temperature of the system. As an aid to the 
interpretation of these data, the phase 
diagram for the Fe-Co system* is given in 
Fig 6. Atomic compositions as well as 
weight compositions are given in Fig 4, 5, 
and 6 since the data will be interpreted on 
the basis of atomic composition. 

The thermal expansion properties of the 
iron-cobalt system do not vary linearly 
with atomic composition from iron to 
cobalt. The additions of cobalt to iron and 
iron to cobalt in equilibrium or near 
equilibrium alloys lower the expansivities 
(Fig 4) at first rapidly, then more gradu- 
ally, and finally, again rapidly in the region 
of 50 at. pct cobalt. The linear coefficients 
of expansion at 200, 400 and 600°C (Fig 5) 
show these same trends. In the region of 
50 at. pct cobalt where the presence of 
long range order has been established,” the 
sharp minimum in the curve of the coeffi- 
cients. intensifies as the temperature is 
raised to 600°C but disappears above the 
critical temperature of order (725 to 735°C). 
The coefficients for a quenched sample of 
50.1 Co (48.7 at. pct) at 200 and 400°C, are 
larger than those obtained by slowly cool- 
ing. This indicates a.difference in the ex- 
pansion properties depending on the degree 
of order. 

The minimum in the curve of the coeffi- 
cients (Fig 5) at 600 and 750°C in the 
region of 80 Co is associated with a two 


phase portion of the system (Fig 6). In this - 
region the ratio of @ to y decreases on 


heating. The lower measured coefficient of 
expansion indicates that the a to y trans- 
* Taken from an article by W. C. Ellis and 


E. S. Greiner to be published in the forth- 
coming edition of the ASM Metals Handbook. 
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formation is accompanied by a volume de- 
crease. The expansion curves for lower 
cobalt contents are not shown extended to 
the temperature of the complete a-y trans- 
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ature range of the close-packed hexagonal 
(e) to face-centered cubic (vy) transforma- 
tion is 438 to 455°C on heating and 385 to 
375°C on cooling. With impure cobalt the 
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» FIG 2—THERMAL EXPANSIVITIES FROM ZOuG: OF IRON-COBALT ALLOYS, 0 TO 50 WT PER CENT COBALT. 
Solid line is for both heating and cooling except w 


here indicated. The values at 30°C are displaced 


successively two units to separate curves. 


formation. In a few instances where this 
was done a discontinuity was found similar 
to that given in Fig 2 for electrolytic iron. 


Thermal Expansion of Cobalt 


From the investigation of the expansion 
of electrolytic cobalt (Fig 3), the temper- 


transformation is spread over a larger tem- 
perature range. This transformation in 
cobalt has been subject to many investiga- 
tions? with no complete concordance on the 
temperature or the completeness of the 
transformation. The permanent length 
changes in the present cobalt specimens 
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after heating and cooling are probably show that the atoms are 0.16 pct farther 

associated with the difficulties in obtaining apart at room temperature in the face-_ 

complete transformation on cooling. centered cubic than in the hexagonal ar- 
In the present investigation a length in- rangement. This finding is qualitatively 
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Fic 3—THERMAL EXPANSIVITIES FROM 30°C OF IRON-COBALT ALLOYS, 59.8 TO 100 Co. 


Solid line represents both heating and cooling except where indicated. To separate curves the 
values at 30°C are successively displaced two units. 


crease of approximately 0.08 pct on trans- consistent with the volume increase re- 
formation from the hexagonal or part ported above. 

hexagonal to the face-centered cubic ar- 
rangement was found. Unpublished results?° 
on the interatomic distance between nearest Iron-cobalt alloys near so at. pct Co — 
neighbor atoms in the two modifications which have been well ordered by slowly 


Thermal Expansion in the Region of Order 
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cooling from above the critical ordering 
temperature have larger cell sizes at’ room 
temperature than alloys quenched from 
above the critical ordering temperature.? 
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expansion curve in this experiment (Fig 7) 
is interpreted as the critical temperature 
of order and agrees well with 732°C deter- 
mined in a previous study? by thermal 
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Fic 4—THERMAL EXPANSIVITIES OF IRON-COBALT ALLOYS. 


+ High purity alloys. X Manganese containing alloys. ®) heating of a quenched manganese-con- 
taining alloy. 


Hultgren and Zapfe! reported a similar 
relation between the cell size and cooling 
rate for ordering alloys in the iron-pal- 
ladium system. Previous to these findings 
ordering was always considered to be ac- 
companied by a decrease in cell size. 

To study in more detail the volume 
changes accompanying ordering the ther- 
mal expansivity of an alloy containing 50.7 
at. pct cobalt (R340) was measured by 
slowly cooling from 800°C in an inter- 
ferometric dilatometer. This dilatometer, 
described by Nix and MacNair,® is more 
accurate and better suited than the dial 
gauge dilatometer for studying volume 
changes accompanying ordering.1? The 


| break at:725°C in the linear coefficient of 


methods for an alloy containing 50.3 at. pct 
cobalt. 

‘As demonstrated by the small sharp rise 
in the coefficient just below the critical 
ordering temperature (Fig 7) a very small 
volume décrease accompanies ordering 
under equilibrium conditions. Since the 
larger room temperature cell sizes of 
the well ordered alloys as compared to 
quenched alloys are then not due to a vol- 
ume increase during equilibrium ordering, 
the most reasonable assumption to explain 
the cell sizes is that the well ordered 
samples have lower coefficients of expan- 
sion in the temperature range below which 
ordering is taking place. ; 

To study the expansion behavior further 
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another experiment was performed in 
which a sample of a 48.8 at. pct cobalt alloy 
(6072), which also contained 0.49 at. pct 
Mn, was quenched in cold water after first 
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a slow cooled sample from room tempera- 

ture to 800°C. The cooling and heating 

rates were approximately 1.5°C per min. 
It is evident from Fig 8 that the expan- 
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Fic 5—LINEAR COEFFICIENT OF THERMAL EXPANSION OF IRON-COBALT ALLOYS. 


+ high purity alloys. X manganese-contairling alloys. ® heating of a quenched manganese-con- 
taining alloy. 


equilibrating at 825°C. This treatment was 
designed to give a nearly random arrange- 
ment of iron and cobalt atoms in the alloy 
at room temperature. The thermal expan- 
sivity obtained by heating the alloy in this 
initial condition from 30 to 800°C in the 
dial gauge dilatometer is compared in Fig 8 
(dashed curve) with the thermal expan- 
sivity obtained by slowly cooling the same 
sample from 800°C to room temperature 
(solid curve). The latter expansivity curve 
agrees within the precision of the di- 
latometer with that obtained by heating 


100 


sivity curve for the slowly cooled, well 


ordered condition has the smaller slope and 
calculation shows the mean linear coeffi- 
cient of thermal expansion from 30 to 
400°C to be 10.0 X 10~® deg. C-! for the 
slowly cooled condition and 10.8 X 1078 
deg. C-! for the quenched condition. Since 
the temperature range is too low to expect 
atomic rearrangement, the difference be- 


tween the coefficients can be attributed to - 
the difference in the degrees of order in the — 


two initial conditions. Interpretation of 


the expansion curve for the quenched | 
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75° 


sample above 400°C is complicated by 
ordering. 

There is another important observation 
to be obtained from Fig 8. The quenched 
sample when heated to 850°C and then 
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ordering temperature, at 30°C this would 
also give a length difference of 0.6 X 107% 


in. per in. In the previous investigation? — 


the 50.3 at. pct cobalt alloy when well 
ordered was found to have a larger cell size 
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Fic 7—LINEAR COEFFICIENT OF THERMAL EXPANSION OF 50.7 ATOMIC PER CENT COBALT ALLOY - 
(R340) AS DETERMINED BY SLOW COOLING IN AN INTERFEROMETRIC DILATOMETER. 


slowly cooled to room temperature ex- 
panded approximately 0.6 X 1078 in. per 
in. This volume increase can be considered 
to be that which would be obtained if the 
degree of order were increased isothermally 
at room temperature from that of the 
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at room temperature than when quenched 
from above the critical ordering tempera- 
ture. The difference between the lattice 
constants corresponds to a length differ- 
ence of 0.7 X 1073 in. per in. The agree- 
ment among these three values obtained 
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Slow cooling or heating of a slow-cooled sample. 
——-—-— Heating of sample quenched from 825°C. 


quenched to that of the slowly cooled 
condition. If the coefficient of expansion 
for the alloy when quenched is assumed to 
be constantly 0.8 X 107® deg. C~! higher 
than when slowly cooling below the critical 


by different methods is good and consti- 
tutes further evidence that the larger cell 
sizes of the well ordered samples at room 
temperature are caused by a smaller co- 
efficient of expansion. 
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The increase of the expansion coefficients 

of the 40 and 60 Co alloys above 400°C 

- (Fig 5) is also associated with loss of order. 
As shown in Fig 6 the critical temperature 
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the measured values at 25°C?. In this calcu- 
lation it is assumed that there has been no 
significant change with temperature of the 
number of occupied sites and that the 
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by of order for these alloys is less than that 
a for 50 Co. 


we - INTERATOMIC DISTANCES OF ALPHA IRON- 
J COBALT ALLOYS 


The experimentally determined expan- 
sivities of the iron-cobalt alloys provide the 
data necessary for calculating the distances 
between nearest neighbor atoms in single 
phase alloys at elevated temperatures from 


Fic 9— INTERATOMIC DISTANCES OF ALPHA IRON-COBALT ALLOYS. 
———— (heavy dash) Ordered configuration. 
------ (light dash) Vegard’s rule. 


contribution to expansion from the grain 
boundary material in the specimen is 
negligible. The interatomic distances are 
useful in discussing the theory for the ex- 
pansion properties in this system. Data for 
the interatomic distances of nearest neigh- 
bors at 25, 200, 600 and 750°C are given for 
the body-centered cubic (alpha) alloys in 
Fig 9. Included also are the light dashed 
lines which represent the interatomic dis- 
tances obtained by averaging the atomic 
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sizes of cobalt and iron for coordination 
number 8. (Vegard’s additivity rule.)* 


CORRELATION OF THE THERMAL EXPANSION 
PROPERTIES, INTERATOMIC DISTANCES, 
AND INTRINSIC MAGNETIZATION IN THE 

ALPHA SOLID SOLUTION 


It is evident in comparing the coefficients 
of thermal expansion and the interatomic 
distances in Fig 5 and 9, respectively, that 
there is a correlation from 200 to 600°C. 
This correlation exists also in the room 
temperature to 100°C range as evidenced 
by the expansion data of previous investi- 
gations.?.4,6 This interrelation is examined 
for the alpha alloys in detail in Fig 10 in 
which the positive deviation from Vegard’s 
rule at 200°C and the depression of the 
coefficient of expansion below a linear rela- 
tion with atomic composition at 200°C are 
both plotted as functions of the cobalt 
content. From the data in Fig 5 and 9 
similar sets of curves could be plotted for 
400 and 600°C, 

Also included in Fig 1o is a plot of the 
positive deviation of the intrinsic magneti- 
zation, (average magnetic moment per 
atom at saturation) expressed in Bohr 
magetons per atom, from a linear relation 
with atomic ‘composition. 

The striking similarity of the dependence 
of these three properties upon the cobalt 

* Approximate values for the coordination 
8 interatomic distances of cobalt at the various 
temperatures were established as follows: From 
the interatomic distance in y cobalt (coordina- 
tion 12 ) at 25°C (2.501 kX units),!° approxi- 
mate values in Y cobalt at 200, 600, and 750°C 
were calculated from the expansivity data in 
Fig 3 making the assumption that below the 
transformation temperature the e and y phases 
which coexist have the same expansion coeffi- 
cients. This approximation at most introduces 
only a small error since the coefficients are not 
appreciably different below and above the 
transformation. 

The percentage contraction on changing 
the coordination from 12 to 8 at each tem- 
perature was determined by extrapolating the 
alpha and gamma interatomic distances to 
80 Co. These percentage contractions were 
then applied to the coordination 12 interatomic 
distances for cobalt to give reasonably good 
values for coordination 8 cobalt, Extrapolation 


of the data for the alpha alloys to 100 Co gives 
approximately the same values. 
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.the possibility that a relation between these 


content in the alpha solid solution suggests 
the same fundamental origin for all of 
them. The behavior of the intrinsic mag-. 
netization is explained by a transfer of 3d 
electrons from cobalt to iron atoms.!%1416 
It is proposed that this transfer of 3d elec- 
trons is also the reason for the deviation 
from additivity of the other two properties. 
The transfer of 3d electrons from cobalt to 
iron changes the force field surrounding the 
individual atoms thus influencing both the 
expansion coefficient and the interatomic 
distance. The positive deviation from 
Vegard’s rule indicates a relative increase of 
the repulsive forces. The depression of the 
expansion coefficient indicates that the 
atoms vibrate in a more uniform force field. 


The positive deviation from Vegard’s 


rule and the depression of the coefficient 
reach a maximum for well ordered alloys 
in the region of 50 at. pct cobalt. Increasing 
the degree of order increases the number of 
unlike near neighbors; the maximum trans- 
fer of 3d electrons then occurs and, hence, 
the deviations reach a maximum. 

The lessening of both the deviation from 
Vegard’s rule and the depression of the co- 


efficient as the temperature is raised can be — 


attributed in part to a relative lessening of 
importance of repulsion from the 3d band 


compared to bands nearer the nucleus as. 


the amplitudes of the thermal vibrations 
are increased. Above 600°C these proper- 
ties are further modified by the loss of 
ferromagnetism for alloys low in cobalt. 
The loss of ferromagnetism for these alloys 
causes a depression in the expansion 
coefficient.!® 


A similar correlation between the depres- 


sion of the coefficient of expansion and a 
positive deviation from Vegard’s rule exists 
in the iron-nickel system.!®!7 This suggests 


properties may exist in other systems. 


SUMMARY 


The thermal expansivities from 30 to 
850°C in the iron-cobalt system (Fig 4) 
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decrease from the component ends of the 
system to a minimum in the region of so 
at. pet cobalt. The linear coefficients of 
expansion (Fig 5) at 200, 400 and 600°C 
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pansion coefficient, interatomic distance, 
and intrinsic magnetization—from a linear 
relation with atomic composition is pointed 
out. The behavior of the intrinsic magneti- 
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NEGATIVE DEVIATION OF THE EXPANSION COEFFICIENT 
AT 200°C FROM A LINEAR RELATION WITH COMPOSITION 


— —— POSITIVE DEVIATION OF THE INTERATOMIC DISTANCE 
FROM VEGARDS RULE AT 200°C IN KX UNITS 


esaoce POSITIVE DEVIATION OF THE INTRINSIC MAGNETIZATION 
FROM A LINEAR RELATION WITH COMPOSITION IN BOHR 


MAGNETONS PER ATOM 


Fic 10—THE NEGATIVE DEVIATION OF THE EXPANSION COEFFICIENT AT 200°C, THE POSITIVE 
DEVIATION OF THE INTERATOMIC DISTANCE AT 200 ree AND THE POSITIVE DEVIATION OF THE IN- 
TRINSIC MAGNETIZATION FROM LINEAR RELATIONS WITH ATOMIC COMPOSITION PLOTTED AS FUNC- 


behave in a similar fashion, but at 750°C 
the coefficients do not vary much with com- 
position change except for a minimum asso- 
ciated with the alpha and gamma phase 
change. The slowly. cooled, well ordered 
alloys in the region of 50 at. pct cobalt have 
lower expansivities than quenched, more 
randomly arranged alloys and this is be- 
lieved responsible for the larger lattice 
constants of well ordered samples at room 
temperature. 

The correlation existing between devia- 
tions of the three properties—thermal ex- 


“TIONS OF THE COBALT CONTENT FOR ALPHA IRON-COBALT ALLOYS. 


zation is explained by a transfer of 3d elec- 
trons from cobalt to iron when the atoms 
are mixed into an alloy. The effect of the 
redistribution of 3d electrons on the other 
two properties is discussed, and it is con- 
cluded that this redistribution is probably 
the reason for their deviations. 
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DISCUSSION 
(H. L. Burghoff and E,. E. Schumacher 
presiding) 


R. Smotucnowski1*—This is a very inter- 
esting paper and also an example of how char- 
acteristic electronic properties of atoms reveal 
themselves in the simple property of thermal 
expansion. 

The possibility of explaining the observed 
phenomena in terms of the transfer of electrons 
between the two kinds of atoms is certainly 
very attractive. With transition elements it has 
been successfully used in correlating poly- 
morphic transformations in binary alloys of 
iron and—as the authors point out—in the 
analysis of the intrinsic magnetization, as well 
as in other cases. 


* Carnegie Institute of Technology. 
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The radii of the two kinds of atoms being 
different, the contraction on ordering is usually 
interpreted as resulting from geometrical 
rearrangement of spheres. Another contributing 
factor is the somewhat different charge carried 
by the two kinds of atoms and the “‘ionic” 
character of the lattice as suggested by Mott in 
the similar case of 6 brass. 

Thus the problem is to explain the apparent 
large repulsion which at lower temperatures 
greatly overcompensates the original contrac- 
tion. The explanation may be perhaps pushed 
further one step more than it is done in the 
paper. In order to account for the occurrence of 
the maximum of the intrinsic magnetization 
at this particular concentration in the iron- 
cobalt alloys, it is usually assumed that the 
3d-shell is split into two parts and one of those 
is just filled and the other just emptied at this 
concentration. (See reference to Shockley’s 
paper.) The existence of this subshell was fre- 
quently questioned as no other evidence for it 
nor for its odd size was available. It seems, 
however, that the large repulsion provides this 
additional evidence. It is known that full elec- 
tronic shells account for strong repulsion forces, 
as for instance, in copper where the attraction 
is due only to the outside electrons. If we 
realize now that this subshell is just filled up 
in this critical range of concentration, then it 
seems plausible to assume that the repulsive 
forces, which reach their maximum at the same 
concentration, are accounted for in the same 
manner as the repulsive interaction of filled 
shells in nontransition metals. The results of 
this paper thus seem to be in agreement with 


‘the band theory of metals. 


The authors’ statement that the smaller 
coefficient of expansion in an ordered lattice 
indicates a more uniform field of force is some- 
what unclear and may need an additional 
explanation. 


H. E. Srauss*—I, wonder if Dr. Fine 
can throw some light on the influence of 
chromium on this type of alloy. The low- 
expansion nickel alloys, it is well known, are 
affected by chromium. The addition of about 
10 pct chromium to the proper iron-cobalt alloy 
results in an alloy with a vanishingly small 
coefficient of thermal expansion. 


*U.S. Naval Research Laboratories. 
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DISCUSSION 


Does the idea of electron sharing apply also 
for such additions of chromium in relatively 
small amounts to binary alloys? 


A. U. Srysort*—I wonder if the authors 
can make any comments on the somewhat more 
practical matter of the fabrication of these 
materials. I have had a little experience han- 
dling iron-cobalt alloys in the neighborhood of 
50-50 composition, and found them very hard 
to fabricate by swaging or rolling. There is 
some statement in literature, I think, by Dr. 
Ellis of Bell Laboratories to the effect that 
vanadium is sometimes a desirable addition for 
ease of fabrication, and I wonder if the authors 
could indicate what the action of the vanadium 
is. 

I notice that according to data on the slides 
these alloys contained a small amount of man- 
ganese, and perhaps the authors might com- 


ment on that. Possibly the explanation for 


brittle behavior might be the impurity content. 
This was suspected for some time, but we did 
not happen to have any pure cobalt readily 
available, and it might have been that the 
difficulty with cracking on hot work was caused 
by the impurities in the cobalt. 


M. E. Frve (authors’ reply)—I will reply 
to Dr. Seybolt first. Manganese was added to 
the major series of alloys prepared for this in- 
vestigation in order to improve the working 
properties. However, the major series of alloys 
was supplemented by three high purity man- 
ganese free compositions. The results for the 
high purity alloy of approximately 50 at. pct 
cobalt as shown in Fig 4 and 5 agree very well 
with those for a manganese containing alloy. 
Vanadium, also, is added to improve the work- 
ing properties of iron-cobalt alloys. 

As far as the iron-cobalt-chromium alloys 
are concerned, the addition of chromium 
lowers the Curie temperature. The low coeffi- 
cient of expansion of Invar (36 Ni, bal. Fe) is 
attributed to a volume change associated with 
the loss ferromagnetism as the Curie tempera- 
ture is approached.’® The low coefficients of 
expansion of the iron-cobalt-chromium alloys 
referred to by Mr. Stauss are probably also due 
to a volume change associated with loss of 
ferromagnetism. For the iron-cobalt. alloys the 


* General Electric Company. 
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Curie temperatures are quite high and hence 
this factor would not be expected to be im- 
portant at room temperature or even 400°C. 

We appreciate Dr. Smoluchowski’s com- 
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Fic 11—VARIATION OF ENERGY WITH INTER- 
ATOMIC DISTANCE FOR A PAIR OF ATOMS. 


ments and additions to our explanation. Con- 
cerning the order-disorder transition in the 
region of 50 at. pct cobalt, the volume change 
accompanying ordering just below the critical 
ordering temperature is very small compared, 
for example, with the copper-gold system.!? We 
feel that the ordering is caused, in the case of 


the iron-cobalt system, by a more complete 


sharing of 3d electrons and, therefore, a larger 
exchange energy in the ordered phase. For this 
reason the ordering cannot be interpreted as a 
geometric rearrangement of spheres. In order 
to account for the maximum intrinsic magneti- 
zation at 33 at. pct cobalt, Pauling’s theory 
assumes that the 3d band is split into two parts, 
an upper and a lower part. At 33 at. pct cobalt 
the + spin section (sign is arbitrary) of the 
upper part is said to be filled and the — spin 
section of the upper part is said to be 
empty. The situation for the 3d band filled in 
one spin direction only is not analogous to the 
completely filled 3¢ band in copper. We have 
made some qualitative calculations relating 
the transfer of 3d electrons to the positive 
deviations of the interatomic distances from 
linear relations with atomic composition in 
iron-cobalt and iron-nickel alloys. If it is 
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assumed that the 3d band acts principally in 
repulsion, that is transferring of 34 electrons 
from cobalt to iron diminishes the effective 
atomic diameter of cobalt and increases the 
effective atomic diameter of iron, then the posi- 
_ tive deviations can be accounted for. 

We thank Dr. Smoluchowski for pointing 
out the lack of clarity in our statement that a 
depression of the expansion coefficient indi- 
cates that the atoms vibrate in a more uniform 
force field. This can best be explained in con- 
nection with the accompanying diagram. (Fig 
11). In this figure the energy for a pair of 
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atoms is plotted as a function of the interatomic . 
distance. If one atom is considered at the origin, 
then at absolute zero the other atom can be 
considered nearly at rest at the bottom of the 
energy curve. With increase in temperature 
the atoms acquire thermal motion so that the 
interatomic distances vary between the limits 
of the two branches of the energy curve. The - 
mean positions of the atoms then are displaced 
farther apart because the energy curve is not 
symmetrical about the minimum. A small co- 
efficient of expansion indicates an energy curve 
more symmetrical about the minimum. 
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The Thermoelectric Properties and Electrical Conductivity of 
Bismuth-selenium Alloys 


. By B. D. Curiity,* Junior MEMBER AIME 


(New York Meeting, 1948) 


INTRODUCTION 
THIS investigation of bismuth-selenium 


‘ alloys was made in an attempt to find a 


suitable material for use in thermoelectric 
generators. These devices are simply ther- 
mocouple circuits designed for the efficient 
production of electrical energy from ther- 
mal energy, which may in turn be derived 
directly from solar radiation or from the 
combustion of fuels. 

The requirements of a material for use in 
a thermoelectric generator are obviously 
quite different from those of a material 
used in a temperature-measuring thermo- 
couple. Naturally, for power generating 
purposes, the thermoelectric power (voltage 
produced per degree difference in tempera- 
ture between the junctions) must be as high 
as possible. Furthermore, in order to obtain 
reasonably high power outputs, the mate- 
rials used in the generator must have an 
electrical conductivity which is as high as 
possible. Finally, in order to minimize heat 
lost by conduction to the cold junction, the 
thermal conductivity must be as low as 
possible. 

The relation between these several fac- 
tors and the efficiency of conversion of 
thermal into electrical energy—the thermo- 
electric efficiency—has been discussed by 
Telkes! in a recent review of the subject. 
She gives the thermoelectric efficiency as: 

Publication No. 24, Massachusetts Institute of 
Technology, Solar Energy Conversion Research 
Project. Manuscript received at the office of 
the Institute October 20, 1947. Issued as 
TP 2313in METALS TECHNOLOGY, January 1948. 

* Research Assistant, Department of Metal- 
lurgy, Massachusetts Institute of Technology, 


Cambridge, Massachusetts. 
1 References are.at the end of the paper. 
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Efficiency = 12 


I 
_2T Rr a 4[(K 1p)” + (K op2)”2]? 
dipeelic ore 


where 
W, = power output in external load 
(watts) 
W, = rate of heat input to hot junc- 
tion (watts) 

Tr,T- = temperature of hot and cold 
junctions (0A) 

K,,K2 = thermal conductivity of» the 
two thermocouple materials 
(watts/cm°C) 

pi,p2 = electrical resistivity of the two 
thermocouple materials (ohm 
cm) 2 

6 = thermoelectric power (volts/°C) 

For many materials, some of the desired 

properties (for example, high electrical and 

low thermal conductivity) are almost 

mutually exclusive; the problem thus be- 

comes one of finding a material which has 
the optimum combination of properties. 


BISMUTH-SELENIUM ALLOYS 


Work on the equilibrium diagram of the 
bismuth-selenium alloys has been reviewed 
by Hanson,? who gives the diagram repro- 
duced in Fig 1. There are two intermediate 
phases in this system, BiSe and Bi2Ses. The 
existence of an alpha and beta modification 
of BiSe has not been demonstrated satis- 
factorily and the writer found no evidence 
of it in the present work. BiSe and Bi.Se; 
have, like bismuth, a rhombohedral crystal 
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structure,® but the positions of the atoms 
in the unit cell have not been determined. 
structure of 


The crystal selenium is 


hexagonal. 


glass tubes made of a special kind of high- 
temperature Pyrex, known as Pyrex 172. It 
is normally used for ignition tubes and hasa 
softening temperature of about 925°C. The 
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Fic 1—BISMUTH-SELENIUM EQUILIBRIUM DIAGRAM, FROM HANSEN.? 


Experimental Procedure 


The selenium used in this investigation 
was a ‘special high purity” grade, from the 
American Smelting and Refining Co., con- 
taining more than 99.99 pct selenium. 

Two different grades of bismuth were 
used: 

1. Bismuth from the U. S. S. Lead Re- 
finery, Inc., containing about 99.994 pct 
bismuth. This material was used to make 
the majority of the alloys investigated, but 
not until after the removal of the dross 
which formed on this metal, even when 
melted in a vacuum. 

2. Bismuth from the Cerro de Pasco 
Copper Corp., containing about 99.999 pct 
bismuth. This material was used as re- 
ceived, since no dross formed on it when 
molten, 

All alloys were prepared in evacuated 


alloys were allowed to solidify in the tubes 
and the resulting ingots measured 1 to 2 in. 
in length and about 3¢ in. in diameter. All 
the alloys were rather coarse-grained and 
very brittle. 

The electrical resistivity of the alloys 
was measured by passing a known current 
through the specimen, clamped between 
two current electrodes, and measuring with 
a potentiometer the potential drop between 
two needle electrodes held to the surface of 
the specimen. The distance between the 
potential electrodes was normally 1.00 cm. 
The temperature coefficient of resistance 
was measured in a similar manner, with the 
specimen and electrodes immersed in a bath 
of cottonseed oil, the temperature of which 
could be varied between 15 and too°C. 

The above method failed, however, when 


applied to the high-selenium alloys, prob- 
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ably because of some sort of rectifying 
action at the steel needle-selenium alloy 
junction which prevented the flow of cur- 
rent. In such cases, the resistivity was 
measured by means of a Wheatstone bridge, 
the use of which unavoidably introduced 
two contact resistances into the resistance 
being measured. 

The thermoelectric power of the alloys 
was measured relative to copper, by clamp- 
ing the specimen between two copper 
blocks maintained at temperatures of 15 
and 100°C by the passage of cold water and 
steam, respectively. The potential differ- 
ence between hot and cold junctions was 
measured by a potentiometer connected to 
the copper blocks with copper leads. The 
thermoelectric power of the specimen was 
taken as positive if the direction of con- 
ventional current flow was from specimen 
to copper at the cold junction. A differential 
thermocouple was used to determine the 
difference in temperature between the hot 
and cold junctions. 

For the measurement of thermoelectric 
efficiency, one junction was heated elec- 
trically and the other cooled by a flow of 
water and the whole apparatus was im- 
mersed in a box of insulating material to 
minimize lateral heat losses from the speci- 
men. The input to the heater was measured 
with a wattmeter and the output measured 
as the product of the voltage produced on 
load* and the current flowing through the 
external load resistance. 


Experimental Results 


As shown in Fig 1, there is a liquid misci- 
bility gap in the bismuth-selenium system 
extending from about so to 95 pct selenium. 
The preparation “of homogeneous alloys in 
this composition range by melting is clearly 
out of the question. It was felt that such 


* The voltage on load is only one-half the 
open circuit voltage, as measured with a 
potentiometer, when the circuit is adjusted for 
the production of maximum power. This con- 
dition is obtained by making the external re- 
sistance equal to the internal resistance. 
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alloys could be prepared by the pressing 
and sintering of powders if results on other 
alloys of the system showed that these 
alloys would have desirable properties. The 
properties of the other alloys in the system 
showed, however, that the resistivities of 
the 50 to 95 pct selenium alloys would be 
much too large for the purposes of thermo- 
electric power generation, even though the 
indicated thermoelectric power of some of 
these alloys might be rather large. Accord- 
ingly, this range of composition was not 
investigated. 


Electrical Resistivity 


The electrical resistivity of as-melted 
alloys containing o to 50 pct selenium”* is 
plotted on a logarithmic scale in Fig 2. 
Annealing of these alloys at temperatures 
just below their solidus produced no signifi- 
cant changes in resistivity. 

Fig 2 shows that the resistivity of bis- 
muth is decreased somewhat by the addi- 
tion of small amounts of selenium. This 
effect, rather abnormal for a metal, has also 
been reported by Mott and Jones.* Al- 
though bismuth is a well-known example of 
the Hume-Rothery “8-N rule,” which im- 
plies complete covalent bonding, it also 
exhibits a considerable amount of metallic 
conductivity, which implies the existence 
of some free electrons. 

By far the greater part of the five valence 
electrons of the bismuth atom are used up 
in covalent bond formation, but a small 
number remains free to conduct a current; 
this number. is estimated by Mott and 
Jones to be about 10-4 per atom. They 
ascribe the decrease in the resitivity of 
bismuth when small amounts of selenium 
are added to the fact that selenium has 
more valence electrons than bismuth, the 
substitution of selenium for bismuth serv- 
ing to increase the number of free electrons 
per unit volume, and therefore, the con- 
ductivity. However, this decrease in re- 


* All compositions are expressed in weight 
per cent. 
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sistivity is at its maximum at the limit of 
solid solubility of selenium in bismuth, 
probably quite small. Beyond that point it 
is overshadowed by the increase in re- 
sistivity due to the addition of BiSe to the 
alloy in larger and larger proportions. 


Resistivity (ohm cm.) 


efficients of these phases, together with that 
of pure bismuth, were: 


Bieter vetenc 0.0048 ohm°C ohm at o°C 
Bisect aetasueeten 0.0015 
BisSesntsoedates 0.0037 


Weight per cent selenium 
Fic 2—ELECTRICAL RESISTIVITY OF BISMUTH-SELENIUM ALLOYS. 


The upward trend of the resistivity curve 


of Fig 2 with increasing selenium content is" 


marked by a decrease in slope at the compo- 
sition of BiSe and by an actual minimum at 
the composition of BizSe3. Both of these 
phases have positive temperature coeffi- 
cients of resistance and therefore show 
metallic conduction, as distinct from semi- 
conduction. The measured temperature co- 


BisSes thus has a temperature coefficient 
characteristic of a normal metal. If some 
solid solubility is assumed, then the resis- 
tivity of BisSe; would be increased by the 
addition of either selenium or bismuth, as 
shown in Fig 2, since it is characteristic of a 
normal metal that its resistivity is increased 
by elements in a solid solution. . 

Beyond the composition of Bi2Ses, fur- 
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ther additions of selenium would be ex- 
pected to raise the resistivity rapidly since 
the added selenium exists as such in these 
alloys and has a large resistivity, of the 
order of 10° ohm cm. 

The lower curve of Fig 3 shows the varia- 
tion of resistivity with selenium content for 
annealed alloys on the other side of the 
miscibility gap, namely from 95 to 100 pct 
selenium. These alloys were annealed in 
order to convert the selenium present from 
the amorphous form, which is practically 
an insulator, to the crystalline form, which 
has a much lower resistivity. 

Parenthetically, a few remarks about 
these interesting modifications of selenium 
may be of interest. When liquid selenium is 
cast into a mold or cooled to room tempera- 
tures at any reasonable rate, it solidifies in 
a super-cooled, glassy state which is known 
as amorphous selenium and which has an 
X ray diffraction pattern characteristic of a 
liquid. In fact, it is probably best con- 
sidered as a super-cooled liquid. If this 
material is then heated at temperatures 
above 75°C, it transforms into so-called 
“metallic” or crystalline selenium, the 
transformation being most rapid just below 
the melting point (220°C). This form has a 
hexagonal crystal structure, with the atoms 
arranged in Jong spiral chains, parallel to 
one another. Various bits of evidence point 
to the conclusion that both liquid and 
amorphous selenium are composed of the 
same spiral chains of atoms as the crystal- 
line form, but disarranged into a twisted, 
jumbled mass.°® 

Selenium is a semiconductor, one of a 
group of substances characterized by: (a) 
conductivity intermediated between that 
of metals and insulators, (b) a large nega- 
tive temperature coefficient of resistance, 
(c) decreasing resistivity with increasing 
amounts of foreign atoms in solid solution. 
The rapid decrease in resistivity when bis- 
muth is added to selenium, shown in Fig 3, 


- is thus caused, in part, by the effect of bis- 


muth in solid solution and, in part, merely 


by the addition of a second phase (BisSe;) 
which has a much lower resistivity. 
Thermoelectric Power 


The thermoelectric power relative to 
copper of as-melted alloys containing 0-50 


© ohm. cm 


Thermoelectric Power (uv/°C) 


Weight Percent Selenium 


Fic 3—ELECTRICAL RESISTIVITY AND THER- 
MOELECTRIC POWER (RELATIVE TO COPPER) OF 
ANNEALED HIGH-SELENIUM BISMUTH-SELENIUM 
ALLOYS. 


pct selenium is plotted in Fig 4. Annealing 
had very little effect on the thermoelectric 
power of these alloys. 

Fig 4 shows that the initial effect of 
selenium is to decrease, in absolute value, 
the thermoelectric power of bismuth. Fur- 
ther additions of selenium produce little 
further change until the composition of 
Bi.Ses is exceeded. The thermoelectric 
power then increases rapidly in the negative 
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direction—that is, in the opposite direction 
to what one would expect, since selenium 
has a large positive thermoelectric power. 
A similar anamoly has been noticed by 
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Thermoelectric Efficiency 
For alloys whose Wiedemann-Franz ratio 
of thermal to electrical conductivity does 
not depart too far from the normal value, 


Cerro 
Bismuth 


Thermoelectric Power Microvolt/°C 


Weight per cent selenium 
Fic 4—THERMOELECTRIC POWER (RELATIVE TO COPPER) OF BISMUTH-SELENIUM ALLOYS. 


Telkes® in alloys of the Bi-Te system. The 
thermoelectric power, which is becoming 
increasingly negative at’ 50 pct selenium, 
must pass through a maximum negative 
value and then go through zero somewhere 
in) the composition range of 50-100 pct 
selenium. 

The thermoelectric power of annealed 
high-selenium alloys is plotted in the upper 
part of Fig 3 which shows that the addition 
of bismuth to selenium produces a very 
large decrease in thermoelectric power, 
5 pct bismuth being enough to decrease the 
thermoelectric power from +1000 to —70 
microvolts per°C. The reversal in sign 
occurs between g5 and 96 pct selenium. 


the practical upper limit of resistivity is 
about 0.001 or 0.002 ohm-cm if. the alloy 
is to be useful in a thermoelectric generator. 
This limits the useful bismuth-selenium 
alloys to those containing somewhat more 
selenium than Bi.Ses. 

No U.S. S. bismuth was available at the 
time the efficiency tests were made so the 
alloys to be tested had to be made from 
Cerro de Pasco bismuth. The properties 
of alloys made with this latter grade of 
bismuth were determined over a small com- 
position range and are represented by the 
dotted curves of Fig 2 and 4. Since sele- 
nium is a semiconductor, whose resistivity : 
is decreased by the presence of impurities, 
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the conclusion to be drawn from the two 
curves of Fig 2 is that there is some im- 
purity in U. S. S. bismuth which causes 
selenium saturated with this bismuth to 
have a lower resistivity than selenium 
saturated with the purer Cerro de Pasco 
bismuth. The difference in the thermoelec- 
tric power of the two. sets of alloys also 
points to a difference in impurity content 
in the selenium-rich phases. 

On the basis of the dotted curves of Fig 
2 and 3, it was decided that the only alloys 
suitable for use in thermoelectric generators 
would have compositions lying slightly on 
the selenium side of Bi,Ses (36.2 pct sele- 
nium) and a composition of 37 pct selenium 
was selected as being the most promising. 
Alloys containing more selenium have a 
larger thermoelectric power but their 
resistivity becomes much too large for good 
thermoelectric efficiency. An alloy of the 
above composition was therefore made in a 
size suitable for the efficiency tests; it had a 
resistivity of 0.00167 ohm cm and a ther- 
moelectric power relative to copper of 
—r121 microvolts per °C. This latter figure 
may be compared with —43 microvolts 
per °C for constantan, which has the high- 
est thermoelectric power of any commer- 
cially available alloy. 

The bismuth-selenium alloy was. tested 
against a zinc-antimony alloy, developed 
by Telkes, containing zinc and antimony in 
the proportions of the intermediate phase 
ZnSb, together with 2 pct tin and o.2 pct 
silver. This alloy had a resistivity of 
0.00150 ohm cm anda thermoelectric power 
relative to copper of +154 microvolts 
per °C. The two alloys together thus formed 


-a couple having a thermoelectric power 


of 154 — (—121) = 275 microvolts per °C. 

The measured thermoelectric efficiency 
in a preliminary test was 2.6 pct and, after 
the contact at the hot junction was im- 
proved, the efficiency increased to 3.4 pct, 


‘for a temperature difference of 460°C. 


Elimination of the contact resistance would 
increase the efficiency from 3.4 pct to a 
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calculated value of 4.4 pct. Furthermore, 
in any actual thermoelectric generator, 
lateral heat losses from the thermoelements 
would be very much smaller than under the 
conditions of these tests. If the lateral heat 
losses as well as the contact resistance are 
eliminated, the calculated efficiency be- 
comes 6.2 pct. As Hottel’ points out, these 
efficiencies may seem rather low until one 
considers that the efficiency of the best 
modern steam power plants is only about 
25 pct and that of a small steam engine 
about 5 pct. Other devices which might be 
used for the direct conversion of solar to 
electrical energy, such as photovoltaic and 
photogalvanic cells, have efficiencies of 
much less than 1 pct. 


Effect of Addition Agents 


In an attempt to improve the properties 
of the 37 pct selenium alloy, the effect of 
adding small amounts of a third element 
was investigated. For this purpose, a base 
alloy containing 38 pct selenium was 
chosen. Although the resistivity of this 
alloy is considerably higher than that of the 
37 pet selenium alloy, it was hoped that a 
third element could be found which would 
cause a greater decrease in resistivity than 
in thermoelectric power. 

The addition agents consisted of 1 pct 
each of zinc, cadmium, tin, lead, arsenic, 
antimony, sulphur, and tellurium. The 
effect of these additions on the properties 
of the alloys is shown in Table 1, the last 


column of which contains values of the ex- 
6’?Cu 


pression - This expression is a so-called 


“factor of merit” for alloys used in thermo- 
electric generators and is derived from the 
efficiency equation given above. Other 
things being equal, in particular the ther- 
mal conductivity, the larger the factor of 
merit of an alloy is, the greater will be the 
efficiency of a generator of which that alloy 
forms a part. 

Table 1 has many interesting features. 
The resistivity of the base alloy is 0.0036 
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ohm cm and five of the eight addition 
agents lower this value, but only two of 
these five, tin and tellurium, lower it below 
the resistivity of the 37 pct selenium alloy. 


TaBLE 1—Effect of Addition Agents 


Percent a2Cu 
Composition Cu ?p 
micro- p micro- 
Alloy. volts | ohm cm | volts? per 
: Addi- | per °C deg.? 
Bi | Se tion ohm cm 
BS 42 | 63 | 37 —121| 0.0017 |8.6 X ro® 
43 | 62 | 38 —I3I} 0.0036 |4.8 
51 | 61 | 38 | tr Zn | + 79} 0.0102 |0.6 
50 | 6r | 38 | 1 Cd | + 63} 0.0028 |1.4 
49 | 61 | 38 | r Sn | — 63] 0.0014 |2.8 
48 | 61 | 38 | 1 Pb | + 92] 0.0025 |3.4 
47 | 61 | 38 | r As | — 92] 0.0023 {3.7 
44 | 61 | 38 | 1 Sb | —138] 0.0043 |4.5 
45.| 6r | 38 |} 18S —140| 0.0041 |4.8 
464 61 | 38 | 1 Te | — 92] 0.0010 |8.3 


Ignoring tin, which causes much too large 
a decrease in thermoelectric power, one is 
left with tellurium as the most promising 
addition agent. A consideration of the fac- 
tors of merit in the last column leads to the 
same conclusion, the alloy containing tel- 
lurium having a factor of merit much 
larger than that of the base alloy and 
almost as large as that of the 37 pct sele- 
nium alloy. A further improvement in 
properties could probably be effected by 
additional slight variations in the selenium 
and tellurium contents. 

None of the addition agents produced 
any marked increase in thermoelectric 
power, but some decreased it considerably 
and even changed the algebraic sign. Cur- 
rent theoretical treatments of thermoelec- 
tricity are still in too rudimentary a form to 
explain such changes. 

It is also difficult to account for the 
resistivity changes shown in Table 1. When 
an addition agent decreases the resistivity, 
it is easy to postulate that it does so by 
forming a selenide, as indeed most of them 
do, thereby removing free selenium from 
the alloy. However, tellurium causes the 
greatest decrease in resistivity and it doe 
not form a selenide. : 

Examination of Table 1 also shows that 
the factor of merit increases directly as the 


valence of the added element increases, 
which is interesting but probably not 
significant since the comparison was made 
on the basis of equal weight, not atomic, 
percentages. 


CONCLUSIONS 


1. Unlike most other systems, the bis- 
muth-selenium system has no maxima in 
thermoelectric power and electrical resis- 
tivity at the compositions of the interme- 
diate phases. 

2. The only binary alloys suitable for use 
in thermoelectric generators contain about 
37 pet selenium. 

3. The thermoelectric efficiency of such 
an alloy is about 6 pct, after correcting for 
avoidable losses, when tested against a zinc- 
antimony alloy containing addition agents. 

4. Further improvement in the prop- 
erties of an alloy containing about 37 pct 
selenium can be obtained by the addition 
of small amounts of tellurium. 
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DISCUSSION 


(H. L. Burghoff and E. E. Schumacher 
presiding) 


F. E. Carter*—This paper deals with one 
phase only of the work being done on thermo- 
electric generators; the whole subject is ‘so 
broad that I am afraid the scientists who are 
working on it are hard put to know where to 
publish their work. As you can realize, it is 
partly a physics problem, partly metallurgy and 
partly combustion engineering. 

What is striven for in thermoelectric genera- 
tors is to convert as many as possible of the 
heat units of a gas into useful electric units. To 
do this, as the author says, you have got to use 
thermocouple wires with as low a heat con- 
ductivity as possible and, at the same time, 
with high electric conductivity. Now these two 
properties do not go together; the Wiedemann- 
Franz law teaches us that in the great majority 
of cases the ratio of the heat conductivity to the 
electric conductivity is constant. In some cases, 
one gets a higher ratio than the law calls for, 
but that is just what one does not want. A 
lower ratio is desired and, as far as I know, 
nothing has been found that has such a lower 
ratio. 

Many special alloys, such as those in the 
present paper, have been investigated, some 


* Baker Platinum Works, Newark, N. J. 


have very high thermoelectric properties, but 
unfortunately are too brittle to be practical. 
Even if such an alloy with good ductility were 
discovered, I would like to ask the author 
whether, if it obeys the Wiedemann-Franz law, 
there is any real hope of getting a reasonably 
efficient thermoelectric generator, even if the 
thermoelectric power of the alloy is high. 


M. Terxes* for B. D. Cuttiry (author’s 
reply)—Mr. Carter’s remarks summarize the 
basic aspects of the problem. Calculations have 
been made by M. Telkes! for the efficiency of 
thermoelectric generators, provided that the 
Wiedemann-Franz-Lorenz relation is applicable 
to the thermoelectric materials. At a tempera- 
ture difference of 400°C and with thermo- 
couples giving 300 to 400 microvolt per °C the 
calculated efficiency is 11.5 to 16.0 pct, which 
may be regarded as a ‘‘reasonable efficiency.” 
The actually obtained efficiency (with materials 
which deviate somewhat from the “normal” 
Wiedemann-Franz-Lorenz relation) was 7.0 pct 
for the identical temperature difference and in 
the 300 to 400 microvolt per °C thermoelectric 
power range. 

What is needed is further research work with 
alloys which may be classified as semimetals, 
intermetallic compounds or semiconductors and 
which probably should include elements like 
Bi, Sb, Si, Ge, O, S, Se, Te and the like. 


* Massachusetts Institute of Technology. 


A New Graphite Resistor Vacuum Furnace and Its Application in 
Melting Zirconium* 


By W. J. Krort,} Memper AIME, C. Travis ANDERSON, f MEMBER AIME anp H. L. GitBertTy{ 


(New York Meeting, February 1948) 


In a previous paper,! the use of a split 
graphite tube resistor as a heater element 
for high-temperature furnaces has been de- 
scribed. The principal advantages of this 
type of construction are: 1. The quadruple 
resistance or voltage compared with the 
top-bottom clamp resistor furnace. 2. Free 
expansion of the resistor. 3. The ease of 
protection from oxidation by air. 4. The 
firmness by which it may be held in the 
compact split clamp. This construction ap- 
peared to be well adapted for the fusion of 
high melting metals which require fusion in 
a vacuum. 

Zirconium metal had previously been 
melted at the Albany Laboratory of the 
Bureau of Mines in a vacuum arc furnace 
on a water-cooled plate, using a movable 
tungsten top electrode.? When larger fur- 
nace capacities were desired, this type of 
construction proved to have its limitations 
as the largest tungsten rods available were 
about 7g in. in diameter. The supply of 
direct current of high amperage for pro- 
ducing the desired arc characteristics was 
also not available. Considerable difficulty 
was also found in compensating the atmos- 
pheric pressure on the flexible tubing of the 
movable electrode, at the same time keep- 
ing its movement sufficiently free to enable 

Manuscript received at the office of the 
Institute September 30, 1947. Issued as TP 
2310 in MretaLs TECHNOLOGY, January 1948. 

* Published by permission of the Director, 
Bureau of Mines, U. S. Department -of the 
Interior. 

+ Consultant Metallurgist, Metallurgist and 
Chemist, respectively, Northwest Electro- 
development Laboratory, U. S. Bureau of 


Mines, Albany, Oregon. 
1 References are at the end of the paper. 
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the striking of an arc on any part of the 
metal briquet. 

Among the various materials used for the 
electrodes in conducting experiments in the 
vacuum arc furnace was graphite. It was 
found that zirconium fused in a graphite 
cup with a carbon arc was contaminated to 
only 0.2 pct carbon. It was therefore de- 
cided to melt zirconium directly in graphite 
crucibles. 

A high-frequency furnace was first used 
in the attempt to melt the zirconium in 
graphite crucibles. The high-frequency 
heating coil was placed outside a silica tube 
which was evacuated by means of an oil 
diffusion pump backed up by a mechanical 
pump. The graphite crucible was thor- 
oughly degassed at 1900°C before use. 
Considerable difficulty was experienced in 
operating at such temperatures in vacuo 
because, as shown by Zintl,* carbon vapor 
formed and reacted with silica according to 
the reaction: 


Si02 + C = SiO + CO. 


The silicon monoxide which is volatile at 
these high temperatures reacted with the 
zirconium, thereby contaminating it with 
silicon and oxygen. The presence of carbon 
monoxide was detected by means of a gas 
discharge tube placed in the vacuum sys- 
tem as indicated by the pale blue glow of 
the tube as soon as carbon vapor started to 
react with the hot silica. ; 

The reaction between the carbon vapor 
and hot silica was avoided by the use of 
split cylindrical molybdenum shields which 
were inserted between the graphite crucible 


W. J. KROLL, C. TRAVIS ANDERSON AND H. L. GILBERT 


and the silica tube. While satisfactory in- 
gots of zirconium were produced in this 
manner, the high-frequency furnace was 
discarded because of its high cost for larger 
melting capacities. 

The lower-cost split-tube graphite re- 
sistor furnace appeared to be well adapted 
for fusing zirconium in graphite. As in the 
case of the high-frequency furnace, care 
was required to avoid contact of carbon 
vapor with hot silica or oxide refractories. 
Molybdenum sheet was used for this pur- 
pose. A cylinder, together with a circular 
top plate, prevented the hot carbon vapor 
from reaching the silica insulating shield 
surrounding the heater element. A drawing 
of the furnace assembly is shown in Fig tr. 

The split graphite tube (1) is inserted 
with the conical split rings (2) in the split 
bottom clamp (3), which is water cooled 
(4). This clamp is connected by means of 
flexible cables (5), the copper plates (6) 
. with the hollow copper rods (7) which are 
tightly bolted to the bottom plate (8) with 
the nuts (9). Bakelite insulation rings (10), 
which are carefully ground to the plate, 
provide a good vacuum seal. The nuts (11) 
connect with the bus bars (12). The bottom 
plate has a vacuum inlet (13). It has a 
groove (14) in which the top shell (15) is 
waxed. Water cooling (16) prevents the seal 
-from melting by radiation heat. The shell is 
provided with a water jacket (17). The top 
is also water cooled at (18) and (19). The 
observation tower (20) is provided with a 
ground conical cover (21) and a silica win- 
dow (22). A radiation screen (23) with a 

14-in. bore permits observation and pre- 
vents blackening of the window by fumes. 
The shell can be removed by means of the 
lifting rings (24). The graphite resistor tube 
contains the graphite radiation screen (25) 
which is isolated with alumina powder from 
- the clamp. A molybdenum radiation screen 
(26) and cover (27) keep carbon vapor 


from contact with the hot silica tubes (28) 


and (29). A silica ring (30) provides for 


: insulation of the molybdenum from the 
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bottom clamp. The graphite crucible (31) 
is inserted in the graphite tube, hanging on 
the rim. A cover of graphite (32) keeps the 
radiation down. The shell is held to the 
bottom plate with three clamp arrange- 
ments (33). The furnace is set on three 
legs (34). 

The resistor consists of a split graphite 
heater element with an inner diameter of 
2146 in. and a height of 914 in. The graph- 
ite tube is split from one end to about 34 in. 
from the opposite end. The split end of the 
resistor is fastened in copper electrodes in 
such a manner that when current is passed 
in through one-half of the split tube, it 
travels up to the opposite end and back 
down the opposite half to the other elec- 
trode. A graphite crucible of 134 in. internal 
diameter and 4 in. inside length fits inside 
the resistor tube and holds a maximum of 
ooo g of zirconium. The power required 
for melting zirconium is about 24 kw at 17 
volts and 1400°‘amp. The power is obtained 
from a bank of copper oxide rectifiers, as 
alternating current of the proper character- 
istics was not available. If alternating cur- 
rent were used for power, it would be 
necessary to construct the bottom plate of 
the furnace from a non-magnetic material 
such as brass. Eddy currents would heat an 
iron bottom plate excessively. A tempera- 
ture of 1800°C is obtained in about ro min. 
After about 45 min., the crucible and ingot 
may be removed from the furnace. The 
power consumption is about 3.5 kw hr per 
lb of zirconium melted. With better insula- 
tion, this figure could be lowered appre- 
ciably but more time would be required for 
cooling before opening the furnace. A 
photograph of the furnace, rectifiers and 
vacuum arrangements is shown in Fig 2. 

Apparently molten zirconium has a high 
surface tension, as it not only “wets” 
graphite but creeps by capillarity over a 
considerable distance. Titanium behaves ° 
similarly. Zirconium or titanium coated 
graphite parts could be prepared in this 
manner for use in vacuum tubes and recti- 
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Fic 1—DESCRIPTIVE DRAWING OF GRAPHITE RESISTOR VACUUM FURNACE. 
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fiers, thereby utilizing the good metal to bea gas evolution. Droplets may be thrown 
graphite contact and at the same time ob- out and weld the resistor to the crucible 
taining the better properties of both these and cover. This difficulty has been avoided 
metals almost completely by using well degassed 


Fic 2—PHOTOGRAPH OF GRAPHITE RESISTOR VACUUM FURNACE. 


¥ At times, zirconium sponge meta] may zirconium as now obtained from a large 
5 contain small amounts of gas and chloride _ scale laboratory plant. 

_ which had not been completely removed. The graphite used in the earlier experi- 
A As this sponge zirconium melts, there may ments was of the type ordinarily used for 
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making crucibles. At times the molten 
zirconium or titanium ran through the 
pores of the graphite and short-circuited 
the slot in the resistor. This difficulty has 
been eliminated by the use of a special 
grade high-density graphite. 

In the preliminary melting tests, the 
ingot was allowed to cool in the graphite 
crucible. It was considered desirable, how- 
ever, to attempt methods of casting the 
metal in vacuo in order that the hot graph- 
ite would not remain in contact with the 
metal for a longer period than was abso- 
lutely necessary. Two methods were used 
for this purpose. One method consisted of 
tilting the entire furnace assembly and 
pouring the metal over the rim of the melt- 
ing crucible into a cold graphite mold, all 
operations being carried out under high 
vacuum. The other method consisted in 
tapping the metal through a bottom hole 
of the melting crucible which had been 
plugged with a solid piece of zirconium. 
Casting over the rim by tilting the furnace 
proved to be very difficult because of the 
surface tension on graphite of the molten 
zirconium. Frequently the crucible welded 
to the resistor and short-circuited the slot 
in the resistor. With special crucibles pro- 
vided with a long casting nose this method 
could be made workable. 

In the bottom-tapping method, a plug of 
zirconium about 34¢ in. in diam is inserted 
in a hole.in the bottom of the melting 
crucible. As the split tube graphite resistor 
element is at a lower temperature near the 
clamps than near the top, the plug is the 
last metal to melt. The metal runs into a 
conical graphite mold from which it can be 
withdrawn without difficulty. With small 
charges in the melting crucible, layers of 
metal were sometimes formed in the mold 
when the plug fused prematurely. 

The solubility of carbon in molten zirco- 
nium or titanium is small. The carbon con- 
tent of zirconium ingots obtained by 
melting the metal in graphite ranged from 
0.15 to 0.20 pet carbon, corresponding to 
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1.5 to 2 pct zirconium carbide, while the 
carbon content of the titanium ingots 
varied from o.5 to 0.8 pct, which corre- 
sponds to 2 to 3 pct titanium carbide. 
Thorium has also been melted in graphite 
with only slight contamination by carbon. 
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The introduction of from 1.5 to 2.0 pct — 


zirconium carbide or 2 to 3 pct titanium © 
carbide to the metal would appear to be ~ 
undesirable. The carbide particles are visi- 


ble under the microscope, apparently as 


hard inclusions embedded in the zirconium 


or titanium matrix. The hardness of zir- 
conium, however, does not seem to be 
affected appreciably by the presence of such 
relatively small inclusions. In general, com- 


mercial iron or aluminum contains harden- — 


ing impurities to a larger extent than 
zirconium which has been melted in graph- 
ite. Low oxygen containing ingots prepared 
by this method are malleable at 550°C 
without sheathing in iron. Deoxidation of 
the metal in vacuo by carbon apparently 
does not take place when zirconium or tita- 
nium are melted in graphite, as any oxide 
containing metal will still retain oxygen. 
After breaking up the cast structure, zirco- 
nium metal can be cold swaged and drawn 
to reductions of 90 pct. The metal is easily 
machinable and the tools remain sharp 
except when the very thin outer carbide 
layer of an ingot cooled in the melting 
crucible is turned off in the lathe. In some 
instances, a hardness as low as Rockwell 
B-55 has been obtained on ingots. of 
zirconium. 

The split graphite resistor furnace has no 
limitations as to its size. Larger capacities 
can be obtained by the use of graphite 
plates arranged in the form of a hexagon 
which can be heated by three phase current 
if it is so desired. If the voltage exceeds 
about 25 volts, arcing may take place across 
the slot in the resistor. 


The graphite resistor element could be_ 


replaced by one of tungsten, which may be 
fabricated easily from sheets. A simple fur- 
nace of this type would be suitable for 
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annealing tantalum in a vacuum. The com- 
plicated wire furnace as described by Fehse‘ 
can thus be avoided by the use of the 
rugged and simple resistor type furnace. 
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DISCUSSION 
(B. W.Gonser and L. S. Dietz, Jr. presiding) 


F. Potanp*—I would like to ask Mr. Gilbert 
if he found the amount of carbon present to be 
a function of the time in which the zirconium, 
titanium or thorium was held in the liquid state 
in contact with the graphite. - 

My reason for this question derives from an 
interest in a large graphite resistor furnace soon 
to be commercially exploited. The builders of 
these furnaces are hoping to meet the demand 
for equipment to melt high melting point metals 
in relatively large quantities. The furnace 
under consideration could produce slabs in 
sizes ranging up to 12 in. wide X 4 ft long in 
any thickness up to approximately x ft. At 
present a graphite crucible is contemplated and 
for quantity production a number of furnaces 
would be used each connected to the power 
source for the required time to melt and then 
lifted by crane to a cooling station where the 
metal would slowly solidify. As these furnaces 
would be well insulated in order to cut down the 
power consumption the metal would re- 
main liquid and in contact with the graphite 
container for a much longer period of time 
than was evidently the case in the authors’ 
experimentation. 

I would also like to have Mr. Gilbert’s ideas 
concerning the thought of melting in a large 
graphite crucible and leaving the metal to cool 
in a well insulated container. 


* Revere Copper and Brass Incorporated, 
Rome, New York. 
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H. L. Girpert (authors’ reply)—I thank Mr. 
Poland for his questions. We have considered 
the various factors influencing carbon pickup, 
as it is not uniform from ingot to ingot. It 
appears that the nature of the graphite surface 
of the crucible may be important. We have 
found that finely divided zirconium and finely 
divided graphite will react readily. As the par- 
ticle size increases and hence the contact area 
decreases, less reaction occurs. 

We have attempted to reduce the carbon 
pickup by two means of chilling. In one at- 
tempt, the entire furnace was tipped to pour 
the molten metal into an adjacent mold. The 
second attempt was by plug casting. A crucible 
was prepared having a 346-in. diam opening 
in the bottom which was plugged with a piece of 
solid zirconium from a previous melt. Due to 
the design of the furnace, the charge melts 
from the top down. The plug is the last to melt 
and the metal then pours through the hole in 
the bottom of the crucible into the mold di- 
rectly below. 

To date, neither of these methods has proved 
worthwhile in reduction of carbon pickup. 

A normal melt requires about 2 min. to freeze 
in the melting crucible and we have not found 
that a short additional time at temperature is 
disadvantageous. 

Remelting does cause an increase in carbon 
content so the point is well taken that carbon 
may increase with time and certainly with 
extended time above the melting point. 


A. W. ScHLECHTEN*—In support of Mr. 
Gilbert, I would like to point out briefly the 
importance of the melting step in the metal- 
lurgy of zirconium. You are probably familiar 
with the techniques used on titanium which 
have been described in the publications of the 
AIME, by Dean and co-workers wherein they 
produced a titanium powder, pressed it, and 
sintered it. Those techniques were quite un- 
successful with zirconium. It is generally 
assumed that the oxygen content has a direct 
bearing upon the hardness of zirconium and 
titanium, and when you attempt to make zir- 
conium powder which has a great surface area 
to take up oxygen and then press it into bri- 
quettes, it has been our experience that those 
briquettes are very much harder than an ingot 


* Missouri School of Mines, 
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obtained by melting lumps of zirconium as it 
comes from the reduction furnace. 

In addition to that, it is a trifle unpleasant to 
work with zirconium powder. As you probably 
recall from earlier days, zirconium powder was 
a popular flashlight powder, and during the 
war it was used as a detonator. However, in the 
lump form, zirconium is easily handled, and 
there is no danger of violent explosion. 

I think Mr. Gilbert will agree with me that 
attempts to use other types of crucibles have 
not been very successful; even the so-called 
super refractories such as beryllium oxide, 
zirconium oxide, and thorium oxide tend to 
give oxygen to the molten zirconium metal, so 
one is more or less forced to use graphite cruci- 
bles until something better is developed. 


F. Potanp—The authors say the split 
graphite resistor has no limitation as to size. I 
agree with them in this. However, I would like 
to ask if they have any idea as to how much the 
slot would have to be increased in order that the 
voltage may be raised to approximately 75 
volts and prevent the arcing which occurred 
across the slot in their furnace resistor when the 
voltage exceeded approximately 25 volts. 


H. L. GirpeErt—In answer to that question, 
I think I will have to fall back on a consider- 
ation of arc furnace operation. We have oper- 
ated several small arc furnaces and find that 
20 to 25 volts is required to maintain an arc. 
There is also the factor of carbon vapor to 
consider. In a vacuum, do we find more or less 
carbon vapor? There is no doubt that the 
reduced pressure would favor the vaporization 
of carbon but the carbon vapor may be rapidly 
carried away. We do not know the answer to 
these questions. 

As for increasing the width of the slot, I do 
not believe that this would be practical in our 
type of resistor. When sufficient carbon vapor 
is present an arc would no doubt start in the 
hot zone and travel down into the cold zone 
where the potential is higher. 

We have stayed below 24 volts to date but 
anticipate going higher. Various types of slots 
have been employed such as zigzag and maze 
patterns. Other characteristics-in voltage re- 
main basically the same. 


F. Potanp—I had in mind a resistor that 
would be horizontal rather than vertical. I 
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have been thinking of the furnace that I 
described at the Chicago meeting two years 
ago. The resistor of this furnace is horizontal 
and the distance between the resistor elements, 
which correspond to the slot in the authors’ 
furnace, would be several inches or more if it 
were necessary. 

Does Mr. Gilbert believe that carbon vapor 
would start the arc on this type of construc- 
tion? This question is being asked because in 
the authors’ furnace the slot is vertical and 
narrow and carbon vapor may be more con- 
centrated at the top of the vertical slot. 


H. L. Girpert—Mr. Poland, I think we are 
going to have to discuss this on the side. I 
believe your resistor must be of considerably 
different nature from ours. As to the position 


of the resistor, horizontal, vertical or otherwise, ~ 


I feel that every point inside the molybdenum 
shield has the same carbon concentration. 


B. W. Gonser—Without taking too much 
discussion time,. there are one or two little 
points that I would like to mention. First, 
since zirconium is so active and forms car- 
bides readily, it is an unexpected result to 
get such a low carbon content when melting 
in graphite, and I am certainly glad to see this 
important result recorded in the literature. 

As to the furnace construction which js 
shown in Fig 1, there are a few improvements 
which I believe could be made to make it a 
little more easily workable. For instance, the 
wax seal shown at 14 is perfectly satisfactory, 
but it is a rather hard way to get the seal. By 
using Neoprene or natural rubber, one can get 
an adequate seal and in a much more con- 
venient way. All that is required is to have 


about 200 or 250 psi pressure on the rubber. 


to hold the vacuum. In the equipment shown 
a width of contact about 4 to }¥ in. probably 
would be satisfactory. An added item is to rub 
the surface with castor oil to soften the rubber 
somewhat and assure a tight seal. 

Also, the outlet (13) seems rather small for 
such a large container. We would prefer one 
considerably larger. 


L. S. Derrrz, Jr—It appears that both 
furnaces as designed by Mr. Gilbert and Mr. 


Poland are very high-grade units in their fields, _ 
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I have seen Mr. Poland’s, which had graphite 
electrodes in the roof, and distilled the zinc 
from 71% tons of nickel silver. 

I would like to make one comment about 
Mr. Gilbert’s paper. I did not see where the 
thickness of the graphite resistor was shown 
on the drawing. Is that quite a factor? 


H. L. Girprert—I might state that the 
graphite resistor was developed empirically by 
starting with a graphite pipe and machining 
it on the lathe until it met the characteristics 
of the power source and gave the proper 
temperature. 


L. S. Derrrz, Jr—What is it, about a 
quarter of an inch? 


H. L. Grsrert—It is approximately a 
quarter of an inch. 
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M. VorpauL*—First, did Mr. Gilbert find 
any evidence of carbon pickup by titanium in 
the solid state? Second, as far as he has gone 
in his work with the use of tungsten elements 
in place of the graphite, is there any evidence 
of reduction of silica to the silicon monoxide 
by tungsten vapor? 


H. L. Girsert—We have not noted carbon 
pickup by the metal except in the liquid state. 
We have not investigated solid reactions so 
could not make a definite statement. 

In regard to the question concerning tung- 
sten vapor migrating to the quartz, I believe 
that since we have no difficulty with molyb- 
denum from our present shielding reacting with 
the silica we will not have any such problem 
with tungsten from a resistor. 


*Remington Arms Company, Bridgeport, 
Conn, 


Transient Nucleation 


By Davin TURNBULL 


* 


(New York Meeting,February 1948) 


IN most reactions involving solids the 
transformation kinetics may be repre- 
sented by the combination of two proc- 
esses —those of nucleation and of growth. 
For example, Mehl and his coworkers}? 
in their studies on the transformation of 
austenite to pearlite in steels have been 
able to describe the kinetics in terms of the 
rates of nucleation and of growth. By 
micrographic examination of their speci- 
mens they determined the nucleation rate 
(rate of appearance of pearlite colonies) 
as a function of time, of percent transforma- 
tion, and of temperature. They observed 
that after an incubation period in which 
no nuclei are observed, the number of 
nuclei appearing per unit time per unit of 
untransformed grain boundary area, in- 
creases at an increasng rate with time. 

When recrystallization rates have been 
interpreted in terms of rates of nucleation 
and growth and the rate of nucleation 
determined, an incubation period followed 
by an increasing rate of nucleation has 
also been reported. Among the studies in 
which this phenomenon has been observed 
are those of Kornfeld and coworkers*® on 
cold-drawn aluminum wire, of Anderson 
and Mehl‘ on the recrystallization of 
aluminum sheet, and of Stanley and Mehl® 
on the recrystallization of silicon ferrite 
sheet. 

The existence of an incubation period 
during which no nuclei are observed does 

Manuscript received at the office of the 
Institute December 1, 1947; revision received 
December 29, 1947. Issued as TP 2365 in 
METALS TECHNOLOGY, June 1948. 

* Research Laboratory, General Electric 


Company, Schenectady, N.Y. 
1 References are at the end of the paper. 
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not appear to have been reconciled with 
the generally accepted Volmer-Becker 
theory of nucleation in condensed systems. 
This theory ostensibly requires the rate 
of appearance of nuclei to be independent 
of time. 


VOLMER-BECKER THEORY 


In order to form a stable nucleus of a 
new phase B in a mother phase A, the 
molecules or atoms of the mother phase 
must surmount a free energy barrier whose 
height is determined by the volume free 
energy change accompanying the trans- 
formation and the energy of the surface 
separating the two phases. The free energy 
difference between nuclei of various sizes 
and the molecules or atoms of the mother 
phase is plotted schematically in Fig 1 as 
a function of the radius of the nucleus r. 
This free energy difference is plotted for 
two values of the change of free energy per 
atom, (fs — fa) accompanying the trans- 
formation when the volumes of the two 
phases are infinite. One of these values of 
(fa—fa) corresponds to a temperature 
above the temperature 7) at which the 
phases A and B are in equilibrium, 
and the other to a temperature below To. 
In order for a nucleus of phase B to bestable 
at a temperature JT. < 7», its radius must 
be equal to or greater than the critical 
value r* for which the free energy of for- 
mation of the nucleus is a maximum, A/*. 
Aggregates of phase B having radii equal 
to or less than r* will be called embryos 


Mehl and Jetter,® in discussing the - 


kinetics of nucleation in solid systems, sup- 


pose that embryos of critical size are formed — 
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by statistical fluctuations and, following 
the Becker theory, that the probability of 
such a fluctuation is proportional to 
e~Af*/kT, However, it is necessary to con- 


is 


& 

process) is much more probable than by a 
small number of fluctuations involving 
molecular processes of an order greater 
than two. Volmer assumed that embryos 
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Fic 1—FREE ENERGY OF FORMATION OF B EMBRYOS AS A FUNCTION OF THEIR SIZE. 


sider in more detail the kinetics of the 
processes by which these statistical fluc- 
tuations are realized. This problem was 
treated by Volmer and Weber’ and by 
Becker and Déring®-for the rate of con- 
densation of liquids from their vapor. 
These theories of Volmer, Becker and 


Déoring proposed that embryos of critical , 


size are formed by a sequence of bimolec- 
ular processes involving vapor molecules 
and subcritical embryos as follows: 


: A+A2A; [r] 
AptAZHA;z [2] 


Agta + A = Age (g* — 1) 
where A; represents an aggregate of 7 
atoms of a new phase, and where g* repre- 
sents the number of molecules or atoms in 
an embryo of critical size. The attainment 
of an embryo of critical size by a large 
number of fluctuations (each a bimolecular 


of all sizes below the critical are in equi- 
librium in the vapor and derived the fol- 
lowing expression for the steady state rate 
of nucleation NV gx. 


pean’ 20 
amr*?’nye 3kT [3] 


p 
Nee = 
‘ a/ omkT 


nuclei per cc per sec where 

p = partial pressure of the vapor 

m = mass of one molecule 

nm; = number of molecules of vapor per 

cm? 

y* = radius of embryo of critical size © 
= surface tension (liquid-vapor) in 

dynes/cm 

P 


In the above expression —+—— is the 
oe / ammkT 


number of collisions of vapor molecules 
with embryos, per unit area of embryo, per 


second; 4mr*? is the area of one critical- 
—Anr*2o 


size embryo; and me 3*? 
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> 
is the equilibrium number of embryos of 
critical size. 

In an improvement of Volmer’s treat- 
ment, Becker and Déring* recognized 
that the actual number of critical-size em- 
bryos must be somewhat less than the 
equilibrium number due to their rapid 
growth after reaching the critical size. 
However, they assumed that 


Na = Nay = ss = Now = Nox 


where 1 is asmall number not much greater 
than unity and WV; is the steady state 
“current” of atoms or molecules through 
embryos containing k atoms or molecules. 
This improvement modified the term 
multiplying the exponential in Eq 3 
but not the exponential itself. Actually, 
the exponential term in Eq 3 is so much 
more important in determining NV than 
its coefhicient that only the order of mag- 
nitude of the latter is significant. There- 
fore, this coefficient has been assumed 
to be independent of 7*, and 


—4rr*2o 


N,* = Ae ake [4] 


It is easily shown that 7* is given by: 


20UB 
r* — 


on fa ASS fp [5] 


(fa — fz) = Free energy difference be- 
tween molecule or atom in 
vapor and in liquid phase, 

vp = Volume per molecule or atom 
in liquid phase. Assuming 
that- the difference in heat 
capacity between the phases 
A and B may be neglected 


fa-fo= RT -T) {6 


where 2 is the heat of the transformation 
per molecule. 

Substitution of Eq 5 and 6 into 4 gives 
an expression for the nucleation rate that 
may be tested experimentally. 


TRANSIENT NUCLEATION . . 


The experiments of Volmer and Flood® 
on the rate of formation of nuclei 
from supersaturated vapors qualitatively 
established the validity of Eq 4. 

Application of nucleation theory to the 
kinetics of formation of solid phases in 
condensed systems is complicated by the 
fact that there are several types of sur- 
face positions on the faces and edges of 
transforming solids which are not equiva- 
lent in energy. Kossel!° recognized this and 
suggested that the rate of formation of a 
solid phase was discontinuous. alternately 
accelerating or decelerating depending upon 
the concentration of atoms in the surface 
layer of a growing face. Actually, however, 
a' fair approximation to the kinetics of 
nucleation of a solid phase can probably 
be made on the assumption that the shape 
of the nucleus does not change with size. 
Becker! effectively assumed a constant 
shape when he treated the problem of the 
nucleation of solids in condensed systems 
analogously to the nucleation of a liquid 
from its vapor. In condensed systems the 
number of collisions of atoms or molecules 
with embryos must be limited by the rate 
of diffusion of these atoms or molecules in 
the condensed matrix so that according to 
Becker Eq 6 becomes for such systems: 


—(q+Af*) 
Nit = Ke kP [7] 


where gq is the energy of activation for dif- 
fusion per atom or molecule. 


In transformations taking place entirely ° 


in solid systems, the free energy available 
for transformation must be diminished by 
a strain energy term. How this energy 


affects the nucleation rate will not be con-. 


sidered in the present paper but will be dis- 
cussed in later papers from this laboratory. 

Eq 8 predicts a constant nucleation 
rate per unit of untransformed volume, 


which, as pointed out above, is not con- — 


sistent with some observations on the 
variation of N,« with time in condensed 
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systems. However, existence of the “‘in- 
cubation” period in nucleation rates is not 
inconsistent with the Volmer-Becker theory. 
On the basis of the general mechanism used 
in formulating the theory it will be shown 
that an incubation period should be 
anticipated. 


THEORY OF THE INCUBATION PERIOD 


The assumption of the Volmer-Becker 
theory, that a steady state condition exists 
such that the concentrations of embryos of 
subcritical size do not change with time, 
is probably justified for the formation of 
liquid embryos in supersaturated vapors. 
It is, however, open to serious question 
when applied to transformations within 
condensed phases. When the temperature 
of a condensed system in thermodynamic 
equilibrium is changed to a temperature 
where a new phase should separate, it is 
evident that the new steady state will be 
approached quite slowly because of the 
low rate of diffusion. The time required 
for this diffusion must represent an “‘in- 
cubation” period with respect to nuclei 
formation. 

In general, the equilibrium concentration 
of embryos of a given size will be propor- 
tional to e~4//*T where Af is the free energy 
of formation of the embryos. Therefore, 
when the temperature is lowered from 7; 
to T. (see Fig 1) the concentration of 
embryos of some given radius r generally 
must increase from the value 


Ke-Af/kt at len 


to approximately 


Ke-Afy/kt2 at T» 


at the lower temperature before a steady 
state is reached. This situation should 
obtain for all transformations in condensed 
systems where the stress energy accom- 
panying the transformation is not too 
important. 

In order to describe the transient ap- 
proach to steady state conditions, let us 


Ghd 


assume that immediately after quenching, 
or heating, to the transformation tempera- 
ture the concentration of subcritical em- 


bryos of various sizes is zero. In this case, 


change of the concentrations with time 
may be represented schematically as in 
Fig 2, assuming further that their shape 
does not change with size. The rate of ac- 
cumulation of embryos may be represented 
as a function of time as in Fig 3. A steady 
state will be reached when the rate of 
accumulation of embryos having the cri- 
tical size becomes zero. Since the rate of 
nucleation is directly proportional to 
[A,«], the concentration of embryos having 
the critical size, it will be zero at f=o0 
and increase with time until a constant 
value is reached as [A,«], does in Fig 2. 
An analytical formulation of the problem 
is presented in an appendix. 

These considerations have been based 
upon the assumption that nucleation in 
condensed phases is free from disturbing 
influences that might be induced by the 
container walls, colloidal inclusions (iso- 
morphic with the new phase or otherwise), 
internal and external surfaces, and others. 
There is a large body of evidence which 
indicates that such influences do play a 
decisive role, at least in liquid-solid trans- 
formations. Avrami!? has summarized this 
evidence and proposed a theory for the © 
kinetics of phase changes that supposes 
that nucleation may be due to these influ- 
ences. Actually, when these factors operate, 
there is still a free energy hill which the 
embryos must surmount and the Becker 
expression 7 still applies. However, the 
magnitude of the free energy hill, Af*, is 
considered to be very much less under these 
circumstances, caused generally by lower 
interfacial energies, than when nuclei form 
in the interior of pure homogeneous sub- 
stances. Also, nucleation in these instances 
must occur by a series of unit processes 
and an induction period should be observed 
in the nucleation rate corresponding to an 
approach to steady state conditions. 
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As an example of a transformation to rapidly (one second or less) from a tem- 
which the theory for the incubation period perature at which austenite is stable to 
appears to apply, the decomposition of some lower temperature where cementite 
austenite may be considered. Experi- and ferrite are stable. Immediately after 
mentally, steel samples are quenched quenching, the number of cementite em- 
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FIG 3—RaTE OF ACCUMULATION OF EMBRYOS AS A FUNCTION OF TIME. 
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bryos of a given size must be of the order 
of the number in equilibrium in the aus- 
tenite at the higher temperature. This 
number generally must be much less than 
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exist where the lattice is in a highly dis- 
organized state. At these sites it is evident 
that the concentration of strain free em- 
bryos of appreciable size is. probably 


Ng 


= 


UNLIMITED NUMBER 
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LIMITED NUMBER 
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TIME 


Fic 4—VARIATION OF NUCLEATION RATE WITH TIME IN CONDENSED SYSTEMS. 


the steady state number at the lower tem- 
perature. An increase of the concentration 
of cementite embryos to the steady state 
value can occur only by a relatively slow 
process of diffusion of carbon. In this 
example it is assumed that the rate deter- 
mining step in the nucleation of pearlite 
is the nucleation of cementite. 

In recrystallization it seems well estab- 
lished that growth nuclei originate at or 
very near loci in the crystal matrix which 
are highly strained as, for example, at 
twin boundaries or at the intersection of 


slip bands. According to one viewpoint,” 


recrystallization nuclei form in sites where 
the stress energy is a maximum, while 
according to a second viewpoint they al- 
ready exist as more or less undeformed 
blocks adjacent to highly stressed regions. 
Consider now the relation of the first view- 
point to the proposed theory. As a result 
of cold-working, potential nucleation sites 


negligible at temperatures below those 
necessary for recrystallization and cer- 
tainly less than the steady state concentra- 
tion in the recrystallization temperature 
range. When the temperature is increased 
to the recrystallization range, diffusion in 
the stressed sites becomes sufficiently rapid 
for various sized embryos of the strain free 
crystal to attain their steady state size 
during an incubation period such as that 
observed by Mehl and coworkers. It is 
probable that only one active growth nu- 
cleus originates at a given stressed site 
either because the rate of further develop- 
ment is so rapid that all the highly strained 
atoms in the vicinity are incorporated into 
the new grain before other potential nuclei 
can form or because such nuclei, if they do 
form, may be ingested by the largest nu- 
cleus. In either event the number of 
potential growth nuclei will be limited by 
the number of separated highly strained 
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loci in the matrix. In view of the limited 
number of sites available for nucleation, 
one might expect also that the nucleation 
rate would exhibit a maximum with re- 
spect to time as shown schematically in 
Fig 4. This has been observed in some 
instances by Mehl and his co-workers. 

_ Suppose now that recrystallization nu- 
clei are tiny fragments left essentially 
strain-free after cold-working. In general 
their size may be considered. greater than 
the critical. It is possible that their size 
may be so small that the fraction, F, of 
atoms or molecules in the surface may be 
quite large. In this event the “nucleus” 
will grow at an increasing rate which be- 
comes constant only after F becomes negli- 
gible in comparison to unity. Therefore, 
observations on the rate of growth will 
indicate an induction period for each indi- 
vidual grain.* Burgers!4 has suggested an 
alternate explanation for the induction 
period for individual grains which supposes 
that the unstrained fragment grows into 
a region of progressively increasing strain 
energy so that the growth rate accelerates. 
Although individual grains show induction 
periods this does not in itself give any in- 
formation on how JN,* varies with time. 
This will depend upon the size distribu- 
tion of the unstrained fragments as well 
as the strain energy distribution. To give 
the observed variation of Ng» with time, 
it appears that the size of the unstrained 
fragments should be very small and quite 
uniform. 


SUMMARY 


The nucleation theory, developed by 
Volmer and Becker, when applied to trans- 
formations in condensed systems,.leads to 
an incubation period in which no nuclei 
appear to form, and an increasing rate of 
nucleation with time thereafter. This in- 
cubation period arises from comparatively 
slow rates of diffusion in condensed systems 


* Dunn" has advanced similar arguments to 
explain the induction period. 
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and the consequent slow approach to 
steady state nucleation. 

This analysis explains the acceleration 
of the nucleation rate with time observed 
by Mehl and coworkers for the decomposi- 
tion of austenite to pearlite. Also it is 
shown that the increase in the nucleation 
rate during recrystallization observed in a 
number of investigations may be explained 
on the same basis, when it is assumed that 
recrystallization occurs by a process of 
nucleation and growth. 


APPENDIX 


To consider the problem of nucleation 
of a phase, B, in a condensed system, we 
assume that the process starts from funda- 
mental aggregates in phase A containing 
m molecules or atoms and proceeds by a 
sequence of unit processes as follows: 


k 
ae teed = Amat [A-1] 
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A m+l1 =i A = Am 42 [A-2] 
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Amin  [A-n-1 
It is further assumed that the shape of 
embryos of phase B does not change with 
size. 

Let ki, ke, ks... Rn-1 represent the 
specific rate constants for the forward proc- 
esses of equations (A-1)—(A-mn-1) and 
Rot, Rs . k, represent the specific rate 
constants for the corresponding reverse 
processes. Then if the concentrations of 
Ay Ana raeityk Anne be #1, X29. . . Xn, 
the rates of accumulation of ae of 
various sizes may be written: 


dx»/dt = ee a k3"X3 = (ke 4+ Rot) X2 [aay 
= kx, + kstx3 — Ro’ xe 
dx3/dt =" [A-2]’ 
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where ky’ = (kn + hn"). 

This series of differential equations has 
no simple explicit solution. One may, how- 
ever, solve these equations either by making 
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t= « with a maximum at some inter- 
mediate time as is also indicated in Fig 3. 
Therefore when x,» is plotted against time. 
an induction period must be observed. 
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some simplifying assumptions or by a 
numerical method which is exact. We 
shall consider first some simplifying as- 
sumptions. It may be assumed (1) that 
the concentration of fundamental aggre- 
gates, x1, remains constant and (2) that 
the contribution of the term &n4i7X%n41 to 
the reaction rate is negligible in comparison 
with the other terms. Using these assump- 
tions and the-condition that x, = o when 
t = o the equations were solved and general 
expressions* for x, and dx,/dt obtained. 
The expression for dx,/dt was a summation 
of exponential terms of the type aje~*it. 
The expressions obtained predict the gen- 
eral shape of the curves drawn in Fig 2 and 
3. Thus dx2/d¢ has its maximum value at 
t=o and falls off steadily thereafter as 
shown in Fig 3. Further, dx;/dt and all the 
following rates are zero at ¢ = o and at 

“* The complete expressions will not be 
presented in this appendix but the author will 


be glad to supply them to any who request 
them. ; 


Since the rate of nucleation N,« is directly 
proportional to x,* it also must be zero at 
t = o and increase with time until a con- 
stant value is finally reached corresponding 
to the steady state condition. Thus it fol- 
lows that this type of relation between NV,» 
and time is a natural consequence of the 
Volmer-Becker nucleation theory applied 
to condensed systems. It should be pointed 
out that Nn = Rn-iXn-1 — Rn'%n. It fol- 
lows from the relations presented that as ¢ 
becomes very large NV, approaches a con- 
stant value as was assumed by Becker and 
Doring. 

The equations were solved numerically 
for two different sets of numbers. In one 
case the critical size was taken to be 4 and 
the number of atoms in the basic aggregate 
m was taken to be 1. Rate constants were 
formulated as follows: 

hn = Ke-w/*Tn% 
(an24—bn) 


pate Kune nk? 
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where m represents the number of atoms or 
molecules in an embryo. By arbitrarily 
setting Ke-2/*? equal to unity, o = 20 
ergs/cm?, and specifying a spherical shape, 


ie) 5O 100 
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taken to be an arbitrary constant 0.01 
multiplied by the mole fraction of the 
parent phase, «;. With the boundary con- 
ditions x1 = 1.00, %12 = *13 = 4%, = 0 the 
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rate constants were evaluated numerically 
for various values of ». Concentrations 
were expressed in terms of the mole frac- 
tions and the boundary condition x = 
1.00, %2=0,%3=0...% =oatt=o0 
was specified. 

With the aid of Lagrangian integration 
coefficients values of x, and dx,/dt were 
evaluated for various values of by a 
method of successive approximations.* In 
Fig 5 dx,/dt is plotted as a function of time 
for different values of ». Also plotted in 
Fig 5 is the ‘‘nucleation rate,” Ny. It is 
evident that these curves follow the trends 
which have already been predicted and 
discussed. 

For a second numerical solution the 
numbers were taken to be the same as in 
the first example excepting that the critical 
size was taken as 25 and the rate of forma- 
tion of aggregates containing 12 atoms was 

*The author is indebted to Dr. John C. 


Fisher for suggesting and formulating this 
solution. 


values of x, and dx,/dt were obtairted as 
in the preceding example. Fig 6 shows the 
nucleation rate Nes plotted against time 
for this case in the early stages of the reac- 
tion. The calculation was not carried to 
completion and the remainder of the curve 
was interpolated approximately to the 
limiting steady state rate which was cal- 
culated. As anticipated there is a long in- 
duction period in which no nuclei are ob- 
served after which the nucleation rate rises 
sharply to the limiting value. 
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Tantalum Powder by Magnesium Reduction 


By J. Prrero Isaza,* A. J. SHALER{ AND Jonn Woutrrt 


(Chicago Meeting, October 1947) 


TANTALUM metal has a number of unique 
properties which give it widespread ap- 
plication in modern technology and in 
research. In electronic apparatus involving 
high temperatures in vacuo some of the 
refractory metals become brittle. Tanta- 
lum retains its ductility at elevated tem- 
peratures, and this property, together with 
its low vapor pressure and its ability to 
absorb gases, make it important in this 
field. Its chemical inertness in the presence 
of acids, halogens, and other corrosive 
media, makes it useful in chemical ap- 
paratus and in neuro and orthopedic sur- 
gical applications. As an addition to 
tungsten carbide in steel-cutting grades of 
cemented-carbide tools, the carbides of 
tantalum and of its sister element colum- 
bium have found considerable use. 

The present-day method! of manufactur- 
ing tantalum is to sinter a powder compact 
of the metal in vacuo. Because tantalum- 
columbium alloys are difficult to work and 
since tantalum ores almost always contain 
columbium, the two metals must be sepa- 
rated chemically, the products of the 
separation being generally in the form of 
potassium tantalum fluoride and potassium 
columbium oxyfluoride. These salts are 
used in fused-salt electrolytic baths from 
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which coarse metallic powder is deposited as 


a sponge at the cathode. Finer powder can — 


be made from the coarse product or from 
tantalum scrap by first submitting it to an 
embrittling heat treatment in hydrogen 
and then crushing it. The fine hydrogen- 
containing powder may subsequently be 
degassed in vacuo at a high temperature. 
Prompted by the success of others? in 


the magnesium reduction of titanium and ~ . 


zirconium halides, one of the authors under- 
took4 an investigation of the thermo- 
chemistry of the reaction between solid 
magnesium and gaseous tantalum penta- 
chloride, a subject which had not previously 
been studied. He found that the heat of 
formation of tantalum pentachloride is 
approximately 364,250 cal per mol at 
temperatures lower than the melting point 
of magnesium. A value of 83 units was 
found for the standard entropy at these 
temperatures. With these values, it was 
shown that magnesium and tantalum pen- 
tachloride are capable of reacting exo- 
thermically at temperatures less than the 
melting point of magnesium, and that no 
great violence is to be expected when these 
substances are heated together. The 
exothermic nature of the reaction indicated 
that the process should be efficient and 
should not require much externally applied 
energy. ; 

Tantalum pentachloride is not commonly 
made commercially, and any process using 
it therefore involves the subsidiary problem 
of producing and handling this substance. 
A series of experiments was carried out in 
which dried chlorine saturated with carbon 
tetrachloride was passed over heated tanta- 
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lum, either in the metallic state or combined 
as oxide or in’ the form of tantalite ore 
concentrate. The tantalum pentachloride 
produced was condensed in the form of a 
white powder, and proved to be stable 
enough to be handled in dry air. 

These experiments are described below. 
An account is also given of the process 
of reducing the powdered pentachloride to 
tantalum metal by reacting it with chips 
of metallic magnesium. The technique de- 
scribed for carrying out this reaction was 
adopted after making a series of exploratory 
experiments in which volatilized tantalum 
pentachloride and liquid magnesium were 
made to react; these experiments were 
generally successful but inefficient. 

The procedure adopted for the reduction 
is similar to that used by von Zeppelin? in 
making zirconium powder from zirconium 
tetrachloride, and by Kroll and Dean, Long 
and others’ in manufacturing titanium from 
its halides. 


PRODUCTION OF TANTALUM 
PENTACHLORIDE 


The pentachloride of tantalum is a white 
crystalline solid, most of the physical prop- 
erties of which are known. It is hygro- 
scopic and decomposes in contact with 
moist air, so that appropriate precautions 
must be taken to keep it dry. The standard 
laboratory method of production is to pass 
dry chlorine over heated tantalum metal. 


~The reaction is carried out in a pyrex 


tube and begins at about 150°C with finely 
divided metal] but does not proceed vigor- 
ously with coarse tantalum until 350°C is 
reached. The colorless tantalum chloride 
vapor produced is readily condensed in the 
form of powder in a water-cooled trap 
which is an extension of the pyrex tube. 

A typical run using 36.35 g of scrap tan- 
talum sheet held at 550°C for 3 hr and 
rs min. converted 95 pct of the metal to 
chloride. The chlorine was passed over the 
metal in this run at a rate of 1.5 ml per sec. 

For industrial purposes this procedure, 


using tantalum scrap or bar-croppings, 
might be used, but it is probably cheaper 
to obtain the pentachloride from tantalum 
oxide or, for certain purposes, directly from 
the ore concentrates. Some carbon must be 
mixed with the ore or oxide in quantities 
dependent on the operating temperature 
and rate of reaction selected. A typical 
laboratory run gave a 94 pct yield from a 
mixture of 33 g tantalum pentoxide and 
6.5 g pulverized charcoal through which 
dry chlorine saturated with carbon tetra- 
chloride was passed at 2 ml per sec for 4 hr 
at 650°C. In this case quartz tubing was 
used instead of pyrex. To obtain good yields 
when ore concentrates are used, more car- 
bon and a higher temperature are generally 
required; for instance 30 g of a typical 
Brazilian concentrate (Philipp Bros., Inc., 
New York) containing 69.23 pct Ta20s, 
4.2 pct Cbe2Os;, 1.24 pct TiOe, 3.24 pct 
FeO; and remainder insoluble, ground to 
pass a roo-mesh sieve, are mixed with 10 g 
of charcoal. Using such a.mixture, a chloride 
yield of 99 pct is obtained after passing 
chlorine at 3 ml per sec for.3 hr at goo°C. 
In addition to tantalum and columbium, the 
chloride produced contains 0.16 pct ti- 
tanium and tr.0o pet iron. At temperatures 
lower than 550°C the tantalum and colum- 
bium present in the ore can be preferentially 
chloridized, leaving iron and titanium 
behind with the gangue. At these tempera- 
tures, however, the rate is slow, so that it is 
easier to remove such impurities during the 
leaching step that follows the magnesium 
reduction operation. There is no appreciable 
separation of columbium and tantalum in 
this process. The apparatus in which the 
operation is carried out may be made of 
glass or of fused silica. Neoprene connec- 
tions may be used but must be replaced 
from time to time. 

The chloridization of columbium metal 
and of columbium oxide may be carried out 
in the same way. Greater precaution — 
should be taken with columbium to prevent 
the formation of the undesirable columbium 
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tube full of the mixture at about 10 in. per 
min. into a furnace held at about 750°C. 
When the reaction reaches the top.of the 
tube, a slight loss of tantalum chloride 


oxychloride; it is essential that the reagents 
and apparatus be thoroughly dry and well 
flushed out with an inert gas before the 
reaction chamber is heated. 


100, 
90 


PERCENT 
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REDUCTION TO TANTALUM POWDER 


Exploratory experiments in which vola- 
tilized tantalum pentachloride was reacted 
with molten magnesium proved inefficient. 
The favorable results of the thermochem- 
ical study described by Prieto‘ and the fact 
that magnesium does not alloy with tanta- 
lum or columbium! led to the use of magne- 
sium chips. Since von Zeppelin? had 
reported success in the reduction of zirco- 
nium tetrachloride, using solid magnesium 
and simple apparatus, the procedure out- 
lined by him was adapted to the production 
of tantalum powder. 

The method consists in mixing the pow- 
dered tantalum pentachloride with a ro pct 
excess of magnesium turnings and with a 
third substance which will form at a reason- 
able temperature a liquid bath with the 
magnesium chloride produced by the reac- 
tion. The third substance used here is 
potassium chloride. The mixture is placed 
in an iron or pyrex tube which is heated 
from the bottom upward. The reaction it- 
self contributes most of the heat required, 
but it is necessary to initiate the reaction by 
raising the temperature at some point in the 
mixture to over 450°C, The simplest pro- 
cedure found for doing this is to lower a 
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takes place by volatilization, yet yields of 


over 98 pct are obtained and could be | 


improved by capping or lengthening the 
tube. The progress of the reaction is not 
violent and if the amount of sodium or 
potassium chloride is as great as that of the 
tantalum salt the reaction stops if the 
lowering of the tube into the furnace is 
interrupted. 

After the reaction the tantalum metal 
powder may be allowed to settle by gravity 
through the liquid bath, but on a labora- 
tory scale it was found preferable to cool 
and treat the entire tantalum-containing 
salt ingot. First, this is crushed to coarse 
lumps which are dissolved in water. Then a 
small amount of hydrochloric acid is added 
to dissolve the excess magnesium carried 
over from the raw materials as well as iron 
and titanium in the case of ore chlorides. 
Finally the powder is filtered and washed 
with water and alcohol. The absence of any 
green coloration in the wash water or of 
any white particles in the powder indicates 
the completeness of the reduction obtained. 

The disastrous results obtained by von 
Zeppelin? in drying zirconium powder even 
under reduced air pressure indicated that 
care should be taken in drying fine tantalum 
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powder. It was found that freshly reduced 
tantalum and columbium are both com- 
bustible in air at about 60°C. Accordingly 
the powder was vacuum dried at 70°C and 
-no further difficulties were experienced. 
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trolytic tantalum powder used heretofore 
commercially has had this disadvantage, 
that it is undesirably coarse. It is therefore 


gratifying to note that the powders: pro- 
duced by the process described above are 


m 
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MICROSCOPE. 


Using the method described above, tan- 
talum powder and alloy powder of tantalum 
and columbium were made from penta- 
chlorides derived from the metals, their 
oxides, and from the ore concentrates. 
Batches of reactants up to over one pound 
were processed without difficulty. Von 
Zeppelin reacted much larger charges of 
zirconium chloride in this fashion and it is 
expected that similarly large batches of 
tantalum could be produced. 

The reduction of tantalum pentachlorid 
with magnesium is simple and efficient. The 
removal of impurities takes place without 
any extra steps, and the fineness of the 
powder is not dependent on the fineness of 
the reactants, since the tantalum penta- 
chloride is volatilized before it reacts. The 
dendritic structure shown in Fig 2 suggests 
such a mechanism. 


CHARACTERISTICS OF THE POWDER 


Extremely fine powders are often ‘re- 
quired in powder metallurgy and the elec- 


considerably finer. For instance, the tanta- 
lum powder produced was shown by the use 
of the Cenco photelometer to have the fol- 
lowing particle-size distribution: too pct 
less than g microns, 70 pct less than 
5 microns, 19 pct less than 1 micron, 
7.4 pct less than 0.6 micron. Columbium 
powder produced in the same way was 
all finer than ro microns, so pct finer 
than 5 microns, 22 pct finer than 1 
micron. Fig 1 shows the particle size dis- 
tributions of one of these powders. The 
shape of the powder particles is sharply 
angular and dendritic as can be seen (Fig 2) 
from the electron microscopic shadow- 
grams of the powder made by Professor C. 
E. Hall.* 

Chemical analysis of the tantalum pow- 
der reveals a magnesium content of from 
0.10 to 0.54 pct. In the case of powder pro- 
duced from ore chlorides a residual iron 
content of 0.30 pct and o.12 pct titanium 


*Department of Biology, Massachusetts 
Institute of Technology, Cambridge, Mass. 
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was obtained. Since magnesium is insoluble 
in tantalum, it is probably unnecessary 
in most applications of these powders to 
remove this impurity. If such a course is 
desirable, however, a second leach with 
warm dilute hydrochloric acid brings the 
magnesium content down from o.15 pct to 
0.08 pct. For the production of sinter cake 
for use in.nonferrous fusion metallurgy the 
residual magnesium is of little consequence, 
and in uses involving high temperature 
carburizing or vacuum sintering all the 
magnesium is easily volatilized. Powder 
reduced from pentachlorides obtained di- 
rectly from the ore may be completely 
freed of titanium only with difficulty; a 
double chloridization separated by a leach- 
ing operation removes the bulk of the tita- 
nium contamination. 


DISCUSSION OF RESULTS 


A simple method for making metallic 
powders from volatile compounds of re- 
fractory metals has been successfully ap- 
plied to tantalum and columbium. In 
applications not requiring a complete sepa- 
ration of columbium and tantalum it is 
possible to carry out the manufacture of 
metal powder directly from the ore con- 
centrates in a very few operations; namely, 
mixing of concentrate and carbon, chlorid- 
ization, mixing chlorides and magnesium, 
reduction, leaching and drying. If pure 
tantalum or pure columbium is required, 
then the usual procedure for the chemical 
separation of the metal oxides is used, and 
is followed by the operations mentioned. 
Tantalum or columbium scrap may be 
directly chloridized without carbon. The 
relative freedom of this procedure from 
difficulties of all types is in marked contrast 
to the electrolysis of fused salts used com- 
mercially at present. 

A further superiority of the process over 
the electrolytic method lies in the grade 
of powder produced. The fused-salt elec- 
trolysis generally gives a product coarser 
than 50 microns. There is a need, particu- 
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larly in the making of cemented carbides, 
for a powder finer than 10 microns. The 
process described here satisfies this require- 
ment easily and appears to offer a better 
means of controlling the uniformity of the 
product. 
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DISCUSSION 
(J. W. Scott presiding) 


J. W. Scorr*—I wish to compliment the 
authors on their presentation of an interesting 
subject. A paper of this type is intriguing to 
me, as I know it must be to you, in that it 
gives the fundamental data on a product which 
can not be handled by usual means because it is 
so fine. 

While you are thinking of your question I 
would like to use the Chairman’s prerogative 
of making the first comment. 

You will, of course, appreciate that the 
powder might have a spheroidal or a dendritic 
structure. It seems to me particularly interest- 
ing to consider how the particular structure is 
started. 


A. J. SHALER (authors’ reply)—The mech- 
anism of formation’ of these particles has been 
the subject of considerable speculation on our 
part. I do not think there is any simple ex- 
planation. Since the magnesium particles from 
which the tantalum was produced are quite 
large, it is probable that both the magnesium 
and the tantalum chloride were both volatilized 
before the reaction took place. I might point 
out in that connection a few of the data on the 
boiling points and melting points of the 
materials. 

The tantalum tetrachloride boils at 242°C; - 
magnesium melts at 651°C, but only boils at 


* Western Electric Co., Chicago. 
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1070°C. We know, however, that, even at 
651°C, magnesium has quite an appreciable 
vapor pressure. It reaches 1 mm at 772°C. 
Potassium is more volatile than magnesium. 
So it is probable that the process took place 
completely i in the gaseous state. 

Now, Mr. Scott mentions spherical powders 
and is perhaps referring to the carbonyl process 
of which we heard quite a bit in the previous 
paper.* In that case the mechanism of forma- 
tion of the original grain from which the powder 
is produced is debatable, but certainly the 
powder grows by deposition from the gas phase 
onto the original nucleus, and therefore it is a 
matter of deposition from a gas onto a solid. 
In our case, presumably, the particles are 
formed completely in the gas phase and do not 
subsequently grow. 


J. W. Scorr—Another question that occurs 
to me, before we turn the meeting open, are 
these powders of tantalum pyrophoric? 


A. J. SHALER—That question was answered 
rather violently in the case of zirconium. I 
believe that von Zeppelin, who is responsible 
for using this method in Germany on zir- 
~ conium, found he had to dry the powder in a 
very good vacuum because even with a partial 
vacuum the powder became oxidized at 50 or 
60°C with such violence that he had a bad 
explosion in his laboratory. In our case we 
proceeded with due caution since we knew 
about it, but we found that the tantalum 
would ignite quietly in air at about 60°C. 


J. W. Scorr—I see several of you in the 
audience who are aware that a powder of this 
type might have commercial applications, and 
I imagine the author would be glad to answer 
any questions of that nature. May I have 
questions from the floor now, please? 


- MrempBer—lI would like to ask the authors 


“something about the oxygen content of the — 


powders as produced, and whether the powder 
is suitable for other applications than those of 
the carbide industry; that is, could you make 
massive tantalum from it by the sintering 
process now used with the coarser powders? 


*W. G. Pfann: An Electrolytic Method for 
Pointing Tungsten Wires. Metals Tech., 
TP 2210 (June 1947). This volume, p. 606. 
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Also, what is the efficiency of the reduction? I 
think it would be rather high. 


A. J. SHALER—In this tube the heat is ap- 
plied at the bottom of the tube to begin with, 
and the tantalum pentachloride is evaporated 
at that level. However, it immediately con- 
denses again at a slightly higher level in the 
tube. As the entire tube is lowered into the 
furnace the reaction finally reaches the very 
top and a certain amount of tantalum penta- 
chloride is lost by volatilization. We obtained, 
even with small or standard sized test tubes, 
efficiencies of 98 pct. If the loss by volatiliza- 
tion from the top layer of tantalum penta- 
chloride should be prevented, I imagine one 
could get an efficiency very near too pct. This 
same gaseous layer which is gradually rising 
above the reaction zone pushes ahead of it most 
of the oxygen otherwise present in the reaction 
zone, and we find no sign of oxide in the prod- 
uct. I think that answers two of your questions. 

We did not sinter any of this tantalum pow- 
der into solid tantalum metal because we did 
not have the necessary vacuum sintering 
equipment, but as far as the purity of the 
powder is concerned there is no reason why it 
should not sinter as well as the fused-salt 
electrolysis product. 


J. E. DrapEau*—Did you notice the shape 
of those particles? I was wondering how the 
author arrived at this particle size distribution. 
Is the particle size distribution reported by 
frequency, by number, or by weight? In making 
a particle size distribution count at high mag- 
nification, you do not bring into account the 
weight of the individual particle. In obtaining 
the weight distribution of the particles, you 
have to assume that the particles are spherical 
or some other shape. I question the real value 
of such particle size determinations. Naturally, 
you can give a general range of the particle 
size but where they are so small, irregular, and 
dendritic in shape, it is difficult to place their 
real value on the particle size distribution. 

' These powders are extremely small in par- 
ticle size. These fine particles probably have a 
very definite application in some fields. Have 
you thought of any methods for building up 
coarser powders that might be used in the 


* Metals Refining Co., Hammond, Ind. 
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fabricating of parts where flowing characteris- 
tics are desirable? 


A. J. SHALER—The curves were made on the 
photelometer and that operates on the principle 
of Stokes’ law, which says: when particles fall 
freely into a viscous medium the rate of settling 
depends on the diameter. 

The figures that are given are the diameters 
of tantalum spheres which would have the 
same settling rates as those observed in the 
photelometer. 

However, if you look at the electron shadow- 
graphs closely you will find that the large 
particles fill about half the field shown on the 
slide, their diameter being then about three 
microns. 

The process is simpler than the electrolytic 
method, of which I had a little experience in 
the case of tungsten, and one of us had some 
experience in the case of tantalum also. It is 
easier and appears to be cheaper and if the 
product turns out by experience to be satis- 
factory, it should be competitive. 

Powders that are pyrophoric at 60 or 70°C 
are used in metallurgy, so that there have been 
examples before of shipping and handling such 
powders in large quantities. Using due pre- 
cautions powders that are pyrophoric to that 
degree should not be too dangerous. 


J. W. Scorr—These powders being different 
in size from those one normally encounters, 
they must have peculiar properties. Many 
powders consolidate under sheer pressure. 
What characteristics do these powders have 
in that respect? In other words, is their be- 
havior under pressure that which one would 
normally expect? 


A. J. SHALER—We have not progressed far 
enough to give you a thorough answer to that 
question. Others, working in the field of mag- 
netic materials, have found that the fine par- 
ticles made from volatile halides possess 
advantageous characteristics. One would ex- 
pect that during pressing, in powders of this 
kind, some of the asperities of the dendrites 
would break up. These powders possess con- 
siderab!e surface, and should easily form 
carbides. 
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J. J. Harwoop*—Did you observe a hydro- 
gen pick-up during the leaching? 


A. J. SHALER—No, we have not looked for 
any. (Note: Parameter measurements made 
since this discussion took place show less than 
0.01 pct Hp.) 


W. J. Krott{—There having been no ap- 
preciable progress in the metallurgy of tanta- 
lum and columbium in the last twenty years, 
the authors are to be congratulated for the 
reduction method they describe. The possibility 
of reducing tantalum and columbium chloride 
with magnesium has already been mentioned, 
as the authors acknowledge, in a publication 
of the research laboratories of the Bureau of 
Mines, Albany, Oregon station.{ The metal 
powders can certainly be obtained by mixing 
the chlorides of tantalum and columbium with 
a carrier salt, for instance with potassium 
chloride, and with magnesium filings; after 
igniting the mixture it can be processed by wet 
methods to produce the powder. However, as 
shown in the case of zirconium, such method 
barely permits obtaining a malleable metal, 
since all the oxide contained in the chloride 
remains in the powder. Unfortunately the 
authors do not mention the results they ob- 
tained by reacting the chlorides with fused 
magnesium in the vapor phase, which method 
permits avoiding oxide contamination. The 
uses of a tantalum powder made by the reduc- 
tion of the chloride-magnesium-carrier salt 
mixture are rather restricted. The carbide can 
be obtained at much lower cost than by using 
such powder, by extraction of carburized ferro- 
tantalum, made in the arc furnace, with 
hydrochloric acid. 


A. J. SHALER—We thank Dr. Kroll. Final 
answers to the feasibility of the techniques dis- 
cussed by him for various tantalum applica- 
tions must await the completion of research 
now in progress. 


*U.5S. Naval Research Laboratory, Wash- 
ington, D. C. 

} Bureau of Mines, Albany, Oregon. 

f W. J. Kroll, A. W. Schlechten and L. A. 
Yerkes: Ductile Zirconium from Zircon Sands. 
Amer. Electrochem Soc. 
Pp. 375. Birmingham April 1946. 
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Nickel-steels by Powder Metallurgy* 


By LavrENCE DELISLE;{ AND WALTER V. Knoppy{§ 


(New York Meeting, February 1948) 


INTRODUCTION 


THE aim of this work was the preparation 
of nickel-steels from elemental metal pow- 


_ ders by powder metallurgy techniques. It 


was known that plain carbon steels could 
be made from a mixture of iron powder and 
graphite and that the effect of carbon on 
iron in powder form was of the same nature 
as that produced in fusion metallurgy. The 
problem in making nickel steels from ele- 
mental powders consisted therefore in 
finding out whether sufficient diffusion of 
the nickel and other incidental metals 
normally present in such steels could be 
induced in the solid state to modify the 
properties of plain carbon steels made from 
powders and produce the beneficial effect of 
alloying. The composition selected orig- 
inally was that of an S.A.E. 2330 steel. 
Metal powders, in the proportion corre- 
sponding to that composition, were mixed 
with graphite, pressed, and heated at 
different temperatures for different periods 
of time, to produce bonding of the metal 
particles and mutual diffusion of the vari- 
ous elements without melting. Tempera- 
tures up to 1325°C and sintering periods as 
long as 6 hr were first investigated because 
it was expected that such conditions would 
produce maximum diffusion with an ac- 


_ companying improvement in the properties 


A 
; 
; 
a 
: 
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of the alloy. It was found that, although 


* Presented before the Societé Francaise de 
Metallurgie in 1946 and published with the 
permission of that society. Manuscript re- 
ceived at the office of the Institute November 
17, 1947. Issued as TP 2340 in Metats TECH- 
NOLOGY February 1948. 

+ Former Research Fellows for The Inter- 
national Nickel Company. ; 

t Sylvania Electric Products, Bayside, N. Y. 

§ Research Fellow, Stevens Institute of Tech- 
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diffusion proceeded to a large extent under 
the conditions investigated, it would not be 
complete unless sintering were carried out 
at a high temperature for much longer than 
6 hr. Relatively high temperatures and long 
sintering times are objectionable from a 
practical point of view, particularly when a 
low cost material is to be produced, because 
they necessitate the use of special, costly 
equipment. Work could be done to improve 
the diffusion of iron and nickel by changing 
conditions other than the sintering tem- 
perature and time, that is, finer primary or 
alloy powders could be used. However, a 
marked change in the properties of the steel 
had been observed even with only partial 
diffusion. It- was thought, therefore, that 
instead of trying to improve the diffusion, 
advantage might be taken of its incom- 
pleteness to produce a special structure con- 
sisting, in the unquenched condition, of a 
hard constituent, rich in nickel, dispersed 
in a tough pearlitic matrix. Steels with such 
a structure, not readily obtainable by fu- 
sion, should have desirable mechanical 
properties. Besides, it should be possible to 
prepare them from elemental powders 
under economical conditions. This latter 
alternative was therefore adopted for the. 
second phase of this work. 

This report is divided into four parts: 
1. General Procedure. 2. Effect of Sinter- 
ing Temperature. 3. Effect of Varying the 
Nickel Content: 4. Effect of Alloying 
Elements. 


GENERAL PROCEDURE 


The general technique of cold pressing as 
used in powder metallurgy was applied. 
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Following that technique, the powders are 
mixed, compacted into the desired shape in 
a die, and sintered. The pressing and sinter- 
ing operations may be repeated. 


Description of Powders Used 


DESCRIPTION 

Apparent Density: 
IRON POWDER 2.40-2.50 g per cc Per 
Electrolytic Sieve Analysis: Cent 
+ 100 mesh........ 0.50 
= 100 LAO sd, «aid cregetery fetes rr..7% 
= TAG 4 'S00. 6 crm 7 aoa 22.39 
=} BOO 27. acts erates ale aueasrs 13.44 
om 7 Oy =) SBS attr an sactare etpha ole 11.88 
oe BAG Ce eeera eke eee mec ae 40.08 


The powder is flaky due to the ball mill- 
ing treatment to which it is subjected dur- 
ing the process of pulverization. However 
it is annealed by the suppliers so that it is 
not in a cold worked condition. A chemical 
analysis for impurities other than gases 
gave the following results: C 0.005 pct, 
Mn 0.002 pct, Si 0.003 pct, P 0o.co1 pct, 
S 0.004 pct, Ni 0.008 pct. The iron powder 
was reduced for one hour in hydrogen at 
600°C and sieved through a too mesh 
screen before use. This reduction was in- 
tended to insure as constant a surface con- 
dition of the powder particles as possible. 
Fig 1 illustrates the microstructure of the 
powder. 


DESCRIPTION 
Apparent Density: 
NiIcKEL POWDER 3.20-3.60 g per cc Per 
Milled Sieve Analysis: Cent 
—200 + 270 mesh....... 3.7 
— AIO += SIG). . vide miele ahhe's 8.5 
Tee OSE ORIN cacti 87.8 


This powder is made by atomizing 
molten nickel to which a small amount of 
sulphur has been added. The coarse atom- 
ized nickel powder is heat treated in a 

‘substantially closed chamber. The shot, 
thus embrittled at the grain boundaries, 
can be pulverized into a fine powder. A 
chemical analysis of that powder for im- 
purities other than gases gave the following 
results: S 0.04 pct, Cu 0.18 pct, Fe 0.23 pet, 
Mn 0.002 pet, Mg o.oors5 pet, Pb 0.035 
pet, Sn 0.025 pct, Si 0.08 pct, Cr 0.008 pet. 
For this investigation only the fraction 
passing a 325 mesh screen was used. The 
nickel powder was reduced at 600°C for one 
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hour in hydrogen and then sieved through a 
325 mesh screen before use. Fig. 2 shows the 
microstructure of the powder. 

NICKEL POWDER MILLED 


Carbonyl Apparent Density: 


3-3 8 per ce 
Sieve Analysis: 
= 345 mesh wy. > cma netae I0o pct 


This is a fine powder with a carbon con- 
tent of 0.14 pct. Other impurities are pres- 
ent in negligible amounts. Fig 3 illustrates 
the microstructure of the powder. 


DESCRIPTION 
Natural.... 


GRAPHITE ‘ 
95-96 pct carbon 


Of the carburizers investigated for 
making steels by powder metallurgy — 
(lamp black, gas carburizers, graphite) 


graphite appeared to be the most satis- 
factory. 


Manganese: Manganese was added in the 
form of 80 pct ferro-manganese alloy. 


Sieve Analysis: 
=325 mesh cs cate.«s shamans 100 pet 


Silicon: Silicon was added in the form of 
a 20 pct ferro-silicon alloy. 


Sieve Analysis: 
= 3915 MOSH. Suh tesieactek ee 100 pet 


Mixing 


The powders were mixed by tumbling 16 
hr in jars with wire baffles. 


Pressing 


Thirty gram tensile bars were compacted 
in a split tensile bar die of the type now 
under consideration as a standard. 

Hydraulic presses were used for all speci- 
mens and the compacting pressure was held — 
constant at 50 tsi. 


Sintering 


In the heat treatment of steels made by 
fusion metallurgy special precautions must 


‘be taken to prevent surface carburization 
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FIG 1 is 
FIG 2 
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Fic 1—Iron Powper. ETCHED WITH I PCT NITAL. X 200. 
Fic 2—NICKEL POWDER (MD 151, —325). ErcHep wit Merica’s REAGENT. 

Fic 3—NICKEL POWDER (CARBONYL). ETCHED WITH Merica’s REAGENT. X 1000. 
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or decarburization. The graphite in the 
mixed powders used for making steels by 
powder metallurgy is even more susceptible 
to oxidation than the carbon in the com- 
bined form (cementite) in steels made by 
the fusion method. An atmosphere that 
produces neither carburization nor decar- 
burization is therefore required for sin- 
tering. Hydrogen, partially combusted 
methane or city gas, and dissociated am- 
monia are the three most common atmos- 
pheres used in powder metallurgy. For the 
sintering of a mixture of iron and graphite 
powders hydrogen as supplied must be 
thoroughly dried. In practice this would 
mean more exact control than could nor- 
mally be obtained. By perfect control of the 
partial combustion of methane or city gas, 
in a limited supply of air, an atmosphere 
with a composition in equilibrium with the 
carbon in the steel can be obtained. How- 
ever the precise air to gas ratio required is 
difficult to maintain and if it is slightly 
offset carburization or decarburization 
takes place. It was found that dissociated 
anhydrous ammonia (—60°F dew point) 
has no effect on the carbon content; besides 
it is an inexpensive, reproducible atmos- 
phere that can be prepared easily. It was, 
therefore, used. 

The specimens, placed in iron boats and 
packed in aluminum powder to prevent 
sticking and to produce thermal inertia, 
were sintered in a tubular electric furnace. 
The temperatures were maintained auto- 
matically within +5°C. In some cases sin- 
tering was followed by coining or quenching 
and tempering. 


Testing 


All the specimens were tested for hard- 
ness, tensile strength, and elongation, 
analyzed for total carbon content and 
examined microscopically. Certain speci- 
mens were analyzed also for graphitic car- 
bon. The yield strength in compression was 
determined for a series of pellets. 
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EFFECT OF SINTERING TEMPERATURE 
Sintering Time Constant (3 hr) 


Three compositions were used containing 
respectively: iron and graphite; iron, 
graphite and nickel; iron, graphite, nickel, 
manganese and silicon. The first composi- 
tion was used for reference, the second to 
show the effect of the addition of nickel 
alone, the third to duplicate the composi- 
tion of an S.A.E. 2330 steel. 

Even when the atmosphere contains no 
oxygen, some carbon is lost during the 
sintering operation. However, this loss, 
which is caused by the reaction of graphite 
with the thin film of oxide or adsorbed 
oxygen covering the metal particles, is not 
confined to the surface of the specimens. It 
was found from numerous microscopic 
examinations that the sintered test pieces 
have a uniform carbon content throughout 
their thickness. This carbon loss can there- 
fore be compensated for by increasing the 
amount of graphite in the charge. 

The compositions of the mixtures em- 
ployed are given in Table 1 with the in- 
creased carbon content over that of an 
S.A.E. 2330 steel to compensate for the 
losses during sintering. 


TABLE 1—Compositions of Powder Mixtures 


Fertiac Fe + C 


+ Ni, : 
Per Centiper Cent wa to 


apelin de Iron. cece: 99.60 06.10 95.15 
Gtaphite Tinea acne ce .40 - 40 . 40 
Nickel ground powder 

= 325:mesh.cce. co. 3.50 3.50 


Manganese (added in 
the form of ferro- 
manganese). . -75 

Silicon (added in the 
form of ferro-silicon). 


100.00 100.00 


The powders were mixed and pressed as 
described under the heading of “ Proce- 
dure.” Sintering time at temperature was 
first held constant at 3 hr and four sintering 
temperatures were investigated: 1100, 
1250, 1280 and 1325°C. Sintering was 
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carried out in a furnace with a porcelain 
tube that was impervious to gases and able 
to stand the high temperatures. Such tubes 


are very fragile to thermal shock so that 


heating and cooling of the specimens had to 
be performed slowly, each requiring 2 hr. 
The specimens that were heat-treated after 
sintering, were quenched in oil (from 825°C 
when they contained nickel and from 875°C 
when they were plain carbon steels) and 
tempered 1 hr at 400°C. 

The density, hardness, tensile strength, 
elongation, and total carbon content of the 
specimens prepared under the various con- 
ditions studied are reported in Table 2 and 
Graph 1. 
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decrease in elongation. The change was 
accentuated by further additions of man- 
ganese and silicon. Considering the speci- 
mens sintered at 1325°C for example, after 
oil quenching and tempering, the tensile 
strength and hardness increased from 
69,000 psi and 124 Bhn for the plain carbon 
composition, to 122,000 psi and 229 Bhn 
with addition of nickel, and increased 
further to 142,000 psi and 255 Bhn for the 
S.A.E. 2330 composition. The elongations 
were respectively 8.3, 1.3 and 3.0 pct. 

All the specimens responded to the 
quenching and tempering treatments. As 
in the case of steels produced by fusion, oil 
quenching was less effective on plain 


TABLE 2—Effect of Sintering Temperature on Physical Properties 
Compacting pressure: 50 tsi 
Sintering time: 3 hr 


Fe + C Fe + C+ Ni Fe + C+ Ni+ Mn+ Si 
Density before Sintering, 
g per cc 
7.2 7.1 7.2 
Sintering Temperature Sintered died Spee Sintered Set gare Sintered eee | 
r100°C 
Density, g percc........ ois 7.2 7.2 
Brinell Hardness.... 72 109 83 163 134 235 
Tensile Strength, psi 40,000 57,000 44,000 76,000 65,000 104,000 
Elongation in 1.5 in.. 12.7 pet 9.4 pet 8.0 pet 6.1 pet 8.4 pet 3.9 pet 
Carbon content....... 0.33 pet 0.34 pet 0.27 pet 
1250°C 
Density, g per cc........ 7.2 4.3 8) 
Brinell Hardness...... 77 107 116 183 159 265 
Tensile Strength, psi.. 41,000 57,000 58,000 86,000 70,000 II0,000 
Elongation in 1.5 in . 8.1 pet 12.9 pet Av2 pet 9.8 pet 5.2 pet 
Carbon-content.......... 0.34 pet 0.23. pct 
1280°C 
Density, g percc........ Ghai 7.3 
Brinell Hardness...... ; 112 121 202 I49 248 
Tensile Strength, psi 62,000 64,000 103,000 73,000 123,000 
Elongation in I.5in...... 12.6 pet 14.9 pet 8.4 pet 10.9 pct 4.7 pet 
Carbon content.........< 0.32 pet 0.25 pet 
1325°C 
Density, g percc........ wicies 7.4 7 
Brinell Hardness......... 81 124 124 220 149 255 
Tensile Strength, psi..... 48,000 69,000 64,100 I22,000 74,000 142,000 
Elongation in I.5in...... 9.3 pet 8.3 pct fh3) pct, HesaDeu 6.3 pet 3.0 pet 
Carbon content. ...-....: 0.26 pet 0.28 pet 0.23 pet 


As can be seen from Graph 1 the com- 
position had a marked effect on the 
properties of the specimens both as sintered 
and as quenched and tempered. The addi- 
tion of nickel to the iron and graphite 
mixture produced an increase in tensile 
strength and hardness and generally a 


Neen ee ee ee EEE 


carbon steel than on the alloy steels. The 
tensile strength of the specimens as sintered 
increased with increases in sintering tem- 
perature from 1100 to 1280°C at which 
temperature it seemed to become constant. 
The tensile strength of the quenched and 
tempered specimens also increased with 


NICKEL-STEELS BY POWDER METALLURGY 


796 


‘paraduiay, pue peysuent) — — — — poaioquis 


‘NOILVONOTa GNV ‘SSANGUVH ‘HLONTULS ATISNAL NO (aH £) FAANLVATIWAL ONIAALINIS 40 LOAAAY—][ Hdva‘) 


Do einqeseduey 


osst Oost oset oo2T OsIT Oott 


% woyyesuctg 


osst 


Qo einqeseduey Do eanquiedmey 


Oost oset oozt ostt OOIt OseT Oost oszt oozT ostt OOTT 


\ 


ENG 


+ 


AF aren 


wy yes, gr 


ee ee eee 
4 a 
h : 


Yqsuergs eTysuSeL 


OOOTX (*F8d) UzFUEI4ZS eT yoUEL 


LAURENCE DELISLE AND WALTER V. KNOPP : 


increases in sintering temperature. .The 
increase was very marked for the specimens 
sintered between 1250 and 1325°C. The 
hardness curves generally follow those for 
the tensile strength. The only difference is 
that the hardness of the specimens con- 
taining Mn and Si, before and after heat 
treatment, showed a decrease as the sinter- 
ing temperature was increased from 1250 
to 1280°C. 

The elongation values reached a maxi- 
mum at a sintering temperature of around 
1280°C. 

Fig 4 and 5 show the microstructures of 
the plain carbon steel specimen sintered 
at 1250°C after sintering and after heat 
treatment respectively. Reheating prior to 
quenching produced grain refinement, but 
the quenching in oil was not sufficient to 
produce a hardened structure. Fig 6 and 7 
illustrate the microstructures after sinter- 
ing of the alloy containing nickel besides 
iron and carbon. Fig 8 shows the structure 
of the same material after quenching and 
tempering. From these micrographs it can 
be seen that diffusion was not complete 
and that the material consists of areas rich 
in nickel, appearing lighter in color, sur- 
rounded by a pearlitic matrix. On quench-" 
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ing and tempering the lameller pearlite is 
replaced by finely dispersed carbides. Fig 9, 
to and 11 illustrate structures of the alloy 
containing manganese and silicon in addi- 
tion to the iron, graphite and nickel. The 
structure of the alloy as sintered resembles 
that of the alloy without manganese and 
silicon but the pearlite is finer. The material 
surrounding the nickel-rich constituent 
after quenching and tempering is tempered 
martensite and accounts for the higher 
tensile strength and hardness of the 
material. 


Effect of Varying Sintering Time 


The effect of varying sintering time from 
t to 3 and 6 hr was studied at two different 
sintering temperatures, 1100 and 1280°C. 
Only one mixture was used, that necessary 
to produce the composition of an S.A.E. 
2330 steel. The composition of the original 
charge was: 


PER CENT 
igh Ser eRe cise icone ot A cera a 95.15 
Ge Mor atam ae Ao old Mao o Pe GEC . 40 
es See eke eee nets Sone sjeucle ote 3.50 
we (added as ferro-manganese). . 75 
Si (added as ferro-silicon)......... .20 
100.00 


The values of density, hardness, tensile 


Taste 3—Effect of Sintering Time on M echanical Properties 


Compacting pressure: 50 tsi 
Composition: Fe + C + Ni-+ Mn + Si 


: ; Brinell Tensile Per Cent Elon- 
es Pe Tee a an Hardness Strength, Psi gation in 1.5 In. 
efo 
Sinter- | Sinter- 
ing, ing, g ; 
Ree he fee cc Total Graphite S* HT* S HT S AT 
\ Sintering Temperature: r100°C 
Per Cent 
vines aes 0.34 | not found 126 207 65,000 | 109,000 Bek} t.3 
‘ Ghee} 0.27 | less than 0.01 134 235 65,000 | 104,000 8.4 3.9 
Ghee 0.35 not found 156 229 77,000 | 124,000 aus Ts3 
Sintering Temperature: 1280°C 
I Fis) Cy oes 170 229 59,000 | 121,000 3.0 Ing 
a 7.3 0.25 t 149 248 73,000 | 123,000 10.9 4.7 
7.3 0.22 t 143 248 72,000 | 123,000 8.7 570 


S: as sintered 
+ Not analyzed for graphitic carbon 


f * HT: sintered, quenched and tempered 
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{PaeN: BACT Ste Wes) etry , 
Fic 4—AS SINTERED. X 200. : 
Fic 5—QUENCHED FROM 875°C, TEMPERED AT 400°C. X 200. 
Fic 6—AS SINTERED. X 200. { 
Fic 7—AS SINTERED. X 500. u 
Fic 4-5—Composition: Fe + C. Etchant 1 pct Nital. Sintering time: 3 hr. Sintering temperature: 

1250°C. 
Fic 6~7—Composition Fe + C + Ni. Etchant 1 pct Nital. Sintering time: 3 hr. Sintering tempera- 
ture: 1250°C, 
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| Fic 9 


tie. 


x ie of a 


Fic 10 § Fic 11 


‘ Tew = Bee ~ ‘s 
Fic 8—QUENCHED FROM 825°C. TEMPERED AT 400°C. X 500. 
Fic 9—AS SINTERED. X 200. 
Fic 10o—AS SINTERED. X 500. 

Fic 11—QUENCHED FROM 825°C AND TEMPERED AT 400°C. X 500. 

Fic 8—Composition Fe + C + Ni. Etchant 1 pct Nital. Sintering time: 3 hr. 
Fic 9, 10, 11—Composition Fe + C + Ni + Mn + Si. Etchant 1 pct Nital. Sintering time: 3 hr. 
Sintering temperature: 1250°C. 
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strength and elongation of the specimens 
thus prepared are shown in Table 3. 

Fig 12 and 13 show the microstructure of 
a specimen sintered at 1280°C for 6 hr. The 
structure consists of areas rich in nickel 
only partially etched by 1 pct nital in a 
pearlitic matrix. The areas rich in nickel, at 
the higher magnification, show a marten- 
sitic -structure. Fig 14 illustrates the 
structure of a specimen prepared under the 
same conditions after quenching and tem- 
pering. The structure is tempered martens- 
ite and appears almost homogeneous. 

With the exception of some elongation 
values, the properties of the specimen be- 
fore and after heat treatment were not 
changed appreciably as the sintering time 
was increased from 1 to 6 hr at the sintering 
temperatures of 1100 and 1280°C. 


Some Values for Yield Strength 
in Compression 


Some experimental tests were run to 
determine yield strength in compression 
and to evaluate yield strength for speci- 
mens of the three compositions listed in 
Table 1. Specimens sintered at 1100°C for 
34 hr and at 1280°C for 6 hr were tested. 
The specimens were cylinders 14 in. in 
diam, 0.45 in. in height,* compacted at a 
pressure of 50 tsi. These compression 
specimens were heat-treated under the 
same conditions as were used for tensile 
bars. 

The test procedure was to alternately 
apply and release successively increasing 
loads. The thickness of the specimens were 
measured between the application of con- 
secutive loads. : 

From a curve, thickness of the specimens 
vs. the load applied, the yield strength for 
a set of 0.2 pct was calculated. 

The results are given in Table 4. 

Fig 15 shows the deformation produced 
by a compressive load of 20,000 lb (100,000 


* The dimensions of the specimens conformed 
to the ratio of height to diameter specified for 
standard short compression cylinders. 
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TaBLE 4—Vield Strength in Compression 
Compacting pressure: 50 tsi 


Yield Strength of 


0.2 Pet Set 
ee Sin 
ated tering| Composition As 
Time Quench- 
Deron | Hr As ed and 
ture°C “ Sintered, Taras 
Psi pered, 
Psi 
1100 34 Fe +C 5,000 | 15,000 
Fe + C+ Ni 7,500 | 20,000 
Fe + C+ Ni-+ | 15,000 | 50,000 
Mn + Si 
1280 6 Fe + C 2,000 24,000 
Fe + C+ Ni 21,000 | 31,000 
Fe + C+ Ni-+ | 30,000 | 68,000 
Mn + Si 


psi) on specimens of the various composi- 
tions sintered 6 hr at 1280°C. 


Conclusions 


' The results of these experiments show 
that diffusion proceeded to a considerable 
extent. Although diffusion was not com- 
plete, addition of nickel had a pronounced 
effect on the structure and response to heat 
treatment of the materials produced with 
a corresponding effect on the properties of 
the alloys. The improvement in tensile 
strength and hardness produced by the 
addition of 3.5 pct nickel was increased 
by the further addition of 0.75 pct man- 
ganese and o.2 pet silicon which would 
normally be present in an S.A.E. 2330 steel. 

An increase in sintering temperature 
resulted in a general improvement of the 
properties of the three steels considered. 

The increase of sintering time did not 
have a marked effect on the physical 
properties under the conditions studied. 

The results of the compression test con- 
firm the preceding conclusions. 


EFFECT OF VARYING THE NICKEL CONTENT 


From the work conducted on the effect of 


sintering temperature and time, it was 
found that with the powders used, com- 
plete diffusion of the metallic elements 
could be expected only if sintering were 


carried out at a high temperature for a long — ; 


time. Such conditions are not commercially 
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| Fic 13 


= 


oar 


“ Fic 13—AS SINTERED. X 500. 

Fic 14—QUENCHED FROM 825°C AND TEMPERED AT 400°C. X 500. 

Fic 12, 13, 14—Composition Fe + C + Ni + Mn + Si. Etchant 1 pct Nital. Sintering tempera- 
ture 1280°C. Sintering time: 6 hr. 
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practical. Diffusion could be accelerated 
by the use of finer or alloy powders but it 
was felt that complete diffusion may not be 
necessary for all applications. On the con- 


— > 


Fic 15 

I Fe Fe Fe 
ate ie = 
Cc c S 
te =f 
Ni Ni 
+ 
Mn 
3 
Si 
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region of the iron-nickel-carbon constitu-— 


tion diagram. The sintering temperature 
and time selected were 1250°C and 14 hr. 
The density, hardness, tensile strength and 


EFFECT OF APPLYING 100,000 PSI COMPRESSIVE STRESS. 


Fe Fe Fe 
at + ae 
Cc Cc Cc 
oie oF 

Ni Ni 

a 

Mn 

=r 

Si 


Heat Treated 


As Sintered 


(1. Specimen not compressed, shown for comparison). 


Sintering temperature: 1280°C. 
Sintering time: 6 hr. 


trary, it might be possible to take advan- 
tage of partial diffusion and control it to 
obtain a partially hardened tough structure 
upon sintering without quenching. This 
part of the work was aimed at the produc- 
tion of an alloy which on sintering would 
consist of hardened areas higher in nickel 
uniformly distributed in a pearlitic matrix 
and which would have good mechanical 
properties. 

In a first experiment the composition was 
changed from that of an S.A.E. 2330 steel 
to that of an S.A.E. 2340 steel. It was 
expected that the increase in carbon con- 
tent would bring the composition of the 
areas higher in nickel into the martensitic 


elongation of the material after sintering 
and slow cooling are listed first in Table 5. 
Fig 16 and 17 show the microstructure of 
the material after etching with 1 pct nital 
and an aqueous solution of HCl and HNO; 
respectively. Fig 18 and 19 show the same 
material at a higher magnification. The 
hardened cores were obtained as expected. 


To find the effect of a larger number of © 
cores, a larger proportion of nickel (7 pct) | 


ground, was then added, other conditions 
being kept constant. The results obtained 
are also given in Table 5. 


Fig 20, 21 and 22 illustrate the distribu- _ 


5 


7 


tion and structure of the areas rich in — 


nickel in the alloy containing 7 pct ground 


2 
$ 


q 
7 
. 
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Fic 16 


Fic 18 


j Fic 16—ETCHANT: I PCT NITAL. X 200. 
Fic-17—Etcuant: HC] + HNO; + H20. X 200. 
Fic 18—ETcHANT: MERICA’S REAGENT. X 1000. 
Fic 19—Etcuant: HCl + HNO; + H20. X 1000. 
Fic 16, 17, 18, 19 Composition: Fe + C + Ni-+ Mn+ Si (3.5 pct Ground Ni, —325 fraction) 


Sintering temperature: 1250°C. Sintering time: 1}¢ hr. 
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FIG 22 | 


Fic 20—ETCHANT: 1 PCT NITAL. X 500. 
Fic 21—Etcuant: HCl + HNO, + H,0. X 200. 
Fic 22—Etcuant: HCl + HNO; + H,O. x 500. 
Fic 20, 21, 22—Composition: Fe + C + Ni + Mn + Si (ground Ni, 7 pct). Sintering tempera- 
ture: 1250°C. sintering time: 144 hr. 


Sy ag 
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806 NICKEL-STEELS BY POWDER METALLURGY 
TABLE 5—Partially Hardened Nickel Steels + 
Sintering temperature: 1250°C ; 
Sintering time: 114 hr 
Composition: Fe + C + Ni-+ Mn + Si i 
Density Density Tensile Per Cent 
Ni Content, : before after Brinell * 
Per Cent Type of Ni Sintering, Sintering, Hardness me b> een 
g per cc g per cc x 
3.5 ground —325 mesh 2.50 9,23 179 91,000 7 
7.0 ground —325 mesh 7553 7.28 277 109,000 5 
7.0 Carbonyl 7.02 7.28 229 120,000 3 


nickel powder (—325 mesh). The hardness 
and tensile strength of the material in- 
creased over that obtained with 3.5 pct 
nickel but the elongation decreased. In- 
stead of dispersed areas rich in nickel, a 
network of these areas had formed which 
no doubt accounts for the greater brittle- 
ness of the steel. 

The work was then repeated substituting 
carbonyl nickel powder which is finer for the 
nickel powder used previously. The test 
results are shown in Table 5. The tensile 
strength increased but the elongation 
decreased further. Fig 23, 24 and 25 


illustrate the microstructure of the mate- 
rial. The areas higher in nickel again form 
a network. 
It was thought that a lower degree of 
diffusion and a different nickel content 
might produce a better combination of 
hardness, tensile strength, and elongation. 
To that effect, the sintering temperature 
was lowered to 1100°C, the sintering time 
was kept at 114 hr, and carbony] nickel, in 
proportions of 3.5,. 5.0, 7.0 and 10.0 pct was 
used. The carbon and manganese contents 
were maintained at 0.60 and 0.75 pct 
respectively. Silicon was eliminated because 


| 
: 
/ 
| 
| 


Grapu II—E¥FECT OF NICKEL CONTENT ON TENSILE STRENGTH, HARDNESS AND ELONGATION. 
SINTERED AT 1100°C For 14 HR. 
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of its graphitizing effect which might be 
detrimental. Specimens were compacted at 
50 tsi, sintered and some coined at 75 tsi. 
The specimens were tested at each step 
in the process. Test results are given in 
Table 7 and Graph 2. 

At 1100°C a furnace with a tube resistant 
to thermal shock can be used and the heat- 
ing and cooling cycle accelerated. In order 
to establish the effect of a faster rate of 
cooling, specimens prepared under the same 
conditions, containing 7 pct nickel were 
sintered as follows: (1) in a furnace with a 
porcelain tube which necessitates slow 
cooling, (2) in a furnace with a fused silica 
tube which does not necessitate slow cool- 
ing. Test results are given in Table 6. 

These figures show that the difference 
in the rate of cooling in the two types of 
furnace had no appreciable effect on the 
properties of the material. Therefore for 
subsequent experiments the faster rate of 
cooling was applied. 

The tensile strength of the specimens 
after sintering and coining increased almost 
linearly with the nickel content from 
58,000 and 68,000 psi with no nickel present 
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to 119,000 and 127,000 psi for a to pct 
nickel content. The hardness also increased 
but the elongation, especially after coining, 


TABLE 6—Effect of Rate of Cooling 
Sintering temperature: 1100°C 
Sintering time: 114 hr 
Composition: Fe + C + Ni + Mn + Si 


Ni content: 7.0 pct 


Den- Den- ml 
sity sity Per 
Cooling | before | after | Brinell| Tensile | Cent 
Time, Sin- Sin- Hard- |Strength,} Elon- 
Hr tering, | tering, | mess Psi gation 
g per g per in tIn 
cc cc 
2 7.10 7.19 202 III,000 S 
Wg 7.09 7.13 174 108,000 4 


did not vary appreciably with the com- 
position. Coining slightly increased tensile 
strength and hardness. Such behavior is 
expected since the material after sintering 
is already hard. 

Fig 26 and 27 illustrate the microstruc- 
ture of the alloy containing 3.5 pct carbonyl 
nickel. The areas higher in nickel form cores 
which are smaller and more numerous than 
when the same percentage of ground nickel 


TaBLe 7—Effect of Nickel Content 
Compacting pressure: 50 tsi 
Sintering temperature: 1100°C 


Sintering time: 144 hr 
88S EE ET 


Brinell Tensile nee 
3 Density, g per cc. Hardnesst Strength, Psi pany ite Per Cent 
Per Cent . : Carbon 
Ni Content 
G* S* (Bhs S G S @ S C 
4 spi 103 58,000 5-7 0.38 
oe a 7.16 159 68,000 2.1 
a 
7-44 
3-5 7.09 I49 83,000 Ani 0.46 
a 2A. 179 90,000 22% 
7.38 
5.0 7.10 179 99,000 Aax 0.45 
7.25 207 97,000 207 
7.33 
7.0 7.1L 174 IOI,000 5.2 0.35 
f Yppey: 217 108,000 ety) 
7.30 
10.0 7.08 202 I19,000 ee | 0.40 
7.23 : 229 127,000 ee 
728 


* G: before sintering 


S: as sintered 


C: after coining 


+ Converted values from readings on a Rockwell hardness tester. 


808 


was added under the same conditions of 
sintering time and temperature. At a mag- 
nification of 1500 diam (Fig. 27), the areas 
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series of specimens of different composition 
were made. The conditions under which the 
two series of specimens were made were as 


Fic 26—ETCHED WITH I PCT NITAL. X 200. 
Fic 27—EtcHant: HCl + HNO; + H20. X 1500. 
Fic 26-27—Composition: Fe + C + Ni+ Mn (3.5 pct carbonyl Ni). Sintering temperature: 
1100°C. Sintering time: 1}¢ hr. 


rich in nickel appear martensitic with some 
austenite retained. 

The results obtained in this experiment 
on the effect of nickel content show that 
partially hardened nickel steels can be 
made by pressing and sintering only. The 
tensile strength of such steels ranged from 
83,000 to 119,000 psi with an elongation of 
3 to 5 pct in 1.5 in. as the nickel content 
increased from 3.5 to 10.0 pet. Such a 
material could be coined for sizing when 
close tolerances are required. In many 
applications a sizing operation would not be 
necessary as the linear dimensional change 
on sintering was less than 1 pct. 


EFFECT OF ALLOYING ELEMENTS 


In order to establish the effect of the 
alloying elements other than nickel, two 


follows: 
Compacting pressure, tsi........ 50 50 
Sintering temperature °C........ 1100 I100 
Sintering time—hr. .. 22.5... 11g I 
Per cent of various constituents 
when present: 
Carbdonyt! Nisc.teesn. encores 7.0 5.0 
Cini chat, .\.4uiec une 0.60 0.60 
Mn (added as ferro-manganese)| 0.75 0.75 
Si (added as ferro-silicon)..... 0.20 0.20 
O. Te%s cba oe antue ase tains balance | balance 


The results obtained after sintering are 
given in Table 8. 

Nickel greatly improved the tensile 
strength and hardness over the values ob- 
tained for plain carbon steel but elongation 
decreased. The addition of 0.75 pct man- 


ganese, besides nickel; further increased the © 


tensile strength and produced a gain in 
elongation without appreciably changing 
the hardness. Further addition of 0.20 pct 


a a eee NN Pe A AY I Bs ee 
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TABLE 8—Effect of Alloying Elements 
Compacting pressure: 50 tsi 
Sintering temperature: r100°C 


Density. 


Density 


a etare abies Binell Tensile Per Cent | Per Cent 
Composition Sintering) | Sintering, | Hardness Strength, | Elongation| Carbon 
& per cc ge perice Psi ints Lot Content 
Sintering time: 1}4 hrs 
Nickel content (except No. 1): 7.0 pct 
Ren 7.09 74) 82 48,000 73 0.40 
Fe + Ni F 7.07 Vee Bi 105 55,000 4.2 
Fe + C+ Ni Chesil} 72120 183 94,000 Sink 0.43 
Fe +—-C--+- Mn 7.14 7.16 103 58,000 rey) 0.38 
Fe + C+ Ni+ Mn 7.11 7.24 174 I01I,000 5.2 0.34 
Fe + C + Ni + Mn + Si 7.09 ie} 174 108,000 2.7 0.45 


Sintering time: 1 hr 
Nickel content (except No. 1): 5.0 pct 


silicon produced a slight increase in tensile 
strength, practically no change in hardness, 
and a slight decrease in elongation. 

By a single pressing and sintering cycle, 
steels can be prepared under practical con- 
ditions (that is, a compacting pressure of 
50 tsi and a sintering temperature of 1100°C 
for a time of 14 hr) with a tensile strength 
and an elongation of the order of 100,000 
psi and 5 pct by adding 7.0 pct nickel and 
0.75 pct manganese to a mixture of iron 
with 0.60 pct graphite. 


CONCLUSIONS 


1. Diffusion of the nickel and other 
alloying elements takes place in the solid 
state to an extent sufficient to change the 
mechanical properties of the steel markedly 
as compared to those of a plain carbon 


steel. For instance, for a steel containing 


3.5 pet Ni, 0.23 pet C, sintered at a tem- 
perature of 132 5°C, a tensile strength of 
142,000 psi and an elongation of 3.0 pet 
were obtained after quenching in oil and 
tempering. For comparison, a plain carbon 
steel having the same carbon content and 


_ prepared under the same conditions had a 


tensile strength of 69,000 psi and an elonga- 
tion of 8.3 pct. 

At a sintering temperature as low as 
1100°C and for a sintering time as short 
as 114 hr ‘tensile strengths ranging from 
83,000 to 119,000 psi, with corresponding 
elongations of 4 and 3 pct, were obtained, 
without subsequent heat treatment, for 
a carbon content of 0.40 pct as the nickel 
content was increased from 3.5 to 10.0 pct. 
The plain carbon steel with the same car- 
bon content prepared under the same 
conditions had a tensile strength of 58,000 
psi and an elongation of 6 pct. 

2. Carbon content can be controlled 
within 0.10 pct. 

3. Diffusion of the metallic alloying 
elements was not complete under the condi- 
tions of the experiment. Alloy powders 
offer a field of investigation towards the 
production of a homogeneous nickel steel. 

4. Advantage can be taken of the partial 
diffusion of the nickel to obtain a hardened 
structure on sintering followed by rather 
slow cooling, without additional conven- 
tional heat treatment. The microstructure 
of nickel steels so treated consists of a 
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pearlitic matrix in which hard areas higher 
in nickel are distributed. Additional work 
with a view to a better distribution of these 
hardened areas would result undoubtedly 
in a further improvement of the mechanical 
properties of the alloys. 
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DISCUSSION 
(A. Squire and F. P. Peters presiding) 


A. Sqgurre—I think one of the outstand- 
ing.questions that has been almost invariably 
asked on papers on iron or iron graphite 
compacts that have been presented in the 
last few years is: what would be the effect if 
you added such and such an alloying element? 
The authors today have attempted to answer 
that question in part, and I am sure many of 
you will want to ask them questions and to dis- 
cuss the paper. 


A. J. SHALER*—This paper shows the usual 
very high quality of the studies to which Miss 
Delisle has contributed. 

I seem to remember a German paperf- in 
which they made steels out of carbonyl iron 
powder and graphite. They found that if they 
used only the very pure iron and graphite, they 
obtained some abnormal steel structures; if 
they added the usual proportions of sulphur, 
phosphorus, and manganese present in com- 
mercial steels, they had very much better 
properties. 

I notice that the nickel in some of these com- 
pacts was prepared with the help of sulphur, 


‘* Massachusetts Institute of Technology. 
+E, K. Offerman, H. Buchholtz and E. H. 
Schulz: Stahl und Eisen (1936) 56, 1132. 
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but I did not see any analysis for sulphur and — 

phosphorus in the finished product. I wonder if — 
the authors could tell us something about 
whether these materials. are present and { 
whether they have had in mind the possibility — 
of adding sulphur or phosphorus to improve or j 
change the properties. 


W. V. Knopp (authors’ reply)—We did not — 
investigate to see what effect sulphur and ; 
phosphorus would have or if there was any 
present in the final specimen. With the ground 
nickel, where sulphur is used for embrittlement, 
we gave it a special annealing process with the 
hope that we would get rid of most of the sul- 
phur. In the second part of the work, when we 
used the carbonyl nickel, we have an analysis 
of the carbonyl nickel, and sulphur—in the 
type we used—was less than 0.oo10. There was 
just a trace of sulphur. I have nothing on the | 
phosphorus. I have no idea how much phos-. 
phorus would be present in any of the nickel 
that we used. 

On the iron, the per cent of phosphorus in the 
electrolytic iron that we used was o.o0or1, which 
I believe is fairly small. 

I could not say exactly what effect it would i 
have on the physical properties of this steel. — 


seneateemnuntion ON EEG Ale NET 


S. J. GArvin*—I should like to thank the : 
authors of this paper for a most interesting 
approach to a new development in powder 
metallurgy. Powder metallurgy seems to have 
fallen into two distinct groups (1) the manu- 
facture of specific products which can only be 
made by powder metallurgy and (2) the use of 
the technique to make different shaped com- 
pacts or to make complicated shapes which are 
expensive to machine. But this paper seems to 
present a combination of the two. It enables us 
to make complicated shapes in steel and also 
to develop certain new metallographic struc- — 
tures which we could not obtain by fusion 
metallurgy. 

I wonder if the authors have any information 
on whether the type of structures obtainable 
by this method have any specific advantages; 
in fact, whether we could get structures or 
combinations of phases which would give better 
mechanical properties than we could possibly 
get by normal fusion metallurgy. i 


* Murex Limited, Rainham, Essex, England. 


DISCUSSION 


W. V. Knoprp—I do not know if I under- 
stand the whole gist of your question. 


S. J. GArvin—It seems that one is able to 
combine the toughness of an ordinary pearlitic 
steel with the hardness of a nickel-steel. Do 
you think that by such a novel combination of 
phases it would be possible to produce new 
steels with specific new properties? 


W. V. Knopr—I should think so. I think 
from what we have done so far with the addi- 
tion of nickel, there would be a possibility of 
using some of the other alloying elements and 
investigating what effect they would have. We 
could probably approach the problem in the 
same way that we have here, by the addition of 
nickel to get these hardened areas which are 
nickel. I think we could probably do it with 
some other alloying elements. 


P. H. Brace*—The authors have presented 
a very interesting contribution to our store of 
information concerning the mechanical proper- 
ties obtainable in aggregates produced by the 
methods of powder metallurgy. However, in 
the minds of those whose experience has en- 
abled close comparison of wrought and com- 
pacted metals there is often a lingering suspicion 
that in the latter there are numerous, randomly- 
distributed and highly localized regions of 
weakness—may one say ‘‘micro-flaws’’—that 
are a result of the special circumstances sur- 
rounding the assembly; and bonding of the 
metal particles and heat-processing alone, even 
‘though it be of great severity, usually fail to 
produce mechanical properties equivalent to 
those of wrought material of ostensibly similar 
structure. 

Perhaps the authors or others present may 
wish to comment as to whether or not such 
centers of weakness do exist and, if so, what, 
short of extensive conventional plastic working, 
can be done to eliminate them. 

Whether or not imperfections of the sort 
envisaged are a significant weakness is of course 
a question whose answer would depend on 
the duty imposed. There can be no doubt 
that powder-metallurgy components have 
given excellent service in many important 
applications. 
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W. V. Knopp—The gentleman is referring, I 
think, to impact strength and to some extent 
possibly the tensile strength. For one thing, we 
do not have 100 pct density. We have a certain 
amount of porosity. I believe that it might be 
said that if you have a certain amount of 
porosity in a piece and you apply stress to it, 
you tend to get stress concentrations around 
these pores. Your cross-section is small and you 
do not have as much strength. Possibly, in the 
not too distant future, we shall do away with 
this porosity. The method of hot-pressing 
powders, which would give high density, would 
probably increase the impact and _ tensile 
strengths of the powder metallurgy material. 


A. Squire—There is a question in my mind 
as to whether the nickel really helps at all. 
In the discussion, it is brought out that the 
material which perfectly approximated the 
composition of S.A.E. 2330 had a tensile 
strength of 142,000 psi and a tensile elonga- 
tion of 3 pct whereas plain carbon steel of 
the same carbon content had a tensile strength 
of 69,000 psi and a tensile elongation of 8.3 pct. 

It has been my personal experience that a 
difference in tensile elongation from 3 pct to 
8.3 pct is not to be passed over lightly in a 
powder metallurgy product, because possibly 
the quality of the material is shown up much 
more readily in tensile elongation than it is in 
actual ultimate breaking strength in tension. 
And if you will notice the curves that were 
presented early in the presentation of the paper, 
in almost every case, I believe, as the tensile 
strength went up, the elongation went down, 
which is what one would normally expect if the 
hardness of the material went up to some 
degree. For that reason, there is great question 
in my mind as to whether the nickel really helps 
a great deal. 

Another question is: Why is the hardness so 
low? The density of these materials is not 
unduly low. They are all of the order of magni- 
tude of 7.0 g per cc, and Bhn of the order of 
250, which is about the highest that was ob- 
tained consistently, are not very high for sup- 
posedly quenched and tempered martensite. I 
think our friends who deal exclusively in 
wrought materials might be justified in raising 
an eyebrow when we call it quenched and 
tempered martensite, with a 250 Bhn, in a 


to74,% 9 


. * Westinghouse Electric Corporation, East 


supposedly S.A.E. 2330 steel. 


a Pittsburgh, Pa. 
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W. V. Knopp—I should like to answer your 
second question first about the hardnesses. 

I think quite a bit of work could still be done 
on getting the proper heat-treating tempera- 
ture and the type of heat treatment to obtain 
optimum values. We selected one specific tem- 
perature, and I believe that there is quite a bit 
of work to be done on that. I agree some of 
those hardnesses are relatively low. With more 
investigation on the heat treatment of these 
materials, no doubt it will increase their hard- 
ness and possibly their tensile strength. 

As to your first question, wherein you doubt 
the effect of nickel compared to the other alloy- 
ing elements, I think you can see a definite 
effect of the nickel. On p. 796 of the paper, with 
only iron and carbon and the temperature of 
1325°C, in the sintered specimens the tensile 
strength is about 47,000 psi. The addition of 
nickel increases the value to about 64,000. The 
addition of manganese and silicon further in- 
creases the value to about 74,000. The iron 
carbon combination for the quenched and drawn 
specimens gives 69,000. When the nickel is 
added the tensile strength goes up to 122,000; 
the addition of silicon and manganese results 
in a further increase to 142,000. I think that 
this shows the nickel to have an influence on 
the properties of this type of material. 


A. Squire—Yes, I agree with you that 
nickel has an effect. Possibly I worded my 
question rather poorly. When we test materials 
we should test materials of equivalent hard- 
nesses, and hardnesses go up as the tensile 
strength; and as I pointed out before, the duc- 
tilities drop proportionately. If we took these 
same materials and annealed them in the 
sintered condition to equivalent hardnesses, I 
strongly suspect that these apparently rather 
great differences would disappear or almost 
disappear, and one would find that the tensile 


NICKEL-STEELS BY POWDER METALLURGY 


strengths were approximately equivalent, possi- 
bly with some variation, and the tensile elonga- 
tions would also be somewhat equivalent. 

I do not think that there is absolutely no 
effect of nickel on this material. I think it would 
be foolish to say that, not having performed any 
experiments in the field. What I do say is that 
when we are comparing materials—the writer 
has been guilty of the same thing; I feel I can 
offer this criticism rather freely—we should be 
sure our materials are equivalent in one respect, 
and that is hardness, particularly when we are 
dealing with quenched and tempered materials. 
It is not sufficient just to take specimens and 
quench them from a given temperature and 
temper them at a given temperature. We should 
temper them to equivalent hardnesses, and 
then we would have a much better basis of 
comparison for our materials. I think that all 
of us can benefit from that criticism when we 
are doing experimental work of this sort in the 
future. 


F. V. LEneEL*—I was quite intrigued by the 
new structure developed by Miss Delisle and 
Mr. Knopp which consists of a matrix in which 
hard areas are distributed and which, as Mr. 
Garvin pointed out, cannot be made in the same 
way by fusion metallurgy. The tensile strength 
reported by the authors for material with this 
structure is quite impressive but I should like to 
inject a word of caution from the point of view 
of the industrial fabricator of parts. Most parts 
which are made to-day in commercial practice 
are not finished after the sintering operation - 
but are either machined or coined. Such 
machining or coining operations will probably 
prove very difficult if not impossible in mate- 
rials which have areas of high hardness inter- 
spersed in a matrix. 


* Rensselaer Polytechnic Institute. 


Paliation of the Molding, Coining, and Sintering Properties of 
Iron Powder 


By Jerome F. Kuzmicx* 


(New York Meeting, February 1948) 


INTRODUCTION 


THE use of iron powder during the post- 
war conversion period has been increasing 
with great rapidity. This is particularly 
true in regard to the manufacture of molded 
mechanical parts such as bushings, gears, 
cams, small wheels, and the like. Many 
manufacturers have found it possible to 
replace machined cast iron and carbon 
steel with molded iron powder parts, and 
thereby can not only effect a savings in 
cost, but can produce a better product as 
well. 

As the field of application for iron powder 
parts widens, greater demands are made 
upon the powder supplier concerning qual- 
ity and uniformity characteristics. The fol- 
lowing are some of the most important 
properties parts fabricators desire in the 
iron powder they use: 

1. The powder should have high com- 
pressibility so that good density can be 


’ obtained without the use of excessive pres- 


ees — CaS i 


sures. At the same time, it should show low 
die wear so that a large number of pieces 
can be produced from the die. This means 
that the powder must be of high purity and 
good softness or plasticity. 

2. The powder should produce compacts 
of high green strength, so that unsintered 
parts can be handled without breakage or 
fraying of the edges. 

3. The sintering properties should be 
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good so that satisfactory strength is ob- 
tained in the sintered piece. 

4. Compacts made from the powder 
should show small but, above all, uniform 
dimensional changes during the sintering 
operation so that accurate parts can be 
produced, and warping and other such bad 
effects eliminated. 

5. The powder should have ace) 
flow properties for automatic molding. 

6. It is very important that the powder 
be uniform in sieve analysis, compressibil- 
ity, flow, purity, and other qualities, from 
container to container in any given lot and 
from shipment to shipment. 

7. Price—The fabricators desire all these 
good properties, but in many instances 
still do not wish to pay a premium price. 
There has been considerable discussion as 
to the importance of price of the powder in 
relation to the cost of the finished product. 
It is true that in cases where certain special 
properties only procured by powder metal- 
lurgy are required, price is not a criterion. 
On the other hand, there have been a num- 
ber of applications recently made which 
would not be commercially practical with 
a powder which commands a premium in 
price. 

Iron powder. parts are compressed in 
automatic presses to definite size, shape, 
and density. The powder is compressed to 
a density figure dependent upon the func- 
tion the part is to perform, as well as upon 
such important considerations as press 
capacity and die wear. Such parts can be 
roughly broken down into the following 
density ranges: 
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Porous Bearings: Iron base self-lubrica- 
ting porous bearings are, naturally, porous 
in nature and may extend over the density 
range of 5.0 to 6.0 g per cc, although the 


latter end of this range is the usual one 
because of strength considerations. 

+ Structural Parts can be classified in gen- 
eral in the density range of 6.0 to 6.5 g per 
cc. The-mechanical properties vary directly 
with the density, and therefore some struc- 
tural parts with densities of 7.0 and over 
have been produced. In general, however, 
limitations such as press capacity, size of 
part, die wear, and the desire to avoid 
severe coining operations, have limited the 
density range to 6.0 to 6.5. 

Pole Pieces and other electrical parts 
must be made to high density if high per- 
meability factors are to be obtained. There- 
fore, such parts are often produced to 
densities of 7.0 g per cc and over. 

Parts can usually be made to a maximum 
density of 6.5 g per cc by a simple pressing 
and sintering procedure. Subsequent re- 
pressing may be applied for sizing purposes 
only. High density parts of 7.0 g per cc and 


over can be practically achieved only by a 
repressing or coining operation after the 
sintering treatment. 

As to composition, parts may be made 


s 


Fic 1—SWEDISH IRON POWDER ETCHED WITH ONE PER CENT NITAL. MAGNIFICATION. 250 x 


of 1oo pct iron powder, or other ele- 
ments may be added to achieve desired 
properties: 

1. For pole pieces and certain structural 
parts roo pct iron powder is used. The 
latter are often externally carburized or 


otherwise treated so that a hard wearing 


surface is created. Pure iron parts are used 
where good magnetic properties or high 
ductility are desired. 

2. Iron-graphite mixtures are used for 
certain porous bearings and _ structural 
parts. When such mixtures are compressed 
and sintered, internal carburization by the 
graphite takes place and a carbon steel 
structure is obtained. Such carbon steel 
parts have higher strength, hardness, and 
wear resistance than pure iron, but are 
quite brittle. 

3. Iron-copper mixtures, with or without 
small graphite additions, are also used for 
porous bearings and structural parts. This 


hn eet QO. 


— 
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combination of iron and copper gives good 
strength with reasonable ductility. 

In all cases, a lubricant is added to the 
mixture to assist compression of the powder 
and ejection of the compact from the die. 

Methods for the evaluation of certain 
quality standards of iron powder, such as 
determination of sieve analysis, flow, appar- 
ent density, and hydrogen loss, have been 
standardized and adopted throughout the 
industry as the result of work done by the 
Metal Powder Assn.* and Committee B-9 
on Metal Powders and Metal Powder Prod- 
ucts of ASTM.} Good reproducibility of 
results is now obtained between various 
laboratories on these particular properties. 
These committees are now working on the 
evaluation of other properties of iron pow- 
ders and compacts for which test methods 
are required by parts fabricators and users. 
Among these are the determination of the 
following: 

1. Compressibility or compactability of 
the powder. This is important in the deter- 
mination of briquetting pressures required 
to produce the desired density, and also in 
die design for the determination of the com- 
pression ratio between powder fill and 
pressed compact. 

2. Green Strength. The evaluation of 
this property is necessary in order to deter- 
mine whether briquettes produced from the 
powder can be handled without breakage 
prior to their being sintered. 

3. Dimensional change as a result of the 
sintering operation. This is very important 


in connection with die design, particularly 


with regard to diameter. Proper allowance 
for dimensional change must be made in the 
design of the die cavity if parts are to be 
produced to close dimensional tolerance. 


* Tentative Test Methods 
.P. A. Standard 5-451 
3-457 
4-45T 
2-45T 
+ Tentative Test Methods 
ASTM Designation: B214-46T 
B213-46T 
B212-46T 
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4. Mechanical properties of sintered 
parts. Some evaluation of the strength, 
hardness, ductility, and the like, of sintered 
parts must, of course, be made, both as a 
quality control and for design recommenda- 
tions to parts users. 

In this paper the author describes the 
results of certain test methods employed in 
his laboratory to evaluate these and other 
properties of iron and iron-graphite mix- 
tures. Some of the methods described are 
undoubtedly used in other laboratories; 
some may be unique. 


PROCEDURE AND RESULTS 


The iron powder used in this work is pre- 
pared by the reduction of a natural Swed- 
ish ore. The particular grade of iron powder 
used is a new soft material which has been 
developed for high density structural parts. 

The following characteristics of the pow- 
der were determined by the usual methods: 


CHEMICAL ANALYSIS SIEVE ANALYSIS 


ia Gl rel eh Gye OxGTO: VON. SO. pace ae trace 
Per Cent C...... OnO40s) ‘On-LOOs ar wit. ae On 7) 
Per Cent SiO:. sn cosas) On 150.z......-- 18.1 
Per Cent Fe..... 98.3 On200ser< eels 20.7 
@Onga5 Onset 4.5 
Ont Sane ae oreioiene 21.5 
aroceh Nascar 28.5 
Total.. .. 100.0 
App. Density. 2.41 
Flow, Sec....... 33.5 


The microstructure of the powder can be 
seen in the micrograph in Fig 1. The parti- 
cles are irregular in shape and have the 
spongy structure typical of reduced type 
powders. 

A series of experiments was run on pure 
iron compacts, as well as mixtures with 
additions of various amounts of a —325 
mesh natural Ceylon graphite. In all cases, 
1 pet of zinc stearate was used as a lubri- 
cant. The powder mixtures prepared were 


as follows: 


Per Cent 
Mixture A—oo9 Iron Powder 
I Zn Stearate 
ee B—o8.5 Iron Powder 
0.5 Graphite 
1 Zn Stearate 
Mixture C—o8 Iron Powder 
1 Graphite 
rt Zn Stearate 
Mixture ap Tron Powder 
Graphite 
1 Zn Stearate 
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The flow and apparent density of these 
mixtures were determined and compared 
with those of the original powder. The re- 
sults follow: 


Apparent 
Flow Sec | Density, 
G per Ce 
Original iron powder........ : 2.41 
INGAREULE Loos c,aiats arevste seve Sis\ayy ie aie ? a 
MEEStGLE Bs oy aiestee ste» cs oc Arn - 53 
TG Sukh grok Gaeta eae org peer 3 
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Mixture D..Could not determine on Hall fe ae tee: 


It will be observed that the additions of 
zinc stearate and graphite have increased 
the apparent density and have progres- 
sively cut down the flow rate until no flow 
on the Hall flowmeter occurred with Mix- 
ture D. 

A series of different types of specimens 
was prepared over a range of densities. As 
mentioned before, most parts manufactured 
from iron powder can be included in the 
density range of 5.0 to 7.0-g per cc. Com- 
pacts were therefore prepared to nominal 
densities of 5.0, 5.5, 6.0, 6.5, and 7.0. The 
working characteristics required to achieve 
these densities and the properties of the 
compacts were evaluated: 

1. Powder Compressibility. A series of 
r-in. diam cylinders approximately } in. 
tall was molded from the four mixtures to 
the nominal densities. This was accom- 
plished by the use of spacer blocks on the 
die barrel so that the punches compressed 
the powder to a predetermined height 
(14 in.). Pressure was applied from both 
top and bottom. The pressure required was 
determined by the use of a thin paper shim 
between the spacer blocks and the die 
barrel, and was gradually increased until 
the paper shim was tightly gripped. The 
load applied was recorded and converted 
to tsi based on the cross-section of the 
specimen. The exact densities were then 
determined from the final dimensions and 


weight of each compact. Curves for the’ 


four mixtures were plotted with densities 
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as abscissas and compacting pressures as 
ordinates, and these are shown in Fig 2. 

A study of Fig 2 reveals the following: 

1. Graphite additions reduce the com- 
pressibility of the iron powder. 2. Up to and 
including 1 pct graphite, a maximum 
density of 6.5 can be achieved at practical 
working pressures, all under 4o tsi (32 for 
o graphite, 38 for 1 pct graphite). 3. Beyond 
6.5 density, such high molding pressures 
are required that it is better to resort to a 
coining operation after the parts are sin- 
tered, except perhaps for very thin pieces. 

A curve was also plotted of compression 
ratio vs. density, based on a powder 
density of 2.53, which was about average 
for the mixtures used. This was derived 
merely on theoretical values obtained from 
the ratio of pressed density and apparent 
density. This curve is shown in Fig 3. 

Fig 2 and 3 can thus be of practical use 
in the determination of press capacity for 
parts of certain densities, as well as in the 
die fills required. Of course, it must be 
borne in mind that the values will change 
for parts of other height-diameter ratios 
and other shapes. However, the figures 
shown should be useful as a rough guide. 

2. Green Strength. A series of bushings 
t in. od by 34-in. id by }4 in. tall were 
molded to the nominal densities by the 
same technique as was employed in the 
preparation of the cylinders. The crushing 
loads were determined by a method em- 
ployed in the author’s laboratory to evalu- 
ate green strength. The bushings were 
placed on the platform of a so-lb capacity 
postal type spring scale which had previ- 
ously been mounted on the lower platen of 
a small hydraulic press. The assembly was 
slowly raised until the bushing came in 
contact with the upper platen. Pressure 
was gradually applied until the bushing 
broke, and the breaking load was directly 
read on the dial of the spring scale. While 
absolute values are not obtained, this test 
has been found to be very useful in the de- 
termination of the relative green strengths 
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of various powders and powder mixtures 
when pressed into compacts. 

Curves were plotted of the crushing loads 
of the bushings for each powder mixture, 
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phere of dissociated ammonia. A sintering 
cycle of 30 min. at 2000°F was used for the 
specimens containing no graphite. Those 
containing graphite were sintered for 45 
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with densities as abscissas and crushing 
loads as ordinates. These are shown in 
Fig 4. 

A study of this graph shows that the 
green strength increases markedly with in- 
crease in density, and that the addition of 
graphite lowers the green strength. As a 
matter of fact, the zinc stearate had also 
lowered the green strength. The same pow- 
der has been used in the past on this test 
without the addition of a lubricant, and the 
green strength values were about double 
those shown by Mixture A (1 pct zinc 
stearate, no graphite). 

3. Dimensional Change. Some of the 1-in. 
diam cylindrical specimens from the com- 
pressibility test were sintered in an atmos- 


min. at 2050°F. The diameters of the sin- 
tered specimens were measured, and the 
dimensional change in 0.001 in. per in. cal- 
culated, based on the die diameter. These 
values were plotted against the actual 
pressed densities, and the curves are shown 
in Fig 5. Plus values indicate expansion and 
minus values indicate shrinkage. 

This graph shows that: 

1. Pure iron compacts show shrinkage or 
zero dimensional change throughout most 
of the density range. 2. The greater the 
amount of graphite used, the more the 
compacts tend to show growth as sintered. 
3. The greater the as-pressed density, the 
greater the tendency of the compacts to 
show growth rather than shrinkage. 
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These curves should also be of value in 
die design for the determination of the 
proper die diameter, which is the most 
critical dimension. Heights can be adjusted 


FINAL DENSITY - G/CC 


Similar series of specimens containing 
0.5, 1, and 2 pct graphite were annealed, 
or pre-sintered, for 10 min. at 1900°F 
in dissociated ammonia, then coined 
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by the press stroke and usually are not 
as critical as diameter, and cannot be held 
to very close tolerances in any event. 

4. Coining Tests. Three series of the 1-in. 
diam cylindrical specimens containing no 
graphite, pressed to the range of nominal 
densities as before, were sintered for 30 min. 
at 2000°F in dissociated ammonia. They 
were then coined in the original die, one 
series at 30 tsi, one at 50 tsi, and one at 
75 tsi coining pressure. 


through the same range of coining pres- 
sures. The pre-sinter softened the com- 


' pacts, but was short enough not to allow 


graphite diffusion to take place. These | 
specimens were given a final sinter after 
they were coined, of 45 min. at 2050°F. 
The densities of the coined cylinders were 
calculated from their weights and dimen- 
sions. The densities of the specimens con- 
taining graphite were calculated after they 
had been coined and sintered. Curves were 
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plotted for each coining pressure, with 
original pressed densities as abscissas and 
final densities as ordinates. Fig 6 shows the 
curves for the specimens containing no 


7.5 
7.0 
Oo 
= 
S965 
x 
= 
2re6.0 
lJ 
(a) 
— 
q 
z 
re 5:5 
5.0 x 


q | 


KUZMICK 821 
effect on the final density of the coined 
pieces, particularly at the higher coining 
pressures. Thus there is little point in com- 
pressing the powder to a high initial density 
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graphite. Fig 7 is a consolidation of the 
curves for the o.5 and 1 pct graphite speci- 
mens. The values for these two sets of 


_ specimens were so close that it was deemed 


unnecessary to plot separate curves. No 
curves were plotted for the 2 pct graphite 


specimens, but here again the values were — 


close to those obtained with o.5 and 1 pct 


_ graphite. 


A study of Fig 6 and 7 brings some inter- 


_ esting facts to light: 


1. The initial pressed density has little 


with the attendant difficulties of large 
capacity molding presses, higher die wear, 
and others, if a final coining operation to 
facilitate high density is to be applied. The 
greater movement of metal when the piece 
is coined from low to high density also 
allows for more flexibility in the shape of 
the part, since certain changes in the shape 
can thus be planned for in the coining 
operation. 2. The specimens containing 
graphite show slightly Jess densification 
upon being coined. 3. A comparison with 
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Fig 2 shows that specimens of 7.0 density 
and over can readily be achieved by a com- 
bination of a molding operation at 30 to 35 
tsi pressure and a coining operation after 


“ 


DIMENSIONAL CHANGE ~-0.00 | 


5.0 5.5 


the sinter (no graphite) or pre-sinter (with 
graphite) at 50 tsi pressure. 

The percentage increase in density be- 
cause of coining was then calculated for the 
no-graphite specimens. These values are 
plotted against original pressed densities in 
Fig 8. The curves should be of value as a 
guide in coining die design, because for a 
given cross-sectional area, the percentage 
__ increase in density corresponds to the per- 
centage additional thickness required in 

the original molded piece. As an example, 
suppose one desires to produce a given 
diameter piece, 1-in tall, with a density of 


KUZMICK 823 
7.0 or over. Suppose further that the avail- 
able press capacity and fill, and a study of 
Fig 2, 3 and 4 had indicated an initial 
density of 5.5 as optimum. Fig 6 would then 
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indicate that a coining pressure of 50 tsi 
should be used to achieve a final density of 
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7.0 or over. Fig 8 would show that under 
these conditions—that is, initial density of 
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5.5 and coining pressure of 50 tsi—a 
25 pct increase in density would take place 
as a result of the coining operation, or 25 
pet additional thickness is required in the 


the dimensional changes in 0.001 in per in. 
based on the original die size were calculated. 
These were plotted for each coining pres- — 
sure against the original pressed density, 
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original molded piece. Therefore, the orig- 
inal compact would be molded to a height 
of 1)4 in. and an allowance for 14 in. com- 
pression would be designed into the coining 
die to give the required r1-in. thick piece of 
7.0 or more density. 

For specimens containing graphite, the 
same calculations could be used, or new, 
more accurate, curves plotted. 

The diameters of the coined specimens 
containing no graphite were measured, and 


and are shown in Fig 9. It is interesting to 
note that the dimensional change remains 
constant for each coining pressure regard- 
less of the original pressed density. As the 
coining pressure is increased, greater 


“spring back” takes place due to stress _ 


release, and dimensional growth results. _ | 
These curves should be of value by their 
indication of the allowances for “spring 
back” to be made in coining die design. 
Fig 1o gives the dimensional change, 
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based on die diameter, of the specimens 
containing 1 pct graphite after they had 
been coined and finally sintered. The coined 
dimensions of these specimens were about 
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shown in Fig 11. The die was set up with 
spacer bars, and specimens were molded 
to the same nominal densities as before. 
The same sintering cycles were applied 
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the same as for those not containing graph- 
ite, which were not sintered after they were 
coined. However, sintering of the coined 


_ 1 pct graphite specimens caused shrinkage 


to take place. It can be seen from the graph 
that the specimens coined at 30 and 50 tsi 
showed greater tendency to shrink than did 
the as-pressed and sintered specimens. 

5. Mechanical Properties. Four series ‘of 
flat tensile coupons were prepared from 
Mixtures A, B, C, and D. The shape and 


4 dimensions of the tensile Specimen are 


also; that is, 30 min. at 2000°F for the bars 
containing zero graphite, 45 min. at 2050°F 
for the specimens containing graphite, all 
in an atmosphere of dissociated ammonia. 

Other series of tensile bars in the density 
range 5.0 to 7.0 g per cc were subjected to 
coining operations at 30, 50, and 75 tsi, 
using the same procedure as was applied to 
the cylinders. Hardness measurements 
using the Rockwell B Scale were run on the 
ends of the tensile specimens. They were 
then broken in a 15,000-lb capacity tensile 
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test machine, and the unit breaking 
strength calculated. 

Fig 12 shows the tensile strength of the 
bars made from the zero graphite mix, 
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seems to be the prime factor. A comparison 
of this graph with Fig 6, Coined vs. Original 
Pressed Densities, indicates that these 
two sets of curves have almost identical 
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coined and uncoined, plotted against orig- 
inal pressed density. It must be remem- 
bered that the pure iron specimens were 
coined after they were sintered so that cold 
work due to the coining operation has some 
effect on the results. However, density 


shapes; in other words, strength varies with 
density. 

Fig 12 also shows that for a straight 
pressed and sintered pure iron piece with a 
density of 6.5, which can be achieved with 
the relatively moderate pressure of 30 tsi, 
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a tensile strength of 20,000 psi is obtained. 
For coined pieces, tensile strengths of 
30,000 to 35,000 psi can be achieved with 
coining pressures of 30-50 tsi. These 
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graphite mix. One must bear in mind that 
the specimens containing graphite were 
given the final sintering treatment after 
they were coined, so that any effects of cold 
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Fic I5—HARDNESS VS. ORIGINAL PRESSED DENSITY OF SPECIMENS FROM ZERO GRAPHITE MIX. 


values can be taken, therefore, as com- 
mercial. If a 75 tsi coining pressure is 
permissible, a strength of 40,000 psi can be 
achieved. 

The original pressed density has great 
effect on the strength of the as-sintered 
_ pieces, but little effect on the strength of 
the coined pieces, particularly at the higher 
coining pressures. Here again, if a coining 


operation is to be employed as a densifica- 


_ tion medium, there is little to be gained by 
the use of a high original pressed density. 
Fig 13 shows the effect of original pressed 


; density on the strength of coined and un- 


. coined specimens made from the o.5 pct 
J 


work were eliminated. A comparison of 
Fig 13 and Fig 7, again indicates density as 
the prime factor. For the moderate coining 
pressures, original pressed density has an 
appreciable effect on the final strength. For 
the 75 tsi coining pressure, original 
pressed density has no effect. The addition 
of 0.5 pct graphite has increased the tensile 
strength about 25 pct over that of the pure 
iron specimens. With densities requiring 
moderate molding pressures, as-sintered 
pieces have a tensile strength up to 25,000 
psi, and, with moderate coining pressures, 
tensile strengths of 35,000 to 40,000 psi 
can be obtained. At high coining pressure a 
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tensile strength of over 50,000 psi is 
possible. 

Fig 14 shows the effect of original pressed 
density on the tensile strength of the bars 
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ation and the use of densities that do not 
require excessive molding pressures. With 
moderate coining pressures, strengths of 
55,000 to 60,000 psi can be obtained. With 
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MIX. 


made from the 1 pct graphite mix. The 
values are about double those of the no- 
graphite specimens. Here a deviation from 
the other mixtures must be noted. A com- 
parison with Fig 7 shows that the curves 
for the coined specimens no longer follow 
the density curves, but instead show in- 
creasing strength with higher original 
pressed densities for all coining pressures. 
For uncoined specimens, strength still 
varies directly with density. With the 1 pct 
graphite addition, it is possible to achieve a 
tensile strength of 35,000 to 40,000 PSI 
with a straight pressing and sintering oper- 


high coining pressure, strengths of over 
70,000 psi are possible. . 

Fig 15, 16 and 17 show the effect of orig- 
inal pressed density on Rockwell B Hard- 
ness. No curve is given for the uncoined 
pure iron and o.5 pct graphite specimens 
since they were too soft for the B scale. In 
general, original pressed density had much 
the same effect on hardness as it did on 
tensile strength. At high coining pressures, 
it had some effect, and on uncoined speci- _ 
mens, it had great effect. Hardness of Rock- 
well B50 to B6o can be obtained with pure 
iron specimens at moderate coining pres- 
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sures. The same range can be obtained by 
graphite additions without the use of a 
coining operation. On coined specimens 
made from graphite mixtures, hardnesses 
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pressure is obtained for pure iron as well as 
I pct graphite specimens. This shows the 
work hardening effect of coining on the no- 
graphite specimens. 
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3 up to B7o can be achieved at moderate 
_ pressures. It is interesting to note that a 
maximum hardness of B8o at high coining 


TaBLE 1—Average of Elongation 


Measurements 
af Indicated 
a Average 
Speci- Elon- 
mens, St pens 
Per oderate 
Cent Treatment to High 
Gra- Density 
phite Range 
Per Cent 
Per Inch 
None | Pressed-sintered 6 to 8 
Pressed-sintered-coined Io to 12 
Pressed-sintered I to2 
Pressed-annealed-coined-sintered | 3 to 4 
Pressed-sintered ‘ % tol 
Pressed-annealed-coined-sintered |__2 to 3 


Elongation measurements were also 
made on the tensile specimens after rup- 
ture. However, the results obtained were 
not reliable and are therefore not plotted 
Table 1 gives an average of some of the 
elongation measurements. These figures 
are presented only as a rough indication 
of the relative ductility of the variously 
treated specimens. 

The specimens made from the 2 pct 
graphite mixture showed no improvement 
in mechanical properties over those pre- 
pared from the 1 pct graphite mix, and are 
therefore not reported. 

A specimen from the 1 pct graphite mix- 
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FIG 20—TWwo PER CENT GRAPHITE AS SINTERED. 


Fic 21—ONE PER CENT GRAPHITE WATER QUENCHED FROM 1550°F. 
(All specimens in Fig 18, 19, 20, 21 etched one per cent nital. Original magnification 750X ») 
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ture pressed to a density of 6.5 and sintered 
was water-quenched from a temperature of 
1550°F. The hardness increased from Rock- 
well B50 to Rockwell C53. 

6. Microstructure. Micrographs were 
taken of specimens prepared from zero, 1, 
and 2 pct graphite mixtures, pressed to a 
density of 6.5 and sintered. These are 
shown in Fig 18, 19 and 20. It will be ob- 
served that the graphite has been absorbed, 
and the result is a coarse pearlitic structure 
with some abnormal carbide segregation. 
However, it must be remembered that the 
final heat treatment was a 45 min. sinter at 
2050°F, which would be an excessive nor- 
malizing temperature for carbon steel. An 
additional refining heat treatment might 
well improve the mechanical properties. 

Fig 21 shows the martensitic structure of 
the quenched specimen. 


CONCLUSION 


Methods for the evaluation of the mold- 
ing, coining, and sintering properties of iron 
powder have been presented. The results 
obtained by the application of these meth- 
ods to one grade of Swedish iron powder 
have been given as an example, but the 
same tests can be used for the evaluation 
of any iron powder. 

Some of the mechanical properties which 
can be obtained for certain mixtures and 
procedures have also incidentally been pre- 
sented by way of illustration. However, 
these should be interpreted as roughly 
approximate in character, since different 
values might be obtained with other pow- 
ders, and other shapes or sizes of test 
specimens. 


- “DISCUSSION 
(A. Squire and F. P. Peters presiding) 


J. J. Corpiano*—Mr. Kuzmick presented a 
paper and did a lot of work—I think it is very 
excellent work—in showing the properties of 
iron graphite specimens under different condi- 


* Buel Metals Company, Painesville, Ohio. 
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tions of pressure application, sintering and 
coining. However, he did not have time in his 
talk to go into some of the properties obtained 
in his paper, principally elongation of the 
specimens. ‘ 

I noticed that on p. 829 of this paper, Table 1, 
he indicates an average elongation of 6 to 8 pct 
for the zero per cent graphite specimens having 
a moderate to high density range. 

My first question: Is not that average rather 
low as the average elongation for the range? 

The second question concerns the average 
elongation of 10-12 pct for pressed, sintered, 
and coined specimens. I am curious to know 
whether his elongations were actually greater 
after coining than after sintering? 


J. F. Kuzicx (author’s reply)—First of all, 
I should like to point out to Mr. Cordiano that 
the reason I did not stress these elongations was 
that I felt the method used for their evaluation 
was not very good, and therefore I would not 
take them as absolute values by any means but 
simply for purposes of comparing one treat- 
ment with another treatment. 

The elongations on the pressed and sintered 
specimens of 6 to 8 pct do not cover the range 
entirely up to 7, because they would be rather 
low for 7 density. They are primarily in the 
range of 6 to 6.5. We had a great deal of diffi- 
culty when we got to over 7 in density, as I 
showed in the compressibility curves. The 
pressures are very high, and therefore we did 
not do much work in that range on the coined 
specimens. 

The pressed, sintered, and coined specimens 
showed an elongation of 10 to 12 pct. No, I be- 
lieve that was on specimens that were annealed 
after sintering. They would not show that just 
as coined. 
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A. SqurrE—I should like to ask the author 
a question with regard to his terminology. 

In Fig 2 we find “original pressed density” 
as an abscissa,” and in Fig 5 we find ‘actual 
pressed density,” and I wonder what. the 
difference is between “‘original pressed density ” 
and “actual pressed density.” 


J. F. Kuzmicx—There is no difference be-. 
tween original pressed density and actual 
pressed density, and they both should have 
read ‘‘original pressed density.”’ As a matter of 
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fact, in the case of Fig 5 I do not think the ter- 
minology is too important because that shows 
the dimensional changes of as pressed speci- 
mens, not coined, and therefore we know that 
the densities are those of the specimens as 
cold pressed. Nevertheless, we should have 
used original pressed density on all of the 
curves, and there would not be any question. 


A. Sgurr——Later on, in Fig 13, for example, 
where tensile strength is plotted against 
original pressed density, is that original 
pressed density, or is that sintered density? 
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J. F. Kuzmick—The reason we used the 
terminology ‘original pressed density” was 
particularly to stress the idea that all this work 
is based on the density to which the briquette is 
cold pressed. You can easily regulate, in an 
automatic molding press, the density you are 
going to get as pressed, but it is often difficult 
to predict just what the density is going to be as 
sintered, because of a slight dimensional 
change and perhaps also a slight loss of weight. 
Therefore, we felt that it would be a lot more 
interesting to users of powder to have these 
figures for this particular powder based on the 
‘fas pressed”’ density. 


Magnetic Properties of Iron-powder Compacts 


By Rospert STEINITZ* 


(New York Meeting, February 1948) 


Sorr iron parts for magnetic applica- 
tions, particularly pole shoes, constitute a 
major portion of the ferrous products of 
powder metallurgy. The residual pores in 
pressed and sintered parts reduce values 
such as the magnetic permeability but 
service experience extended over a number 


10.000 

. 5.000 
> 

SB 2.000 
15 
@ 

3 1.000 

SB s00 
a 
= 
ra) 

$ 200 
£ 
= 

a iv 

RX 

20 

10 

10 30 50 1 


200 300 500 1.000 2000 4.000 


wide limits, especially with the relative 
size of the air gap in the finished assembly. 
The overall permeability of an assembly, py, 
is given by the formula 


10.008 20.000 40.000 100.000 


/ m_ Permeability of Material 


Fic 1—VARIATION OF OVERALL PERMEABILITY WITH THE PERMEABILITY OF THE CORE MATERIAL, FOR 
AN AIR GAP OF I PCT OF THE TOTAL CIRCUIT. 


of years has proven beyond doubt that in 
many instances the lower density of powder 
parts is not prohibitive to their use as 
replacement of machined magnetic parts. 
‘The magnetic requirements for pole shoes, 
particularly the permeability, vary within 


Manuscript received at the office of the 
Institute November 26, 1947. Issued as TP 
2335 in MEeTALs TECHNOLOGY, February 1948. 

* Physicist, American Electro Metal Corpo- 
ration, Yonkers, N.Y. 


where wm is the permeability of the core 


material, / the total length of the magnetic 


path, and a the length of the air gap. Fig 1 
shows the variation of the overall permea- 
bility with the permeability of the core 
material, calculated according to Eq 1 


for an air gap of 1 pct of the total length © 


of the magnetic circuit. It is readily 
recognized that to use core materials hav- 
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ing permeability values higher than about 
tooo would be of no advantage. The fact 
that fairly large air gaps are involved in 
most practical applications of iron powder 
parts, simplifies the task of the manu- 
facturer,, and standard techniques of 
powder metallurgy generally produce ac- 
ceptable magnetic materials. This state- 
ment however is not meant to imply that 
fairly high permeabilities cannot be ob- 
tained in pressed and sintered compacts. 

The differences in magnetic permeabili- 
ties of sintered and cast products can be 
attributed to the residual porosity in 
sintered parts. Not only will the effective 
cross-section be decreased but any pore 
will act as an air gap and thus reduce the 
effective permeability. The permeability- 
density relationship is thus qualitatively 
readily understood. However the complex 
pore structure in compacts makes a quanti- 
tative theoretical treatment quite difficult. 
The purpose of this paper is a systematic 
experimental study of the relationship 
between magnetic properties and densities 
of iron compacts. 


Raw MATERIALS 


Five different commercial iron powders, 
two electrolytic and the other three 
reduced powders, were used. The properties 
of the powders are summarized in Table r. 


TaspLE 1—Characteristics of Iron Powders. 
Raw Materials 


A B 
G D E 
Powders Bless a Re- pee ee 
lytic | lytic duced | duce uce 
Apparent den- 
sity,gpercc| 3.18] 2.27) 2.08 2.68} 2.44 


Carbon con- 
tent, per 


gen, percent] 0.43] 0.35|I1.0-1.2] 0.75) 0.43 
Screen Analy- 
sis 


+100] o 0.5 2.5 2.5 (0) 

—100 +150] I1.0 7.0 | 22.0 Zone i 27.0) 
—150 +200] 29.5 | 18.0 | 25.5 26.0 | 25.0 
—200 +250) 7-5 OF 5 | £15 Onsale v2.0 
—250 +325] 17-5 | 24.0 | 14.0 10.5 | 13.0 
— 325 34.5 | 41.0] 24.5 25.0 | 23.0 
ee a eee 
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The carbon content varies from less than 
0.01 to almost 0.25 pct, the loss in hydrogen 
from o.3 to more than 1 pct, and the 
apparent density from 2 to more than 3 g 
per cc. The screen analyses of all powders 
are similar, with fine particles (—325 mesh) 
constituting between 23 and 41 pct. 


MeETHOD 


The magnetic properties were deter- 
mined with a ballistic galvanometer on 
ring specimens. Earlier attempts to meas- 
ure magnetic properties on a bar sample 
clamped in a yoke failed completely, which 
is readily understood if one considers 
the high porosity of the samples and 
the general difficulties connected with the 
measurement of magnetic fields in a yoke 
assembly. It can be stated that in the case 
of sintered soft magnetic parts, only 
methods involving the use of ring specimens 
can be expected to give satisfactory results. 

The ring employed had an outside diam- 
eter of 174 in. and a square cross section of 
approximately 3 by 3¢ in. It was insulated 
with Scotch tape upon which 25 turns of 
wire were wound, uniformly spaced, for 
the measurement of induction. The magne- 
tizing coil comprising about 200 turns was 
wound upon a second layer of Scotch tape. 
This arrangement permitted, with a 
maximum current of 5 amp, a field of 
too Oersted to be reached, which was 
considered ample to saturate a material of 
average density. A photograph of the 
wound ring specimen is shown in Fig 2. 

Prior to each run all specimens were care- 
fully demagnetized with ac which was 
slowly decreased from about 5 amp to 
practically zero. The magnetization curve 
and complete hysteresis curve were taken 
for each sample. 


PREPARATION OF SPECIMENS 


As no ring die was available the rings 
were machined out of pressed and sintered 
plates. Specimens of higher densities were 
obtained by coining of the sintered plates 
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which were subsequently annealed. The 
compacting pressures were of the order of 
25 tsi and the sintering temperature was 
usually 2100°F. The coining pressure was 
50 tsi and the annealing temperatures 
ranged from 1400 to 1700°F. Sintering and 
annealing were performed in hydrogen for 
about 1 hr if not otherwise noted. The 
treatment for each specimen is listed in 
Table 2. 


MAGNETIC PROPERTIES OF IRON-POWDER COMPACTS 


RESULTS 


In accordance with the main object of 
this paper the results are represented by 
plotting the magnetic values against the 
densities of the specimens. This representa- 
tion reduces the varied processing condi- 
tions to one common factor and the 
influence, if any, of other variables, such 
as the type of raw material, can more 
readily be recognized. The same procedure 


Fic 2—RING SPECIMEN FOR MAGNETIC MEASUREMENTS. 


TABLE 2—Treatment of Powders 


Resintering . 


Green Sintering Coining or Re-Coinin: Anneali Z 
Specimen | Powder Pressure, Temperature,| Pressure, Annealing Seer Shearer Density, 
Tsi oF Tsi Temperature, Tsi oF Per Cent 
F 

r A 25 

2 A 25 05. 

3 A 42 95. 

4 B 25 95 

5 D 25 93 

6 Cc 25 91 

7 E 25 90.5 

8 E 25 90° 

9 D 25 80 
10 Cc 25 890 
Ir Cc 42 88 
12 Cc al 8 
13 Cc 2I ae 
14 D 30 81 : 
15 Cc 30 78 
16 D 25 
17 E 25 ie 
18 B 20 26 


* Annealed for 17 hr. 
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was applied by Squire! who correlated in a 
similar manner a number of mechanical 
characteristics such as tensile strength, 
hardness and elongation, with the density. 


c000 


837 


density as plotted from the data listed-in 
Table 3. All density values are given in 
per cent based on an absolute density of 
7.85 g per cc. Different powders are indi- 
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Fic 3—HYSTERESIS LOOP AND PERMEABILITY CURVE FOR A 95 PCT-DENSE IRON COMPACT. 


Analogous to the results of Squire, it will 
be seen from the following data that the 
magnetic permeability of iron compacts is 
also mainly determined by the density and 
is, within the range covered by the experi- 
ments independent of other factors such 
as the characteristics of the raw material. 
Table 3 lists the densities of the tested 
specimens, the powder raw material, the 
residual magnetism B,, the coercive force 
H,, the maximum permeability max, the 
induction By4o for a field of 40 Oersted, and 
the field Hu1o,oo required to obtain an 


‘induction of 10,co9 lines per cm.? Fig 3, 4, 


and 5 represent the magnetization curves 


for densities of 95, 89 and 74 pct, respec- 


tively. Fig 6 and 7 show the permeability 
and residual induction as a function of the 


1 References are at the end of the paper. 


cated by different symbols. As maximum 
permeability for 100 pct density, the value 


TaBLE 3—Effect of Density on Magnetic 
Properties of Iron-powder Compacts 


Resi- o| Maxi- 
Sam- pee Iron | dual | > mum |Induc- € és 
ple $ Y» | Pow-| Mag- |'3 o|Perme-| tion |.y as 
No. 6 et | der |netism|o Slability| Bao | ges 
ent lee) dey i) 
a © eae a: Bat 
I | 97.0] A 12,200] 2.3] 2170 | 15,000} ~4 
2 )'95..5| A 13,100] 2.0] 2500 | 15,300] ~4 
3 05 A 12,200] 2.1] 2150 | 14,800] ~4 
4 | 95 B II,900] 2.3] 2050 | 14,500| ~4 
5 | 93 D | 11,900] 3.5] 1590 |14,300} 6 
6 | of ( II,500| 3.5] 1520 | 13,700 6 
7 | 90.5| £ 9,600] 2.8] 1470 | 13,000 10 
8 | 90 E 9,600! 3.0} 1400 | 12,800 10 
9 | 89 D_ | 11,600] 3.5} 1600 | 13,400 6 
Io | 89 G 10,500| 4.0] 1230 | 12,800] ~9 
Ir | 88 C | 10,700] 4.3] 1280 | 12,400 9 
12 | 87.5] C | 11,300] 3.5] 1530 | 13,000 6 
13 | 85.5} C | 10,200) 4.5] 1080 | 11,900 13 
14 | 81 D 7,000| 4.5| 700 | 9,800 45 
I5 78 D 6,400] 4.3} 700 8,800 roo 
16 | 75 D 6,500] 4.5) 730 | 8,200) >100 
sty) Nr | E 4,900| 3.3} 680 | 7,000} >100 
18 | 6 B 3,600] 3.0] 700} 6,000; >I100 
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Fic 4—HYSsTERESIS LOOP AND PERMEABILITY CURVE FOR AN 89 PCT DENSE IRON COMPACT. 
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Fic 5—HyYSTERESIS LOOP AND PERMEABILITY CURVE FOR A 74 PCT DENSE IRON COMPACT. 
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4,500 reported for annealed Armco iron is 
used in Fig 6.? 

Though the values plotted in Fig 6 and 7 
fluctuate to some extent around an average 
curve it becomes immediately apparent 
that at least for identical sintering temper- 
atures, the density is the factor determining 
the permeability. The independence of the 
measured values from the powder char- 
acteristics, particularly the chemical com- 
position of the powders, is remarkable. A 
difference in the carbon content, as existing 
between the electrolytic and reduced 
powders, would markedly affect the mag- 
netic properties of dense materials. The 
fact that such effect is not observed in the 
sintered parts indicates that the influence 
of porosity is in all tested specimens con- 
siderably larger than the influence of 
chemical composition. It can be expected 
that in sintered specimens having a higher 
density than 97 pct, the influence of 
impurities would become noticeable. 

The annealing temperature has some 
effect on the maximum permeability. A 
temperature of 1400°F appears to be too 
low to produce optimum values but any 
temperature in the range from 1550 to 
1700°F gives well reproducible values. 
Extension of the annealing treatment to 
17 hr at 1700°F tends to give slightly higher 
permeability values as can be seen from 
Tables 2 and 3. Annealing subsequent to 
coining is essential and it might be possible 
to improve to some extent the magnetic 
properties as reported in this paper by an 
extension of the annealing treatment. 

The effect of cold working by the coining 
operation can be readily followed by 
measuring the magnetic properties. This is 
demonstrated in Table 4 which lists the 
densities and values for residual magnetism 
and, coercive force of a reduced iron powder 
(1) as sintered at 2100°F; (2) as coined at 
50 tsi.; (3) as resintered at 2100°F; (4) as 
recoined at 50 tsi.; and (5) as annealed at 
1600°F. In the sintered or annealed state 
the coercive force is fairly low and de- 
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_ conditions. This value then falls exactly 


temperatures indicate a definite influence of 


creases with increasing densities, as shown 
in Table 3. In the coined state the coercive 
force is higher. The difference between the 
coined and annealed state is more pro- 


TABLE 4—Influence of Coining and Anneal- 
ing on Residual Magnetism and Coercive 
Force 


Sin- : Resin- 
tered Coined tered | coined] nealed 
Density, per 
CONG. Ast. oes. 75.0 890 93 
Br (Gauss)....| 6500 | 8100 
He (Oersted)...}| 4.5 7 3-5 


nounced after the first coining than after 
the second, because of the fact that the 
cold work during the first coining is con- 
siderably more severe than in the second. 
The same effect is shown by the behavior 
of the residual magnetism which is very — 
much lower after the first coining than after 
resintering, while the difference between 
the coined and annealed state is not so 
pronounced after the second cold work. 
The hysteresis loops for these 5 samples are 
shown in Fig 8-12. The importance of a 
good anneal after coining is clearly indi- 
cated in these curves. 


DISCUSSION OF RESULTS 


Comparable magnetic values for iron 
powder compacts have previously been 
reported by Lenel* and are included in 
Fig 6. Most of the specimens studied by 
Lenel were sintered at 2400°F or even at 
higher temperatures without further treat- 
ment. The magnetic values obtained for 
these samples are definitely outside of the 
curve representing the present results. How- 
ever Lenel reports one value for a sample 
sintered at 2050°F and the density of this 
sample (not given in Lenel’s paper) can 
readily be estimated from the experimental 


on the permeability vs. density curve 
established in our experiments for an 
equivalent sintering temperature. The > 
values given by Lenel for higher sintering 
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the sintering temperature on the magnetic 
permeability values of these iron parts. 
Two reasons for this effect can be sug- 
gested: (1) a larger grain size of the com- 
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permeability; and (2), more likely, an 
influence of the shape of the pores, that is, 
spheroidization of the pores. 

Polder and Van Santen! have made a 


Fic 12—EFFECT OF COINING. COMPACT ANNEALED AT 1600°F. 


pact after the high temperature treatment 
which would act to increase the effective 


: | 


O% 50% 100% 


—— Density 
Fic 13—PERMEARILITY VS. DENSITY. 
(Polder and Von Santen) 
1. Spherical holes in solid substance. 
2. Disc-shaped holes in solid substance. 


theoretical study of the effective permeabil- 
ity of porous materials. Their calculation is 
valid for dielectric materials as wellas mag- 
netic ones if the magnetic permeability is 
assumed constant for all fields. The results 
of Polder and Van Santen are extremely 
interesting and part of their Curve 2 is 
reproduced as our Fig 13. This curve 
shows the permeability as a function of 
the density, again in per cent, for spherical 
and disc-shaped holes, respectively, dis- 
tributed in a solid substance. Realizing 
that these curves are theoretical approxi- 
mations only and calculated for very special 
cases the results obtained in our experi- 
ments are qualitatively in good agreement 
with these values. The permeability curve, 
Fig 6, is very similar to the curve for the 
disc-shaped holes while Lenel’s values for 
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higher temperatures come closer to the 
curve for the spherical holes. On the basis 
of the modern concepts of the sintering 
mechanism, it can be assumed that the 
pores in a pressed compact are somewhat 
flattened and that higher temperatures 
and longer sintering times favor the trans- 
formation of these pores into spherical 
holes. It is intended to extend the present 
experiments to follow the influence of 
sintering temperatures on powder compacts 
of the same raw materials and the same 
density over a range from 1300 to 2600°F 
and these experiments should clarify the 
question of the influence of the sintering 
temperature on the permeability. 


CONCLUSIONS 


Measurements were made to determine 
the magnetic properties, especially the 
permeability, of soft iron compacts for 
different densities and raw materials. It 
has been shown that the raw material has 
a negligible influence on the magnetic 
properties if these are compared for iden- 
tical densities, and not for identical 
processing procedures. Comparison with 
literature values indicates an influence of 
sintering temperature on magnetic prop- 
erties. An interpretation of this effect has 
been attempted. Cold working by coining 
and stress relief by subsequent annealing 
can be followed by measuring the magnetic 
properties. In general the coercive force is 
higher and the residual magnetism and 
permeability lower for porous material than 
for Armco iron. 
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DISCUSSION 
(A. Squire and F. P. Peters presiding) 


F. P. Perers—I am sure you will all agree 


that that was a thorough and objective 


approach to this problem. Not only the powder 
metallurgists with the magnetic personalities 
but all metallurgists in general should have an 
interest in this paper. It not only supports the 
hypothesis which Squire developed last year, 
that many of the mechanical properties of 
powder metallurgical parts are related to their 
porosity, but in addition demonstrates once 
again the deep, important meaning of structure 
in metals generally as the dominant factor in 
determining their properties. 


J. F. Kuzmicx*—Dr. Steinitz, you stated, or 
apparently I gathered from your paper, that 
the most important criterion of a suitable iron 
powder for magnetic applications is its com- 
pressibility. In other words, density seems to be 
the prime factor as was just pointed out, and 
therefore a powder which compresses easily 
should be the most suitable for pole shoes and 
other magnetic applications, and apparently 
the high purity in the ranges you studied was 
not very important. 

You stated that for commercial applications 
you required at least 80 pct density, and I also 
gathered from your paper that most commer- 
cial applications involved 80 to, say, 90 or 
95 pct. If a powder technique were developed 
to give you the last few per cent, would that 
open up a new field of commercial application? 


R. Sternitz (author’s reply)—Most soft 
magnetic parts are used for pole shoes and the 
like, and I believe that an increase in the effec- 
tive permeability above, let us say 1500 to 
2000 would not open up a very large field. 
There might be a number of applications where 
it might be desirable to get a higher permea- 
bility, but I have not seen any application 
where the lower permeability actually has pre- 


vented us from filling the job. 


*Ekstrand and Tholand, Inc., New York 
City. J 


ingly reduced. You always have an air gap in | 
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The compressibility of the iron powder 
which you mentioned, of course is very valua- 
ble. If the powder shrinks during the sintering, 
it has the same effect. The final density is what 
counts. But low shrinkage is desirable, if close 
tolerances have to be held. 


L. B. Kramer*—I notice the saturation 
figure you gave for 95 pct density is roughly 
16,000, and then for 89 pct density it dropped 
to 14,000. Thus, for a drop of about 7 pct 
based on a 95 pct density, you have a drop 
of about 13 pct in the saturation, which 
would indicate, I would think, that there must 
be something more than the density that is 
causing those-figures to drop so much. The 
figure of 16,000 at 95 pct density is considerably 


less than proportional to Armco iron. 95 pct 


of 18,000 (Armco iron at H = 100) is 17,100. 
While Armco iron at H = 100 has B = 18,000, 
B is going up rapidly, unlike the curve shown 
for 95 pct dense iron powder compacts. 


R. Stern1tz—The explanation is easily given. 
The value given for H = 100 is not the actual 
saturation value. That is, you always have a 
rather large air gap in the assembly, and even 
the ring specimen, because of its porosity, acts 
like a ring specimen with an air gap in it, and 
the so-called saturation value is correspond- 


the assembly. What I called saturation value 
is the value for about too Oersted, and that is 
far from the actual saturation of the material as 
such. 


R, H. Roprianf—I should like to ask Dr. 
Steinitz if the compacts after sintering were 


‘analyzed for oxygen and carbon. Generally it is 


understood that carbon will influence the mag- 


netic properties. The paper has not shown that, 
_ but only varying degrees of porosity of various 
- materials, electrolytical iron powders and re- 


duced iron powders. The reduced iron powders 


a have a high carbon content compared with the 
one of the electrolytical iron powders. Within 
95 pct density, it appears to me that there 


might be left a carbon content in the reduced 


iron powders which might influence the mag- 


* Westinghouse Electric Company, Pitts- 


Hees 
ay . East 


+Geo. S., Mepham Corporation, 
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netic properties. I wonder if Dr. Steinitz would 
like to explain that in more detail, whether he 
has done analyses of the compacts for oxygen 
and carbon contents and compared with the 
same degree of porosity. 


R. Sternitz—I think I stated that I did not 
analyze the final compacts but only the pow- 
ders, and I mentioned that there might be a 
change in the carbon content during the sinter- 
ing. On the other hand, there is definitely in the 
final compact still quite a difference in carbon 
content, and I believe that the experiments 
have shown that this difference in carbon con- 
tent does not make itself felt on the magnetic 
properties of these compacts because the pores | 
overshadow all these influences. The pores act 
actually like an alloying element, and an alloy- 
ing element in the neighborhood of to to 15 pct 
will, of course, overshadow anything else. 


J. Q. Apams*—TI agree with Dr. Steinitz to 
the extent of the carbon effect. But if you 
noticed Dr. Lenel’s curve, you will remember 
that he went to quite a high temperature, 2400. 
At that temperature you probably have a 
great reduction in carbon, and a great many 
of Dr. Lenel’s higher permeabilities probably— 
I would almost say positively—were caused by 
the reduction in carbon content. 

The second factor that is of interest to me is 
this: Armco irons today, and for some time 
past, are not really pure irons by any means. 
They contain a great many elements which are 
really extraneous, and the purity at best is 
roughly about 99.85 pct. Today there are 
available irons which run 99.96 pct. That does 
not include the gases, of course. The gases may 
be high, but they can be removed. With car- 
bon contents of 0.01 or less in that type of iron, 
the saturation will be found appreciably higher 
than that given for pure iron by the Bureau of 
Standards. 

I agree that when you have a magnetic cir- 
cuit of powder iron, you have air gaps in that 
circuit. As far as I know, there is no way of 
removing those air gaps unless the density can 
be raised to roo pct. But the reduction in air 
gap by the increase in density does show a 
much greater effect, as far as the results are 


* General Electric Company, Schenectady, 
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concerned, with saturation than just the 
apparent increase in density. 


R. Stemitz—I do not agree with Mr. Adams 
that Lenel’s value can be explained on the 
basis of lower carbon content. 

The electrolytic powder which I used had less 
than o.o1 pct carbon. As far as I remember, 
Dr. Lenel used reduced powders. I doubt very 
much that he reduced his carbon content 
appreciably below that value. 

Tron powder A had less than 0.01 pct carbon. 
Lenel’s value of 3100 for 86 pct density (Fig 6) 
cannot be explained, in my opinion, by lower 
carbon content, when compared with 2500 for 
96 pct density in powder A. There is something 
essentially different in the behavior of Lenel’s 
materials as compared to the values measured 
by me. By the way, I believe that the curve for 
Lenel’s points would go quite straight through 
till about 75 or 80 pct and then suddenly flatten 
off. 

As far as the purity of Armco iron is con- 
cerned, of course Mr. Adams was correct in 
that. But I used Armco iron for comparison 
because of the similarity of the composition of 
the best powders that I used with Armco iron. 
It would not be reasonable to compare them 
with very high 99.99-+ iron. I know that this is 
commercially available. 


F. V. Lenet*—I believe that Dr. Steinitz’s 
explanation of the difference in permeability of 
samples sintered at 2100 and 2400° is correct, 
in other words, that this difference is caused by 
the different shape of the pores in the samples 
sintered at the two temperatures. 

Samples sintered at 2100 and 2400°F also 
show variations in other properties, for in- 
stance, in ductility which can be explained by 
differences in pore shape. Samples which are 
sintered at 2400°F may have double the 
elongation of samples sintered at 2100°F even 
though both samples have the same sintered 
density and approximately the same tensile 
strength. 

I should like to take exception to Dr. 
Steinitz’s statement that the raw material has a 
negligible influence on the magnetic properties 
if these are compared for identical densities. 
While Dr. Steinitz has conclusively shown that 


* Rensselaer Polytechnic Institute. 
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there is no influence of the raw material upon 
maximum permeability, residual induction and 
saturation value, a close study of his figures 
shows that there is a definite influence of the 
raw material upon the coercive force and there- 
fore upon the hysteresis loss of the material. 
Samples made from electrolytic iron which is 
very pure have a lower coercive force than 
samples of the same density made from reduced 
powders, which are less pure and particularly 
contain more oxide and carbon. 

The question was raised as to what grade of 
iron powder was used in the samples sintered at 
2400°F whose maximum permeability is 
plotted in Dr. Steinitz’s Fig 6. The sample with 
87 pct density and a maximum permeability of 
3100 was made from electrolytic iron powder, 
the sample with 85 pct density and a maximum 
permeability of 2150 was made from de- 
carburized comminuted steel shot, while the 
two samples with lower density and perme- 
ability were made from reduced iron powders. 
One may expect that the electrolytic iron 
powder sample was lower in carbon than 
the one from decarburized steel shot, but 
differences in carbon content can hardly explain 
the higher general level of permeability in the 
samples sintered at 2400°F as compared with 
those sintered at 2100°F. 


R. Srernitz—aAs far as the coercive force is 
concerned, I agree with Dr. Lenel that the 
influence of impurities is easily felt there, but 
it is important to know that even with very 
pure materials the coercive force increases with 
lower density. 


C. Brrr*—It is my opinion that the dis- 


cussion as regards density vs. carbon content. — 


and chemistry, mainly oxide content, has been 
somewhat confusing. Powder C, which is the 
hydrogen-reduced powder, contained the high- 
est carbon in the powder form and the highest — 
oxide, the hydrogen loss being about 1.2 pct. 
That point falls on the density curve at about 87 
pet after a sintering treatment of 2500°F. I think 
that the reason that the density is as low as 
shown is that the carbon content was greatly 
reduced during sintering and the oxide content 
was also greatly reduced, leaving a porous 
material in the briquette which resulted in the 
density. On sintering hydrogen-reduced iron 


* Biad Powder Metallurgy, Pittsburgh, Pa. 
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powders, the reduction of oxide will result in 
porosity in the finished briquette, and the 
reduction of carbon content will also result in 
porosity. 

My point is that while this is shown on the 
curves as reduced density as compared with 
the other materials, I feel that it is caused by 
the reduction of the carbon content and the 
oxide content during sintering which means 
that the purity of the powder is very important 
in preparation of magnetic materials by pow- 
der metallurgy methods. 


S. J. Garvin*—If I understood Dr. Steinitz 
correctly, his explanation of the results he ob- 
tained, principally concerns the shape and 
amount of porosity he found in his compacts. I 
understood from him that he ascribes the 
difference in his results and those obtained by 
Dr. Lenel to the different shape of the pores, 
and he claims his pores are flat discs whereas 
Dr. Lenel’s pores were of spherical shape. 
Surely that could be verified by determining 
whether the compacts show any anisotropy. 
If the pores are flat, the air gaps within the 
compacts will be different in the different 
directions in the pressing. In the direction of 
pressing, the air gap will be much shorter than 
at right angles to the direction of pressing 
resulting in variations of the magnetic proper- 
ties especially the permeability and hysteresis. 


* Murex Limited, Rainham, Essex, England. 
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Therefore, it would seem that a spherical 
shape of pore would be more desirable because 
it would at least insure that you would have 
the same magnetic properties in all directions 
in your pole shoe. 


R. Sremnitz—I definitely agree with Mr. 
Garvin, and I should like to know whether he 
has any suggestion to make on how to measure 
these values in both directions. I pressed plates 
out of which I machined these rings, and I do 
not know how I can measure magnetic proper- 
ties in the direction vertical to the pressing. Of 
course, there the gaps would be appreciably 
shorter. But how can I measure it? 


S. J. Garvin—Would it not be possible to 
make a deeper pressing and machine the ring? 


R. Stetnitz—They would not have uniform 
density and you would not know exactly to 
what density you would have to refer. 


S. J. Garvin—Of course, there is always the 
possibility of using the hydrostatic type of 
press where you apply the pressure through a 
rubber tube and the same pressure is applied to 
the whole surface of the compact. 


R: Srrrnitz—These suggested experiments 
are extremely interesting, and if anyone could 
make them and get some results, I would be 
very much interested in hearing them. I 
definitely expect to obtain the results which 
Mr. Garvin mentioned. 


The Powder Metallurey of Porous Metals and Alloys Having a 
Controlled Porosity _ 


By Pot Duwrz* anpD Howarp E. MartTEenst 
(New York Meeting 1948) ~ 


INTRODUCTION 


THE high temperatures encountered in 
the operation of jet engines have imposed 
most drastic requirements upon the mate- 
rials used in their construction. There are 
two different approaches to the materials 
problem connected with the design of 
parts in contact with high temperature 
gases. The first approach is to use a mate- 
rial which will perform satisfactorily at a 
temperature comparable to that of the gas. 
The second approach is to use a cooling 
system so that the material is maintained 


at a temperature appreciably lower than’ 


that of the gas. Besides the conventional 
method of cooling by means of a liquid in 
contact with the material exposed to a high 
rate of heat transfer, 
method consists of making the part to be 
cooled of a porous material, so that the 
cooling fluid can be forced through the 
pores. In this scheme, the temperature of 
the coolant moving in a direction opposite 
to that of the heat flow increases gradually 
while passing through the porous material, 
and the coolant forms a protective layer on 
the surface exposed to heat. This method, 
referred to as ‘“‘sweat cooling,’ was pro- 


This work was done under contracts with the 
Army Ordnance Department, Washington, 
D. C. and the Air Materiel Command, Army 
Air Force, Wright Field, Ohio. The authors 
wish to thank these agencies for the permission 
to publish the results of this investigation. 
Manuscript received at the office of the Insti- 
tute November 12, 1947. Issued as TP 2343 
in METALS TECHNOLOGY April 1948. 

* Associate Professor of Mechanical Engi- 
neering and Chief of the Materials Section of 
Jet Propulsion Laboratory, California Institute 
of Technology, Pasadena, Calif. 

t+ Research Engineer, Jet Propulsion Labor 
atory, California Institute of Technology, 
Pasadena, Calif. 


a less orthodox - 


posed at the Jet Propulsion Laboratory in 
September 1944, and the experimental 
work on the preparation of porous metals 
was started early in 1945. 

The sweat cooling method opens new 
lines of research in powder metallurgy by 
extending the field of application of porous 
metals. The porous metals available at the 
present time are used mostly as bearings or 
filters, and a rather limited number of 
alloys are made for these applications. In 
addition, the fabrication of bearings or 
filters does not require a very close control 
of the permeability, while in the case of 
sweat cooling such a control is of primary 
importance. In designing a sweat cooled 
part it is imperative to assure a given rate 
of flow of coolant under certain conditions 
of pressure drop. Generally, the proper 
pressure drop and the rate of flow of coolant 
are deduced from heat transfer and design 
considerations, and consequently the per- 
meability of the porous metal to be used is 
also determined. It is therefore necessary 
for the designer to have available a con- 
tinuous series of porous metals covering a 
range of permeability as wide as possible. 
Contrary to the requirements established 
in the fabrication of filters, the actual pore 
size of a porous metal intended for sweat 
cooling is of little consequence, except for 
its effect on permeability. The tensile 
strength is likely to be of great importance 
for some applications. Since the tensile 
strength of a porous alloy decreases with 
increasing porosity, an important problem: 
is to develop porous alloys having the maxi- 


mum permeability with minimum porosity. 
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These considerations have lead to the 
development of a method of preparing 
porous metals. The method used in this 
preparation is described in the present 
paper. The physical properties of a porous 
stainless steel and a porous nickel-molyb- 
denum-iron alloy prepared in this manner 
are ‘discussed. Reference is also made to 
the general problem of alloying and sinter- 
ing powder metallurgy compacts. The 
notion of permeability coefficient is also 
discussed in relation to its application to 
the problem of sweat cooling. 


PRODUCTION OF PERMEABLE MATERIALS 


The principle of the method of preparing 
the porous metals described in this paper 
consists of adding to the metal powder a 
powdered substance that decomposes into a 
gaseous phase at a temperature below the 
sintering temperature of the metal.* The 
two powders are intimately mixed, pressed 
in a die in order to form a compact, then 
sintered at high temperature. When the 
non-metallic powder decomposes, empty 
spaces are left in the interior of the com- 
pact. Since the gases generated by the 
decomposition of the porosity-forming 
material must escape, small channels are 
formed in the compact and the pores are 
therefore interconnected. At a higher tem- 
perature, when sintering of the metal pow- 
der takes place, some of these channels may 
be closed because of the shrinkage that 
~ generally takes place during sintering, but 
in most cases a sufficient number of chan- 
nels remain open to make the metal 
permeable. 

The choice of a porosity-forming material 
depends on the nature of the metal powder. 
In general, however, the physical and 
chemical properties of a porosity-forming 
material should satisfy the following con- 
ditions: 1. It should not be hygroscopic. 
2. It should not decompose too rapidly at 


* This principle seems to have been men- 
tioned first by Lowendahl in U.S. Patent No. 
1,051,814 in 1913. 


849 


room temperature. 3. It should not react 
with the metal powder during the mixing 
operation. 4. It should decompose at a 
temperature appreciably below the temper- 
ature at which the sintering of the metal 
takes place. 5. It should not leave, after 
decomposition, any solid or liquid residue 
that may be detrimental to the properties 
of the sintered metal. 

Many porosity producing agents have 
been suggested, such as volatile chlorides, 
ammonium nitrate, salicylic acid, para- 
formaldehyde, naphthalene, ammonium 
carbonate, and ammonium bicarbonate. 
The chlorides are generally hygroscopic and 
have the additional disadvantage of gener- 
ating chlorine during the sintering process. 
Ammonium nitrate is not satisfactory be- 
cause of its reactivity with metal powders, 
forming in some cases violently explosive 
mixtures. Salicylic acid has the disadvan- 
tage of producing poisonous fumes. Para- 
formaldehyde and naphthalene have been 
tried and might be satisfactory for some 
metal powders. However, it has been found 
difficult to avoid the presence of small 
quantities of carbon residues which, in the 
case of metals that form carbides, is an 
objectionable factor. 

Ammonium carbonate satisfies condi- 
tions 1, 4, and 5 given above. Its rate of 
decomposition at room temperature, how- 
ever, is not negligible, and it also reacts 
with copper and nickel powders. A few 
simple experiments have shown that at 
room temperature the rate of decomposi- 
tion of ammonium bicarbonate is about ten 
times smaller than that of ammonium car- 
bonate. By lowering the temperature to 


around o°C no measureable decomposition 


takes place (less than o.1 pct loss in weight 
in 24 hr). Hence the powders are kept at 
low temperature during mixing and han- 
dling before the pressing operation. The 
same precaution of lowering the tempera- 
ture also prevents the ammonium bicar- 
bonate from reacting with copper and 
nickel powders. 


850 THE POWDER METALLURGY OF 

The technique of preparing porous met- 
als by means of mixtures of powdered 
metal and a porosity-producing agent has 
been studied in connection with several 
metals and alloys. Among these are copper, 
nickel, iron, copper-zinc (70-30), copper-tin 
(90-10), iron-nickel (80-20), stainless steel 
(pre-alloyed 18-8 powder), and_nickel- 
molybdenum-iron (65-30-5). A complete 
description of the results obtained on all 
the materials considered in the course of 
these studies is beyond the scope of this 
paper. Only two typical alloys will be con- 
sidered in the present paper, namely an 
18-8 stainless steel (type 302) prepared 
from a pre-alloyed powder and a nickel- 
molybdenum-iron alloy prepared from a 
mixture of powders of the pure metals. 
These two porous alloys are of special in- 
terest because of their high sue and 
their corrosion resistance. 


PREPARATION OF SPECIMENS 


The powders used for the preparation of 
specimens were obtained from several 
sources (Table 1). The particle size dis- 
tribution of these different powders is also 
given in this table. 


TABLE 1—Particle Size Distribution of Metal 
Powders 


Weight of Particles in Each Size 


het ae Fraction 


(Per Cent) 
between | and ged Nickel | Molyb- Tron 
: MD-301| denum |MD-r11 
Steel ; 
60 100 t.2 
100 150 5.2 9.6 
150 200 7.0 235 18.6 
200 325 | 24.4 7.0 33.4 
through | 325 | 62.0 100 80.5 38.2 


Stainless steel obtained from Unexcelled Chemical 
Co., Cambridge, Mass. 

Nickel MD- -301 and iron MD-r111 obtained from 
Metals Disintegrating Co:, Elizabeth, N. 

Molybdenum C. P, hy: nonce reduced obtained from 
Charles Hardy, Inc., 


For preparing the nickel-molybdenum- 
iron alloy, the three powders were mixed in 
a ball mill for at least 24 hr. The mixing of 
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the metal powders with the ammonium 
bicarbonate was performed in a can sur- 
rounded by dry ice, both of which were 
placed in the jar of a ball mill. The am- 
monium bicarbonate powder was sifted 
through an 80 mesh screen before mixing. 
The amount of ammonium bicarbonate 
powder was between 3 and 17 pct of the 
total weight of the mixture, depending on 
the porosity desired. 

The metal powders, or the mixture of 
metal and ammonium bicarbonate pow- 
ders, were pressed into compacts having 
two different shapes. One was a rectangular 
bar 1 by 3 in. and approximately 4 in. 
thick; the other was a circular disk 14 in. 
in diam and about 3¢ in. thick. After sin- 
tering, tension specimens were cut from the 
rectangular bars and the disks were used for 
permeability tests. The compacting pres- 
sures used were 40,000, 60,000, 80,000, and 
100,000 psi. 


Gas PURIFICATION SYSTEM AND SINTERING 
FURNACES 


In sintering stainless steel it is essential 
to have the atmosphere of the furnace com- 
pletely free of oxygen or water vapor. The 
presence of chromium in the alloyed pow- 
der is probably the reason why the least 
trace of oxygen is detrimental to the sinter- 
ing process. Chromium oxide which cannot 
be reduced by hydrogen forms a thin layer 
around the particles, thus preventing them 
from bonding. 

The gas purification system developed 
especially for sintering stainless steel is 
shown in Fig 1., The gas is first circulated 
into an electric tube furnace filled with 
copper shavings and maintained at a tem- 
perature of 1600°F. This furnace has a 
nichrome heating element wound on a 
Norton alundum refractory tube. A type 
302 stainless steel tube containing the cop- 
per shavings is inserted into the alundum 
tube. The gas is then dried by passing 
successively through (1) a calcium chloride 
drier, consisting of a horizontal steel tube 


—%, 
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containing shelves supporting the calcium 
chloride powder; (2) a heat exchanger, con- 
sisting of copper tubing shaped in spiral 
form and immersed in a mixture of dry ice 


Flow 
indicator 


Reactor 


Gas furnace 


CaClo drier 
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thus keeping the gas completely free of 
oxygen or water vapor. 

The furnace used for sintering the nickel- 
molybdenum-iron alloy was a molybdenum 


Mechanical 
filter 


To furnace 


KOH 
tower 


Heat 
exchanger 


Fic 1—HyDROGEN PURIFICATION SYSTEM. 


and acetone; (3) a vertical steel tube filled 
with potassium hydroxide, and (4) a mag- 
nesium oxy-chloride drier similar to the 
calcium chloride drier. The gas is then 
filtered through a tube containing cotton, 
to remove small solid particles of the chem- 
icals used in the last two driers. 

The furnace used for sintering the stain- 
less steel specimens was a molybdenum- 
wound electric furnace of approximately 
4.5 kw. It is shown in Fig 2, and Fig 3 indi- 
cates the general principles of its construc- 
tion. A molybdenum wire A is wound on an 
alundum muffie B. The muffle is insulated 
by means of alumina bricks C, and the 
assembly is contained in a gas-tight steel 
box D in which nitrogen is circulated. 
Another muffle E, made of steel, is inserted 
in the retractory muffie and can be loaded 


‘through a gas-tight door F. Hydrogen or 


helium can be circulated in this muffle. A 
platinum-platinum rhodium thermocouple 
G, connected to a Type S Micromax, con- 


trols the temperature of the furnace. The - 


reason for the double muffle arrangement 
is to avoid contact between a piece of 
refractory and the sintering atmosphere, 


wound electric furnace of approximately 5 
kw. Since the presence of a small amount of 
moisture is not detrimental to the sintering 
of this alloy, it was not necessary to provide 
for a double muffle as in the sintering of 
stainless steel. Except for this difference, 
the furnace is essentially the same as that 
described above and shown in Fig 2 and 3. 


THERMAL EXPANSION OF COMPACTS 
DuRING SINTERING 


Other investigators have published in- 
formation concerning the change in dimen- 
sions of metal compacts after sintering.* 
In most of these investigations the only 
measured quantity is the actual change in 
dimension of the specimens after a given 
sintering treatment. Valuable information 
can also be gained by recording the instan- 
taneous change in length of a compact while 
the temperature is increased at a certain 
rate during the process of heating for sin- 
tering. A special dilatometer was designed 
and built for that purpose. _ 

The working principle of the automatic 
recording dilatometer is the same as that 


* Ref. 1, p. 323. See this volume, p. 874. 
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described in Ref. 2. A Baldwin South- 
wark Type PS-s separable extensometer is 
mounted on the steel plate A (Fig.4) so 


Fic 2—SINTERING FURNACE. 


Fic 3—SINTERING FURNACE ASSEMBLY. 


that the lever of the extensometer is actu- 
ated by the displacement of a silica rod 
resting on the specimen. The vertical dis- 
placement of the fused silica rod is multi- 
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plied by means of the lever arm so that the 


contact C has a horizontal displacement 
five times that of the knife edge. An electric” 


A 


Ho or’ He 


servo motor D drives the second contact 
mounted on a micrometer screw E. A 
standard Baldwin Southwark stress-strain 
recorder is used in connection with the 
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extensometer. The drum of the recorder 
rotates proportionally to the displacement 
of the knife edge. A tracing pencil is actu- 
ated in a direction parallel to the axis of a 


IN 
NY 
. 
N 
: 
IN LL, A N 
SHS] BSS 
Gas 
inlet 
Fused silica rod 
Fused silica tube 


—— Furnace 


Thermocouple 
—— Specimen 


drum by a Leeds and Northrup Type S 
Micromax temperature recorder. The Mi- 


- cromax is connected to the chromel-alumel 


thermocouple measuring the temperature 


of the specimen. The curve of change in 
length vs. temperature is recorded on a 


_ standard chart having the suitable temper- 
ature scale for the kind of thermocouple 
used. Three different magnifications (250, 


a 


e.- 


b 500, and 1000) can be obtained by changing 
the gear ratio in the drive of the recording 
drum. The temperature scale, in the case of 

a chromel-alumel thermocouple, is from o 

to 2200°F and is approximately tro in. long. 


Since the sintering of metal powders is 


~ sensitive to the atmosphere of the furnace 


it is necessary to provide a controlled 
atmosphere during the thermal expansion 
test. This is done very simply by enclosing 
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the strain gauge and the electric motor 
driving the contact in a gas-tight steel 
box with a removable cover. Rubber 
O-rings are used as a seal between the fused 


Micromax 


Baldwin 
Strain recorder 


Expansion — 
temperature 


Temperature- 
time curve 


Fic 4-—-SKETCH OF THE AUTOMATIC RECORDING DILATOMETER. 


silica tube containing the specimen and the 
supporting steel plate. 

The voltage applied to the furnace is con- 
trolled by means of a Variac auto-trans- 
former. By this means the temperature of 
the furnace can be uniformly increased. In 
recording thermal expansion curves, a rate 
of heating of the order of 4 to 6°F per min. 
has been generally used. 

The shape of the thermal expansion 
curve which is most frequently observed for 
a compact made of pressed powder is 
shown schematically in Fig 5. Up to a 
certain temperature 7, (A in Fig 5), the 
thermal expansion curve is the same as that 
oi a solid specimen made of the same metal. 
Above this temperature the curve sepa- 
rates from that of the solid specimen, 
indicating that some contraction takes 
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place, and counteracts the normal thermal 
expansion. At a higher temperature T>, the 
thermal expansion curve of the powder 
specimen has a maximum (B in Fig 5) and 
then drops very rapidly, indicating that 
appreciable shrinkage is taking place. 


Expansion 


Contraction 


Fic 5—TvyPICAL THERMAL EXPANSION CURVE FOR A METAL (1) AND FOR A COMPACTED METAL 


It seems logical to assume that the 
shrinkage of the specimen is a clear indica- 
tion that sintering is taking place. The 
exact temperature at which contraction 
starts, however, is difficult to locate on a 
curve of the type given in Fig 5. The 
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shrinkage starts very slowly and is pro- 
gressive, By taking the temperature corre- 
sponding to the maximum in the thermal 
expansion curve, however, an approxi- 
mate temperature may be determined 
below which no sintering is likely to 
take place and above which appreciable 
shrinkage and consequently sintering will 
occur. 

The change in length of a specimen dur- 
ing the cooling period can be recorded also 
by the dilatometer. When the maximum 
temperature 7,4 is reached (Fig 5), the 
furnace can be cooled slowly at a rate of 
approximately 8°F per min. down to a 
temperature of about 800°F, then at a 
decreasing rate to room temperature. The 
cooling curve is generally of the shape indi- 
cated in Fig 5. From a temperature 7, 
down to a temperature 7; the contraction 
is larger than that which would correspond 
to the normal coefficient of thermal expan- 
sion of the metal. It is probable that during 
this period some sintering is still in progress 
but at a lesser rate than during the heating 
period in the same temperature range. 
From a temperature 7; down to room tem- 
perature the cooling curve follows very 
nearly that of an ordinary solid metal, 
showing that all contraction caused by 
sintering has ceased. This rather surprising 
result has been found for several kinds 


of metal powders and is not readily 
_ explainable. 


The thermal expansion curve obtained 


_ for the stainless steel compacts are shown 


in Fig 6 for compacting pressures of 40,0c0, 


60,0c0, 80,000 and 100,000 psi. All the 


curves up to a temperature of about 1800°F 


~ are practically the same. In that range the 


coefficient of expansion of the compact is 


- equal to 19.6 X 107 per°C. The maximum 


expansion occurs at temperatures between 


_ 1800 and 1900°F. From then on the shrink- 
age proceeds very rapidly with increasing 
_ temperature. On the basis of numerous 


tests made in this laboratory on pure 
metals and pre-alloyed powders for which 
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the expansion curves during sintering have 
the typical shapes of those of Fig 6, the 
temperature corresponding to the maxi- 
mum of the curve can be considered as a 
minimum temperature which should be 
exceeded if sintering is to be completed 
within a reasonable length of time. 

A different type of thermal expansion 
curve is obtained when two or more pow- 
ders are present in the compact. In general, 
the first part of the expansion curve is not 
smoothly increasing as for a pure metal but 
presents one or-several rapid expansions at 
some critical temperatures. As for a pure 
metal powder or a pre-alloyed powder, the 
compact eventually starts to shrink and the 
expansion curve has a maximum and then 
steadily decreases. The exact significance of 
the rapid expansion observed during the 
heating up of a compact containing several 
powders is not yet fully established. The 
probable cause of these rapid expansions is 
the formation of a phase having a lower 
density than either one of the constituents. 
In a study of the sintering of a 70 pct 
copper-30 pct zinc compact, for example, a 
very noticeable expansion of the order of 
8 pct was observed between 400 and 700°F. 
An X ray diffraction study has shown that 
in this range of temperature the constitu- 
tent CuZn was present and disappeared 
progressively as diffusion proceded at 
higher temperature.* 

Three thermal expansion curves ob- 
tained with the nickel-molybdenum-iron 
compacts are presented in Fig 7; they 
correspond to three different compacting 
pressures. All of the curves exhibit a rather 
rapid rise in thermal expansion in the range 
of temperature from 1200 to about 1800°F. 
A small sudden change in curvature is also 
present at about 1650°F. The maximum 
expansion occurs at about 1900°F and from 
there on progressive shrinkage takes place. 

A detailed explanation of the shape of 
the thermal expansion curve of the nickel- 


* A more complete discussion of the subject 
will be published in a future paper. 
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molybdenum-iron compact is not possible 
as yet because of the complexity of the 
diffusion process in a three component sys- 
tem. From a study of a more simple alloy 


3.2 
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a compact is heated at a certain rate a 
temperature gradient always exists be- 
tween the surface and the inside of the 
sample. This gradient depends on the rate 


(per cent) 
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Bes 7—THERMAL EXPANSION CURVES OF NICKEL-MOLYBDENUM-IRON SPECIMENS FOR DIFFERENT 
COMPACTING PRESSURES. 


a 75 pct nickel and 25 pct molybdenum, 


it appears that, as in the copper-zinc mix- 
ture, some or all of the three possible 


- intermetallic compounds of nickel- and 
- molybdenum are formed during the diffu- 
sion and are responsible for the expansion 
of the compact. The occurrence of such an 
_ expansion is of practical importance. When 


of heating, the size of the compact, and its 
thermal conductivity. For a given tem- 
perature gradient, the thermal stresses at a 


given point will be proportional to the 


coefficient of thermal expansion corre- 
sponding to the temperature at that partic- 
ular point. It is therefore possible that 
when the thermal expansion curve exhibits 
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a rapid rise, the thermal stresses during 
heating cause the specimen to crack or 
deform. 


The observation made during the study 
of a 75 pct nickel 25 pct molybdenum alloy 
may illustrate this argument. Rectangular 
bars 14 by 1 by 6 in. were heated in the 
sintering furnace at a rate of about 600°F 
per hr and kept for 4 hr at 2300°F. All the 


specimens were badly deformed and some 
had visible cracks. By reducing the rate of 
heating to 300°F per hr in the range of 


NICKEL-MOLYB- 


B. 
000 PSI AND SINTERED FOR 4 HR AT 2350°F. 
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Fic 8—A. STAINLESS STEEL COMPACTED AT 80, 
DENUM-IRON ALLOY COMPACTED AT 


temperature from 1300 to 1900°F, in which 
range the thermal expansion curve rises 
rapidly, the distortion of the specimens was 
greatly reduced. It is probable that even a 
slower rate of heating in the critical range 
of temperature would suppress all distor- 
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tion. This discussion clearly shows the 
practical application of the thermal expan- 
sion analysis applied to powder metallurgy. 


PHYSICAL PROPERTIES OF SINTERED 
STAINLESS STEEL 


The ultimate strength and the percent- 
age elongation at rupture were measured on 
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cubic centimeters. From the value of the 
apparent specific gravity, the porosity was 
computed in per cent, using the formula 


Nea, 


z d 


in which d is the specific gravity of the 
metal and d, the apparent specific gravity. 


TABLE 2—Physical Properties of Type 18-8 Stainless Steel S pecimens Sintered at Different 
Temperatures for 4 Hr in Hydrogen and in Helium* 


————— 


Sintering 


Apparent 


Temperature Compacting, Shrinkage : Porosity Ultimate Elongation 
(oR) a Pressure, Psi] (Per Cent) Seer (Per Cent) | Strength, Psi} (Per Cent) 
Sintered in Hydrogen 
2150 40,000 Zia 5.74 273 23,270 2.0 
60,000 2.6 6.11 22.7 30,980 3.8 
80,000 245 6.44 18.5 43,620 4.2 
100,000 2.5 6.57 16.9 42,560 4.0 
2300 40,000 bane! 5.44 31.8 16,100 rs3) 
60,000 3-7 6.34 19.7 35,560 5-3 
80,000 33 6.57 16.8 41,800 6.3 
100,000 Bor 6.50 V7.7 40,380 2.8 
2450 40,000 a5 6.29 20.4 35,790 6.8 
60,000 4.9 6.57 16.9 44,420 9.2 
80,000 4.1 6.79 I4.0 49,340 Wed 4 
100,000 4.0 6.93 £259 52,320 10.4 
Sintered in Helium 
2150 80,000 27) 6.44. < 18.5 47,300 5.6 
2300 BAG) 6.64 16.0 54,110 II.4 
2450 4.6 6.79 I4.0 58,670 16.8 


* All results are averages of measurements on five specimens. 


several series of specimens obtained under 
various conditions of pressing and sintering 
and having different porosities. For each 
set of conditions of composition, compact- 
ing pressure, and sintering schedule, five 
“specimens were prepared and all the results 
reported in this paper are average values of 
five measurements. All compacts were 
measured with a micrometer before and 
after sintering. The changes in dimension 
~ in three directions for the rectangular speci- 
mens and in two directions for the circular 
disks were also recorded and gave informa- 
tion on the shrinkage or expansion during 
sintering. The volume of a specimen was 
- computed from the measured dimensions 
after sintering, and the apparent specific 
gravity was taken as the ratio of the weight 
of a specimen in grams to‘its volume in 


The tensile strength was determined on 
specimens having a gauge length of 1 in. 
cut from the rectangular pieces. The elon- 
gation at rupture was obtained by measur- 
ing the distance between two marks 1 in. 
apart scratched on the specimen before the 
test. The accuracy of the measurement was 
not greater than o.o1 in., corresponding to 
+o.5 in the percentage élongation, which 
was therefore recorded without decimal. 
Experiments were first made with solid 
specimens (i.e., prepared without ammo- 
nium bicarbonate) in order to determine 
the influence of both the sintering tem- 
perature and the sintering atmosphere. 
Three different temperatures, namely 2150, 
2300, and 2450°F, were used with both 
hydrogen and helium atmospheres. The 
microstructure of the sintered stainless 
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steel is shown in Fig 8. The etching solution 
was 10 g ferric chloride, 30 cc hydrochloric 
acid, and 80 cc water. The structure is that 
of a typical 18-8 composition, except for 
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the holes which are typical of a powder 
metallurgy product. 

The results of the tension tests are given 
in Table 2. The curves showing the varia- 
tion of ultimate strength vs. compacting 
pressure for different sintering tempera- 
tures (Fig 9) indicate that an appreciable 
increase in strength can be obtained by 
sintering at a temperature of 2450°F in- 
stead of 2150 or 2300°F. The high sintering 
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temperature has also a very favorable 
effect on the percentage elongation in ten- 
sion (Table 2). These results are in agree- 
ment with those obtained by Wulff (pp. 
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FIG 9 ULTIMATE STRENGTH VS. COMPACTING PRESSURE FOR STAINLESS STEEL SPECIMENS SINTERED 
AT 2150°F (X), 2300°F (@), AND 2450°F (0) FOR 4 HR IN HYDROGEN. 


00 
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137-144 of Ref. 1) in a study of the sinter- 
ing of an 18-8 stainless steel powder 
probably similar to that used in this 
investigation. 

The increase in ultimate strength with 
increasing sintering temperature is caused 
by the corresponding increase in density of 
the metal. The point can be made clear by 
plotting curves of the ultimate strength vs. 
porosity for all the solid compacts sintered 
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at 2150, 2300, and 2450°F and at different 
compacting pressures. The resulting dia- 
gram is shown in Fig ro and it is apparent 
that the ultimate strength is a function of 
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of this type of alloy. The increase in ulti- 
mate strength of the specimens sintered in a 
helium atmosphere instead of hydrogen is 
not caused by a decrease in porosity. This 


28 
Porosity (per cent) 


__ Fic ro—ULTIMATE STRENGTH VS. POROSITY FOR STAINLESS STEEL SPECIMENS SINTERED IN HYDRO- 
: GEN (0, @, X) AND IN HELIUM (+). 


porosity only. This conclusion renders 
3 rather illusory the advantage of sintering 
porous stainless steel at 2450 instead of 
 2300°F since the increase in strength will be 
} accompanied by a decrease in porosity and 
_ the curve of strength vs. porosity is likely 
to be the same in the two cases. 
The physical properties of specimens 
_ sintered in helium are also given in Table 2. 
_ The results indicate that sintering in helium 
rather than hydrogen has a noticeable 
| effect in improving the physical properties 


fact is clearly shown on the diagram of Fig 
to where the three points relative to helium 
sintering are definitely higher than those 
corresponding to hydrogen. Hence sintering 
in helium instead of hydrogen produces a 
better bond between the particles of an 
18-8 stainless steel. 

The structure of the porous specimens 
made with the addition of ammonium 
bicarbonate was investigated by micro- 
scopic methods. The preparation of a pol- 
ished surface suitable for observation under 
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high magnification requires special care. 
During both cutting and polishing opera- 
tions the metal has a tendency to deform 
plastically and to flow over the cavities. 


Scale: 0 
(C) 


Fic 11—PoROSITY OF POROUS NICKEL-MOLYBDENUM-IRON SPECIMENS PREPARED WITH 3 (A), 
5 (B), 7 (C), AND 10 (D) pcT AMMONIUM BICARBONATE. 


Hence a false representation of the porosity 
may result. In order to minimize the danger 
of filling up the pores, the specimens should 
be cut very slowly with a hack saw and the 
polishing should be done progressively and 
always ‘under very slight pressure. This 
procedure, simple but time consuming, has 
been found the most satisfactory so far. 
For microscopic observation of the size and 
the distribution of the pores, it is not neces- 
sary to etch the specimens, so that only 
the holes appear as black areas on a white 
background. 
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with 3, 5, 7, and 10 pct ammonium bicar- 
bonate is shown in Fig rr. The micrographs 
taken at a magnification of 50 diam indicate 


The structure of specimens prepared 
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that the porosity consists of holes of vari- 
ous sizes (black areas in Fig 11), increasing 
in number with the amount of ammonium 
bicarbonate. It is very difficult to deter- 
mine an average pore size from microscopic - 
observation. Such a parameter would not 
be significant as far as the flow of fluids _ 
through the metal is concerned because — 
most of the resistance to flow is probably 

caused by the very small and intricate 

passages connecting the pores which are — 
observed under the microscope. - 
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The physical properties of porous stain- 
less steel specimens obtained with different 
amounts of ammonium bicarbonate can be 
compared with those of solid specimens in 
Fig 12 and Table 3. If the porosity is 
plotted against the compacting pressure, a 
curve is obtained for each ammonium bicar- 
bonate content. These curves do not inter- 
sect each other, and for a given compacting 
pressure the porosity increases with in- 
creasing amounts of ammonium _bicar- 
bonate. It is apparent that a wide range 
of porosity, from about-20 to 55 pct, can be 
obtained by varying the ammonium bicar- 
bonate content and the compacting pres- 

~ sure. For _high compacting pressures, 
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sure, however, becomes less noticeable with 
increasing amounts of ammonium bicar- 
bonate. The values of tensile strength have 
also been plotted against porosity on the 
diagram of Fig 14. In this diagram different 
symbols are used for different amounts of 
ammonium bicarbonate. Several points 
plotted with the same symbol refer to 
specimens prepared with different com- 
pacting pressures. From the results shown 
in Fig 14 it can be concluded as a first ap- 
proximation that, for a given metal powder 
and a given sintering technique, the poros- 
ity controls the tensile strength. This con- 
clusion is in agreement with results on iron 
compacts, recently published.? 


TABLE 3—Physical Properties of Type 18-8 Stainless Steel Porous Specimens Sintered al 
2300°F for 4 Hr in Hydrogen* 


Amount of INpoaecnt: : : 
Ammonium Compacting Shrinkage oeaihe Porosity Ultimate — Elongation 
Bicarbonate Pressure, Psi (Per Cent) age: (Per Cent) | Strength, Psi (Per Cent) 
(Per Cent) y 
3 40,000 3.6 5.42 31.4 22,110 3.8 
60,000 35 5.92 27.4 25,050 @ 4.2 
80,000 3.9 6.10 22.8 30,470 5.4 
100,000 3.5 6.26 20.8 26,280 9.8 
40,000 4.0 5.25 34.8 19,550 4.4 
j 60,000 cSt | 5.39 BT.o 20,020 30 
80,000 3.5 5.68 28.1 25,580 5. 2 
{ 100,000 3.2 5-75 27.2 25,730 3.4 
10 40,000 4.1 4-45 43.7 9,830 2.7 
60,000 4.0 4.69 40.6 12,200 313 
80,000 Sah) 4.78 39.4 14,750 3-4 
100,000 3.0 4-77 39.8 14,770 3:7 
17 40,000 4.9 3.56 54.9 4,450 2.3 
| 60,000 4.2 3.75 ole. | 5,960 215 
| 80,000 2.6 3.76 52.4 7,525 2.5 
100,000 eae 3.86 53.9 7,710 Tey 


* All results are averages of measurements on five specimens. 


e however, only the amount of ammonium 
_ bicarbonate will control the porosity, since 
_ the curves of Fig 12, obtained for compact- 
_ ing pressures of 80,000 and 100,000 psi, are 
practically the same. 

The influence of compacting pressure and 
ammonium bicarbonate content on the 
tensile strength of porous specimens is 
shown in Fig 13. For a certain amount 
- of ammonium bicarbonate, the tensile 
strength increases with compacting pres- 
sure. The influence of the compacting pres- 


PHYSICAL PROPERTIES OF SINTERED 
NICKEL-MOLYBDENUM-IRON ALLOY 


The physical properties of sintered 
nickel-molybdenum-iron specimens having 
various porosities were investigated by the 
methods already described for stainless 
steel. All specimens were compacted at 
80,000 psi and sintered at 2350°F for 4 hr 
in dry hydrogen. These conditions were 
chosen after a preliminary investigation of 
the effect of compacting pressure and sin- 
tering temperature on the tensile strength 
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Porosity (per cent) 


Ammonium bicarbonate (per cent) 
F1c 12—PorosIty VS. AMMONIUM BICARBONATE CONTENT FOR STAINLESS STEEL SPECIMENS PRESSED 
AT 100,000 (+), 80,000 (X), 60,000 (@), AND 40,000 (0)PSI. 


TaBLE 4—Physical Properties of Nickel-Molybdenum-Iron Alloy Specimens Sintered at 
2350°F for 4 Hr in Hydrogen* 


Amount of 


Ammonium Compacting Shrinkage PR or Porosity Ultimate Elongation 
Bicarbonate Pressure, Psi (Per Cent) Geavit (Per Cent) Strength, Psi (Per Cent) 
(Per Cent) y 
ts) 40,000 5.9 Vo mT 52,540 6.6 
60,000 4.2 7.60 17.5 54,180 5.0 
80,000 4.0 8.28 10.1 72,280 4.8 
100,000 Zur 8.22 10.7 72,230 3.0 
3 80,000 4. Wie .0 59,8900 Tid. 
ry 4. 6. .0 48,000 6.0 
7 5. 6. | 42,200 6.6 
6. 5. a5 33,370 5.8 
7. 5: +3 21,930 5.0 


* All results are averages of measurements on five specimens. 
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of specimens made without ammonium 
bicarbonate. 

In preparing an alloy by the mixed pow- 
ders method, diffusion of the different 


Ultimate strength (102 Ib/in2) 


40 


metals takes place during sintering. If a 


- homogeneous alloy is desired diffusion must 


be carried to completion during the sinter- 


_ ing treatment and both temperature and 
time of sintering must be determined ac- 
cordingly. 
verifying whether or not diffusion is 


The most direct method of 


complete is by means of X ray diffraction 
patterns. The application of this method is 


quite simple when the final alloy is a solid 
- solution, as in the present case. 


A North American Philips X Ray Spec- 
trometer, previously described in the litera- 
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ture,* was used with copper K, radiation for 
the present investigation. A typical diffrac- 
tion pattern of a compact before sintering 
is shown in Fig 15 on which the character- 


60 190 
Compacting eerie » 103 Ib/in€ ) 


Fic 13—ULTIMATE STRENGTH VS. COMPACTING PRESSURE FOR POROUS STAINLESS STEEL SPECI- 
MENS SINTERED AT 2300°F FOR 4 HR IN HYDROGEN AND MADE WITH DIFFERENT PERCENTAGES OF 


AMMONIUM BICARBONATE, 


istic lines of: both nickel and molybdenum | 
are indicated by their indices and spacings. 
After sintering for 4 hr at 2350°F in hydro- 
gen, the diffraction pattern (Fig 15 B) 
indicates that the nickel lines are displaced 
toward a smaller. Bragg angle and the 
molybdenum lines have disappeared. This 


~ js direct evidence that molybdenum has 


completely diffused into nickel and formed 
a solid solution. The presence of 5 pct iron 
powder in the mixture cannot be detected 
by X ray diffraction analysis, using copper 
radiation. It is probable, however, that the 
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relatively small amount of iron diffuses into 
nickel before the diffusion of molybdenum 
is completed. ; 

By means of X ray diffraction it is also 
possible to follow the progress of diffusion 


50 


f 
(oe) 


Oo 
(2) 


~ 
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Ultimate strength (lo? lb/in.2 ) 


Fic 14—ULTIMATE STRENGTH VS. POROSITY FOR STAINLESS STEEL SPECIMENS COMPACTED AT 
DIFFERENT PRESSURES AND MADE WITH 0 (0), 3 (X), 5 (@), 10 (+), AND 17 (AA) PCT AMMONIUM 


BICARBONATE. 


- in an alloy prepared by the mixed powders 
method. A detailed study of this problem 
will be published in the near future. 

The structure of the nickel-molybdenum- 
iron alloy sintered at 2350°F for 4 hr in hy- 
drogen is shown in Fig 8. The specimen was 
etched with a mixture of equal parts of 
nitric acid (70 pet) and acetic acid (50 pct). 
Except for the presence of holes, inherent to 
any powder metallurgy product, the struc- 
ture is essentially the same as that of a 
wrought alloy of the same composition, i.e., 
a single phase grain structure. 
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The results of porosity and _ tensile 
strength measurements on the different 
specimens prepared with and without am- 
monium bicarbonate are given in Table 4. 
Since the same compacting pressure (80,000 


40 
Porosity 


50 60 
(per cent) 


psi) and the same conditions of sintering 
were used for all specimens (4 hr at 2350°F), 
the relation between porosity and amount 
of ammonium bicarbonate is unique and is 
represented graphically by the curve shown 
in Fig 16. The variation of tensile strength 
with porosity is presented in Fig 17. By 
comparing this curve with that obtained 
with stainless steel (Fig 10) it is apparent — 
that for a given porosity, the nickel-molyb- 
denum-iron alloy has an appreciably higher 
strength than the stainless steel. 
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_ Fic 15—X RAY DIFFRACTION PATTERNS OF NICKEL-MOLYBDENUM-IRON SPECIMEN BEFORE (A) AND 


. AFTER SINTERING (B). 
5 THe FLow or Fruips THROUGH ' water through a unit area of a porous mate- ~ 
Porous METALS rial is directly proportional to the pressure 


rf The physical principles determining the drop per unit length of the material. The 
9 flow of fluids through porous media were derivation of Darcy’s equation and a dis- 
_ formulated by Darcy in 1856. His experi- cussion of its range of validity can be found 
’ ments established that the rate of flow of in Ref. 4. For a gas flowing through a 
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Porosity (per cent) 
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Ammonium bicarbonate (per cent) 


Fic 16—PoROSITY VS. AMMONIUM BICARBONATE CONTENT FOR NICKEL-MOLYBDENUM-IRON SPECI- 
MENS COMPACTED AT 80,000 PSI AND SINTERED AT 2350°F FOR 4 HR IN HYDROGEN. 


porous metal it is convenient to express 
Darcy’s law by the following equation: 


es Ceri Po 
Pie Poe oF ou 
if 


Eqt 


where Q = weight rate of flow per unit area 
(Ib/sq in. sec) 
P, = pressure at the entrance side of 
the porous metal (psi) 
P, = pressure at the exit side of the 
porous metal (psi) 


L = thickness of the specimen (in.) 

po = weight of the fluid per unit vol- 
ume at pressure P, (lb/cu in). 

wu = viscosity of the fluid (lb-sec/sq 
in.) 

a = permeability coefficient (sq in.) 


Eq 1 is equivalent to Eq 7 on p. 78 of Ref. 5. 
The permeability coefficient as expressed 
by Eq 1 is a constant for a given material 
and is independent of the gas used as a 
fluid. The same coefficient may be used to 
compute the pressure drop corresponding 
to a liquid flowing through the material. In 
this case, however, Eq 1 is replaced by 


Q Po 


Pipa. Ie. 


L 


Eq 2 


the symbols having the same meaning as — 


before. 
Darcy’s law is valid only for viscous 
laminar flow. The limiting rate of flow at 


which the flow ceases to be truly laminar © 


can be expressed in the case of a porous 
medium, as well as in pipes, by a critical 
Reynolds number. It has been shown by 
experiments made with compacted sand 
that the critical Reynolds number above 
which Darcy’s law is not satisfied is gener- 


ally between 1 and fo. Above the critical 


Reynolds number the flow becomes par- 


tially or totally turbulent. In the case of a 


packing of spheres of equal diameter or of a 
granulated material having a narrow range 


of particle sizes, it is possible to define an — 


average grain diameter and a characteristic 
length (p. 61 Ref. 4). In the case of porous 
metals made by powder metallurgy it is 


very difficult to define the characteristic 


length entering into the expression of the 


Reynolds number. The structure of the 
porous metals prepared by the method de- 


scribed above has been studied very care- 


fully under the microscope. Up to the 
present time it has not been possible to 
arrive at a reasonable interpretation of an 
average pore size which could perhaps lead 
to an evaluation of a Reynolds number. 


ca 
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The problem of flow of liquids through transition between laminar and turbulent. 


porous metals would appear at first to be Practically, however, the experimental pro- 
much simpler than the problem of gas flow cedure in studying the flow of liquids is 


50 


Ultimate strength (10> Ib/in) 


f 
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30 


20 


i 0) 

. Porosity (per cent) 
_ Fic 17— ULTIMATE STRENGTH VS. POROSITY FOR NICKEL-MOLYBDENUM-IRON SPECIMENS COMPACTED 
es AT 80,000 PSI AND SINTERED AT 2350°F FOR 4 HR IN HYDROGEN. 
- because for the relatively small weight rate made extremely difficult by the ever-pres- 
_ of flow expected in sweat cooling applica- ent progressive plugging of the porous 
; 


( 


tions the liquid flow is likely to be laminar, metal even in the absence of any solid par- 
whereas the gas flow will probably be in the _ ticles in the fluid. An extensive investiga- 


870 
tion of this problem has shown that the 
reason for the progressive decrease in per- 
meability of the porous medium was the 
accumulation of gas (probably air) bubbles 
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were performed using kerosene as a fluid. In 
these tests the progressive plugging was 
somewhat minimized by the fact that the 
measurement of rate of flow and pressure 


oo 


10 


Rate of flow (Ib/in@ seo 


MENS yY IN. THICK HAVING DIFFERENT POROSITIES. 


gizui/ai) 2eoueda4,ip e4onbs - ainssaid 


being progressively released from the fluid 
during its passage through the narrow 
channels of the porous medium. In spite of 
the experimental difficulties resulting from 
the plugging action of gas, measurements of 
permeability coefficient of porous metals 


Fic 18—PRESSURE-SQUARE DIFFERENCE VS. NITROGEN RATE OF FLOW THROUGH POROUS STAINLESS STEEL SPECI- 


drop was carried out in minimum time. 
The results have shown that the perme- 
ability coefficient, as defined by Darcy’s 
equation in the range of laminar flow, is the 
same regardless of whether a liquid or a gas 
is used as the fluid. For measuring perme- 


Wy 


small pressure-square differences, 
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ability coefficient the use of a gas instead of 
a liquid is therefore indicated, so that diffi- 
culties introduced by the progressive plug- 
ging of the porous metal may be avoided. 

In accordance with Eq 1 the results of 
experiments on flow of gas through porous 
metals are plotted in terms of the difference 
of the squares of the pressures (for con- 
venience, this will be referred to as the 
pressure-square difference) and of the 
weight rate of flow per unit area. 

Three typical curves showing the varia- 
tion of the pressure-square difference vs. 
the rate of flow of nitrogen are presented 
in Fig 18. These curves were ob- 
tained for stainless steel specimens 14-in. 
thick and having different porosities. 
The tests were made with discharge at 
atmospheric pressure and increasing feed 
pressure. 

The shape of the curves of pressure- 
square difference vs. rate of flow given in 
Fig 18 may be described as follows: for 
below 
approximately 100 psi,” the relation is a 
straight line with a 45° inclination, indi- 
cating that within this range Eq 1 is satis- 
fied; the flow is laminar and the perme- 
ability coefficient a@ can be determined. 
Above a _ pressure-square difference of 
about too, the curves bend slowly upward 
and the slope continuously increases up to 
approximately 1.5. This upper part of the 
curves would correspond to a partially 
turbulent region. It is quite obvious, as was 
evidenced by experiments on different 


- porous metals, that the rate of increase of 


the slope of the pressure-square difference 
vs. rate of flow curve depends markedly on 


- the structure of the metal. At the present 


time no satisfactory theory has been ad- 
vanced which would described analytically 


the pressure-flow relation and its depend- 


ence on the structure of the porous metal. 


_ This question constitutes one of the basic 


problems in connection with the practical 


use of sweat cooling. 


The study 0 of the flow of fluids in the 
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laminar range of flow and the application 
of Darcy’s equation, in spite of their limita- 
tions, leads to interesting results in connec- 
tion with the metallurgy of porous metals. 
When a series of porous metals are prepared 
with different amounts of ammonium bicar- 
bonate by the technique described in the 
present paper, the permeability coefficient 
as defined by Darcy’s equation depends 
solely on the porosity, providing the same 
metal powder and the same conditions of 
sintering are used. A typical graph of 
permeability coefficient vs. porosity is 
presented in Fig 19 for stainless steel speci- 
mens. When log-log coordinates are used, 
as in the graph of Fig 19, the relation can 
be considered as linear, indicating that the 
permeability coefficient is proportional to 
the 5.1 power of the porosity. Numerous ex- 
periments performed with different metals 
made by the same technique have shown 
that this type of relation is general, and the 
exponent of the porosity is between 5 and 7, 
depending on the metal. The existence of a 
relation between permeability and porosity 
is a unique feature of the method of pre- 
paring porous metals proposed in this 
paper. When porous metals are made by the 
more conventional method of adjusting the 
particle size and sintering without com- 
pacting pressure, the permeability coeffi- 
cient and the porosity depend on the 
particle size only, providing the sinter- 
ing is carried out under a given set of 
conditions. 

Numerous permeability measurements 
were made on several systematic series of 
porous bronzes obtained with different 
particle sizes and no relation could be found 
between permeability coefficients on the 
one hand, and porosity or particle size on 
the other. As an example, the results ob- 
tained on four types of specimens are 
plotted on the graph of Fig 19 (points 1, 2, 
3, and 4). The particle size of these four 
types of bronzes decreased in the order. 
I, 2, 3, and 4. As shown in Fig 19 the 
porosity of the specimens increased in the 
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order 1, 2, 4, and 3 and the permeability permeability and porosity is an important 
coefficient increased in the order 4, 1, 3, step in the use and development of porous 
and 2. Obviously there is no possibility of | metals. Such a relation furnishes the neces- 
plotting a curve relating the three variables sary information for the preparation of a 


ee ee ee 


Permeability coefficient (107 !0 in) 


eiebeye aes seine 
Fic 19—PERMEABILITY COEFFICIENT VS. POROSITY FOR STAINLESS STEEL AND IRON SPECIMENS. 
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and as a consequence it is impossible to pre- | porous metal to be used in a specific appli- 
dict what particle size should be used to ob-_ cation. In the design of a part that is 
tain a given permeability coefficient. intended to be cooled by infiltration of a 

The establishment of a relation between _ gas, the rate of flow of coolant and the pres- 
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sure drop through the porous metal are two 
basic quantities. The required rate of 
coolant flow is the result of a heat transfer 
computation and the pressure drop through 
the sweat cooled part may, in many appli- 
cations, be more or less determined from 
design considerations. In some cases, for 
example, a gas at a certain pressure may be 
available within the unit. Assuming that 
both the rate of flow and pressure drop are 
given, the problem is then to prepare a 


metal having the required characteristics. . 


First, the permeability of the porous metal 
is computed by using Eq 1. The porosity is 
then determined by using a graph similar to 
that shown in Fig 19. This graph, relating 
permeability with porosity, is obtained by 


; __ making permeability tests on three or four 


samples of a given metal having different 
porosities. When the desired porosity is 
determined, the amount of ammonium bi- 
carbonate necessary to produce such a 
porosity is obtained from an experimental 
curve relating the two variables (Fig 12 
and 16). 

The technique of preparing porous metals 
by the ammonium bicarbonate method has 
two advantages: (1) close control of poros- 
ity by means of one single variable which 
is the amount of ammonium bicarbonate, 
other factors like particle size, compacting 
pressure, and sintering conditions being 
the same; and (2) the unique relation be- 
tween permeability and porosity, with the 
~ result that any permeability within a cer- 
tain range can be obtained by adjusting 
the porosity, which in turn determines the 
amount of ammonium bicarbonate to be 
used. 


SUMMARY AND CONCLUSIONS 
~ A method has been developed by means 


s of which porous metals and alloys having a 


controlled permeability can be prepared. 


_ The method consists essentially of mixing 


a porosity-producing substance with the 
-. metal powder, pressing the mixture, and 
sintering at a suitable temperature. During 
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heating, but before sintering takes place, 
the porosity-producing substance dissoci- 
ates, thus creating the desired porosity. 
Ammonium bicarbonate was used in the 
present investigation, although other sub- 
stances might give equivalent results. An 
advantage specific to this method is a 
correlation between the amount of ammo- 
nium bicarbonate and the porosity on one 
hand, and between the permeability and 
the porosity on the other. A single relation- 
ship exists between permeability and 
amount of ammonium bicarbonate used in 
the preparation of the porous metal. This 
relationship, of course, supposes that the 
other conditions, such as particle size of 
the powder and sintering schedule, are kept 
the same. 

The study of porous metals of controlled 
permeability is closely related to several 
basic problems of powder metallurgy. The 
study of the mechanism of sintering and 
that of the formation of an alloy by diffu- 
sion in the solid state are two important 
phases of powder metallurgy research. In 
this paper some results have been described 
showing the usefulness of the thermal ex- 
pansion method applied to a compact 
during sintering. Up to the present time 
this method has not been used to its full 
advantage in powder metallurgy studies. 
The interpretation of the shape of the 
thermal expansion curve of a compact is of 
significance not only for the study of the 
mechanism of alloying and‘sintering, but 
for its practical interest. An actual case in 
which the shape of the thermal expansion 
curve can explain the uneven shrinkage of 
a compact during sintering has been dis- 
cussed in this paper. 

A systematic study of the powder metal- 
lurgy of porous metals having a controlled 
permeability brings about the problem of 
the mechanics of flow through porous 


‘media. Some confusion seems to exist in 


powder metallurgy circles about the exact 
meaning of permeability. The question is 
very simple if reference is made to the 
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definition of the permeability coefficient as 
given by the classical Darcy equation. As 
long as the flow remains laminar, the per- 
meability coefficient, which is a physical 
property of the porous metal and does not 
depend on the nature of the fluid, is suffi- 
cient for the computation of the pressure 
drop corresponding to a given rate of flow. 
In the range of turbulent flow a second co- 
efficient would be required to solve the 
problem. Up to the present time no entirely 
satisfactory solution has been found for this 
problem. 
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DISCUSSION 
(A. Squire and F. P. Peters presiding) 


E. W. Retnscu*—The research in fabricat- 
ing parts having controlled permeability car- 
ried on at the Jet Propulsion Laboratory, 
California Institute of Technology, represents 
a great deal of excellent work. The authors are 
to be commended on the wide scope of interest- 
ing material presented in their paper. 

All parts made by compacting and sintering 
metal powders have variations in density. For 
example, a bushing 1 in. in diam and 1 in. long 
briquetted at 40,000 to 50,000 psi in tools which 
exert pressure from both ends has a center 
density of 0.1 to 0.2 g per cc less than at the 
ends. If the bushing is made 3 in. long the 
center density is 0.3 to 0.5 g per cc less than 
the ends. It can be seen that the longer the 
part, the greater be will the density variation. 

A part compacted from a powder containing 
a pore-forming ingredient will have an excess 
quantity of that ingredient at the ends of the 
part. When the part is sintered there should 
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then be a greater porosity at the ends than at — 
the center. However, it was shown by Dr. 
Duwez and Mr. Martens that the greater the 
compacting pressure the less the porosity. 
Hence, the lower density sections might have 
the same porosity as the denser portions— 
assuming the excess pore former at the dense ~ 
ends gives the same porosity as the less dense, 

less rich in pore former center portions. Such a 

state of uniform porosity could only be achieyed 

by exact control of all the factors involved; 

namely, compacting pressure, sintering condi- 

tions (time, temperature, rate of heating, 

atmosphere), amount of pore former, particle 

size and particle size distribution of the powders 

used, type of compacting tools used (pressure 

from one end or both ends) and type of powder 

used. Each of these factors would have to be 

evaluated to a degree dependent on the length - 
of the part to be made. Another consideration 

is that all of the pores may not result from the — 
pore former since an inherent characteristic of 
metal powder parts is a porous structure. There 
would be more of this type of porosity at the 
center than at the ends and this porosity is not 
related to permeability. 

It would appear that further experimental 
work will be necessary to determine if a part of 
any shape except a flat disc can be made by the 
pore-forming method so that all surfaces pass- 
ing fluid will have the same permeability. The 
variation in density present in all powdered 
metal parts may have a marked effect on the 
porosity resulting from the pore-forming in- 
gredient and the porosity inherent in the piece, 
so that the permeability will not be the same in 
all sections of the finished part. Flow tests made 
on discs with the flow moving in the direction 
of pressing cannot show density variations in 
the part. 

The writer is not familiar enough with the 
requirements of a part for sweat cooling appli- 
cation to know if a uniformly permeable unit is 
necessary. If it is not, these comments on — 
density variation are of no consequence. 

Parts required for sweat cooling appear, in 
most cases, to be essentially straight cylinders. — 
Size of the parts will be dependent on the size — 
of the engine in which they are to be used. It 
may be assumed that the tubes may cover a. 
wide range in diameter and be of proportionate - 
length. 

In the fabrication of small parts there is no 
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_problem in making tools or procuring a press. 
When large parts are required the problem of 
building tools and locating presses of large 
enough capacity may become difficult. 

The compressibility of most powders is 
around 2 to 344. This means that to make a 
cylinder 12 in. long a die barrel 24 to 42 in. in 
length will be required just to hold the powder. 
Additional length is necessary to position the 
stripper and pilot. Briquetting tools must be of 
such construction that powder will flow into all 
portions of the die barrel and the compacted 
part can be ejected. This immediately puts re- 
strictions on the shape of parts which can be 
made. 

Machining of a metal powder part may be 
necessary in some instances. Such machining 
must be done with extreme care in order to 
insure that surface pores are not closed, thus 
destroying permeability. 

A method for making parts for sweat cooling 
applications which would eliminate many of the 
difficulties inherent in the pressing method and 
_ give advantages regarding uniformity of perme- 
ability, shape, and ease of fabrication is that of 
sintering loose powder. In this technique a mold 
of the required shape is filled with metal powder 
and the filled mold sintered. The final part is 
one which should admirably answer the requi- 
sites of a sweat cooling application. 

This process, which has been used in volume 
production of a variety of parts for a number of 
years, utilizes spherical powder of one element 
coated with a layer of an element having a 
lower melting point than the core element. The 
powder is sintered at a temperature above the 
melting point of the coating material but below 
the melting point of the core material. The 
coating element melts to form bonds and the 
final result is a structure consisting of a number 
of spheres brazed together at their points of 
contact. No ingredients other than the powder 
are used and the pores, all interconnected, are 
formed by the natural openings between the 
powder particles. 
~ Commonly used in the field of filtration are 
bronze porous metal parts. They are made from 
copper shot coated with tin. Other successful 
alloys have been made from numerous metals, 
there being no limit to the number of combi- 
nations of metals which can be used. 

The only equipment required is suitable 
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powder, suitable molds, and furnaces large 
enough to accommodate the molds. 

Powder in the form of shot can be produced 
in any number of metals and alloys and in any 
screen size. (While spherical particles are 
preferable they are not absolutely necessary.) 
There are a number of ways in which powder 
can be readily coated. 

For extremely large diameter parts, up to 
many feet if necessary, cylinders could be made 
in segments or from sheet rolled into a cylinder 
and held together by bands on the outside 
diameter or by some other mechanical method. 
Joints could be made with a tongue and groove 
or lap effect to give uniform thickness through- 
out the part. This may be preferable to a 
monolithic cylinder from the fabrication stand- 
point but the joints may be objectionable. 

One of the disadvantages of parts made from 
molded loose powder is their low strength com- 
pared to briquetted parts. Copper-tin loose 
powder elements made from —150 mesh pow- 
der have a strength of around 10,000 psi. 
Copper-iron parts are considerably stronger. 
Strength’ of these materials is determined by 
the size of the bonds and the tensile strength 
of the metals or alloys used. Thus, high strength 
materials; up to now not required in loose 
powder parts, can be attained by proper selec- 
tion of component metals, their relative propor- 
tions and sintering conditions. 

One of the uses to which a sweat cooled part 
could be applied is for buckets on turbine 
blades of jet engines. This is a highly stressed 
part and it is doubtful whether a material 
having sufficient strength could be made from 
loose powder. A compacted part, provided it 
could be fabricated, would show the advantage 
in this application. For straight combustion 
tubes or nozzles it would appear that loose 
powder parts would be preferable. 

The ability of loose powder parts to with- 
stand temperature is again dependent on the 
metals which are used. Copper-tin parts will 
retain their shape up to about 1400°F and 
copper-iron parts in excess of 2000°F. Where 
very high temperatures may be encountered, 
metals having high melting points will be 
required for the components of the part. 
Sweat cooling, however, may keep the tem- 
peratures down to such a point that highly 
refractory metals may not be necessary. 

In their paper, Dr. Duwez and Mr, Martens 
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indicate that tests of a series of porous bronzes 
apparently made from loose powder, showed 
that no relationship could be found between 
permeability coefficient and porosity or particle 
size. This is quite true because all loose powder 
parts made from spherical powders have essen- 
tially the same porosity. However, it can be 
shown that particle size and permeability, 
expressed as flow rate-pressure drop for a given 
fluid and for a given thickness of material, are 
directly related. For loose powder parts, flow 
rate-pressure drop relationships are directly 
proportional to the size of powder used. The 
porosity, as such, does not enter into the 
picture. 

To use a non-compacted element for a sweat 
cooling application the designer need only 
-specify the amount of a given coolant required 
to pass through the desired element at a given 
pressure drop. By knowing the effect of particle 
size and thickness on the flow rate-pressure 
drop characteristics of fluids passing through 
his material, the fabricator can make a part 
having any desired permeability. This permea- 
bility will be the same for every portion of the 
part and all parts made from the same powder 
and under the same sintering conditions will 
have the same permeability. Another advan- 
tage of the loose powder process is that the 
powder can be bonded to steel or other alloys 
and inserts can be incorporated into the part. 

It is hoped that this discussion has shown the 
possibilities present in making uniformly per- 
meable elements by the sintering of loose pow- 
der. In a project as important as that of sweat 
cooling, it would appear that all possibilities 
should be considered. 

I would also like to ask one question. Dr. 
Duwez mentioned that it was very difficult to 
get permeability measurements when using 
liquids because air in the liquid caused the 
permeable part to become clogged. With the 
presence of such very small pores, how can 
the part be prevented from becoming clogged 
in actual operation? 


P. Duwez (authors’ reply)—Thank you 
very much, Mr. Reinsch. Your contribution 
was very interesting, and I hope that the loose 
- powder method will be applicable to the sweat 
cooling problem. I think that the main problem 
is for industry to determine the particle size and 
the sintering schedule that will give the desired 


THE POWDER METALLURGY OF POROUS METALS AND ALLOYS 


permeability. How to solve that problem, I do — 
not know. I do not think we will work on that 
problem in Pasadena because we are more 
interested in the basic application of powder 
metallurgy than in any application of that kind. 

As far as the plugging up of the pores by 
liquids is concerned, we are, after a very long 
study of more than a year, definitely sure that 
the plugging by means of a liquid is due to gas 
dissolved in the liquid, which is released into 
the very fine pores. The pores are blocked one 
after the other, and the flow decreases if the 
pressure is constant. If the valve is sud- 
denly closed, the specimen opens up and 
the flow starts up again; hence there is not solid 
plugging. 

For applications in which a liquid must be 
used, I think that the only solution is to use a 
system by which the flow will be maintained, 
no matter what the pressure is. In sweat cooling 
by means of a liquid, it is extremely critical to 
maintain the flow constant, because if a point 
is reached where evaporation starts inside the 
wall, the system is unstable. We have shown ~ 
that in a previous paper,® and in a more recent 
paper’ basic experiments on sweat cooling are 
explained. I think it would be of interest for the 
metallurgists to be familiar with the technique 
itself, in order to understand better what the 
porous metals should be for this application. 


C. Brer*—Dr. Duwez has pointed out that 
in the solution of this problem, it appears that 
other methods than the ones which he has*de- — 
scribed in his paper, and the one which Mr. 
Reinsch has described, would be valuable. He 
has made the suggestion that the other methods — 
are up to the powder metallurgy industry. 

While this problem is quite experimental and — 
has very little to do with an application in a © 
large scale at the present time, I should like to 
make the suggestion that those who are doing 
the work in this field might find that one 
method of attacking the problem of obtaining 
uniform porosity in large sections might very 
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DISCUSSION 


well be the method of extrusion. Work along 
this line has indicated, at some time in the past, 
that extrusion could be applied to this particu- 
lar problem. 


‘S. J. SrnpDEBAnD*—I am not asking this 
question with the intent of embarrassing the 
authors of the paper. Some of this material was 
previously presented by Dr. Duwez at a 
symposium in Dayton, O., on sweat cooling 
some time ago—last May, I believe. At that 
time a question was raised with regard to the 
lack of correlation of permeability factors for a 
given porous material obtained by liquid and 
gas flow tests. Dr. Duwez in his written paper 
has now indicated that for a given sample of 
material, if tested by the liquid method or the 
gas method, the permeability coefficient is the 
same. I raise this point because we, and several 


_ other people working in the porous metal field, 


have had imposed on us the problem of gas 
testing of porous media for eventual use in 


- liquid flow applications, and I wonder if Dr. 


Duwez would enlarge on the correlation which 
he has now obtained between liquid flow and 
gas flow. 


“* American Electro Metal Corporation, 


Yonkers, N. Y. 
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P. Duwrz—The determination of the 
permeability coefficient is very important, and 
Iam glad the question has come up. 

There is no difference between liquid testing 
and gas testing if the experiments are made in 
the laminar range; that means at very low 
pressure drops and very small flows, especially 
for a gas. Generally, with liquids it is difficult 
to reach the turbulent range, because the 
Reynolds number is so small that you are 
always in the laminar range. When a gas is 
used, the flow must be small enough to have 
proportionality between pressure-square dif- 
ference and rate of flow. When the flow in- 
creases progressively, the curve deviates from 
a straight line, and purely turbulent flow is 
finally reached. In the mixed flow region, the 
permeability coefficient cannot be determined. 

For practical applications it will not be 
enough to have only the laminar permeability 
coefficient. A second coefficient may be intro- 
duced in the flow equation. A porous material 
will then be characterized by two coefficients: 
the first one is Darcy’s permeability coefficient 
in the laminar flow; the second one gives the 
additional term taking into account the turbu- 
lent flow. 


Sintering in the Presence of a Liquid Phase 


By F. V. Lenet,* Mremper AIME 


(New York Meeting, February, 1948) 


INTRODUCTION 


Two years ago in Chicago a seminar was 
held on the theory of sintering of pure 
metal powders. As an introduction to this 
seminar Dr. Rhines! gave an excellent 
survey of the literature on this subject. His 
method of presentation was to summarize 
the experimental observations on sintering 
and from them to develop a composite 
theory of sintering in which he combined 
all the important contributions to the 
theory into one organic whole. 

In contrast to the mechanism of sintering 
of pure metal powders, which, of course, 
always takes place in the solid phase, 
sintering in the presence of a liquid 
phase, cannot be treated as one unified 
mechanism, such as the sintering mecha- 
nism of pure metals. The reason is that 
there are really several mechanisms de- 
pending upon the type of alloy system 
which is sintered and the field of its con- 
stitutional diagram in which the sintering 
takes place. Two mechanisms have been 
investigated and will be reviewed in this 
paper. In the first mechanism the liquid 
is present during the entire time while the 
compacts are at the sintering temperature. 
In other words they are sintered between 
the liquidus and the solidus of the. alloy 
system and are heterogeneous during the 
entire sintering cycle. The second mech- 
anism applies to alloys in which the liquid 
phase is formed during the sintering 
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process, but disappears before the sintering 
process is completed through diffusion and 
formation of a solid solution. These alloys 
are therefore homogeneous at the end of the 
sintering cycle. This second mechanism is 
more complicated because of the two stages 
of sintering, the liquid and the solid, as — 
they may be called. It is therefore not sur- 
prising that the few detailed investigations 
of sintering in the presence of a liquid phase ~ 
have been concerned with heterogeneous ~ 
sintered alloys, namely the tungsten-nickel- 
copper alloys, which is the _ so-called 
‘heavy alloy,’ and the cemented carbides. — 
The mechanism of sintering of these sys- 
tems is characterized by the fact that 
theoretical or near theoretical density is 
attained during sintering, while simultane- — 
ously a distinct grain growth takes place 
through solution of the smallest grains of 
the solid phase in the liquid phase and — 
reprecipitation on the larger grains. In the 


first part of the survey this sintering mecha- 


nism which is called for short the heavy 
alloy mechanism is treated in detail. In the 
second part of the survey experimental ob- 
servations for the sintering of homogeneous 
sintered alloys where the liquid phase dis- | 
appears before the completion of sintering 
are discussed. Much less systematic work — 
has been done on these alloys to which the 
commercially important porous bronzes 
and the iron-nickel-aluminum permanent . 
magnet alloys belong. 

Emphasis will be laid throughout this 
survey upon the microstructural and den- 
sity changes during sintering because the 
sintering mechanism can usually be de- 
scribed, directly by these changes. Other 
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physical and mechanical properties of the 
sintered compact will be mentioned only 
incidentally, not because they are not of 
great interest and importance, but because 
their full treatment would unduly lengthen 
this survey. For the same reason hot 
pressing and impregnation with liquid 
metals have not been considered. 


THe Heavy ALLoy MECHANISM 


The first who applied the heavy alloy 
sintering mechanism in practice were 
probably Pirani? and his coworkers who 
from 1907-1909 made high density tung- 
sten-nickel alloys as an intermediary step 
in the production of tungsten wire. The 
first tentative delineation of the mechanism 

as it applies to cemented carbides was 
given by Hoyt® in the 1930 Institute of 
Metals Division lecture. However, the 
essential features of the process are much 
easier to recognize in the copper-nickel- 
tungsten alloys and it is therefore quite 
understandable that we find the first de- 
tailed description of the mechanism in a 
paper by Price, Smithells and Williams‘ on 
_ the sintering of these alloys. Their work is 
discussed in a paper by Jones*® in which he 
shows that the conditions for the function- 
ing of the mechanism stipulated by Price 
are unnecessarily rigid and that the mecha- 
- nism may be expected to work in a large 
number of alloy systems. The essential 


- features of the mechanism may be de- 


scribed as follows: The constituent powders 

of the alloy system are intimately mixed 
and then compacted. The compacts are 
heated under conditions which prevent 


- oxidation, decarburization, and so forth of 


‘the constituents to a temperature at which 
an appreciable amount of liquid is formed— 
jn other words between the solidus and the 
liquidus lines of the composition. The liquid 
may be formed either by the melting of one 
or more of the constituents or by reaction 
between the constituents of the powder 


mixture. In order to make.the mechanism 


; effective the’ constituent which remains 
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solid must be soluble to some degree in this 
liquid. If this is the case, the liquid will 
dissolve the smallest particles of this 
constituent and will reprecipitate them on 
the larger ones during the sintering process 
and depending upon the solubilities also 
during the subsequent cooling. By this 
process the grains of the solid constituent 
will grow and simultaneously the voids in 
the compact will be eliminated and 
theoretical or near-theoretical density be 
reached. The final sintered structures will 
therefore consist of grains of the constituent 
which stayed solid during sintering im- 
bedded in a matrix. 

There are three illustrations of the struc- 
tures obtained. Fig 1, taken from the paper 
by Price, Smithells and Williams,* shows 
the structure of an alloy with 2 pct copper, 
5 pct nickel and 93 pct tungsten sintered 
forsz hr at, 1400-6 at. soo x. The large 
rounded grains are pure single crystals of 
tungsten which were formed by solution of 
the smallest of the original tungsten par- 
ticles in the liquid copper-nickel solution 
and reprecipitation on the larger particles. 
The matrix around the tungsten grains is a 
ternary solid solution of nickel, copper, 
and tungsten. Fig 2 from the same paper 
shows a structure again at 500 X which 
looks very similar, but which consists of 20 
pct silver and 80 pct copper and was 
produced from a compact of the elemental 
powders sintered 30 min. at goo°C. The 
large rounded grains in this case are copper 
which stayed solid during the sintering 
process; the matrix in which the copper 
grains are imbedded consists of the copper- 
silver eutectic with 2814 pct copper and 
7114 pet silver melting at 779°C. The 
liquid eutectic .was formed during the 
sintering by interaction between the silver 
particles and the smallest of the copper 
particles. The large copper grains probably 
owe their shape again to a solution-repre- 
cipitation process. Fig 3 taken from Hoyt’s® 
paper represents the structure of a ce- 
mented tungsten carbide containing 13 pct 
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cobalt at 2500 . It was produced from a 
ball-milled mixture of cobalt powder and 
tungsten carbide powder, compacted and 
sintered. The time and temperature of 


SINTERING IN THE PRESENCE OF A LIQUID PHASE 


tungsten carbide-cobalt eutectic which is in 
the neighborhood of 1300°C a small 
amount of liquid of the eutectic composition 
of 34 pct WC forms by interaction between © 


2 ; 
Fic 1—2 PCT COPPER, 5 PCT NICKEL, 93 PCT TUNGSTEN ALLOY SINTERED I HR AT 1400°C. 
FIG 2—20 PCT SILVER, 80 PCT COPPER ALLOY SINTERED 14 HR AT 900°C. 
Fic 3—CEMENTED TUNGSTEN CARBIDE, 13 PCT Co. 


* 


sintering are not given, but are presumably 
in the neighborhood of 134 hr at 1400°C, 
The rectangular and triangular grains in 
this figure are tungsten carbide which is 
imbedded in a matrix of almost pure cobalt. 
This structure is obtained by the following 
mechanism: at the temperature of the 


the cobalt and the smallest tungsten car- _ 
bide grains which are in contact with each _ 
other. As the temperature rises, more liquid | 
forms by further solution of tungsten 
carbide. According to Takeda’s® consti- 
tutional diagram of the pseudo-binary 
WC-Co system, the 13 pct cobalt alloy at 
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1400°C would consist at equilibrium of 
about 79 pct solid tungsten carbide grains 
and 21 pct of the liquid phase of 38 pct 
tungsten carbide and 62 pct-cobalt. Prefer- 
ential solution of the smallest tungsten 
carbide grains in the liquid and repre- 
cipitation on the larger grains is responsible 
for the formation of the regular tungsten 
carbide grains, in this case prisms rather 
than spheres as for the tungsten-copper- 
nickel alloy. This precipitation continues 
during cooling until the eutectic tempera- 
ture is reached. In freezing the eutectic 
deposits its tungsten carbide content on 
the neighboring grains rather than appear- 
ing in a typical lamellar eutectic structure, 
because the space between tungsten-car- 
bide grains in which the eutectic freezes is, 
as Hoyt® explains, seldom more than 2 
microns wide. Almost pure cobalt is there- 
fore left as a binder. 

It is interesting to note that a sintering 
mechanism apparently very similar to the 
heavy alloy mechanism accounts for the 
sintering of some ceramic materials. Roll- 
finke’ has drawn an analogy between the 
sintering of sillimanite and the sintering of 
cemented carbides. In either case through 
a reaction between solid constituents a 
eutectic is formed which acts as a liquid 
cementing material between the remaining 
‘solid particles. However, neither the cera- 
mists nor any of the powder metallurgists 
have been able to explain exactly why the 
materials in question shrink during sinter- 
ing. It is known, of course, that surface 
tension and interfacial tension forces are 
responsible for the disappearance of the 
pores, just as surface tension forces alone 
- in the case of sintering pure metals, but 
it has not been possible to describe the 
course of action through which these 
forces bring about densification and the 
way in which the solution precipitation 
phenomenon is connected with the action 
of the forces. 


In this respect the situation is somewhat 


similar to that in which Rhines! found 
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himself when he wrote in his survey of the 
sintering of pure metals: ‘‘the movement of 
metal (which is the cause of shrinkage) is 
presumed to be accomplished through the 
action of plastic flow or of surface diffusion 
or of both acting cooperatively under the 
influence of surface tension as the major 


driving force.” Since Rhines wrote his 


survey, A. J. Shaler®.® in his work on the 
kinetics of the sintering process has shown 
that pure metals shrink through a process 
of viscous flow or lattice diffusion rather 
than surface diffusion or plastic flow. On 
the basis of Frenkel’s!® work on the viscous 
flow of crystalline bodies under the action 
of surface tension Shaler was able to derive 
mathematically the rate at which the 
densification of porous bodies of a given 
pore size should proceed. He showed how 
this rate would be modified through the 
pressure of entrapped gas of a given pres- 
sure and proved his theory by experiments 
on the sintering of loose copper powder 
under controlled test conditions. In the 
discussion of the heavy alloy mechanism a 
close examination will be made of the 
existing data on the rate at which densifica- 
tion during sintering proceeds in the hope 
that some day these shrinkage rates may be 
amenable to mathematical treatment simi- 
lar to the one Shaler has given for the rate 
of densification of pure metal powders. 

In order to gain a more complete under- 
standing of the heavy alloy mechanism the 
salient features of the sintering process are 
discussed in the following order: (1) The 
mixing of the powders. (2) The compact- 
ing of the powders. (3) The sintering 
atmosphere. (4) The effects of impurities. 
(5) The temperature of sintering and the 
formation of a eutectic liquid. (6) The 
difference in melting point and the solu- 
bility of the components in each other. 
(7) The particle size of the original powder 
and the grain size of the final product. (8) 
The composition, that is, the ratio of 
molten and solid phases during sintering 
and the shape and structure of the pre- 
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cipitated grains. (9) The effect of sintering 
time, that is, the rate of sintering. In this 
discussion not only the fundamental in- 
vestigations mentioned above, but also a 
number of later papers which throw light 
on one or the other feature of the sintering 
process are referred to. 


Mixing of the Powders 


As is well known the ingredients of 
cemented carbide powder mixtures are 
always ballmilled together. The ball milling 
has two purposes; first, it coats the indi- 
vidual grains of tungsten carbide with 
cobalt and thus brings them into intimate 
contact, and secondly, it decreases the size 
of the particles by grinding. The British 
commercial practice?® in the manufacture of 
heavy alloy provides only for thorough 
mixing in the dry state, while Kieffer and 
Hotop’ recommend wet grinding of the 
tungsten-copper-nickel powder mixture in 
order to insure very even distribution of the 
components and thereby high density in 
the sintered alloy. Kurtz!* in this country 
also reported ball milling of the powders 
and attributes his success in obtaining high 
density from powders which are coarse 
compared with Price’s powder in part to 
the ball milling operation. 


Compacting the Powders 


Price and coworkers! show that the 
compacting pressure has very little influ- 
ence upon the final density of the sintered 


compacts, as compacts which are molded — 


to a lower green density shrink correspond- 
ingly more during sintering. Meyer and 
Eilender™ confirm this behavior for ce- 
mented carbides at least in those cases 
where the particle size of the tungsten 
carbide powder is fine enough and the 
sintering temperature high enough so that 
near theoretical density is reached during 
sintering. 
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The Sintering Atmosphere 


Both heavy alloy and cemented carbides 
are sintered in hydrogen. In the case of 
heavy alloy Kelley! has emphasized the 
importance of using pure dry hydrogen 
because of the affinity of oxygen to tung- 
sten. Kelley believes that the activity 
between tungsten, copper, and nickel will 
be increased if the partial pressures of 
water vapor and oxygen are kept low. In 
the case of cemented carbides Hoyt? has 
graphically portrayed the decarburization 
and subsequent oxidation of the tungsten 
carbide when cemented carbides are 
sintered in hydrogen containing water 
vapor. Sykes!® also shows structures con- 
taining WeC instead of WC which were 
obtained by decarburization and reports 
that cemented carbides are usually placed 
in carbon tubes or boxes for sintering to 
protect the alloy against loss in carbon. 
Clark,!® who in his work on the constitution 
of tungsten-aluminum alloys produced struc- — 
tures with 90 pct W, 10 pct Alfrom powders 
very similar to the heavy alloy structure, 
sintered in vacuum because alloys richer 
than 60 pct in tungsten would not shrink 
when sintered in hydrogen, presumably 
because of the slow elimination of air 
entrapped during pressing. 


Effects of Impurities 


The importance of pure raw materials 
when near theoretical density is to be at- 
tained during sintering is generally em- © 
phasized. As Hoyt* explains, impurities 
such as surface films of very small magni- 
tude or tenacious oxide films or even a 
massive impurity might prevent the wet- 
ting of the liquid cement and thus introduce 
a locality of low cohesion between liquid 
and solid. Both Hoyt® and Sykes!® show 
microstructures of cemented carbides which 
are porous because of the influence of 
impurities. 
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The Temperature of Sintering and the For- 
mation of a Eutectic Liquid 


In contrast to the sintering of pure metal 
powders there does exist a minimum sinter- 
ing temperature for the heavy alloy 
sintering mechanism; this is the tempera- 
ture when sufficient liquid is formed so 
that the solution-reprecipitation process 
can take place. Price and co-workers! give 
a very illuminating series of density data 
and micrographs of tungsten-copper-nickel 
alloys sintered at increasing temperatures 
from g50 to 1400°C where quite suddenly 
between 1300 and 1350°C the density 
jumps from 72 to go pct of theoretical 
and the characteristic microstructure of 
large tungsten grains in a matrix appears. 
While in heavy alloy the liquid is formed 
by the melting of the copper and nickel 
solution, in cemented carbides it is pro- 
duced by the eutectic reaction between 
tungsten carbide and cobalt. Hoyt? made 
the formation .of such a eutectic quite 
probable; it was definitely established by 
the experiments of Wyman and Kelley?’ 
who showed that the liquid squeezed out in 
hot-pressing cemented carbides contained 
up to 20 pct tungsten and had a cored 
dendritic structure interlaced with a 
eutectic network. According to Sykes?® and 
to Takeda® the temperature of the stable 
WC-Co eutectic lies between 1270 and 
1280°C, while Sandford and Trent! report 
a eutectic temperature of approximately 


_ 1320°C. Under certain conditions of cool- 


ing a metastable ternary eutectic of a 
cobalt rich solid solution, a cobalt-tungsten 
double carbide and graphite may be formed 
which melts at 1225°C; however the 
cobalt-tungsten’ double carbide is not 
found in cemented carbides with up to 
55 pet cobalt unless the carbon content of 
the tungsten carbide is below that required 
for the compound WC!® and may there- 
fore be disregarded in this discussion. Hoyt* 
made a thermal analysis of a 13 pct cobalt 
tungsten carbide alloy and found thermal 


arrests at.1355°C in heating and 1320°C in 
cooling. 1355°C is probably the point 
where a fairly rapid formation of liquid 
occurs and will, according to Meyer and 
Eilender," depend not only upon the tem- 
perature of the eutectic, but also upon the 
rate of reaction between the cobalt and the 
tungsten carbide which in turn is influenced 
by the rate of heating, the percentage of 
binder and the fineness and distribution of 
the tungsten carbide. Meyer and Eilender?! 
have reported high hardness, which prob- 
ably means high density for an 8 pct 
cobalt alloy sintered at only 1200°C. 
However this alloy contained 4 pct iron and 
I pct chromium as impurities which may 
account for the satisfactory hardness at the 
low sintering temperature. At excessive 
sintering temperatures too much liquid 
phase will be formed and a decrease in 
density and hardness will be observed as 
was shown by Meyer and Eilender!! and 
by Sykes.15 

In those alloy systems where the liquid 
phase is formed by a eutectic reaction, this 
reaction must take place at the points of 
contact of two dissimilar components ac- 
cording to Jones.* In the copper-silver sys- 
tem, for example, the eutectic must be 
formed at the points of contact between 
particles of elemental copper and silver; 
the sintering mechanism is not expected to 
work successfully with a powdered alloy of 
copper and silver. A certain negative proof 
of this prediction may be found in the work 
of Hensel and Larsen?® on sintering copper- 
silver alloy powder compacts with 734 and 
1o pct copper at 765 and 825°C, that is, 
below and above the eutectic temperature 
of 779°C. No difference in the microstruc- 
ture for the two sintering temperatures was 
found, the structure showed little grain 
growth and the original shape of the pow- 
der particles was very pronounced. For 
compacts made of a mixture of elemental 
powders of the 10 pct copper composition 
sintered at 825°C one would expect to find 
the heavy alloy sintering mechanism. 
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The Difference in Melting Point and the 
Solubility of the Components in Each Other 


Price, Smithells and Williams in their 
first paper‘ on sintered tungsten-nickel-cop- 
per alloys stipulated the following condi- 
tions for the functioning of the heavy 
alloy mechanism: (1) an appreciable dif- 
ference in melting points of the components, 
(2) the high melting point metal should be 
soluble in the lower melting point metal, 
but (3) the lower melting point metal 
should be insoluble or have a very small 
solubility in the high melting point metal. 
Later work on sintering in the presence of 
a liquid phase has definitely shown that the 
author’s first and third conditions, ap- 


preciable difference in melting point and— 


insolubility of the lower melting point 
constituent in the high melting constituent 
are not necessary for the functioning of the 
mechanism. In order to prove the latter 
point, Price, Smithells and Williams* 
sintered compacts of 4 pct silver, 6 pct 
cobalt, and 90 pct tungsten for one hour at 
1500°C. In spite of the similarity of silver 
and copper on the one hand and nickel and 
cobalt on the other very little shrinkage 
took place and the final density was only 
61 pet of theoretical. They attributed this 
result to the immiscibility of silver and 
cobalt in the liquid state and the solubility 
of cobalt in tungsten. In contrast to 
Price and his co-workers, Kurtz!* achieved 
9914 pct of theoretical density in tungsten- 
cobalt-silver alloys. Kurtz did not report 
the exact composition and sintering condi- 
tions of his alloys; the microstructure he 
shows differs considerably from that of the 
tungsten-copper-nickel alloy, as the tung- 
sten grains are irregular in shape rather 
than rounded and the liquid constituent 
does not form a continuous phase surround- 
ing the tungsten grains, but seems to be 
accumulating in little lakes. 

In his discussion to the paper by Price 
and co-workers, W. P. Sykes?! pointed out 
that even one of the examples cited by the 
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authors, namely the iron-copper system, 
does not follow their rule. Price and co- — 
workers showed that an 80 pct iron 20 pct 
copper alloy sintered 3 hr at 1400°C 
showed 93 pct of theoretical density and 
the typical structure of rounded grains of 
iron in a matrix of copper saturated with 
iron despite the fact that 9 pct copper is 
soluble in iron at 1400°C which is obviously 
not a very small solubility. Direct micro- 
graphic evidence of the solution of the 
copper in the outer rim of the solid iron 
particles during sintering is shown in heat- 
tinted high magnification micrographs of 
25 pct copper-iron compacts by Northcott 
and Leadbeater.?” 

Sykes calls attention to the tungsten- 
iron, tungsten-cobalt, molybdenum-cobalt, 
molybdenum-iron, and molybdenum-nickel 
systems. All of them show the characteris- 
tic structure of large rounded grains in a 
matrix in certain composition ranges, as 
Sykes proved by a number of micrographs. 
However, in all of them one or more inter- 
mediate phases occur formed by a peritectic 
reaction between tungsten or molybdenum 
and the liquid phase, and all of them exhibit 
appreciable solubility of the second phase 
in tungsten or molybdenum at the peri- 
tectic temperature. 7 

Jones® in his discussion of the paper by 
Price and co-workers went even further. 
According to him the only condition neces- 
sary for the functioning of the mechanism 
is that there must be present at the time of 
sintering solid particles of a certain fineness 
and a liquid which is partially capable of 
dissolving them. In the _ copper-silver 
system, for example, the melting points of — 
the two metals are little more than 100°C 
apart, the temperature of sintering, g00°C, 
is lower than either of the melting points, 
and both metals have appreciable solid 
solubility in each other. On the basis of his 
stipulation Jones predicts that the heavy 
alloy mechanism should be fairly common 
and should be found in sintering any of the 


F, V. LENEL 


binary systems at the temperature shown 
in Table 1. 


TABLE 1—Sintering Temperature of Various 


Alloys 
pe ee a eal 
Alloy 
Per Cent A Per Cent B eC 
Composition, Per Cent 
7o Ag 30 Pb 400 
70 Pb 30 Sn 200 
90 Sn 10 Pb 190 
96 Pb 4 Sb 255 
70 Sb 30 Pb 300 
95 Cd 5 Zn 275 
80 Zn 20 Cd 275 
90 Cd Io Sn 185 
92 Pb 8 Cd 260 
65 Au 35 Ni 1000 
50 Cu 50 Ni 1275 
90 Cu to Sn 925 
95 Pb 5 Te 400 
78 Al 22 Mg 475 
80 Mg 20 Al 450 
96 Al 4 Si 600 


Jones himself verified his prediction on 
the first alloy system in the table, the 70 pct 
silver-30 pct lead alloy sintered at 400°C 


__ for 3 hr. He observed an increase in density 
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from 50 pct of theoretical for the green 
compact to 95 pct of theoretical for the 


sintered compact. In contrast to these 


results on a silver-lead alloy are Balshin’s?4 
data on a 75 pct copper 25 pct lead alloy. 


_ He investigated the dimensional changes 
in sintering compacts of the mixed powder 


at 550 and 800°C after compacting to den- 
sities from 40 to 80 pct of theoretical. 
Neither the atmosphere nor the time of 


sintering is given in the paper. Balshin 


found that the compacts pressed to low 
green densities would shrink, those pressed 


- to high densities would grow in sintering, 
_but in no case anywhere near theoretical 


density was reached, although Balshin 
reports a rounded shape of the copper 
grains which may indicate at least a be- 


_ ginning of the heavy alloy mechanism. 


Balshin attributes the lack of shrinkage of 


- copper-lead compacts as compared to those 
- of pure copper to the fact that the particles 
of copper are almost completely isolated 
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because of the distribution of the liquid 
lead in the interstices between the copper 
particles. The solubility of copper in lead 
at 800°C, which according to Hansen’s?5 
diagram amounts to about 4 pct is not so 
much lower than the solubility of silver in 
lead at 400°C of about 7 pct. According to 
Jones’ stipulation one would therefore 
expect the heavy alloy mechanism in 
sintering a 75 pct copper 25 pct lead alloy 
at 800°C. In view of Balshin’s incomplete 
description of his experiments it is impossi- 
ble to assign reasons for his obtaining low 
sintered densities. 

An extreme case among the alloys in the 
table would be the 50-50 copper-nickel 
alloy sintered at 1375°C, because these 
metals form a complete series of solid 
solution. At equilibrium this system would 
consist of about 44 of a liquid with 4o pet 
nickel and 60 pet copper and about 3 of a 
solid with 55 pct nickel and 45 pct copper. 
Whether such a system would still keep its 
shape may be somewhat questionable, but 
on the other hand complete densification 
may possibly be obtained before equilib- 
rium is reached. No data have been pub- 
lished on the sintering of copper-nickel 
alloys between the liquidus and the solidus. 
However, Jones’ prediction for another 
solid solution alloy, the 90 pct copper 
ro pct tin alloy sintered at 925°C has 
been proven by Price, Williams and 
Garrard*® who reported the typical heavy 
alloy structure of large rounded grains in a 
contiuuous matrix. 

This concludes the comments on the 
solid solubility of the liquid constituent in 
the solid one. Much more critical is the 
solubility of the solid constituent in the 
liquid. First, it should be remembered 
that solubility in the liquid, but not solid 
solubility of the two constituents below 
the freezing point of the liquid, is required. 
As a matter of fact, the excellent properties 
of tungsten carbide-cobalt alloys as tool 
materials depend according to Takeda® 
upon the fact that the solid solubility of 
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tungsten carbide in cobalt is very small so 
that almost pure cobalt forms the binder 
in cobalt-tungsten carbide alloys. In the 
case of nickel-tungsten carbide alloys the 
binder will contain tungsten carbide and 
graphite besides the nickel, in the case of 
iron-tungsten carbide alloys it will contain 
a brittle tungsten iron double carbide. 
Takeda contends that these types of 
binders will make iron-tungsten carbide 
and nickel-tungsten carbide unsatisfactory 
as tool materials. That the cobalt in the 
sintered cemented carbides is really almost 
pure was already shown by Hoyt? on the 
basis of measurements of magnetic induc- 
* tion and electromotive force. 

How great the solubility of the solid 
constituent in the liquid has to be in order 
to make the heavy alloy mechanism opera- 
ble is still an open question. If the solubility 
is infinitely small, a solution and reprecipi- 
tation of the solid particles is, of course, 
impossible. However, if the liquid com- 
pletely wets the solid particles and if there 
is enough liquid present to completely 
envelop the solid particles, one would 
expect complete densification even without 
. any solubility. Complete wetting means 
that the surface tension of the solid must 
be larger than the sum of the surface 
tension of the liquid and the interfacial 
tension between solid and liquid. This 
interfacial tension is very dependent upon 
the purity of the metals. Thin layers of 
adsorbed or chemically combined impuri- 
ties may therefore change the wetting 
characteristics radically and may also have 
a strong influence upon the sintering 
mechanism. Price and co-workers‘ 
unable to obtain dense compacts of tung- 
sten and copper by their method of sinter- 
ing and attribute it definitely to the 
insolubility of tungsten in copper. As is well 
known, tungsten-copper, tungsten-silver, 
and molybdenum-silver are widely used 
for contact materials and welding elec- 
trodes. Kieffer and Hotop?’ who describe 
the German practice in producing these 


were. 
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combinations state that because of the 
insolubility of tungsten in copper and the 
very small solubility—a few tenths of a 
percent—of tungsten in silver above 
1400°C, these two types of materials can- 
not be produced by sintering a compact of 
the mixed powders above the melting point 
of copper or silver. Instead, the compacts 
are sintered below the melting points and 
later on repressed hot, or impregnation 
methods using liquid copper and silver, 
respectively, are used; these methods are 
outside the scope of this survey. Molyb- 
denum-silver contacts can, however, be 
sintered above the melting points of silver, 
because several per cent of molybdenum 
are soluble in silver at r400°C. As would 
be expected the solution of the very fine 
molybdenum particles in the liquid silver 
at 1400°C is accompanied by a considerable 
shrinkage of the compact. Molybdenum is 
not soluble in solid silver, therefore during 
cooling the dissolved molybdenum is 
deposited upon the larger molybdenum 


grains, a phenomenon very similar to the | 


one observed in cemented carbides. 

Very little has been published about the 
American practice in producing contact 
materials. A micrograph at 750 X of a 


dense tungsten-copper compound is shown ~ 


in an article by Hensel, Larsen and Swazy.?® 
The structure shows grains of tungsten, 
some of them irregular in shape, but most 
of them rounded of varying apparent 


diameter from about 1 to about 6 microns — 


in a matrix of copper. The size of the 
tungsten particles is therefore considerably 
smaller than in Price’s micrographs and the 
ratio of tungsten to base metal is also con- 
siderably lower. The authors note that the 
structure is completely free from porosity 
and has the appearance of an alloy in which 
a secondary phase has been precipitated. 


The Particle Size of the Original Powder and 
the Grain Size of the Final Product 


One of the important features of the 
heavy alloy sintering mechanism is the 


A 
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grain growth of the solid particles by solu- 
tion of the finest particles in the liquid and 
reprecipitation on the larger ones. A casual 
observation of the micrographs in the 
paper by Price and coworkers will prove 
this growth immediately. Before sintering, 
over 80 pct of the tungsten particles had 
diameters smaller than 5 microns, after 
sintering the average grain size of the 
particles is 25 microns. In the micrographs 
of commercial cemented carbides this 
grain growth is not so directly evident. 
The reason is that the composition and the 


_ time and temperature of sintering are 


chosen to avoid excessive grain growth, 
because the finer the tungsten carbide 
grains in the final product are, the higher 
is its density and strength (cf. the data and 
microstructures, Fig 3 and 4 in Sykes’!5 
paper), and the better its properties as a 
tool material. That considerable grain 
growth can take place also in cemented 
carbides has been proven repeatedly. 
Wyman and Kelley!” showed it par- 
ticularly in alloys with a fairly high binder 
content. Sykes!® illustrated it by micro- 
graphs of the increasing grain size of a 6 pct 
cobalt alloy when the sintering temperature 
is increased from 1425 to 1500 and 1575°C. 
Kieffer and Hotop”® show side by side the 
structure of a cemented carbide after 2 hr 
sintering and after 200 times 2 hr sintering 
at 1500°C. Accordingly, there seems to be 
hardly any doubt that the solution and 
precipitation process is an essential part 
in the sintering of all cemented carbides. 
Grain size in this discussion refers, of 
course, to the size of the individual par- 
ticles of tungsten carbide. The grain size of 
the cobalt, on the other hand, in which the 


tungsten carbide particles are imbedded is 


generally very large. Back reflection X ray 
diffraction patterns taken by Sandford and 
Trent!® indicate that the grain size is of the 


- order of 1 mm and that most of the cobalt 


is in the cubic form. 
In order to explain the process of grain 
growth Price, Smithells and Williams‘ 
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point to the well established fact that for 
very small crystals the interfacial tension 
between crystals and their saturated solu- 
tion is greater than for larger crystals and 
that for this reason these very small crys- 
tals have a higher solubility than larger 
ones.*°,*! The authors cite experiments by 
Hulett* on the solubility of gypsum 
crystals in water according to which 
crystals 0.6 microns in diam have an 18 pct 
higher solubility than crystals 4 microns in 
diam which have normal solubility. To 
support their theory, Price and co-workers 
made sintering experiments with copper- 
nickel-tungsten compacts from three grades 
of tungsten powder. Compacts made from 
a fine tungsten powder (98 pct finer than 1 
micron) reach theoretical density in one 
hour at 1400°C, those made from a medium 
powder with 13 pct finer than 1 micron, 
67 pct finer than 2 microns, reach only 99 
pct of theoretical density in one hour at 
1400°C and have to be sintered 3 hr at 
1500°C in order to reach full theoretical 
density; compacts made from a “‘coarse”’ 
tungsten powder with only 1 pct of par- 
ticles finer than 1 micron and 61 pct of 
particles coarser than 5 microns reach only 
97 pet of theoretical density, even when 
they are sintered 3 hr at r500°C. Meyer 
‘and Eilender?! report analogous results for 
the hardness of cemented carbides with 
8 pct cobalt. Compacts from coarse powder 
with only o.8 pct particles finer than 1 
micron and gi pct coarser than 3 microns 
reach-a maximum hardness of only Rock- 
well’A 75 when sintered 14 hr at 1500°C, 
because the material contains a consider- 
able number of pores which in testing on 
the Rockwell machine cause a low reading. 
However, compacts from a powder with 
22 pet of particles finer than 1 micron reach 
a hardness of Rockwell A 89 after 14 hr 
sintering at 1500°C. Kurtz!® reached 9914 
pct of theoretical density in sintering for 
about 114 hr at 1350 to 1400°C tungsten- 
copper-nickel compacts from a ball-milled 
powder with only some 13 pct of particles 
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finer than 2 microns. All of these tests cer- 
tainly prove, as Chaston** pointed out in 
the discussion of the paper by Price and co- 
workers that a large amount of shrinkage 
and presumably grain growth may take 
place even if only a small percentage of the 
powder is less than one micron in diameter. 
If only particles less than 1 micron came 
into play in connection with the solution 
precipitation process, one would expect 
very little grain growth to take place. 
Another phenomenon which is not ex- 
plained by the differential solubility of very 
small grains is the considerable grain growth 
upon prolonged sintering. Price and co- 
workers showed that a copper-nickel- 
tungsten compact sintered one hour at 
1400°C will have an apparent size of the 
tungsten grains of 10-50 microns, while 
after an additional 5 hr of sintering at 
1400°C the grain size will be three to four 
times as large. Jones®* in his discussion of 


the paper asked quite rightly whether this. 


growth from the “‘size of golf balls to that of 
rugby footballs” also represents continued 
precipitation from the supersaturated liquid 
phase. Similar grain growth in compacts of 
25 pct copper 75 pct iron sintered at 1100°C 
for 4 hr and 4 hr respectively is shown by 
Northcott and Leadbeater.?? These authors 
believe that the grain growth may be only 
partly due to solution and reprecipitation 
and partly to simple coalescence of the iron 
particles. 

In discussing the sintering of copper- 
silver compacts Jones® asserts that it is 
possible to proceed if all the particles are 
coarser than 1 micron but believes it neces- 
sary that some of the particles should be 
finer than 1 micron at the temperature of 
sintering, a condition which may be 
brought about by the diminution in size of 
the particles during the eutectic forming 
process. It should be noted that the critical 
particle size for the differential solubility 
of tungsten particles. in a copper-nickel 
matrix at 1400°C is not known. It may be 
much larger or smaller than the one 
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micron for the solubility of gypsum in 


water at room temperature. It cannot be 


calculated because the interfacial tension 
between tungsten and the copper-nickel 
liquid would have to be known for such a 
calculation. In general, it may be said that 
the physics of the solution precipitation 
process are not yet completely understood 
and that further experiments as well as a 
theoretical approach may be necessary to 
solve the problem. 


The Composition, that is, the Ratio of Molten — 


and Solid Phases during Sintering 
and the Shape and Structure of the 
Precipitated Grains 


Price, Smithells and Williams‘ set the © 


limit of the tungsten to copper-nickel ratio 
in their alloys at 95:5. At higher ratios 
they reported lower density than for alloys 
lower in tungsten, although theoretically 
the density should be higher. Kurtz?* 
reported on tungsten alloys with 99}4 pet 
of tungsten and an unspecified 14 pct of 
alloying ingredients which were sintered 
between 1500 and 1650°C to a density 


of 19.2 g per cc which is 9914 pct of the > 


value for fully swaged and drawn tungsten. 
Microstructures of these alloys show 


equiaxed grains and look almost like those ~ 


of pure tungsten except that the grain 


boundaries in which the alloying ingredients — 
are concentrated are a little wider. With less — 
than 1 pct of liquid constituent present, itis _ 


not surprising that the rounded grains 


which both Price and co-workers and Kurtz 
show for 90 pct tungsten alloys could not 
be formed. Grain sizes from 200 grains to 


18,000 grains per sq mm are illustrated in 


Kurtz’s micrographs of the 994 pct 
tungsten alloy, but nothing is reported on 
how these different grain sizes are obtained. 

Commercial cemented carbides contain 


between 3 and 20 pct cobalt or other binder | 


material. No investigations on the struc- 
ture or density of cemented carbides with 
lower binder content than 3 pct were found. 


Alloys with higher binder content up to- 


« 
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55 pct cobalt have, according to Wyman 
and Kelley,!’ the same structure as those 
with lower cobalt except for the increase 
in the size of the tungsten carbide grains. 
Dawihl** and Dawihl and Hinnueber*® 
investigated the tungsten ‘carbide skeleton 
which is formed during the sintering of 
_cemented carbides by determining the 
transverse strength of the carbides before 
and after dissolving the cobalt with hydro- 
chloric acid. After this treatment the tung- 
sten carbide skeleton contains less than 
0.04 pct of cobalt. Its transverse strength 
is 43 pet of the original strength for a 3 pct 
cobalt alloy, 27 pct of the original strength 
for a 6 pct cobalt alloy and no strength for 
an 11 pct cobalt alloy. This indicates that 
during the normal one hour sintering the 
tungsten carbide particles of cemented 
carbides with up to 10 pct cobalt grow to- 
gether and form a skeleton. This skeleton 
formation is a function of time, since the 
1z pct cobalt material showed ro pct of the 
original transverse strength after the hydro- 
chloric acid treatment when sintered for 
120 hr, but crumbled after the treatment 
when sintered for only one hour. Measure- 
ments of the coefficient of expansion of 
cemented carbides confirm the skeleton 
formation. On the other hand, Sandford 
and Trent!® report that molten zinc will 
attack the cobalt in such a way that when 
the zinc-cobalt alloy formed is dissolved 
away, the carbide is left in the form of a 
powder containing very few aggregates. 


= On the basis of Dawihl’s work Skaupy*® 


suggests dividing the cemented carbides 
into three groups, those with less than 3 pct 


Z: cobalt where the amount of binder is insuf- 


ficient to form a strong and impact-resist- 
‘ing skeleton during the sintering process, 


those with 3 to 8 pct cobalt where maximum 


toughness is achieved by the formation of a 
fairly complete skeleton and those with 
higher cobalt content where the toughness 


- is due to the cobalt binder rather than the 


4 tungsten carbide. The cemented carbides 
seem to be the only group of alloys in 
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which such a skeleton is formed. When 
Price, Smithells and Williams‘ treated 
their alloy with aqua regia for 24 hr; all of 
the copper-nickel phase was dissolved and 
rounded grains which proved to be single 
crystals of pure tungsten were left unat- 
tached as a residue. 

The shape, prismatic or spherical in 
which the solid particles appear in the 
microstructure of the sintered alloy seems 
to depend upon the crystallographic system 
in which the metal or compound crystal- 
lizes. ‘Tungsten carbide which is hexagonal 
appears in the shape of prisms, while not 
only all the cubic metals, such as tungsten, 
molybdenum, copper, iron and silver, but 
also the cubic carbides, like tantalum 
carbide and the mixed tantalum-titanium 
carbides (cf. Kelley’s’7? and Engle’s*8 
micrographs) appear in spherical form. 
It would be interesting to see whether the 
go pct tin-1o pct lead alloy sintered at 
1g0°C which Jones® suggests would also , 
show prismatic crystals of the tetragonal 
tin. In connection with the complex ce- 
mented carbides brief reference may be 
made to the literature on the structure and 
the relationship between structure and 
properties of these alloys; no detailed 
discussion seems necessary since the 
phenomena involved in sintering complex 
carbides do not differ greatly from those 
for the simpler tungsten carbide-cobalt 
alloys. !5:34,36,29—48 


The Effect of Sintering Time, that is, the 
Rate of Sintering 


The published data on the effect of 
sintering time or more specifically the 
rate at which densification takes place are 
unfortunately very sparse. Price, Smithells 
and Williams‘ in their paper on tungsten- 
nickel-copper alloys present a table, in 
which shrinkage and density of an alloy 
with 2 pct copper, 5 pct nickel and 93 pct 
tungsten sintered at 1400°C is tabulated 
vs. sintering time. Their data are shown 
in Fig 4 in the form of a graph. It will be 
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seen that half of the density increase from 
the green density of 10.5 to the theoretical 
density of 17.8 has been gained in less than 
rt min., while it takes 6 hr for this particular 


DENSITY (GRAMS /CC) 


TIME (HOURS) 
Fic 4—DENSITY VS. SINTERING TIME AT 1400°C FoR 2 pct Cu, 5 pct NI, 93 pcT W ALLOY. 


alloy to reach theoretical density. No 
quantitative data are given on the relation- 
ship between sintering time and tempera- 
ture. It may be assumed that the rate will 
increase rapidly with increasing tempera- 
ture, although practical difficulties with 
distortion are encountered at temperatures 
too far above the critical. Besides raising 
the temperature, increasing the percentage 
of very fine tungsten particles and lower- 
ing the refractory-base metal ratio will 
speed up the reaction.?6 Graphs for density 
vs. sintering time of a commercial cemented 
carbide with 614 pct cobalt sintered at 
1350, 1400, and 1450°C are shown by 
Burden.‘4 When the alloy is sintered at 
1400°C it reaches a density of 14.7 g per cc 
which is about 98 pct of theoretical in 
30 min. and does not exceed this density 
even when sintered for 4 hr. When sintered 
at. 1450°C it reaches theoretical density 
within tenths of a percent in about 134 hr, 
but for longer sintering times its density 


SINTERING IN THE PRESENCE OF A LIQUID PHASE 


decreases again. With a sintering tempera- 
ture of 1350°C the density increases to 
14.5 or about 97 pct in 45 min., stays con- 
stant for sintering times up to 2 hr and 


increases again slowly to 14.7 for 4 hr sinter- 
ing time. The purpose of Burden’s graphs 
was to illustrate the control of the com- 
mercial sintering operation and it is doubt- — 
ful whether his data should be used for | 
calculations of the sintering mechanism. 
Further quantitative data upon these 
relationships would undoubtedly help the — 
understanding of the heavy alloy sintering 
mechanism, “Y 


Attoys WuicH ARE HOMOGENEOUS 
AS SINTERED 


Very few investigations of the sintering — 
mechanism of alloys which become homo- — 
geneous during the sintering process exist. 
Kieffer and Hotop have speculated in a 
general way on the mechanism. Surface 
films and surface irregularities are said 
to be eliminated by the liquid phase, so 
that the rounded powder particles are 
better able to move. The liquid due to 
its surface tension has a tendency to take ~ 
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up as little space as possible and will there- 
fore move the solid particles into positions 
of closest packing. One should therefore 
find a sudden increase in shrinkage when 
the liquid phase is formed. Once the more or 
less homogeneous solid* solution alloy 
is formed, the sintering mechanism should 
closely resemble the sintering of pure metals. 


Copper-tin Alloys 


The largest number of experimental 
investigations have been made on the cop- 
per-tin system. This is the commercially 
most important alloy in the group of alloy 
systems which become homogeneous during 
sintering. However, in spite of the billions 
of selflubricating bearings, filters and 
friction materials which have been pro- 
duced from copper and tin powders, there 
is much yet to be learned about the sinter- 
ing mechanism. The alloys which has been 
most extensively studied is one consisting 


_ of 90 pct copper, to pct tin, usually with an 


addition of graphite. As mentioned above, 
Price, Williams and Garrard”® sintered an 
alloy of this composition at 925°C. At 
this temperature the alloy is heterogeneous 
consisting of a solid phase higher in copper 
and a liquid phase higher in tin. Generally, 
however, this alloy is sintered at a tempera- 
ture slightly below its solidus of 838°C for 
a sufficiently long time, 15 to 60 min., so 
that a fairly homogeneous alpha bronze is 
formed by diffusion. This structure is 
therefore solid at the end of the sintering 
period. The question arises how to get 
from the discrete particles of copper and 
tin in the green compact to the homoge- 
neous alpha bronze solid solution in the 
finish sintered compact. Two routes have 
been suggested and experimental evidence 
has been adduced for both. The two routes 
are the same up to the tin melting point. A 
certain amount of diffusion between solid 
tin and solid copper will take place, but 
unless the compact is heated very slowly or 
js held a considerable time below the melt- 
ing point of tin, this solid diffusion will not 
be extensive. When the tin melts, the two 
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routes diverge. According to Jones*® the 
melting tin surrounds each particle of cop- 
per with a thin film or as Drapeau*® 
describes the phenomenon: “the molten 
or liquid tin appears to be absorbed into 
the copper structure leaving spaces or 
voids where the tin was originally. When the 
tin is absorbed, in the solid copper struc- 
ture, a diffusion and alloying tends to 
occur.”’ According to these suggestions the 
molten tin is drawn by capillary forces into 
the voids in and between the copper parti- 
cles forming a sort of cementing medium, 


_ whereupon inter-diffusion of tin and copper, 


that is, diffusion of the tin into the copper 
and at the same time solution of the copper 
in the liquid tin-rich phase, follows. Evi- 
dence of this sintering mechanism may be 
seen in the colored micrographs of H. E. 
Hall4”? which were interpreted by Sauer- 
wald.4® Hall sintered a compact of 84.6 pct 
copper, 9.4 pct tin, and 6 pct graphite 
compressed at 60,000 psi at 810°C and 
took the micrographs before sintering and 
after 1, 3, 7, 15, and 30 min. of sintering. 
Hall’s Fig 3 showing the specimen heated 
for 3 min. at 810°C which is interpreted in 
Sauerwald’s Fig 19-2 suggests that it was 
taken shortly after the tin-rich liquid phase 
had finished spreading through the inter- 
stices in and between the copper particles. 
In the center of several of the areas from 
which the tin-rich liquid seems to have 
spread voids are recognizable which accord- 
ing to Drapeau’s interpretation may be the 
locations of the original tin particles. This 
spreading of the'tin-rich liquid phase may 
be seen even more graphically in colored 
moving pictures of the diffusion of copper-' 
tin-graphite compacts which were taken 
through a microscope at the laboratories of 
the Metals Disintegrating Co. under condi- 
tions very similar to the ones for Hall’s 
micrographs. % 
The second route is suggested by H. L. 
Wain*? who investigated the sintering of 
compacts of $8.2 pct copper, 9.8 pct tin, 
and 2 pet graphite. Wain used compacting 
pressures of 5, 10, 15,20, 25, 40, 70, and 
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100,000 psi, sintering temperatures of 300, 
500, 700, 800, and 830°C and sintering 
times of 30, 60, 240, and 480 min. Only a 
few micrographs are shown in the paper, 
but the author obviously has taken many 
more and on the basis of these micro- 
graphs, particularly those of samples 
sintered at 300 and soo°C describes the 
sintering process as follows: ‘‘When the 
tin particles melt, they rapidly dissolve 
sufficient copper to form the higher melting 
point 7 solid solution—the compound Cu;Sn 
with additional tin in solid solution accord- 


ing to Hoyt’s® diagram—which is solid up. 


to temperatures above 600°C.’ Thus the tin 
rich areas at this stage consist of a solid shell 
of 7 possibly containing a molten core of 
higher tin content depending on the size of 
the original tin particles. This core gradu- 
ally absorbs copper by solid diffusion 
through the 9 shell. The formation of a 
relatively high melting point envelope 
explains the lack of evidence of any 
flowing of molten tin or tin rich solution 
into the pores and cavities of the copper 
matrix. On further heating to 500°C the 
diffusion trend is for tin to diffuse out into 
the copper matrix; thus one gets a bronze 
fringes around the tin areas which at this 
stage are duplex 7 plus 6. With continued 
heating at 500°C the a bronze area increases 
in extent at the expense first of n then of 6.” 

Wain himself emphasizes that the mecha- 
nism he describes resembles much more the 
sintering by diffusion of two solid consti- 
tuents since the molten phase soon after it 
has appeared is capsuled off and most of 
the diffusion is taking place in the solid 
phase. He is well aware that his mecha- 
nism could be modified by changes in 
the rate of heating. Neither his nor Hall’s 
data are sufficient to decide whether such 
differences in the rate of heating may be 
responsible for the difference in mechanism. 
It is even possible that the conclusions 
which Wain drew on the basis of micro- 
graphs of the relativity slowly heated 
samples sintered at 300 and 500° C may not 
hold for the samples sintered at higher 
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temperatures which obviously were. heated — 
faster. To this reviewer it appears that 
other factors also may modify the mecha- 
nism. The compacting pressure may influ- 
ence the size of the inter- and intraparticle — 
cavities and thereby the effects of the — 
capillary forces which cause the liquid tin 
to spread; the size of the tin particles may — 
determine whether there is sufficient liquid — 
phase present at each center of melting to 
permit spreading and so on. It seems quite 
possible that either route of sintering or a 
combination of both routes may be fol-_ 
lowed depending upon the experimental 
conditions and it must be left to further 
experimental work to decide what these 
conditions are. It may be mentioned that — 
the existence of the 7 and 6 phases in com- — 
pacts sintered at 400°C was also proved by 
Ishikawa®! by means of X ray diffrac-_ 
tion. These intermediate copper-tin phases 
would, of course, appear in the diffusion 
sequence regardless of whether the liq- 
uid phase spreads or becomes rapidly 
capsulated. 

The last stages of the sintering process, 
that is the homogenization of the alpha- 
bronze have been made the subject of a 
special study by Carter and Metcalfe,®? 
who investigated the homogeneity of 89 pet 
copper, ro pct tin, 1 pct graphite compacts 
sintered between 700 and goo°C by X ray 
diffraction methods. They find a differ- 
ence in structure between compacts sin-— 
tered above and below 798°C, the peritectic | 
temperature which is the solidus line of the | 
copper-tin system from 12 to 22 pet tin. 
Compacts sintered below this temperature ~ 
are quite inhomogeneous with the com-_ 
position of the alpha solid solution varying 
within a wide range up to ro pct and some 
second phase delta also present. The extent 
of the inhomogeneity at the low sintering 
temperature depends somewhat on sinter- 
ing time, compacting pressure, fineness of 
the tin powder and the amount of graphite 
present. Compacts sintered above 798°C, 
on the other hand, show only a small varia- 
tion in the composition of the alpha solid 


- 


x 


BS SR ee 


Lies, 


o ey 


F. V. LENEL 


solution. From these observations the 
authors conclude that complete homo- 
genization of the compacts can be accom- 
plished only by diffusion between a tin-rich 
liquid and the alpha phase which coexist 
above 798°C, unless the sintering time is 
abnormally long. Carter and Metcalfe’s 
results disagree with those of Ishikawa®*! 
and Wain,*® who claim that fairly homo- 
geneous alpha bronzes can be obtained by 
sintering for 3 to 4 hr at temperatures of 
650 to 700°C. 

A number of investigators have studied 
the dimensional changes during sintering of 
porous bronzes. Ishikawa,*! Koehring,® 
and Drapeau‘*® determined the influence of 
the particle size of copper and of tin, 

- Drapeau*® the influence of the compressi- 
bility of the copper powder, Koehring,** 
Goetzel,°* Wain*? and Lennox®> the influ- 
ence of compacting pressure, Koehring,™ 
Drapeau,** Wain,*® Carter and Metcalfe,” 
and Lennox®® the influence of sintering 
temperature and sintering time, Goetzel®4 
and Koehring®’ the influence of variations 
in composition, Koehring® the influence 
of the rate of heating. The results of these 
investigations are of great practical im- 
portance for the control of dimensional 
changes in the sintering of porous bearings. 


_ However, they can throw comparatively 


little light upon the sintering mechanism 
of these alloys. Rhines! and Shaler*.® have 
shown that the sintering mechanism of 
pure metals accounts only for shrinkage of 
- compacts and that any observed growth 
must be attributed to the influence of 
gases during sintering. This may not hold 
- true for sintering in the presence of a 
liquid phase. Duwez and Martens,*® for 
example, believe that the formation of 
- intermetallic compounds during sintering 
may be accompanied by growth. However, 
from all the evidence it seems certain that 
the evolution of gases is a major cause for 
- dimensional changes during sintering of 
~copper-tin bronzes and will more or less 


obscure the influence of forces directly 
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connected with the sintering mechanism. 
Koehring®* has discussed in detail the 
sources and the effects of the gases. Wain‘? 
shows a micrograph’ of a compact sintered 
at 830°C having the typical major porosity 
of samples sintered near the recrystalliza- 
tion temperature where the rate of gas 
evolution is particularly high. The forma- 
tion of this major porosity is, of course, of 
great technical importance, because upon 
it is based the interconnected porosity 
which serves as the oil reservoir of the self- 
lubricating bearings. Koehring’s,®* Goet- 
zel’s*4 and Wain’s*® observation that the 
sintered density of copper-tin compacts is 
largely independent of the compacting 
pressure at medium and high pressures may 
be explained by the counteracting effects 
of gas evolution and surface tension forces. 
At lower compacting pressures the green 
density will be low, the gases which are 
released during sintering can escape easily 
and the surface tension forces which tend 
to shrink the compact can become active. 
At higher pressures, the ‘green density will 
be high, the released gases will be entrapped 
and will expand the compact overcom- 
pensating the effect of the surface tension 
forces. Ishikawa,*! Koehring®? and Dra- 
peau‘® found that compacts made of fine 
powders will in general shrink more or 
grow less than those made of coarse pow- 
der. This fact must be due to the faster 
rate of homogenization where the particles 
are small, as was observed by Ishikawa. 


Copper-zinc Alloys 


Practically all commercial sintered brass 
products are made from alloy powders 
which are sintered without the presence 
of a liquid phase. The sintering of mixed 
powders was investigated by Owen and 
Pickup*®” who determined the rate of 
change in composition of the alpha phase 
on the surface of the copper particles 
in loose powder mixtures of copper and’ 
zinc sintered for times up to 200 hr at 
temperatures from 450 to 600°C. Measur- 
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ing the lattice parameter by precision 
X ray diffraction they were able to derive 
quantitative relationships between the 
rate of homogenization, the diameter of 
the powder particles, and the temperature. 
As expected the homogenization proceeds 
more rapidly the finer the powder and the 
higher the temperature. Goetzel®* reports 
the structure of 85 pct copper 15 pct zinc 
compacts sintered for one hour at 600°C 
remains obscure and nonhomogeneous. 
After sintering for one hour at 800°C the 
alpha solid solution is predominant. The 
increase in growth with rising zinc content 
in copper-zinc compacts is due, according 
to Goetzel, to the large surface of the zinc 
constituent which gives off a large amount 
of zinc vapor at the sintering temperature 
and to the evolution of gases such as oxy- 
gen which would combine with hydrogen to 
form water vapor. Lennox®® investigated 
the relationship between density and 
compacting pressure in sintered compacts 
of 70 pct copper and 30 pct zinc. 


Iron-copper Alloys 


Whether iron-copper compacts should 
be treated in the section on heterogeneous 
or homogeneous sintered alloys depends 
upon the copper content. Up to approxi- 
mately g pct of copper are soluble in 
gamma iron at temperatures from 11o0°C 
up. Alloys with higher copper content are 
therefore heterogeneous at the sintering 
temperature. Microstructures of iron-cop- 
per alloys with 15, 20, and 25 pct copper 
and data on porosity for alloys with from 
5 to 35 pet copper sintered at 1100 and 
1120°C are shown by Northcott and Lead- 
beater?? and by Chadwick, Broadfield, and 
Pugh.®® Alloys with 15 pet copper already 
show rounded iron grains while the typical 
heavy alloy structure is fully developed in 
the 20 and 25 pct copper alloys. The 
porosity decreases in general with increas- 
ing copper content and becomes smallest 
for 25 pet copper. For 75 pct iron 25 pct 
copper compacts made with an iron 
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powder specially prepared by reduction at 
650°C of scale from mild steel turnings 
Chadwick and coworkers find practically 
theoretical density regardless of compact- 
ing pressure after one hour sintering, a 
behavior typical for the heavy alloy 
mechanism. On the other hand, electrolytic 
iron powder investigated by these authors 
as well as the powders tested by Northcott 
and Leadbeater still show considerable 
porosity and a dependence of porosity upon 
compacting pressure in compacts of this 
analysis. For certain electrolytic and oxide- 
reduced’ powders, but not for others, 
Northcott and Leadbeater find a slight 
growth or at any rate less shrinkage than 
for straight iron in the 5 and ro pct copper 
range, a phenomenon also obseryed by this 
reviewer which has as yet found no explana- 
tion. These observations clearly indicate 
that the method of producing an iron 
powder may have considerable influence 
upon its sintering behavior not only when 
sintered by itself, but also when sintered 
in the presence of liquid copper. Squire®® 
and Kelley® investigated the mechanical 
properties of alloys with 5 and ro pct 
copper which are considerably higher than 
those of straight iron. However, their 
data do not permit any conclusions upon ~ 
the sintering mechanism of their alloys. 


Iron-nickel-aluminum Alloys 


The iron-nickel-aluminum alloys which 
are used for permanent magnets of the — 
Alnico type also belong to the group of alloys 
in which the liquid phase disappears during — 
the sintering process. Both Howe® and 
Kieffer and Hotop* show microstructures 
of sintered iron-nickel-aluminum alloys 
which have the typical appearance of a 
homogeneous solid solution alloy having 
equiaxed grains. The particles which are 
precipitated during cooling and give the — 
alloy its magnetic hardness are apparently — 
too small to be resolved; in contrast to the — 
copper-tin and copper-zinc alloys these 
alloys reach 98 to 99 pct of. theoretical 
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density during sintering. According to 
Hotop™ this density can be reached for 
compacting pressures from 40 to 140,000 
psi, while Kalischer®® reports a minimum 
briquetting pressure of 180,000 psi in 
order to reach near theoretical density 
when sintering 24 hr at 1200°C, Accord- 
ing to Garvin® it is British practice to 
sinter for 2 hr at 1300°C which results in 
a material of 96 pct of theoretical density. 
The aluminum in the alloys is added to 
the powder mixture in the form of a 50 pct 
iron-so pet aluminum alloy in order to mini- 
mize difficulties with oxidation. For the 
same reason it is necessary to sinter in very 
pure hydrogen. Kalischer’s®® statement 
that titanium hydride additions are neces- 
sary to sinter the alloys satisfactorily is 
generally disputed.*7.°§ The minimum tem- 
perature for sintering in the presence of a 
liquid phase would be 1150°C, the melting 


point of the s50/so iron-aluminum alloy. 


Temperatures from 1200-1330°C were 
reported by Hotop* for the sintering of 
commercial permanent magnets with sin- 
tering times from 1-6 hr. Kalischer®® 
obtained optimum magnetic properties by 
sintering 20 hr at 1200°C. Howe®® recom- 
mends presintering of the compacts at 
600°C, while according to the German 
practice the alloys are immediately sin- 
tered at the final sintering temperature. It 
would, of course, be of particular interest 
to know why it is so much easier to reach 
theoretical density in these iron-nickel- 
aluminum alloys than in other alloys which 
become homogeneous during sintering. The 
comparatively large amount of liquid 
formed during sintering—26 pct in an alloy 
with 13 pct aluminum—may be partially 
responsible, but a complete answer to the 
question has to await a study of the sinter- 
ing mechanism of these alloys. 
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PowDER METALLURGY SEMINAR 
(C. G. Goetzel presiding) 


C. G. GortrzEt—The seminar has been 


opened by a man who has been active in the 
field for over fourteen years and has made, 
since then, some major contributions to the ad- 


vancement of the art. After having been 


associated with the Moraine Products Division 
of General Motors Corporation for over ten 
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years, he is now assistant professor of metal- 
lurgical engineering at Rensselaer Polytechnic 
Institute in Troy. I do not think that Dr. 
Lenel will require any further introduction as 
he is very well known to all of you. (F. V. Lenel 
then presented his paper as an introduction to 
the seminar.) 

First of all, I should like to thank Dr. 
Lenel very much for his excellent presentation, 
and I believe that you will readily concur 
with the opinion that his review belongs to 
the best that we have had in these seminars. 

We should like to enter the second phase of 
the program, which should be of no less im- 
portance, namely, a free discussion on any 
problem relating to the subject of the seminar. 
- To lead the discussion, I was wondering 
whether there was anybody who, first of all, 
would like to comment on the particular 
questions raised by Dr, Lenel. 

The first question left open for discussion was 
the effect of particle size on grain growth during 
sintering in the presence of a liquid phase, with 
particular reference to the size of tungsten 
particles in the copper-nickel matrix. 


A. J. SHALER*—TI think this masterful re- 
view is chiefly characterized by the clarification 
it gives to the problem. Dr. Lenel has isolated 
its separate parts. We may perhaps get a little 
further with them that way. 

One of the parts with which we have just 
been faced is a very difficult one, and some 
papers read this morning on grain growth show 
that othets are also concerned with it. The 
question is: what is the interfacial tension be- 
tween a solid and a liquid or between two 
solids, and what is the function of this inter- 


- facial tension in moving material from one side 


to the other? 

So far as I know, there is no good measure- 
ment of the surface tension of even a pure solid 
metal against its vapor, and the problem of 


the interfacial tension between a pure metal or 


an alloy and another pure metal or alloy, either 
in the solid or the liquid phase, is much more 
difficult even than that. Since there are no 
data, I do not think we can now go very much 
further with the other parts of the problem 


_ which depend on that one. 


Dr. Lenel brought up the question of the 
critical size of particles which might dissolve in 
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a liquid phase; larger particles than those 
would not dissolve. I think the statement he 
made is an oversimplification of the problem. 
According to thermodynamics, as long as you 
have a large particle present and a slightly 
smaller particle present, the slightly smaller one 
tends to dissolve and the slightly larger one to 
grow at its expense. If the rate of transfer of 
material is fast enough, as it perhaps is in these 
heavy alloys—I do not know—then I cannot 
see why the grain growth should not continue 
even after the metal has become completely 
dense. 


C. G. GortzEL—What we are considering 
right now is the effect of initial particle size 
on the grain growth during sintering in the 
presence of a liquid phase. 


L. S. Buscu*—I wonder if perhaps it might 
not be particle size distribution that we should 
be thinking about in this particular instance of 
the heavy metals—in other words, furnishing | 
enough small particles to dissolve rapidly 
thereby supplying material in solution which 
thereupon is precipitated out and deposited 
upon the larger particles on cooling. It seems to 
me that rather than the particle size itself, it 
would be particle size distribution which would 
be an important factor. Perhaps someone else 
has another idea. 


C. G. GortzEt—Do I understand correctly 
that the distribution should take care of a 
certain amount of very small sizes which are 
present and can then be dissolved, and that 
this fraction of very small fines or ultra-fines 
has some relation to the solubility or the satura- 
tion of the liquid phase? 


L. S. Busca—Only in so far as furnishing 
enough small particles to dissolve rapidly—in 
other words, to speed up the solution of small 
particles in the liquid. 


C. G. Gortzer—What relationship would 
that have to the saturation value? 


L. S. Busca—I was thinking of it primarily 
as far as time is concerned—in other words, 
permitting these reactions to take place in a 
minimum amount of time. Of course, at a given 
temperature it would seem logical that you 
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could only get a certain amount into solution. 
I was just thinking of promoting that solution 
as rapidly as possible by including the optimum 
number of fines in the original powder. 


C. G. GortzEt—Dr. Lenel, is there any- 
thing in the literature with regard to the solu- 
bility of specific sizes of the tungsten powder? 


F. V. Lenev (author’s reply)—Price, 
Smithells, and Williams have definitely shown 
that if the particle size distribution includes a 
large amount of very small particles, one gets 
densification very rapidly. 

The point about which we were talking was: 
Why do we get growth after a certain grain 
size has been attained? In other words, why 
do we get growth from an average particle 
size of ro microns to an average particle size of 
30 microns on continued heating, and can that 
still be explained by differences in surface ten- 
sion and solubility? , 

From the thermodynamic point of view as 
pointed out by Dr. Shaler we must expect 
movement in the direction of increased grain 
size as long as there is any difference in the 
size of the solid particles, but thermodynamics 
does not tell us anything about the rate of 
increase in grain size. 


C. G. GortzEr—Another point which 
was raised in Dr. Lenel’s survey was this very 
interesting phenomenon of skeleton formation 
that has been reported by Dawihl and others in 
Germany. 1 


F. Ketrey*—If you carefully noted the 
micrographs that Dr. Lenel showed, you saw 
that there were areas where two grains had 
combined, that is, they had grown together. 
There was an apparent grain boundary between 
the tungsten carbide particles, but no cobalt- 
rich phase. These materials do grow in this 
fashion so that the carbides themselves grow 
together. When the cobalt is dissolved out a 
skeleton structure of tungsten-carbide is left. 

Physical tests on these carbides which have 
grown together in this manner exhibit some 
very high physical properties, relatively. Tung- 
sten-carbide is quite a brittle substance, and 
one is surprised at the strength of this skeleton. 

It was formerly thought that the cobalt 
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coated the tungsten-carbide particles when 
milled and heated to a certain temperature. It 
was also thought that the bond between them 
was obtained through the sintering of the 
cobalt-coated carbide particles. When heating 
and cooling curves were taken it was found that 
a eutectic existed at about 1355°C. This tem- 
perature does not indicate the true eutectic 
temperature, because this melting occurs at 
temperatures above the eutectic temperature. 
The specimen was not in a state of equilibrium 
during sintering. The liquid phase starts to 
form at this higher temperature and progresses 
ata fairly rapid rate, because a very pronounced 
kick in the heating curve is obtained. The 
arrest point on the cooling was markedly de- 


pressed, indicating that through the alloying,’ 


during the period of heating, the melting point 
has probably been lowered. That is exactly 


what one would expect. The specimen was very _ 


slowly cooled and there was no question.about 
the existence of a eutectic. 


S. J. Garvin*—There is just one point I 
would like to make with reference to this skele- 
ton formation in sintered hard metal alloys. It 
is well known that cobalt is the most effective 
bond in the sintering of tungsten carbide 
materials. The reason for this appears to lie in 
the mutual solubility of tungsten carbide and 
cobalt. Thus here we have something more than 
the mere presence of a liquid phase playing a 
part in the sintering reaction; spontaneous 
alloying and recrystallization has also taken 
place. I feel that in order to achieve dense, 
nonporous sintered compacts by the conven- 
tional methods of cold pressing followed by 
sintering in a furnace, it is not only necessary to 
have present one phase of lower melting point, 
which will be liquid during the sintering reac- 
tion. There must also be a certain affinity be- 
tween the liquid and the solid phase. The liquid 
phase should have good ‘“‘wetting” properties 
in relation to the solid phase and should also 
have a limited solubility for it. 


F. V. LENEt—In a part of the paper which 
was not presented I discussed Takeda’s argu- 
ment why cobalt forms a satisfactory binder for 
cemented carbides while nickel and iron do not. 
Copper is evidently unsuitable as a binder be- 
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cause tungsten carbide is practically insoluble 
in molten copper. 


F. KrLtteEY—I wonder if this is not a better 
way of saying it: The fact that cobalt is a 
better binder for these carbides is due to the 
greater solubility of nickel and iron in the 
tungsten-carbide. In the case of cobalt a liquid 
phase is formed which gives a real bond, as in a 
brazed specimen, that is, it has some plasticity, 
and great strength. Cobalt hardens very rapidly 
on cold work, and any defarmation tends to 
strengthen it. We know that cobalt is capable of 
dissolving huge quantities of carbon and throw- 
ing it out as graphite upon cooling. Very little 
of it is retained as carbon in solution in the 
cobalt. So with iron or nickel, more brittle 
carbides are formed than with cobalt due to the 
fact that they go into solution in the tungsten- 
carbide, and probably leave very little of the 
nickel or iron rich phase as a binder for the 
carbide particles. 

" A. J. SHateR—Dr. Lenel made some com- 
ments about the rate of sintering of these liquid- 
solid systems. In that connection, I should like 
to mention that in our experiments on the rate 
of sintering of solid copper, that is, pure metal 
without any liquid phase, the rate of densifica- 
tion seemed to depend not on the particle size 
nor on the particle size distribution but on the 


size of the voids between the particles: the pore © 


size and the pore size distribution. The problem 
in connection with liquid-solid systems is much 
more complicated because, as Dr. Lenel showed, 
there is a sudden shrinkage which takes place 
almost instantaneously as soon as the liquid 
phase is formed. Therefore, the size and dis- 
tribution of the voids between the particles is 
determined after the liquid phase has formed 
and not at the time the compact is pressed. 
This makes the calculation of rates of densifi- 
cation extremely difficult. 

_ I think that the influence of the gas in the 
yoids between the particles, that is, the pressure 
of the gas between the particles, is essentially 
the same problem here as in the case of pure 
metals. If the gas is trapped between the par- 
ticles and does not dissolve in the metal, then 
a balance is eventually struck between the force 
of surface tension tending to close the void and 
the pressure of the gas tending to keep it open. 
This problem is not simple. For instance, if you 
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sinter tungsten carbide and cobalt in hydrogen, 
apparently you manage to reach complete 
densification. That might be due to the fact 
that hydrogen is very soluble in either cobalt or 
tungsten carbide, or both, at elevated tempera- 
tures. I do not know. 

I wonder if Dr. Lenel has, in the course of his 
survey, found any description of what happens 
to the densification of a cemented carbide, like 
tungsten carbide and cobalt, or of a heavy 
metal system, when it is sintered in a neutral 
gas which could not be expected to dissolve 
appreciably in the metal itself. 


F. V. Lenet—No, I have not. All the dis- 
cussions in the literature on sintering cemented 
carbides refer to hydrogen atmosphere or a 
vacuum. 


C. G. GortzEL—This question of atmos- 
phere seems to me to be quite an interesting 
angle. One of the things that interested me most 
this morning was, in the paper dealing with the 
porous materials, the reference to the fact that 
when the sintering was done in a helium atmos- 
phere, appreciably better physical properties 
could be obtained as compared with sintering in 
hydrogen atmosphere, at least as far as stainless 
steel is concerned. 

I, myself, have also not seen anything in the 
literature so far, referring to any other atmos- 
phere than hydrogen or a vacuum. This may 
be due in part to the fact that it is very difficult 
to obtain a very pure dry neutral gas. In fact, 
it is even customary’ to add traces of a reducing 
gas to the neutral gas in order to have some 
possibility of a reaction between the reducing 
gas and any possible oxygen admixed with the 
gas. 


P. Duwez*—Since the question of the at- 
mosphere has come up, I want to say a few 
words about the reason we used helium instead 
of hydrogen. 

We found that for stainless steel there is an 
increase in strength of about 20 pct by sintering 
in pure helium instead of hydrogen. The ex- 
planation is not quite clear. Maybe it is that 
hydrogen is detrimental because it dissolves in 
the 18-8. In any case, hydrogen is not necessary 
in sintering stainless steel, since it does not help 
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in reducing what chromic oxide may be around 
the powder grains. 

In connection with some questions that Dr. 
Lenel discussed, I might say that we are now 
carrying on an experimental study of the sinter- 
ing of copper-tin and copper-zinc. The results 
show that at no time is there any liquid zinc in 
a copper-zinc compact being sintered at the 
rate of 25° per min. or slower. There is no 
liquid phase, because zinc is already absorbed 
by copper by the time the melting point of zinc 
is reached. This was first pointed out by the 
expansion curve during sintering. 

The expansion curve of a copper-zinc com- 
pact, 30 pct zinc and 7o pct copper, shows a 
large expansion (as high as 10 pct) at a tem- 
perature of about 300 to 350°F, which is, of 
course, below the melting point of zinc. This 
expansion is not due to gas evolution, because 
it does not exist in pure copper nor in pure zinc. 
It is observed with all kinds of copper powder 
which we have tested, and with several kinds of 
zinc powder. The temperature at which the ex- 
pansion takes place is dependent upon particle 
size. The explanation that we offer, based on 
X ray diffraction experiments, is that CuZn 
forms and zinc is absorbed into copper. ‘The 
presence of CuZn is very clearly shown by 
X ray diffraction. Other phases may also be 
present, but in too small an amount to be ob- 
served by X ray diffraction. Later on, when 
expansion ceases, the CuZn lines disappear 
progressively, and the alpha solid solution lines 
are present in the X ray pattern. 

I wanted to bring up this point because I do 
not think the systems copper-zinc or copper-tin 
should be considered as cases of sintering in the 
presence of a liquid phase. It is established that 
diffusion takes place in the solid state before 
the melting point of zinc or tin is reached, 
Maybe for very high rates of heating in an in- 
duction furnace, there will be a very rapid 
passage through a liquid phase, but in ordinary 
sintering technique there is no liquid phase in 
those two systems. 


C. G. GortzeEt—This apparently seems 
to be in favor of the second road Dr. Lenel was 
talking about (the first one being that we form 
envelopes surrounding the copper grains which 

‘then are absorbed by the copper grains, leaving 
voids behind). 

If I understand Dr. Lenel’s remarks cor- 
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rectly, Dr. Drapeau also brought some evi-— 


dence of this first point of view. . 


ry 
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J. E. Drapreau*—In making sintering — 
experiments in powdered metallurgy, there are k 
a number of variables which should not be over- — 
looked. For example, the rate of heat imput — 
through the sintering of a compact may reflect 4 
itself on the physical properties of the sintered © 
compact, all other factors being equal. Rapid — 
imput of heat into the pressed compact, say, 14 
min. to 2 min. vs. the compact coming up to — 
temperature in, say, 3 to 5 min. may reflect 
itself in the shrinkage or growth, modulus of | 
rupture, and tensile strength of a sintered — 
compact. In many powders we note that the 
more rapid the rise in temperature of a pressed — 
compact, the greater the sintered physical — 
properties. This is contrary to what one would ~ 
expect when the metal powders contain ab- — 
sorbed gases. One would expect a slow rate of i 
heat imput in sintering the compact to allow the 
absorbed gases to be released without distortion — 
of the compact. Could it be that in slow rate of © 
heat imput and bringing the pressed com- ; 
pact to temperature the sample is partially — 
annealed during its rise in temperature together — 
with a disappearance of the small particles of — 
powder by recrystallization before the compact — 
reaches the sintering temperature. In a rapid : 
increase in the sintering rate of a pressed com- 
pact there may be only a partial release of the — 
cold working and stressed condition of the 
powder, and less recrystallization and disap- 
pearance of the fine crystals before it reaches” 
the sintering temperature. The point is that 
when the pressed compact reaches the sintering - 
temperature of the furnace, the condition of the 
particles making up the compact may be in a ; 
different thermodynamic state with slow heat-— 
ing vs. rapid heating. 

I would be pleased to hear whether Dr. Lenel 
has had any comments to offer on the sintering 
rates of compacts, all other factors being equal. 


W. H. Ossorn{—I thought these remarks 
might be of interest. I know little about © 
powder metallurgy but in the coalescence and 
extrusion of copper cathode into semifinished 
shapes we carry out what I think might be 
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called macro powder metallurgy on a very large 
scale. In this process we cold briquette brittle 
pieces of electro deposited copper cathode, pass 
the briquettes through a furnace having a care- 
fully controlled reducing atmosphere where they 
are heated to about 1650°F, and then introduce 
them into an extrusion press without permit- 
ting any contact with outside air. One func- 
tion of the reducing atmosphere in the heating 
furnace is to reduce the surface oxidation of the 
cathode that occurs after it has left the tank 
room. By taking a slice about 1 in. thick from 
an extruded bar and bending it double in a 
vise it is possible to tell by eye the difference 
between, say, 0.005 pct oxygen and 0.003 pct 
oxygen in the extruded product by the appear- 
ance of the fracture. Another function of this 
controlled reducing atmosphere is to permit 
reduction of oxygen without causing formation 
of sulphide by reduction of any sulphates from 
the electrolyte which may be entrained on the 
surfaces of the cathode. The cathode on the 
way to the briquetting press is passed over a 
belt conveyer where it is thoroughly washed 
but there is always some sulphate left. The 
furnace is heated by combustion of propane 
gas with unconsumed reducing gases, mostly 
CO and hydrogen, held automatically at about 
3-4 pct. Periodic tests of the furnace exit gases 
are made with paper wet with lead acetate and 
if any appreciable darkening of the paper due 
to the presence of H2S occurs we know that the 
reducing action on sulphates has been too 
severe and that the quality of the extruded 
copper will suffer from the presence of re- 
duced sulphides. 

The furnace was originally electrically heated 
and furnished with an atmosphere of steam plus 
city gas. As thus operated, a certain amount of 
finé soot from decomposition of the hydrocar- 
bon in the city gas sifted over the copper 
briquettes. These traces of soot caused the 
same sort of planes of weakness in the extruded 
product as do traces of oxide or sulphide. The 
extruded bar would appear satisfactory but the 


- fracture test would show up minute planes of 


weakness where the recrystallization had been 


When first starting up and on an experi- 
mental basis we once charged this furnace, 
which is 60 ft long, with 105 300-lb briquettes 


of heavily oxidized cathode which analyzed 


about 0.4 pct oxygen and contained a great 


4 


impeded by fine surface films of sooty material., 


gor 


deal of entrained copper sulphate and acid. We 
passed steam through the furnace and added 
bottled hydrogen gas at a rate figured to equal 
a partial pressure of approximately 0.or mm of 
H2. This is approximately the partial pressure 
for equilibrium between copper, cuprous oxide, 
H, and H.O at the temperature used as re- 
ported by Maier of the Bureau of Mines. After 
holding the furnace for several days the charge 
was finally extruded and gave an excellent 
product extremely low in both oxygen and 
sulphur. 

From these experiences I am led to believe 
that the effect of minute surface films of foreign 
matter on grain growth and recrystallization of 
metal particles which are brought together 
under pressure and heat is of great importance. 
I often wonder whether they are given sufficient 
consideration in problems of powder metallurgy. 


C. G. Gorrzet—While this is a very 
interesting observation, I believe that right 
now we are dealing with a two-phase sys- 
tem, in fact one phase being liquid. There is no 
doubt that these effects may be of even greater 
importance where we have a liquid phase 
present as we all know that liquids tend to 
absorb gases more rapidly and more vigorously 
even than solids. 

I should like to go back once more to the 
question of rates which Dr. Drapeau brought 
up. I do not know whether one can fully agree 
with the point of view that whenever we have 
a high rate of sintering, an increase in physical 
properties can be expected. I believe it is quite 
a common experience that for a very fast rate of 
heating there may be excessive gas eruption in a 
very short time, as a result of more or less explo- 
sive reactions rather than growth phenomena. 

Dr. Lenel, I do not know whether you want 
to comment on this point. I know you have had 
considerable experience in regard to rates of 
sintering of bronzes and the like. 


F. V. Lenet—I may be wrong but my per- 


‘ gonal feeling is that most of the expansion or 


growth found in sintering bronze should be ex- 
plained by gas evolution; this gas evolution 
will, of course, depend upon the rate of heat- 
ing. Because of its magnitude the effect of gas 


evolution overshadows all other effects in the z 


sintering mechanism of bronze and makes it 


ee 
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difficult to make definite statements about the 
forces involved. 


J. J. Corp1Ano*—On the question of copper- 
tin mixtures, a few years ago we prepared speci- 
mens by compacting copper-tin mixtures and 
sintering them for a short period of time. Those 
compacts were pressed in the neighborhood of 
30 tons per sq. in. and they showed growth. 
The growth was such that it seemed as though 
there was gas evolution, because there was 
bubbling on the surface of the specimen, and 
the mechanical properties of the sintered test 
bars were low. 

Then we diffused the tin in the copper for 
various periods of time at low temperatures in 
the neighborhood of 400°C. The compositions, 
as I recall, were 6 to 10 pct tin balance copper. 
We diffused for periods from 10 min. up to, as I 
recall, 16 hr, then pulverized the resulting cake 
and pressed and sintered specimens under the 
same conditions. We found that the partially 
pre-alloyed powder gave higher mechanical 
properties and shrinkage rather than growth. 
These tests seemed to show that rapid copper- 
tin diffusion may occur in the solid state. 

The one interesting fact that we were never 
able to explain was that the material that was 
diffused for a short period of time had higher 
mechanical properties after compacting and 
sintering than the copper-tin mixtures, but the 
material that had been diffused for 16 hr had 
much lower properties than the material that 
was diffused for a shorter period of time but it 
was still higher than the copper-tin mixtures. 
Perhaps some of you could give a satisfactory 
explanation. 


A. Squire*—I wonder if possibly Mr. 
Cordiano has mixed up his temperatures a 
little bit. He said that he diffused the tin into 
the copper at about 400°C. Possibly he has for- 
gotten that tin melts at 232°C, if I recall. 


J. J. Corptano—No, we diffused the tin into 
copper above the melting point of tin. 


A. Squire—We did the same sort of thing 
some time back, but we diffused the tin into 
the copper below the melting point of the tin 
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_year we doubled the tensile strength an 


and got results pretty much in line with the — 
ones you mentioned. 2 

There is another question I should like to ask — 
you along the same lines. What about the den- M 
sity of the materials? In other words, the Fy 
bronze that was made by diffusing the tin into — 
the copper for 16 hr at 400°C, if that was about ~ 
the temperature you used, would be a relatively : 
hard powder and nowhere nearly as compressi- — 
ble as the material where you diffused the tin 
into the copper for a very short period of time. 
I would imagine that would enter into the pic- 
ture rather materially. 


seal iat aati at 


J. J. Corprano—I think you are right there, — 
Dr. Squire. That was a point well brought up. 
We had considerable difficulty in breaking up — 
the sintered cake resulting from the 16-hr 
diffusion. 

But there is another point that I should like : 
to bring up which has been on my mind for — 
many years. I have never found an explanation — 
for it and I frankly admit I have not looked too — 
far for it. We had these diffused or partially — 
diffused powders around the laboratory for a ~ 
period of several years, and from time to time 
we went back to the material and tested it 
because we had come across a condition that 7 
was very peculiar to us. After running our a 
we wanted to repeat part of the tests. The 
powder had oxidized somewhat during that 
period of time. We ran our sintering tests with 
the powder as oxidized—this was a partially 
diffused powder—and we got very erratic 
results as far as the mechanical properties — 
were concerned, but the mechanical properties 
were higher than those of the powder in the 
originally clean state after diffusion. This ~ 
puzzled us. So we reduced the oxide films in the 
neighborhood of 300°C for a very short period © 
of time. At least I think we reduced them be- 
cause we got the characteristic yellowish-pink 
powder as a result. Pressing and sintering of 
those powders gave us uniformly high average 
mechanical properties without the erratic be- 
havior. A few months later we tested the 
powders again, and over a period of about a 


practically doubled the elongation over the 
original powder specimens by just reducing 
the surface oxides and pressing and sinterin; 
the specimens. I do not know whether any of — 
you has come across the same thing. 
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C. G. Gortzer—What kind of material - 
was that? 


J. J. Corprano—It was copper and tin 
diffused for a short period of time, about 15 
min. at 400 to 450°C. 


C. G. Gortzet—In other words, iden- 
tically treated? 


J. J. Corprano— Yes. 


C. G. Gortzet—The processing of the 
powder into test specimens was the same? 


J. J. Corprano—Identical. 


F. Ketrey—I do not want to monopolize 
this meeting, but I have been in this type 
of work so long that I feel I have a little 
experience. 

There are all-kinds of copper, to begin with. 
If a fairly good grade of copper is taken as 


received, a compact pressed from it and sin- — 


tered, say, up to 1000 or goo°C in hydrogen—I 
am talking about pure dry hydrogen now, that 
has a dew point of —100°F—the bar will blow 
up; it will increase in size. If this copper powder 
is cleaned up in pure dry hydrogen at 300°C 
for 16 hr and a compact is pressed from it and 
sintered at 900°C, it may still grow. Now, then, 
if the powder is reduced for another 16 hr, and 
a bar pressed and sintered as before it will 


. shrink upon sintering at 900°C. 


The only thing that means to me is: copper 
powder at low temperatures in very pure dry 
hydrogen does not reduce rapidly. It takes a 
very long time to get rid of the last traces of 
oxygen in the copper powder. 

I have never tried the tin-rich end of the 
system, but when it comes to mixtures of tin 
and copper—tin oxidizes easily—it seems to 
me that the oxygen in the copper, probably, or 
the moisture resulting from the reduction 
during sintering oxidizes the tin and gives 
erratic results. 

The same thing happens with iron and cop- 
per. If compacts of copper and iron are pressed, 


and sintered, where the copper is taken as 
_received, the specimens will swell. But if care is 


taken to clean that copper up in hydrogen 
and thoroughly reduce it, make a compact and 
sinter it to see if it blows up or expands upon 
sintering. If it does not, you are fairly certain 
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that you are going to get a good compact of 
copper and iron. 

Copper is a very peculiar metal when it 
comes to absorption and adsorption of hydro- 
gen. Copper is used as a catalyst to remove 
oxygen from hydrogen. The oxygen and hydro- 
gen combine on the surface of hot copper to 
form water which is removed by some drying 
reagent such as phosphorous pentoxide. When 
the copper is cleaned up by hydrogen at 600°C, 
it may be used to remove oxygen from a neutral 
gas such as nitrogen. If nitrogen is passed over 
hot copper immediately after the copper is 
cleaned up by hydrogen and allowed to run for 
30 min. at a rate of 10 cu ft per hr, this nitrogen 
contains enough hydrogen to embrittle tan- 
talum when heated to 600°C in the gas. The 
tantalum can be powdered by rubbing between 
the hands. This indicates that the hot copper is 
still giving up hydrogen to the nitrogen. 

It was discovered in the production of ta- 
chometer pivots, 7 pct tungsten-93 pct tan- 
talum alloy, used in aircraft instruments that 
the nitrogen had to run for at least an hour 
before one could be sure the copper had given 
up its last traces of hydrogen and the tantalum 
alloy would not be embrittled by it. There are a 
great many factors which are not obvious in 
powder metallurgy. They can be learned only 
by long experience, but become fixed in the 
mind because of the hard work required to over- 
come difficulties. 


C. G. Gortzer—I was wondering, Mr. 
Cordiano, whether there would not be another 
factor which had something to do with this 
queer phenomenon which you observed. We 
know that the distribution of the minor phase 
in the structure is quite important, and we can 
get a variety of different physical properties— 
I should say sets of properties—depending upon 
how the hard phase is distributed in the struc- 
ture. I wonder if it is not possible that in your 
treatment by oxidation and reduction, or possi- 
bly partial reduction, this distribution of the 
tin-rich component in your bronze powder was 
changed, or in any case that the distribution in 
the end was such that an optimum combination 
of physical properties was observed. 


J. J. Corprano—Dr. Goctzel, I cannot an- 
swer that, but the same thing happened with 
copper powder. 
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C. G. Gortzet—Pure copper? 
J. J. Corprano— Yes. 


C. G. Gortzet—I should like to draw 
attention to one point which I feel has perhaps 
not been sufficiently brought out during the 
discussion. Some time ago somebody told me in 
a few simple words what I believe is really the 
basic truth. He said the secret to success in 
powder metallurgy depends on the liquid phase. 


_ I think there is a lot to it. 


In the systems which we have studied today, 
such as the heavy metal system and the ce- 
mented carbide system, very excellent physical 
properties were shown. The same applies to a 
number of other systems which were only 
briefly sketched today: for example, iron- 
copper and iron-carbon-copper, were only 
touched on. In the latter case, for instance, we 
observed that it was possible, by combining iron 


and copper in the ratio of somewhere between . 


80 and oo pct iron and the balance copper to 
obtain material which in the completely densi- 
fied condition had a tensile strength which 
represented roughly the sum of fused iron and 
fused copper. At the same time the elongation 
of this material was comparable to the best 
sintered iron which could be produced and 
which was roughly about two-thirds of that of 
bulk iron elongation. 

A similar phenomenon has also been ob- 
served in an entirely different system, namely, 
concerning the light metals. If, for instance, a 
pure aluminum powder is mixed with a small 
percentage of a lower-melting aluminum alloy 
powder, such as, for instance, duralumin, and 
the mixture compacted and then heat treated 
at a controlled temperature and at a controlled 
rate, physical properties can be obtained which 
are far in excess of those of the pure aluminum 
material and very different from the regular 
compacts obtained by fabricating duralumin 
powder. If I remember correctly some of the 
pertinent data, it was possible by mixing some- 
thing like 10 pct duralumin powder of extreme 
fineness with 90 pct aluminum powder, and 
pressing afterwards at pressures in the order of 
40 tsi. By keeping the sintering temperature 
below 600°C, that is, between 580 and 600°C, 
for comparatively short times, only partial 
diffusion between the molten duralumin and 
the aluminum was obtained. After such treat- 


ment, compacts showed a tensile strength off 
about 25,000 lb psi and 20 pct elongation as 
compared with 11,000 psi for pure aluminum 
or 30,000 psi for duralumin, which had only 
something like 5 or ro pct elongation. 4 
This example should merely illustrate the 
possibilities of purposely introducing the liquid 
phase by meting out the proportion of our 
powder mixtures. It gives us an approach that 
in a way is unique. Also, this method has the 
advantage that the great majority of the par- 
ticles used in the mixture are soft and plastic, — 
and thus relatively high compacting densities 
can be obtained with moderate pressures. , 


e 


C. J. Brer*—The previous comment made — 
by Dr. Duwez in reporting the work on X ray 
diffraction studies on bronzes and brasses with — 
regard to diffusion is very important. It would — 
be interesting to know the sintering time repre- 
senting each condition at which diffractio 


studies were made. 


P. Duwrez—The experiments, to describe 
them very briefly, consisted of heating the com- 
pacts at a given rate. Some tests were made 
at about 5° per min., and up to 25° per min. 
For all the rates of heating between 5 and 25° 
per min., all the compacts expanded suddenly 
at around 300°F and kept expanding up to 
550°F, at which time the curve was almost 
horizontal, and then shrinkage started at 
1200°F, 

Another set of experiments was made. 
which a certain number of specimens was 
heated at the same rate, but taken off the fur- 


a certain temperature. The X ray diffraction — 
study was made on these samples, so that each — 
pattern corresponded to a given point on the 

expansion curve. 


W. F. Hesst—I was interested in one 
of the Chairman’s comments about the use of 
incompletely homogeneous sintered mixtures. 
I wonder if by any chance he has studied the 
work-hardening characteristics of these in com- 
pletely homogeneous samples? 

We have had a little experience from which 
we believe there are some unusual work- 


*The Biad Powder Metallurgy Corp., 
Pittsburgh, Pa. Bs 
UP ge ei ons Polytechnic Institute, Troy, 
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Pisrdening characteristics possessed by these 
Ee omoeengns metal sintered compacts. 


eh G. GortzEL—While we have not studied 
this particular phenomenon closely, I should 
think that this would be quite an impor- 


tant point to consider. Possibly, also, the 
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thickness of the films which are formed by the 
liquid phase is important as these films in a way 
act like a cement, and possibly are the stronger 
the thinner they are. I am afraid, however, that 
I cannot elaborate on this point very much, 
because very little work has been done so far on 
this particular phase. 
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Technical Notes 


Measurement of Interfacial Tensions 


By J. C. Fisuer,* Junior MemBer AIME 


C. S. Smith has described a method for 
measuring the relative values of different 
solid-solid and solid-liquid interfacial ten- 
sions. t When a polyphase alloy is held at an 
elevated temperature, individual particles 
of each phase adjust their shapes and 
minimize the interfacial energy. Wherever 
three interfaces meet, the dihedral angles 
are such that the three interfacial tensions, 
considered as forces, are in equilibrium. 
When the angles between three forces in 
equilibrium at a point are known, it is possi- 
ble to determine any two in terms of the 
third. In this way ratios of interfacial ten- 
sions have been obtained. The value of a 
given interfacial tension ratio was found to 
be independent of the alloy system from 
which it was determined. ; 

Smith also has employed the method 
when one of the phases is liquid. When 
equilibrium is reached with respect to 


Manuscript received at the office of the Insti- 
tute March 16, 1948. Issued as TN rin METALS 
TECHNOLOGY, June 1948. 

* Research Associate, General Electric Re- 
search Laboratory, Schenectady, New York. 

+ C.S. Smith: Grains, Phases and Interfaces: 
An Explanation of Microstructure. Institute of 
Metals Division Lecture, AIME annual meet- 
ing, New York, Feb. 18, 1948; Metals Tech. 
(June 1948), TP 2387. This volume p. 15. 


Quick Method for Detecting Preferred Orientation 


shape, the sample is quenched and the 
equilibrium shapes frozen in. Subsequent 
examination of the dihedral angles leads to. 
the ratios of solid-liquid to solid-solid 
interfacial tensions. “ 

It is the purpose of this note to point | 
that the method will apply also to systems 
where two phases are fluid and one solid, 
and that absolute values of solid-solid, 
solid-liquid and _ solid-vapor interfacial 
tensions therefore can be measured. When 
the equilibrium shapes of a liquid-liquid- 
solid or a vapor-liquid-solid system are 
frozen in by quenching, the ratios of fluid- 
solid to fluid-fluid tension can be found by 
measurement of dihedral angles. The abso- 
lute value of the fluid-fluid interfacial 
tension can be determined independently 
by standard methods. The two solid-fluid 
tensions therefore become known. By 
proper selection of polyphase systems, any 
solid-solid or solid-fluid interfacial tension 
can be related through successive ratios to 
the known fluid-fluid tension, and its 
absolute magnitude found. Checks ar 
possible by determining a given nia 
tension through different sequences 
ratios, and from different measured flui 
fluid tensions. 


“2 
By Paut A. Brecx,* Mremper AIME 4 


In the course of work on grain growth in 
high purity aluminum a simple optical 
method was developed for detecting the 
presence or absence of preferred orientation 


Manuscript received at the office of the Insti- 
tute April 2, 1948. Issued as TN 2 in Merats 
TECHNOLOGY, June 1948. 

* Associate Professor of Metallurgy, Depart- 
ment of Metallurgy, University of Notre Dame, 
Notre Dame, Ind. 
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in annealed specimens. The specimens were 
prepared by grinding, polishing and “deep 
etching.” The etching reagent used for 
high purity aluminum has been described.* 
The resulting etch pits produced selective 
*Paul A. Beck, Joseph C. Kremer, L. J. 
Démer and M. L. Holzworth: Grain Growth in 
High-purity Aluminum and in an Aluminum- 
magnesium Alloy. Metals Tech, (Sept. 1947) 
TP 2280. This volume p. 372. ; . 


3 
x 


reflections in certain directions, depending 
on the lattice orientation of the individual 
grains. The specimen was examined by 
means of a low magnification microscope. 
The magnification used was about X 1 for 
an average grain diam of approximately 
o.t mm. The illumination was provided by 
two colored light bulbs, one red, the other 
green, placed on opposite sides of the micro- 
scope. Viewed through the microscope, a 
polycrystalline specimen gave numerous 
reflections of both colors quite separately. 
Some grains reflected a certain amount of 
both colors mixed. However, attention was 
not focused on the color reflected by indi- 
vidual grains. Instead, it was attempted to 
integrate the color of a large part of the 
specimen surface, comprising many grains. 
With some practice, a fairly good overall 
or average color impression could be ob- 
tained. It was found that with specimens 
possessing little or no preferred orientation, 
in which the orientation of the reflecting 
etch pits was fairly random, the “‘inte- 
grated color” of the light reflected by the 
specimen was practically unchanged when 
the position of the specimen was varied 
with respect to the light sources. The pro- 
cedure used was to leave the relative posi- 
tion of the microscope and the lights 
unchanged and to rotate the flat specimen 
around an axis perpendicular to its plane. 
In this manner, the orientation of the speci- 
men with respect to the lamps could be 


changed while the specimen remained under . 


observation. As mentioned, with quasi-iso- 
tropic materials this rotation produced no 
visible change in the ‘integrated color” re- 
flected by the specimen. With specimens in 
which the recrystallized grains had a definite 
preferred orientation, a very pronounced 
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variation in the “integrated color” from 
red to green and back could be observed 
during the rotation of the specimen. 

The desgribed optical method of detect- 
ing preferred orientation has the advantage 
of extreme simplicity and high speed. In 
order to gain an estimate of its sensitivity, 
aluminum specimens recrystallized after 
varying degrees of reduction by rolling 
were examined by means of both X ray 
diffraction and the optical method. After 
33 pet reduction of area by rolling, X ray 
diffraction indicated just a slight trace of 
preferred orientation and _ the optical 
method gave no definite indication of pre- 
ferred orientation. In these experiments, 
therefore, the optical method proved 
slightly less sensitive than the X ray dif- 
fraction method. It should be possible, 
however, to achieve further refinements in 
the optical method by providing mechanical 
means for rotating the specimen around an 
axis whose direction with respect to the 
optical axis of the microscope is variable. 
The use of still lower magnifications would 
help in averaging the reflections from a 
larger number of grains, and in suppressing 
the effect on the eye of reflections from 
individual grains. The sensitivity of the 
method might be increased by providing for 
direct side by side comparison of the 
“integrated color” of the specimen with a 
standard, not affected by the rotation of 
the specimen. 

The above described simple form of the 
optical method has been used at the 
University of Notre Dame for the last two 
years and has been found highly satisfac- 
tory for the qualitative detection of pre- 
ferred orientation in annealed aluminum 
specimens. 
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Production of Ferrite Single Crystals* 
By F. G. Sronet Junior MemBer AIME 


A strain anneal process has been devel- 
oped for the production of iron tensile test 
specimens, the gauge length consisting 
substantially of a single crystal. Since the 
method has been quite successful and the 
results of general interest, the process 
will be described in detail. The essential 
feature of the method is the continuous, 
slow increase of furnace temperature 
during the grain growth annealing treat- 
ment. Briefly, the procedure is as follows: 
1. Heat machined bars to 950°C in vacuum, 
hold 1 hr, furnace cool. 2. Strain to 3.5- 
3.8 pct elongation (axial loading). 3. An- 
neal, continuously raising furnace tem- 
perature from 450 to 900°C at a rate of 
50° per day. 4. Hold at goo0°C for roo hr, 
furnace cool. 

Tensile test bars with a 14- X 1-in. gauge 
section have been machined from }¢ in. 
Armco iron plate and from 3¢ in. rounds of 
Puron, a high purity laboratory iron. The 
axes of the test bars were parallel to the 
rolling direction. During the machining 
operation the bars were polished in the 
lathe with No. 600 emery paper, and this 
polished surface proved satisfactory for 
subsequent macrographic examination. A 
micrographic examination of the materials 
showed that both were high in FeO inclu- 
sions, those of the Puron being smaller but 
much more numerous. 

An initial vacuum anneal of 1 hr at 
950°C followed by furnace cooling resulted 
in a ferritic grain size of ASTM No. 3 for 
Armco and No. 1 for Puron. Special heat 
treatments which reversed these initial 


* A contribution from the Thermodynamics 
Research Laboratory, University of Pennsyl- 
vania. This work was done as a part of a project 
under a contract with the U. S. Navy, Bureau 
of Ships. Manuscript received at the office of 
the Institute April 7, 1948. Issued as TN 3 in 
METALS TECHNOLOGY, June 1948. 

+ Graduate Student, Department of Metal- 
lurgical Engineering, University of Pennsyl- 
vania. 
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grain sizes produced no marked improve- 
ment in single crystal production after 
subsequent treatments. 

The strain for subsequent grain growth 
was determined by measuring the decrease 
in diameter of the tensile bar during elonga- 
tion. The change in diameter could be é. 
measured with a micrometer to +0.0001 in., : 
corresponding to an accuracy of +0.08 pct : 
for the elongation. The accuracy of the © 
diameter measurement is also dependent on _ 
grain size because of surface roughening — 
during elongation, and for this reason, a — 
No. 3 grain size is preferable. 4 

Optimum grain growth was obtained for 
strains between 3.5 and 3.8 pct elongation. — 
Once this critical range had been estab- : 
lished, all tests were held within it, and — 
thus only meager data were obtained on © 
grain growth following strains outside this — 
range. In general, grain size decreased with — 
increasing strain to about 5.5 pct elonga- 
tion. Grain growth was occasionally ob- | 
served with less than 3.5 pct elongation 
although this may have been the result of 
error in measurement. d 

The program control device for the grain 
growth anneal consisted of a 1 rpm motor 
and worm gear drive, operating the dial 
shaft of a pyrometer controller through a — 
pulley. Dial speeds of 33 and 50°C per day — 
were tried, but the results at the slower 
speed were not sufficiently better to warrant 
the increased furnace time. The furnace 
tube was evacuated at intervals during the 
run and kept sealed the remainder of the ~ 
time. When the controller reached goo°C, 
it was stopped and the temperature held 
for too hr. This eliminated most of the 
numerous minute crystallites of about 
o.5 mm dimension usually visible on the 
etched surface of the single crystal. Since 
recrystallization occurs at the As; point, the 


top temperature of 900°C provided a 10° 
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safety margin for temperature gradients 
and thermocouple errors. No particular 
advantage was found in trying to approach 
the A; point too closely, and normally the 


single crystal achieved with Puron, but 

instead, two or three crystals would form. 
As a variation of the procedure, a grain 

growth anneal was carried out with a 


Fic 1—(Top) BARS SHOWING SINGLE CRYSTALS ARE ARMC 


temperature of the furnace load did not 
exceed 890°. 

A difference was noted in grain growth 
characteristics between the two materials. 
Perfect single crystals, extending the entire 
gauge length of the bar, were produced in 


about so pct of all bars from Armco iron... 


with the test bar shoulders remaining fine- 
grained (Fig 1). However, only rarely was a 


0 IRON; (BOTTOM) BARS ARE PuRON. 


hydrogen-water vapor atmosphere replac- 
ing the vacuum. The furnace schedule was 
identical except that the atmosphere was 
pumped out and a vacuum held for the 
final 50 hr at goo°C so as to minimize 
hydrogen embrittlement of the specimens. 
Grain growth was apparently not affected 
by the hydrogen atmosphere nor was there 
appreciable reduction of FeO inclusions. 
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The Effect of Grain Size on the Martensite Transformations 


By W. J. Barnett,t Junior Memper, AND A. R. TROIANO,f Memper AIME 


The existence of a grain size stabilization 
effect on martensitic type reactions as 
shown by Scheil! in an iron-29 pct nickel 
alloy and by Troiano and Tokich? in 


TABLE 1 
Specimen Treatment Phases Present* 
Slivenia.isks 4 Cold Work 100 % Epsilon 


CW Slivert. .| 300°C-15 min.-ACf| 50 pct Gamma-s5o 
pet Epsilon (Not 
Recrystallized) 


CW Sliver. ..| 800°C- 2 min.-AC | 100 pet Gamma- 
Trace Epsilon 
(Fine Grain 
Size) 

CW Sliver. ..| 800°C- 3 hr-AC 50 pct Gamma-50 


pct Epsilon 
(Coarse Grain 
Size) 


* Percentages determined by visual comparison of 
intensities of X ray diffraction lines. 

+ CW—Cold Worked. 

$ AC—Air Cooled. 
cobalt prompted a review of other mar- 
tensitic reactions to determine if this 
stabilization effect is characteristic of all 
martensite type reactions. 

Preliminary work has shown this effect to 
be present both in the gamma — epsilon 
transformation in an iron-20 pct manganese 
alloy and the martensite transformation of 
SAE 4140 and 3 pet Cr-o.40 pct steels. No 
appreciable effect was found in an SAE 
2340 steel. 

The M, temperature for the gamma — 
epsilon transformation was lowered from 
380°F to about room temperature by vary- 
ing the annealing treatment following cold 
work as shown in Table 1. The effect of 
austenitic grain size on the M, of three 
steels is shown in Table 2. M, was deter- 


Manuscript received at the office of the 
Institute June 1, 1948. Issued as TN 4, 
METALS TECHNOLOGY, Aug. 1948. r 

t+ University of Notre Dame, Notre Dame, 
Indiana. 

1E, Scheil; Ztsch. Anorg. Chem., (1932), 
207, 21. 

2A. R. Troiano and J. L. Tokich, AIME, 
Metals Tech. TP 2348, April 1948. This volume 
p. 728. ‘ 


“mined by the conventional quench-temper 
method of Greninger and Troiano. 

In a single crystal the change in external 
shape concomitant with the homogeneous 


TABLE 2 
PAN ASTM 
Austenitizing : 
Steel Treatment _ Ms 
SAE 4140....... 1650°F-15 min. 8-9 590°F 
2200°F-15 min. I-2 640°F 
3 pet Cr-0.40 pct 
Cuca Lecee ep BOSO le 25 inn: 8 640°F 
I 680° F* 


2200°F- 2 hr 
1550°F-30 min. 7-8 515°F 
| 2200°F-15 min. I-2 530°F 


* Ms taken from work of Klier and Troiano, AIME 
Trans. (1945) 162, 175. 


shear mechanism of the martensite trans- 
formation can take place unhindered. In a 
polycrystalline specimen a restraint of these 
changes must occur at the grain boundaries. 
Therefore, the smaller the grain size the 
greater the shear strain energy necessary 


for the formation of a martensite crystal. . 
The degree of lowering of M, due to the — 


reduction of grain size is much greater when 
the change in crystal structure involves 
only a small energy change, such as face- 
centered cubic — close packed hexagonal 
(that is, Co and Fe-20 pct manganese 
alloy). The maximum lowering of M, ob- 
served in the steels investigated was 50°F 
with a change in the ASTM austenitic 
grain size of 1-2 to 8-9. In comparison, the 
crystal structure change face-centered 
cubic — body-centered tetragonal involves 
a considerable energy change. There is little 
doubt that with much finer grain sizes the 
increased grain boundary restraint would 
greatly enhance this stabilization effect. 
The implications of this phenomenon are 
multifold. Undoubtedly, under certain con- 
ditions it offers a method of stabilizing high 


temperature phases for room temperature 
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examination which previously could be 
studied only at elevated temperatures. It 


’ is conceivable that the stabilization of 


austenite, either with or without partial 
decomposition to bainite, may be explained 
on the basis of a psuedo grain size effect 
whereby the effective grain size is reduced 
either by concentration gradients prior to 
precipitation or by the actual bainite for- 


- mation. The same line of reasoning will 


satisfy the condition of stabilization by 
prior formation of martensite since the 
martensite itself serves as a psuedo grain 


The concepts of nucleation and of growth 
have adequately described the isothermal 
phase transformations to which they have 
been applied. However, these concepts 
have not yet been used successfully to 
describe the kinetics of a number of trans- 
formations that are not observed to take 
place isothermally. A typical reaction of 
this type is the austenite to martensite 
transformation in steels, for which the new 
phase appears only during cooling of the 


transformation ceases; yet had the cooling 
continued, transformation would also have 
continued. 

Nuclei of a new phase do not leap into 
existence all at once by the simultaneous 
cooperation of a large number of atoms or 
molecules of the parent phase; rather they 
are formed at finite rates by gaining or 
losing atoms one at a time from the sur- 
rounding material.** Further thermo- 
dynamic considerations require a finite 


concentration of small transitory nuclei of 


all unstable phases to exist at equilibrium 


iipewes oes ser 
Manuscript received at the office of the 


Institute June 3, 1948. Issued as TN 5, METALS 
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1 References-are at the end of the paper. 


parent phase. If the cooling is interrupted, | 
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boundary. Further stabilization resulting 
from continued holding at a given tem- 
perature in the martensite range may be 
rationalized by considering that in such 
cases the austenite is preparing for the for- 
mation of bainite, the precipitation of 
which is accelerated by the presence of 
martensite. 

Thus, it appears that considerations of 
restraints to shear (martensite transforma- 
tion) in the metastable solid solutions may 
account for all observed conditions of 
stabilization. 


Nucleation of Phase Transformations 


By J. C. Fisuer,{ J. H. Hottomon,* Juntor MemBers AND D. TurRNBULL,}| MremBer AIME 


in a stable phase.® For steel in particular, 
nuclei of ferrite (a iron) exist at equilib- 
rium in austenite (vy iron) at temperatures 
where austenite is the stable phase. 

If a high-temperature phase a be cooled 
sufficiently rapidly from temperature 71 
above the a- equilibrium temperature To, 
to temperature T_; below To where f is the 
stable phase, the equilibrium distribution . 
of B nuclei corresponding to the high tem- 
perature will be retained. There are two 
limiting possibilities of particular interest: 

1. The steady state rate of nucleation of 

B may be appreciable at T_1, and may 
require a concentration of sub-critical 
nuclei exceeding that retained from 
the high temperature. Time will be 
required then for the concentration of 
nuclei to build up to the steady state 
value, and an induction period will be 
observed during which the rate of 

‘nucleation will increase to the steady 
state value. 

2. The steady state rate of nucleation of 

B may be negligible at 7-1, while the 
critical size for continuous growth of 
B nuclei, which decreases with in- 
creased subcooling of the a@ phase, 
may reach a value so small that some 
of the retained high-temperature nu- 
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clei become supercritical upon cooling, 

and then grow at 7_; causing the trans- 

formation to proceed. Holding the 

material at 7_, allows the concentra- 

tion of nuclei to shrink to the steady 

state at T_, for which the rate of 

nucleation is practically zero. Nu- 

cleation of the transformation there- 

fore ceases when the cooling ceases. 

Yet had the rapid cooling been con- 

tinued toa temperature T_. < T_, for 

which the critical nucleus size was 

smaller than at 7_;, nucleation would 

have continued during cooling to T_». 

The approach to steady state upon 

holding at T_, leads to stabilization of 

a, and less transformation to B on 
subsequent cooling to T_». 

Isothermal nucleation and nucleation on 

cooling may both occur in some phase 

transformations. Other transformations, 

such as austenite — martensite in steels 


and body-centered cubic — face-centered 
cubic in lithium® appear to proceed only by 
the growth of retained high-temperature 
nuclei that become supercritical at lower 
temperatures. 1 

The processes of transient nucleation — 
described above make possible the satis-_ 
factory description of all phase transforma- _ 
tions in terms of nucleation and growth. 
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An Observation on Diffusion during Homogenization of a Single Crystal of 
Alpha Brass | ; 


By Rosert Mapprin,* Junior MempBer, AIME 


In the preparation of brass single crystals 
grown according to the Bridgman method 
at Hammond Metallurgical Laboratory, 
it is customary to homogenize the single 


posing a rod horizontally along the length 
of Fig 1 and wrapping the picture about the 
rod in position, the relationship between 
the single crystal and the brass foil may be 


Frc 1—DEPOSITS OF ZINC ON BRASS FOIL USED AS A WRAPPER FOR BRASS SINGLE CRYSTAL DURING 
HOMOGENIZATION TREATMENT. (ROD AXIS HORIZONTAL.) ~ X 34 


crystal prior to polishing in order to 
eliminate coring. This treatment may 
be accomplished by wrapping the single 
crystal tightly in very thin, dead soft, 
brass foil and annealing in the presence 
of air for 20 hr at 800°C. Since the 
wrapping encircles the specimen three to 
four times, only a very slight amount of 
oxidation occurs on the specimen surface. 

On unwrapping one of these cylindrical 
single crystals, 14 in. in diam by to in. long 
(72.75 pet Cu, 27.23 pet Zn, o.o1 pet Ribs 
0.01 pct Fe), small light-gray deposits in 
the form of circular arcs were noted on the 
part of the foil which had been in contact 
with the single crystal, Fig 1. (By superim- 

Manuscript received at the office of the 
Institute June 14, 1948; revision received 


July 26, 1948. Issued as TN 6, METALS TECH- 
NOLOGY, Sept. 1948. 
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lurgy, Yale University, New Haven, Con- 


necticut. 


approximated). These deposits, which, 
from their color, suggest the appearance of 
sublimated zinc, were found to coincide 
roughly with a set of octahedral planes 
nearly perpendicular to the rod axis. The 
pattern shown in the figure held no relation 
to the profile of the sample since the mark- 
ings on the crystal before annealing were 
attributed to traces of cube planes. 

It seems very likely that the deposits 
were formed by sublimation of zinc diffus- 
ing from octahedral planes since diffusion 
would logically take place along planes of 
maximum atomic spacing. However, it is 
difficult to understand why a continuous 
sublimation of zinc should occur from a_ 
single crystal in contact with a wrap- 
ping foil of the same composition, and 
why diffusion would take place along 
specific octahedral planes and in a regular 
pattern. 
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